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Abstract
Three-dimensional atom-probe tomography, transmission electron microscopy and microhardness were used to investigate the
temporal evolution of nanosize, coherent Al3(Sc1xTix) precipitates (L12 structure) in a coarse-grained Al–0.06at.%Sc–0.06at.%Ti
alloy aged between 300 and 450 C. At 300 C, most scandium atoms partition within one day to the precipitates, whereas titanium
atoms, even after 64 days of aging, remain predominantly in solid solution in the matrix, resulting in precipitates with average composition Al3(Sc0.94Ti0.06). While titanium is very eﬀective at retarding the coarsening kinetics of the precipitates, the low levels of
titanium substitution result in only modest hardness increases over the binary Al–0.06at.%Sc alloy. When crept at 300 C, the
peak-aged alloy exhibits a threshold stress, which when normalized by the Orowan stress, increases with increasing radius, as predicted by a recent model considering elastic interactions between dislocations and coherent precipitates, and as previously observed
in Al–Sc–Zr alloys.
 2005 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Small additions of scandium to aluminum, within the
maximum solubility of 0.23 at.% (0.38 wt.%) at the eutectic temperature, lead to the formation of nanosize,
Al3Sc precipitates with the L12 structure, which form
homogeneously during aging from a single-phase supersaturated solid-solution [1–3]. Due to the lattice parameter misﬁt between the Al3Sc precipitates and the a-Al
matrix, (d = 1.10% at 300 C [4]) and the resulting lattice
strains, the precipitates remain coherent to diameters of
about 40 nm [5,6]. These dilute Al–Sc alloys provide
high strength at ambient temperature by both precipitation and grain boundary strengthening [7], the latter effect resulting from stabilization of a very ﬁne grain
structure by Al3Sc precipitates for hypereutectic alloys
*
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[8]. At elevated temperature, the high stability and
coarsening resistance of the precipitates maintain this
ﬁne grain structure, leading to superplastic behavior
[9]. If, however, the alloy is homogenized at high homologous temperatures in the single-phase a-Al region, a
coarse-grained matrix forms. After peak aging, these
coarse-grained alloys display high creep resistance, as
demonstrated in previous articles on Al–Sc alloys [10–
13]. The formation of a high number density of coherent, nanosize Al3Sc precipitates was found to be a very
eﬃcient obstacle to dislocation climb, resulting in a
threshold stress behavior at 300 C and creep resistance
better than any other known castable, heat-treatable
aluminum alloy.
To further improve the creep properties of coarsegrained Al–Sc alloys, the eﬀects of ternary additions
have been investigated. Magnesium additions lead to solid-solution strengthening of the a-Al matrix [13]. For
creep at high strain rates, solid-solution strengthening
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is additive to precipitation strengthening. Yet, Mg does
not signiﬁcantly alter the near-threshold creep behavior
at low strain rates [13]. Zirconium additions to Al–Sc alloys have also been studied, as Zr partitions to the Al3Sc
precipitates [14]. In the bulk intermetallic Al3(Sc,Zr)
phase, Zr can replace up to half of the Sc while retaining
the L12 structure [4,8]. Since Zr has a much lower cost
than Sc, the same precipitate volume fraction could be
retained while employing a smaller amount of Sc. In
Al–Sc–Zr alloys, however, the Zr concentrations in the
precipitates are found to be much lower than their solubility as a result of the small diﬀusivity of Zr in Al.
Fuller et al. studied Al–Sc–Zr alloys at an aging temperature of 300 C and found that the maximum concentration achieved in the precipitates was only 1.5 at.% Zr,
which corresponds to the composition Al3(Sc0.94Zr0.06).
Even at higher aging temperatures, very little Zr is incorporated in the precipitates, as shown by a recent threedimensional atom-probe (3DAP) tomographic study
[15]: when aged at 475 C, the concentration of Zr in
the precipitates of an Al–0.09at.%Sc–0.02at.%Zr alloy
reached 4.5 at.%. Most of this Zr, however, was at or
near the interfacial region. Nevertheless, Al–Sc–Zr alloys exhibit improved precipitate stability and coarsening resistance at 300 C as a result of the partitioning
of Zr to the precipitates and the segregation of Zr at
the a-Al/Al3Sc heterophase interface, where Zr may
act as a barrier for the diﬀusion of Sc across the interface. Zirconium also decreases the lattice parameter of
the Al3(Sc1xZrx) phase [4], thus decreasing the lattice
parameter mismatch with the a-Al matrix. For the same
precipitate radius and volume fraction, there was, however, a modest reduction in creep resistance for the Al–
Sc–Zr alloys as compared to Al–Sc alloys, as a result of
the smaller lattice parameter mismatch, which decreases
dislocation-precipitate elastic interactions [11].
Titanium is of interest as a ternary alloying element in
creep-resistant Al–Sc alloys, since Ti has the same high
solubility in Al3Sc (L12) as Zr (up to 50% of the Sc
can be replaced in the bulk intermetallic) and Ti reduces
the lattice parameter of the Al3(Sc1xTix) phase to an
even greater extent than does Zr [4]. The resulting concomitant reduction in interfacial and elastic strain energies may further improve the coarsening resistance of
the Al3(Sc1xTix) precipitates, thus resulting in coarsegrained Al–Sc–Ti alloys, which are creep-resistant at
temperatures in excess of 300 C. Additionally, the tracer diﬀusivity of Ti in Al is much smaller than that for
Zr in Al (by a factor of 23 at 300 C and 14 at 400 C
[16]), which may further reduce the precipitate coarsening kinetics as compared to Al–Sc–Zr alloys. Indeed, in
a resistivity study of rapidly-solidiﬁed hypereutectic Al–
Sc alloys containing 0.36 at.% Sc and Ti concentrations
of 0.06 or 0.17 at.%, it was found that the addition of
Ti stabilizes the precipitate structure at 300 C [17].
In quenched hypereutectic Al–0.30at.%Sc–0.12at.%Ti

alloys, micron-size primary particles formed in the liquid
state were found to exhibit the L12 structure with a Tirich composition, Al3(Sc0.33Ti0.67) [18]. To the best of
our knowledge, there are no other studies of Al–Sc–Ti
alloys.
In the present study, we examine the temporal evolution of size and composition at elevated temperatures
of nanosize Al3(Sc1xTix) precipitates formed during
aging of a dilute, hypoeutectic Al–Sc–Ti alloy. We also
measure the eﬀect of these precipitates on hardness at
ambient temperature and creep resistance at 300 C,
and compare our results with prior studies on coarsegrained, creep-resistant binary Al–Sc alloys [5,10,12],
as well as ternary Al–Mg–Sc [13,19] and Al–Sc–Zr
alloys [11].

2. Experimental methods
An Al–0.06at.%Sc–0.06at.%Ti (Al–0.10wt.%Sc–
0.10wt.%Ti) alloy was studied. The composition was
chosen to guarantee that this alloy was in the appropriate phase ﬁelds during homogenization and subsequent
aging treatments, employing a calculated ternary phase
diagram [20]. The alloy was produced by dilution casting, using Al–1.2at.%Sc and Al–2.26at.%Ti master alloys with 99.99 at.% pure Al. The alloys were melted
in an alumina crucible in a resistively-heated furnace
at 750 C in air. After thoroughly stirring, the melt
was cast into a graphite mold resting on a large copper
platen. Homogenization was performed at 640 C for
24 h in air, after which the alloy was water-quenched
to room temperature. Subsequent aging was performed
in air at various temperatures between 300 and 450 C,
and was terminated by water quenching.
Transmission electron microscope (TEM) foils were
mechanically ground to a thickness of 200 lm and subsequently electropolished in a solution of 5 vol.% perchloric acid in methanol at 20 C, which was cooled
in a bath of dry ice in methanol. 3DAP tomograph sample blanks were produced by mechanically grinding
material to a square cross-section of ca. 200 · 200 lm2.
The samples were then electropolished using a two-stage
procedure. The initial polishing was performed using a
solution of 10 vol.% perchloric acid in acetic acid. The
ﬁnal polishing was performed using a solution of
2 vol.% perchloric acid in butoxyethanol. Proximity histogram plots (proxigrams) [21] were calculated employing ADAM [22] using an isoconcentration surface of
9 at.% Sc. Three to four precipitates were analyzed for
each aging time. The average precipitate and matrix
concentrations were calculated by employing the fraction of total atoms in the relevant volume.
Vickers
microhardness
measurements
were
performed with a 200 g weight at room temperature
on samples ground to a 1 lm surface ﬁnish. Twenty
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measurements were recorded on each sample. Compression creep samples were machined into cylinders with an
8 mm diameter and a 16 mm length. Prior to testing, the
samples were re-homogenized and aged to produce specimens with precipitates of speciﬁc radii, as measured by
TEM, shown in Table 1. The samples were tested at
300 C after a soak at the test temperature for 2 h, to ensure a stable and uniform sample temperature. Tests
were performed in a nickel-based superalloy compression cage with boron nitride lubricated platens to reduce
the eﬀects of friction. The platen displacement was measured using a linear variable diﬀerential transducer,
which was connected to an extensometer. Increasing
loads were applied to each sample and, for each load,
suﬃcient time was allowed for a minimum strain rate
to be established. Tests were terminated when the sample reached 5% strain.
Fig. 1. Microhardness of Al–0.06Sc–0.06Ti vs. aging time for
temperatures between 300 and 450 C. The time for the samples aged
at multiple temperatures is the sum of the aging times.

3. Results
3.1. Microstructure and hardness
Fig. 1 shows the evolution of microhardness with
aging time at 300 C for the Al–0.06Sc–0.06Ti alloy
(all compositions are given in at.% in what follows),
which is typical of classical precipitation hardening
behavior: (1) an incubation period; (2) under aging (precipitate formation stage); (3) peak aging; and (4) overaging (due to coarsening). Comparison with data for
the binary Al–0.06Sc alloys (Fig. 2) demonstrates that
the addition of 0.06 at.% Ti produces only a relatively
modest increase (75 MPa) in the peak hardness at
300 C. By contrast, addition of 0.06 at.% Sc (resulting
in the binary Al–0.12Sc alloy) increases the peak hardness by 300 MPa, demonstrating that Sc is signiﬁcantly
more eﬀective than Ti at increasing strength, with the
addition of a given atomic fraction, for the aging temperature of 300 C. Furthermore, it is apparent that
the addition of only 0.005 at.% Zr increases the hardness
by 220 MPa with respect to the binary Al–0.06Sc alloy.
Zirconium thus also appears to be a more eﬃcient

strengthener than Ti when aging at 300 C. Aging at
slightly higher temperatures (310 and 320 C) reduces
signiﬁcantly, however, the peak hardness of Al–
0.06Sc–0.06Ti (Fig. 1). Increasing the aging temperature
even further to 330 and 350 C leads to a complete loss
of hardening from the precipitates (Fig. 1), which is
indicative of very rapid coarsening rates.
A high number density of Al3(Sc1xTix) precipitates
((3 ± 2) · 1021 m3) is observed upon peak aging for
24 h at 300 C. The precipitates remain coherent in the
temperature range 300–320 C, as ascertained by the
presence, in two-beam bright-ﬁeld TEM images, of Ashby–Brown strain contrast [23] typical of coherent precipitates, which is illustrated in Fig. 3 for a sample aged at
320 C for 24 h. The coherency and nanometer scale of
the precipitates is consistent with previous studies on
Al–Sc binary alloys [3,5,6] and Al–Mg–Sc and Al–Sc–
Zr ternary alloys. Upon aging at 300 C for up to 64
days, the precipitates remain spheroidal, coherent and

Table 1
Eﬀect of aging treatment (time and temperature) upon average precipitate radius, ÆRæ, edge-to-edge inter-precipitate spacing, k, calculated Orowan
stress, Dror, and experimental threshold stress, rth, for Al–0.06Sc–0.06Ti
Aging treatment

Precipitate radius, ÆRæ
(nm)

Inter-precipitate spacing, k
(nm)

Orowan stress, Dror
(MPa)

Threshold stress, rth
(MPa)

24 h at 300 C
96 h at 300 C
16 day at 300 C
64 day at 300 C
24 h at 310 C
24 h at 320 C
24 h at 300 C + 48 h at 425 C
24 h at 300 C + 240 h at 400 C + 48 h at 450 C

5.1 ± 0.4
5.3 ± 0.4
5.8 ± 0.5a
7.9 ± 0.7
7.4 ± 0.7a
10.8 ± 0.9a
16.9 ± 0.8a
10.0 ± 0.8

–
–
141 ± 12
–
180 ± 17
263 ± 21
412 ± 19

–
–
74 ± 5
–
62 ± 5
47 ± 3
33 ± 2

–
–
16 ± 0.2
–
17 ± 0.2
19 ± 0.2
16 ± 0.1

a

Samples were creep-tested.
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Fig. 2. Microhardness vs. aging time at 300 C, comparing the present
Al–Sc–Ti alloy with binary Al–Sc alloys [5,13], and a ternary Al–Sc–Zr
alloy [25].

uniformly distributed in the matrix (Fig. 4(a)). The average radius of the precipitates, ÆRæ, grows slowly from a
value of 5.1 ± 0.4 nm after only 24 h to 7.9 ± 0.7 nm
after 64 days of aging, which is a 55% increase in ÆRæ.
The morphology of the precipitates changes signiﬁcantly with small changes in aging temperature. When
the aging temperature is raised by 20 C to 320 C, the
precipitates are still distributed homogeneously in the
matrix, but they are slightly non-spheroidal and exhibit
lobes, which is a sign of growth instabilities (Fig. 4(b))
[24]. The approximate mean particle radius (calculated

Fig. 4. Dark-ﬁeld TEM images of Al–0.06Sc–0.06Ti showing changes
in precipitate radius, morphology, and distribution with aging treatment: (a) 300 C for 64 days, [1 1 0] projection; (b) 320 C for 1 day,
[1 0 0] projection; (c) 330 C for 1 day, [2 1 1] projection; and (d) 300 C
for 1 day, 400 C for 10 days, and 450 C for 2 days, [1 1 1] projection.

using an area equivalent radius) after a 24 h aging treatment at 320 C increases to 10.8 ± 0.9 nm, more than
double the value at 300 C. When the aging temperature
is raised a mere 10 C, to 330 C, the precipitates nucleate predominately heterogeneously on dislocations (Fig.
4(c)) and exhibit highly non-spheroidal morphologies.
The supersaturation decreases with increasing temperature and hence the thermodynamic driving force for
nucleation decreases. Precipitation hardening is concomitantly reduced to near zero at and above this aging
temperature (Fig. 1).
3.2. Coarsening kinetics and chemical composition
Fig. 5 displays the time dependence of the mean radius, ÆRæ, at 300 C for the present Al–0.06Sc–0.06Ti alloy and for a previously studied Al–0.06Sc–0.005Zr
alloy [25]. The Lifshitz–Slyozov–Wagner (LSW) coarsening theory [26,27] has been extended to multicomponent alloys by Umantsev and Olson [28], and analyzed
in great detail for ternary alloys by Kuehmann and Voorhees, including capillary eﬀects [29]. The time exponent
for the evolution of ÆRæ of the ternary alloys is predicted
to be 1/3, the same as for the binary alloys, albeit with a
diﬀerent rate constant, k, than the LSW model.
3

3

hRðtÞi  hRð0Þi ¼ kt;

Fig. 3. Two-beam bright-ﬁeld TEM image showing coherent strainﬁeld contrast around precipitates for Al–0.06Sc–0.06Ti aged at 320 C
for 24 h, g = [2 0 0].

ð1Þ

where t is time.
The Al3(Sc1xTix) precipitates were found to coarsen
with time exponents smaller than predicted from Eq. (1),
as shown in Fig. 5. Assuming the precipitates have
reached the quasi-stationary-state coarsening regime
after 24 h of aging, the eﬀective time exponent is
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that compared to the matrix, there is an increase in Ti
concentration in the precipitates, indicating that Ti also
partitions to the precipitates during coarsening and/or
during the nucleation and growth stages. The average
concentration of Ti in the precipitates continues to increase, albeit slowly, up to the longest aging time analyzed, 64 days.
The concentration of Ti in the precipitates varies with
distance from the a-Al/Al3(Sc1xTix) heterophase interface, Fig. 7. At the longer aging times (16 or 64 days), signiﬁcant Ti segregation occurs at the a-Al/Al3(Sc1xTix)
heterophase interface, similar to results found for an
Al–0.09Sc–0.05Zr alloy aged for 2412 h at 300 C. At
the shorter aging times (24 or 96 h), no segregation of
Ti to this interface is observed at 300 C, within experimental error.
3.3. Creep properties
Fig. 5. Double-logarithmic graph of mean precipitate radius, ÆRæ, for
Al–0.06Sc–0.06Ti and Al–0.07Sc–0.005Zr [11] vs. aging time at 300 C.
Both alloys coarsen at a slower rate than predicted by the Kuehmann–
Voorhees model for ternary alloys, which predicts a slope of 1/3. One
data point for Al–0.06Sc [12] is also shown.

calculated to be ca. 0.1. This is similar to the Al–0.06Sc–
0.005Zr alloy, which also coarsens at a slower rate than
predicted by the Kuehmann–Voorhees model. The ternary Al–Sc–Ti alloy coarsened at a slower rate than
the binary Al–Sc alloy, which was demonstrated to coarsen with a time exponent of ca. 1/3 [5]. The time exponents are, however, diﬃcult to determine accurately in
systems in which the precipitates do not coarsen signiﬁcantly since it is assumed that R0  R; in practice one
needs a factor of 10 increase in ÆRæ to determine a physically meaningful time exponent. Hence, we refer to
them as eﬀective time exponents.
Coarsening resistance is even greater for samples having undergone double or triple aging treatments. Fig.
4(d) exhibits the microstructure of a sample that was
subjected to a triple aging treatment: ﬁrst, aging was
performed for 24 h at 300 C (peak hardness), with the
goal of nucleating the precipitates homogeneously; second, aging was performed at 400 C for 10 days, and
thirdly at 450 C for 48 h, in order to coarsen the precipitates. Despite these very high temperatures, ÆRæ remained relatively small at 10.0 ± 0.8 nm (i.e., similar
to a single aging for 24 h at 320 C).
Samples aged for 1, 4, 16 or 64 days at 300 C were
analyzed using 3DAP tomography. The three-dimensional reconstructions demonstrate that Al3(Sc1xTix)
precipitates with radii corresponding to those measured
by TEM are present (Fig. 6). Proxigrams, displaying the
concentration of each element as a function of radial
distance from the 9 at.% Sc iso-concentration surface,
reveal that most of the Sc partitioned to the precipitates
with little Sc remaining in the a-Al matrix. Fig. 7 shows

Fig. 8 shows the minimum creep rate at 300 C as a
function of the applied compressive stress for four

Fig. 6. Three-dimensional reconstruction of a 10 · 10 · 21 nm3 volume analyzed by 3DAP tomography of Al–0.06Sc–0.06Ti aged at
300 C for 96 h. The small dots represent Sc atoms (which are heavily
partitioned to an Al3(Sc1xTix) precipitate with L12 structure in the
upper part of the volume) and the larger spheres represent Ti atoms.
For the sake of clarity Al atoms are not included.
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Fig. 7. Proxigram showing the average concentration of Ti in
Al–0.06Sc–0.06Ti for various aging times at 300 C vs. distance from
the a-Al/Al3Sc heterophase interface (x = 0), as deﬁned by a 9 at.% Sc
isoconcentration surface.

Fig. 8. Double-logarithmic graph of minimum creep strain rate at
300 C vs. compressive stress for Al–0.06Sc–0.06Ti aged to produce
various precipitate radii (given in graph). The stress exponent range is
22–33.

4. Discussion
4.1. Hardness at ambient temperature
specimens with various precipitate radii (marked with
superscript ÔaÕ in Table 1). It is apparent that the creep
behavior at 300 C is characterized by high apparent
stress exponents, 22–33, indicative of the presence of a
threshold stress, rth, below which the creep rate, e_ , cannot be experimentally measured. The power-law creep
equation is then modiﬁed as


Q
n
;
ð2Þ
e_ ¼ Aðr  rth Þ exp 
RT
where A is the Dorn constant, r is the applied stress, rth
is the threshold stress, Q is the creep activation energy of
Al, n is the stress exponent of Al, and R is the ideal gas
constant.
Values for the threshold stresses were found according to Eq. (2), by plotting e_ 1=n vs. r [30] with n = 4.4,
the stress exponent for pure Al [31]. For smaller precipitate radii, the threshold stresses, and thus the creep
resistance, increase with increasing ÆRæ (from 16 MPa
for the smallest ÆRæ of 5.8 nm to 19 MPa for ÆRæ equal
to 10.8 nm). It then decreases to 16 MPa for the largest
ÆRæ of 16.9 nm. Due to the high apparent stress exponent, a small relative increase of 3 MPa in threshold
stress translates to a large diﬀerence in creep rate (in excess of a factor 10) at a given stress. A similar trend (increase followed by decrease of the threshold stresses
with increasing ÆRæ) was also observed in binary Al–Sc
[12], as well as in ternary Al–Mg–Sc [13], and Al–Sc–
Zr alloys [11]. In these alloys, it is also noted that an increase in volume fraction increases the creep resistance.

The 3DAP tomographic results provide one explanation for the increased hardness of the present
Al–0.06Sc–0.06Ti alloy, as compared to the binary Al–
0.06Sc alloy (Fig. 2). After peak aging (24 h), the average Ti concentration is much greater in the precipitates
(0.50 at.%) than in the matrix (0.076 at.%) yielding a
partitioning ratio of j(Ti) = 6.6, deﬁned as the concentration of Ti in the precipitates divided by the concentration of Ti in the matrix. At longer aging times, the
concentration of Ti in the precipitates is even greater,
with partitioning ratios of up to 40. The incorporation
of Ti in the precipitates leads to an increased volume
fraction of precipitates. The volume fraction of precipitates is 0.24% after 64 days of aging if Sc but no Ti were
to precipitate, as calculated from the matrix Sc concentration of 0.004 at.% measured by 3DAP tomography.
For this same aging treatment, the Ti concentration in
the precipitates reaches 1.5 at.%, which corresponds to
a 6% relative increase in precipitate volume fraction,
i.e. from 0.24 to 0.254 vol.%. For aging times longer
than 250 h, however, the alloy hardness decreases as
precipitate coarsening more than compensates for the
increase in volume fraction due to ongoing incorporation of Ti in the precipitates, Fig. 7.
The rapid decrease in peak-hardness with increasing
aging temperature indicates that hardness is controlled
by ÆRæ when all Sc has precipitated out of solution,
rather than by a change of precipitate bypass mechanism from shearing to dislocation looping according to
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the Orowan mechanism, as in Al–Cu alloys. This
hypothesis is tested by calculating the Orowan bypass
stress Dror from [32]
Dror ¼ M

0.4Gb lnð2r=bÞ
pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ ;
pk
1v

ð3Þ

where M = 3.06 is the orientation factor for aluminum
[33], G = 24.5 GPa is the shear modulus of aluminum,
m = 0.345 is the Poisson ratio of aluminum, b =
0.286 nm is the magnitude of the Burgers vector in aluminum, and k is the interprecipitate distance given by
[34]
"  1
#
p 2
 2 r;
ð4Þ
k¼
f
where
f ﬃis the volume fraction of precipitates, and
pﬃﬃﬃﬃﬃﬃﬃ
r ¼ 2=3  hRi [32].
Fig. 9 shows the eﬀect of ÆRæ on the alloy yield stress
increment (as compared to the value for the solutionized, unaged specimen), using a conversion factor of 3
between hardness and strength [35]. For the ÆRæ values
measured for Al–0.06Sc–0.06Ti (ÆRæ equal to 5.1–
16.9 nm), the experimental data are in good agreement
with predictions from Eq. (3), assuming an Orowan dislocation looping mechanism. Calculations for the shearing mechanisms (using the same equations as in [11])
predict much higher stresses than those given by
Eq. (3) over the ÆRæ range of interest, conﬁrming that
shearing is not operative. These conclusions are in agreement with prior results on Al–0.18Sc [12] and several
Al–Sc–Zr alloys [11], for which Orowan dislocation
looping was the main strengthening mechanism for ÆRæ
greater than 2 nm. Furthermore, Miura [36] showed
that for deformation at temperatures up to 250 C, the
main mechanism was Orowan dislocation looping or
dislocation climb in an Al–0.14Sc alloy, for ÆRæ equal
to 8 nm. Fig. 9 thus demonstrates the importance of
decreasing the coarsening rate of the precipitates by
alloying with Ti or Zr, in order to maintain the highest
possible strength at ambient temperature.

Fig. 9. Yield stress increment (calculated from hardness measurements) vs. mean precipitate radius, ÆRæ, for Al–0.06Sc–0.06Ti. The
solid line is calculated from Eq. (3) for the Orowan dislocation by-pass
mechanism.

that the precipitates can grow before their diﬀusion
ﬁelds overlap. Thus, diﬀusion controls growth conditions rather than global equilibrium between the two
phase ﬁelds. A second condition that promotes dendritic
growth is the lack of rapid diﬀusion paths. Since the
interfaces in both the Al–Li and Al–Sc–X alloys are
coherent, rapid (short-circuit) diﬀusion along the interface is not anticipated. Also, since the precipitates are
ordered, a more rapid diﬀusion in the precipitate, compared with the matrix is not expected, since in general
diﬀusivities in ordered phases are smaller than in disordered solid-solutions [39]. Furthermore, the Al3Sc phase
exhibits a much higher melting temperature than the
a-Al matrix (1320 and 660 C, respectively), further
increasing the diﬀusivity diﬀerence between these two
phases with very diﬀerent homologous temperatures.
4.3. Coarsening kinetics

4.2. Precipitate morphology
As the aging temperature is increased, the precipitate
morphology changes from spheroidal at 300 C (Fig.
4(a)) to exhibiting lobes at 320 C (Fig. 4(b)), to being
cauliﬂower-shaped at 330 C (Fig. 4(c)) and 350 C. A
similar eﬀect has been previously observed in Al–
0.06Sc alloys [5] aged at temperatures as low as
300 C, and in an Al–8.2Li alloy aged between 285
and 305 C [37]. Doherty has described certain conditions under which small surface perturbations can become stable during bulk diﬀusion-controlled growth
[24,38]. One condition for dendritic growth is that the
number density of precipitates must be suﬃciently low

Equilibrium was not achieved in the present Al–Sc–Ti
alloy, as illustrated by the fact that the concentration of
Ti in the precipitates increases continuously to the longest aging time studied, 64 days (Fig. 10). The average
Sc/Ti (at.%/at.%) ratio in the precipitates decreases from
65 to 19 for the range of aging times studied, which is
considerably greater than the achievable value of unity
[4]. In the matrix, the Ti concentration decreases from
0.07 to 0.04 at.% (Fig. 11) and has thus not yet reached
the calculated equilibrium value of 0.01 at.% [20].
It is apparent from Fig. 5 that Ti has the eﬀect of
retarding signiﬁcantly the coarsening kinetics as compared to Al–0.06Sc (e.g., the precipitates reach the same
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mean radius after aging for 1 day in the binary alloy and
64 days in the ternary alloy). This is in agreement with
previous studies of Al–Sc–Zr alloys, where the addition
of Zr also retards the coarsening kinetics, as illustrated
in Fig. 5 for Al–0.06Sc–0.005Zr. As noted in Section 1,
it was suggested by Fuller et al. that Zr segregates at the
heterophase interface, which may act as a barrier to diffusion. Titanium also reduces the coarsening kinetics, as
indicated by the small values of the eﬀective time exponent (0.1 for Ti and 0.04–0.05 for Zr, Fig. 5). One possible explanation for the lack of agreement with the
Kuehmann–Voorhees coarsening model is that these
systems have not yet entered the quasi-steady-state
coarsening regime, since the compositions of both the
matrix and precipitates are continuously changing signiﬁcantly up to the longest aging times studied (Figs. 10
and 11). Thus, (dC/dt) is not approximately equal to
zero, which is an assumption of the KV model for a
ternary alloy. Other possible reasons are that the KV
model neglects the oﬀ-diagonal terms in the diﬀusion
tensor and also assumes that the chemical potential of
the vacancy is everywhere equal to zero.
The eﬀect of the reduced coarsening rate is even more
apparent in Al–0.06Sc–0.06Ti samples which have
undergone double or triple aging, consisting of a ﬁrst
aging treatment at 300 C followed by one or two treatments at higher temperatures. In Fig. 4(d), it can be seen
that ÆRæ remains relatively small (10.0 ± 1.6 nm), even
after aging at a temperature of 450 C, resulting in the
retention of hardness, Fig. 1. By contrast, aging for
one day at 330 C leads to a complete loss of hardness,

Fig. 10. Ratio of the average concentration of Sc (at.%) to Ti (at.%) in
precipitates in Al–0.06Sc–0.06Ti as measured by 3DAP tomography
vs. aging time at 300 C.

Fig. 11. Ti matrix concentration in Al–0.06Sc–0.06Ti vs. aging time at
300 C.

and thus much larger precipitate sizes, on the order of
50 nm across the non-spheroidal precipitates. It appears
that once precipitates have nucleated, they are resistant
to coarsening. It remains to be determined if the Ti concentration in the precipitates plays a signiﬁcant role in
this eﬀect.
In the Al–Sc–Ti system, the interface dominates the
coarsening process since the parameter L = e2lC44/c is
ca. 5 · 102 (where e = 0.009 is the constrained lattice
parameter misﬁt, l = 5–10 nm is a characteristic length
taken as the precipitate radius, C44 = 25.4 GPa [31] is
an elastic constant of the matrix and c = 160–
185 mJ m2 [40] is the interfacial energy), which is much
less than the critical value of ca. 5, below which the
coarsening rate is not signiﬁcantly aﬀected by the elastic
stresses [41,42]. Since the interfacial energy dominates, a
change in the interfacial energy can have a considerable
eﬀect on decreasing the coarsening rate, as the coarsening rate constant contains the interfacial free energy in
the numerator. The segregation of Ti to the interface
thus becomes important, as it can aﬀect the heterophase
interfacial energy. The Gibbsian excess of Ti relative to
Al and Sc is [43]
!
C aAl C bTi  C bAl C aTi
Al;Sc
CTi ¼ CTi  CSc
C aAl C bSc  C bAl C aSc
!
C aTi C bSc  C bTi C aSc
 CAl
;
ð5Þ
C aAl C bSc  C bAl C aSc
where Cm is the Gibbsian interfacial excess of element m
and C nm is the equilibrium concentration of element m in
phase n, where a and b are the precipitate and matrix
phases, respectively (CTi is found to be much larger than
the other two Cm terms in Eq. (5)). Both Cm and C nm were
obtained from the 3DAP tomography proxigrams.
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Eq. (5) yields a value of CAl;Sc
¼ 0.60  0.38
Ti
atoms nm2 after aging for 1536 h. This is smaller than
the Gibbsian excess of Zr relative to Al for an
Al;Sc
Al–0.09Sc–0.05Zr alloy, where CZr
achieves a value
2
of 1.23 ± 0.62 atoms nm after aging for a shorter period (576 h) at the same temperature, 300 C. This indicates that Ti segregates to a lesser degree than Zr, as
expected since Ti is a slower diﬀuser, ((DZr/DTi) = 23
at 300 C [16,44]). It could also indicate that more Zr
is needed to produce a similar reduction in the lattice
parameter misﬁt, since interfacial segregation could
potentially lead to a reduction in the strain energy as
the presence of additional Ti at the interface will reduce
the lattice parameter mismatch.
At 300 C, the segregation of the Ti to the interface
could result from the fact that Ti diﬀuses more slowly
in the precipitate phase since it is an ordered intermetallic compound [39]. Hence, the coarsening of the precipitates may be interface-limited, since it diﬀuses to the
precipitate through the matrix at a faster rate than it
can be incorporated into the precipitate. Furthermore,
interfacial segregation is driven by the reduction in the
heterophase interfacial free energy. According to the
Gibbs adsorption isotherm for an ideal dilute solution
(Eq. (6)), after 64 days of aging the interfacial free energy is reduced by 3.0% for the {1 0 0} facets and by
2.6% for the facets, employing values of 160 mJ m2
for {1 0 0} facets and 185 mJ m2 for {1 1 1} facets [40]


C Ti oc
CAl;Sc
¼

;
ð6Þ
Ti
kT oC Ti
where c is the interfacial free energy, CTi is the concenAl;Sc
tration of Ti in the matrix and CTi
is the relative Gibbsian interfacial excess of Ti with respect to Al and Sc.
Despite the similarly small values for the time exponent, the radii of the precipitates in the Al–0.06Sc–
0.06Ti alloy are greater than the radii observed in the
corresponding Zr-containing alloy, Al–0.06Sc–0.005Zr,
for identical aging treatments, Fig. 5. One possible
explanation for the diﬀerences in ÆRæ between the alloys
is that the diﬀusivity of Ti in Al is even slower than that
of Zr. Thus, the diﬀusivities of the Sc and Ti are so disparate (at 300 C, DSc/DTi = 3.3 · 105 [16,44]) that diﬀusion of Sc is unhindered by the presence of Ti, which
remains mainly in solution until after the Al3Sc precipitates have nucleated and commenced coarsening. In the
case of Al–Sc–Zr, the ratio DSc/DZr (at 300 C, DSc/
DZr = 1.4 · 104 [44]) is smaller and thus the diﬀusivities
of the Sc and Zr are perhaps close enough that Zr has an
eﬀect on the precipitates before they are able to grow to
the radii observed in the Al–Sc–Ti system.
The presence of diﬀerent radii in the two alloys can be
used to explain the fact that Ti is not as eﬀective a hardener (strengthener) at room temperature as Zr. Since Ti
is not as eﬀective at preventing the Al3(Sc1xTix) precipitates from coarsening in the initial stages, the precipi-
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tates are correspondingly larger for comparable alloy
compositions and aging treatments, Fig. 5. Since the
microhardness is dependent on radius and interprecipitate spacing of the precipitates, the Al–Sc–Zr alloy is
correspondingly harder, as illustrated in Fig. 2.
4.4. Creep properties
A threshold behavior was also found previously in
similar coarse-grained Al–Sc [10,12], Al–Mg–Sc [13]
and Al–Sc–Zr [11] alloys with nanosize Al3Sc (L12) precipitates. A similar behavior was also observed in
Al–Zr–V alloys with L12 precipitates [45]. In these articles it is shown that the threshold stress originates from
the interaction of dislocations with precipitates. The ﬁrst
possible mechanism, precipitate shearing, predicts
threshold stress values much greater than measured
experimentally, and can thus be discarded, similar to
precipitate shearing at ambient temperature. The second
possible mechanism, dislocation-bypass by climb of
coherent precipitates, predicts threshold values that are
smaller than those measured and are independent of radius [46,47]. This discrepancy was resolved by considering additional elastic interactions between the bypassing
dislocations and the precipitates, whose origins are the
lattice parameter and stiﬀness mismatches between
coherent precipitates and matrix [48]. An important prediction of this modiﬁed climb model is that the threshold
stress normalized by the Orowan stress should increase
with increasing ÆRæ to values as large as 0.5, whereas
the original climb model predicts a small value (less than
0.05), which is independent of ÆRæ. Prior data on Al–Sc
[10,12], Al–Mg–Sc [13] and Al–Sc–Zr [11] alloys does indeed agree semi-quantitatively with these predictions.
Plotting the threshold stress results for Al–0.06Sc–
0.06Ti in a normalized threshold stress plot (Fig. 12),
it is apparent that the general trend is very similar to
that found for previously studied Al–Sc, Al–Mg–Sc
and Al–Sc–Zr alloys, and in semi-quantitative agreement with model predictions [48]. The use of the normalized threshold stress removes the dependency on
precipitate volume fraction, and thus allows for direct
comparison of alloys with diﬀerent volume fractions of
precipitates. A slight decrease in normalized threshold
stress is apparent for both Al–Sc–Zr and Al–Sc–Ti alloys, as compared to Al–Sc and Al–Mg–Sc alloys. This
is expected qualitatively due to the reduced lattice
parameters of Al3(Sc,Zr) and Al3(Sc,Ti) as compared
to Al3Sc, which leads to a reduction in lattice parameter
mismatch between the precipitates and the matrix. This
eﬀect results in a reduction of elastic interactions between lattice dislocations and the precipitates they bypass by climb, and a concomitant decrease in
threshold stress. For a Ti precipitate concentration of
1.5 at.% at 300 C, the lattice mismatch is reduced by
a small amount, i.e., from 1.10% to 1.08% [4,49]. The

4234

M.E. van Dalen et al. / Acta Materialia 53 (2005) 4225–4235

Fig. 12. Measured creep threshold stress at 300 C normalized by
calculated Orowan stress at 300 C vs. mean precipitate radius, ÆRæ, for
Al–0.06Sc–0.06Ti and for binary Al–Sc alloys [12] and ternary Al–Sc–
Zr alloys [11].

diﬀerence between the binary and the ternary alloys is
more apparent at larger radii since the elastic interaction
volume of the precipitate scales with ÆRæ3. The lack of a
decrease in normalized threshold stress for the Al–Sc–Mg
alloys may be due to the fact that Mg does not aﬀect the
near-threshold creep behavior.
In summary, the addition of Ti to binary Al–Sc alloys
decreases slightly the creep resistance for given values of
precipitate volume fraction and ÆRæ, as shown by the decreased normalized threshold stress values, Fig. 12. The
coarsening resistance of the precipitates is, however,
much improved, Fig. 5, so that the overall long-term
creep resistance at 300 C is expected to be improved.
The excellent coarsening resistance observed in the alloys subjected to triple coarsening may make long-term
use of Al–Sc–Ti at ca. 350 C possible. At this temperature, binary Al–Sc alloys coarsen very rapidly [5] and are
expected to exhibit almost no threshold stress. They
therefore display very poor creep resistance at these temperatures. As compared to Al–Sc–Zr alloys, Al–Sc–Ti
alloys have similar creep and coarsening properties.
Although Ti is less expensive than Zr, the beneﬁts of
replacing Zr with Ti as a ternary alloying element in
Al–Sc alloys are uncertain.

 Spheroidal, coherent Al3(Sc1xTix) precipitates with
L12 structure are formed upon aging at 300 C, leading to peak hardness after 24 h, which is higher than
for Al–0.06Sc, but lower than for Al–0.12Sc or
Al–0.06Sc–0.005Zr. Increasing the aging temperature
to 320 C reduces peak hardness and the precipitates
exhibit lobes and cusps due to the smaller Ti supersaturation. At 330 C, precipitation occurs mostly heterogeneously on dislocations and precipitation
hardening is lost.
 At 300 C, the precipitates coarsen at a signiﬁcantly
slower rate than observed in binary Al–Sc alloys or
predicted by the Kuehmann–Voorhees coarsening
model for a ternary alloy. This is due to incorporation of Ti in the precipitates, which also explains
the increased hardness at ambient temperature as
compared to the binary alloy. Titanium is, however,
not as eﬀective as Zr at reducing precipitate coarsening and hardening the Al–Sc alloy.
 At 300 C, Ti partitions to the Al3(Sc1xTix) precipitates, although most of the Ti remains in solidsolution in the matrix (x = 0.06 for the longest
aging time analyzed, 64 days). The concentration
in the matrix and the precipitates continues to
change up to the longest aging time analyzed, indicating that global thermodynamic equilibrium is not
achieved. The much slower diﬀusion of Ti as compared to Sc most likely explains why precipitate
coarsening occurs more slowly than in the binary
Al–Sc alloy.
 For the specimens analyzed employing a 3DAP
tomograph, after aging for longer periods at 300 C
(16 or 64 days), Ti segregates to the a-Al/Al3(Sc1xTix) heterophase interface, as reported previously
for Zr in Al–Sc–Zr alloys. Segregation is not found
for shorter aging times, 1 or 4 days.
 A creep threshold stress is found at 300 C, which
when normalized by the Orowan stress, increases
with increasing precipitate radius, ÆRæ, similarly to
the previously studied alloys, Al–Sc, Al–Mg–Sc and
Al–Sc–Zr. This is in semi-quantitative agreement
with predictions from a model considering dislocation climb bypass including elastic interactions with
the misﬁtting precipitates.
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