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ABSTRACT 

 Reducing the average grain size of polycrystalline metals and alloys is a 

traditional way of increasing their strength. Moreover, many other attractive properties 

can be achieved by reducing average grain size: low-temperature superplasticity, 

improved magnetic properties, and homogeneity of physical properties. The recently 

developed technique of Equal Channel Angular Pressing (ECAP) allowed a 

breakthrough in decreasing the grain size of bulk materials to the sub-micrometer level. 

Its main principle is pressing a metal billet through an angular channel, a process that 

involves extremely large shear deformations forming dislocation cell structure at sub-

micron scale. Subsequent pressings result in the formation of ultra-fine grains (UFG) 

with high-angle grain boundaries (GBs).  

 Many unusual properties of materials produced by ECAP are attributed to non-

equilibrium grain boundaries. These GBs are expected to exhibit higher values of 

energy, higher amplitude of strain fields, larger free volume, and higher diffusivity 

than their relaxed counterparts. Although the concept of non-equilibrium state of GBs 

is theoretically well established, its experimental foundation is still controversial. The 

aim of the present study is, therefore, providing an adequate experimental proof for the 

concept of non-equilibrium GBs by measurements of GB diffusivity and energy in 

copper and copper alloys subjected to ECAP.  

 The diffusion of 63Ni radiotracer in Cu and Cu-Zr alloy was studied using the 

serial-sectioning method. The diffusion annealings were performed in the temperature 

range 150 °C – 350 °C for annealing times when volume diffusion is frozen and only 

short-circuit diffusion occurs.  

 The microstructure studies by Transmission Electron Microscopy (TEM), 

Atomic Force Microscopy (AFM), and Focused Ion Beam (FIB) microscopy indicated 

that alloying with Zr is essential for stabilizing the ECAP-processed alloys against 

grain growth and recrystallization. In all samples studied the experimentally-acquired 

diffusion profiles exhibited two distinct slopes, which are associated with "slow"- and 

"fast" diffusion paths. The former is very close to that of relaxed GBs in coarse-grained 

Cu. Based on the analysis of the activity profiles, we proposed a hierarchical 

microstructure model of the UFG Cu-Zr alloy studied. In this model, a cellular skeleton 

of "fast" GBs with the characteristic cell size in the micrometer range is embedded in a 
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network of "slow" GBs formed by sub-micrometer grains. This model allowed a 

quantitative processing of the measured activity profiles. The Arrhenius parameters of 

the GB diffusivities for the "slow" and "fast" GBs were determined, indicating a 3-4 

orders of magnitude difference in respective pre-exponential factors. 

 The measured radiotracer penetration profiles in pure ECAP-ed Cu exhibited a 

bimodal shape similar to that observed in the Cu-Zr alloy. In contrast to the Cu-Zr 

alloy, the pure Cu exhibited recrystallization during all thermal annealings. The 

explicit expression describing the kinetics of recrystallization in ECAP-ed Cu was 

obtained. A model that considers diffusion in UFG polycrystal undergoing 

recrystallization was developed. Its main assumption is that diffusion flux is allowed in 

the UFG phase only, while the recrystallizing grains "freeze" the concentration of 

solutes existing in the UFG matrix before it was consumed by recrystallizing grain. 

Application of this model enabled us deriving the slow-diffusion coefficients from the 

experimentally measured penetration profiles. The Arrhenius parameters of the GB 

diffusivities for the "slow" and "fast" GBs were determined, indicating about 3 orders 

of magnitude difference in respective pre-exponential factors. 

 The relative energies of GBs in ultrafine grain copper obtained by ECAP were 

determined using the thermal grooving technique. The dihedral angles at the roots of 

GB grooves formed after annealings at 400 °C for 15 min and at 800 °C for 2h were 

determined with the aid of AFM. The average relative GB energies in the ECAP-ed 

samples annealed at 400 and 800 °C are 0.48 0.11±  and 0.27 0.07± , respectively. 

Theoretical estimates of the relaxation time of non-equilibrium GBs indicated that little 

relaxation should occur after annealing at 400 °C, while full relaxation is expected 

after annealing at 800 °C. It was shown that the measured difference in GB energies 

can be correlated with the presence of two types of GBs in the same sample exhibiting 

very different diffusivities.  

We associated the fast-diffusion paths with unusually high GB diffusivities, and 

the high-energy GBs observed by AFM with the non-equilibrium GBs that were 

formed during ECAP. The volume fraction of such boundaries is small and they are 

separated by an extensive network of normal (i.e. exhibiting usual GB diffusivities and 

energies characteristic for annealed coarse grain polycrystals) GBs. These findings 

provide a solid experimental foundation for the concept of non-equilibrium GBs.  
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1. INTRODUCTION 

 Improving mechanical properties of alloys, in particular achieving an optimal 

combination of strength and ductility, has always been one of the central topics in 

materials science. It is well known that decreasing grain size in polycrystalline 

materials increases their strength and hardness. Besides these mechanical properties, 

other attractive properties can be achieved in this manner: low-temperature 

superplasticity, improved magnetic properties, and homogeneity of physical properties. 

Conventional methods of grain refinement (rolling, forging, annealing) usually result 

in grain sizes in the range of tens of micrometers and anisotropic microstructure. Other 

methods such as mechanical alloying of nanopowders enable, indeed, obtaining bulk 

materials with grain sizes as small as nanometers, but they incorporate undesirable 

residual porosity. The growing interest in severe plastic deformation (SPD) methods of 

grain refinement is related to the fact that homogeneous pore-free polycrystals with 

ultra fine grained (UFG) microstructure (in the submicron level) can be routinely 

obtained by these methods.  

Equal Channel Angular Pressing (ECAP) is one of the most promising SPD 

methods due to its potential for industrial upscaling. Its main principle is pressing a 

metal billet through an angular channel. Extremely large shear deformation produced 

in the region where the entrance and the exit parts of the channel meet leads to the 

formation of a pronounced dislocation cell structure at sub-micron scale. Subsequent 

ECAP passes, together with the rotation of the billet about the pressing direction 

between the passes, cause growing accummulation of dislocations in the cell walls, 

increase in misorientation angles between the cells and, therefore, promote the 

formation of high-angle grain boundaries (HAGBs). 

Investigation of the special properties exhibited by alloys produced by ECAP, 

as well as by other SPD methods, indicates the unusual structural state of grain 

boundaries (GBs) in these materials. In this framework, the concept of non-equilibrium 

GBs has been coined, pointing on the energetically metastable state of GBs. These GBs 

exhibit higher interfacial energy, higher amplitude of strain fields, larger free volume, 

and higher diffusivity than their equilibrated counterparts.  



 - 7 -

Although the concept of non-equilibrium GBs is theoretically well-established, 

its experimental foundation is, still, controversial. An experimental proof for the non-

equilibrium state of GBs is not easy. First, experiments involving UFG alloys at 

elevated temperatures are problematic because of insufficient thermal stability of the 

non-equilibrium GB state. For example, while several researchers reported on 

significantly enhanced GB diffusivity in UFG materials, others claim that it is not 

different from GB diffusivity in coarse-grained polycrystals. Second, the relevant data 

scattered in the literature are incoherent and inconclusive, since they were collected at 

different experimental conditions and in different materials. Third, experimental data 

on GB energy in UFG materials are not available at all. 

The present research is, therefore, aimed at filling this gap in knowledge by 

quantifying the degree of non-equilibrium of GBs in alloys produced by ECAP. Our 

approach is based on the fact that on the one hand GB energy is the most direct 

property related with the degree of non-equilibrium, but on the other hand GB 

diffusivity is the physical property most sensitive to microstructure variations. 

Therefore, the design of concerted experiments incorporating low-temperature 

measurements of GB diffusivity and energy in alloys produced by ECAP is probably 

the most efficient way to achieve this goal. Comparing these GB properties determined 

in alloys produced by ECAP with those measured in equilibrated coarse-grained 

polycrystals may quantitatively supply us with the desirable estimation for the degree 

of non-equilibrium of GBs obtained by ECAP. 
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2. LITERATURE SURVEY 

 This chapter provides a survey of the published works dealing with the subject 

of non-equilibrium GBs. The concept of non-equilibrium GBs will be introduced 

starting with the motivation for developing UFG materials, reviewing the fundamentals 

and implications of SPD methods, and describing the physical properties of materials 

derived from their GB nature. The main research goal, which is quantifying the degree 

of non-equilibrium in GBs produced by ECAP, will be followed by a review of the 

documented experimental data including measurements of GB energy and diffusivity 

in materials produced by SPD. 

 

2.1. The essence of ultra fine grained materials   

Nanocrystalline (NC) and UFG materials exhibit superior performances and 

properties. These materials are attractive for many ranges of application from 

biomedical to aerospace industries. While high strength and good ductility rarely exist 

simultaneously in any material, UFG alloys exhibit the optimal combination between 

both. The general trend for coarse-grained (CG) materials demonstrates a trade-off 

between both properties: with decreasing the alloy grain size, its strength usually 

increases while ductility decreases [1]. The former originates from the Hall-Petch 

relationship: 

                                                 (2.1) 0
K
d

σ σ= +  

whereσ  is the strength, d is the grain size, and 0σ and K are constants. An inverse 

Hall-Petch behavior is observed below a critical grain size, which is in the nanoscale 

regime. On the other hand, ductility also deviates from its general trend in the UFG 

regime due to the operation of additional deformation mechanisms besides dislocation 

slip. Ductility has strong correlation with creep behavior, and in the UFG range it 

increases with reducing grain size. The balance between both dependences implies that 

sub-micron grained alloys may possess high strength concurrently with good ductility. 
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One of the most important properties that can be achieved in UFG materials is 

superplasticity, in which hundreds of percents strains are attained [2]. In an example 

presented by Pearson, 1950 % elongation was measured in a Bi-Sn alloy (Fig. 2.1).   

  

 

 

 

 

 

 

 

 

 

 

Among its several modes, fine-structure superplasticity is the most relevant case to 

UFG materials. This phenomenon is dictated by creep, where for UFG materials the 

most dominant creep mechanisms are diffusional creep and GB sliding. The common 

feature for all creep mechanisms is the build-up of driving force for stress release when 

the bulk is subjected to tensile stress. In diffusional creep stress release is attained by 

mass transport either via lattice bulk (Herring-Nabarro creep) or via GBs (Coble creep) 

[3]. The parameter characterizing creep behavior is the steady-state strain rate,ε . It is 

obvious that in both cases ε  should strongly depend on grain size, i.e. to increase with 

decreasing grain size. Moreover, in Coble creepε  is expected to increase with GB 

diffusivity. The accurate functional expressions forε  depend on the geometric factors 

taken into account in each model, and are not of our interest. Their semi-quantitative 

forms, however, are given below: 

(2.2)                                                   2

D
kT d
σε Ω

∝
⋅

  

for Herring-Nabarro creep, and: 

 (2.3)                                                   3
bD

kT d
δσε Ω

∝
⋅

  

for Coble creep. 

Fig. 2.1: Pearson's experiment from 1934 showing 1950 % elongation 
of a Bi-Sn rod. After [2].   
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In both cases D and Db are the lattice and GB diffusion coefficients, respectively; σ is 

the uniaxial tensile stress, Ω  is the atomic volume, δ is the effective GB width, and 

the term kT has its usual meaning. Other mechanism relevant in UFG materials is GB 

sliding, which also exhibits the expected grain size dependence with a similar form 

ofε . 

 It follows from the above-detailed phenomena described by Eqs. (2.2) and (2.3) 

that UFG materials are excellent candidates for having superplastic behavior mainly 

due to their sub-micron grain size. Moreover, enhanced GB diffusivity expected in 

UFG materials (this point will be discussed further below) should contribute to 

superplasticity in the same way as described by Coble creep, Eq.(2.3). 

  Other desirable mechanical properties of UFG materials derived from their 

small grain size are good wear resistance and enhanced high-cycle fatigue strength [1]. 

There are evidences for the improvement in other physical properties of UFG 

materials. Better corrosion resistance was observed in UFG-Ti [4] when compared 

with CG-Ti. This was explained by fast kinetics of the passivation layer growth in the 

UFG state, due to GBs and other lattice defects. Enhanced coercivity was measured in 

the UFG ferromagnetic Pr-Fe-B-Cu alloy when compared with its CG counterpart [5]. 

The uniformity of physical properties of UFG materials is attributed to their small 

grain size with respect to the dimensions of the bulk. This is important especially in 

low-dimensionality devices.  

 The potential of applying UFG materials involves two main considerations: 

their manufacturability and superior properties [1]. Metallic UFG bulk materials are 

more suitable for production methods such as forging, where time and temperature are 

significantly reduced owing to their enhanced ductility. This is pronounced by energy 

and cost savings, and is being utilized in aircraft and automobile industries [6]. Due to 

the increased strength of UFG alloys, the production of lightweight structures (e.g. of 

Al-based alloys) with high strength-to-weight ratio is another possible application field 

of these materials. Another example for applying the good properties of UFG alloys is 

for bone implants in the human body. The enhanced fatigue performance of UFG Ti 

makes it a good candidate for this task [1]. An example for the importance of the 

uniform properties obtained in UFG materials is for micro-electromechanical systems 

(MEMS), where UFG nickel is very promising owing to its uniform saturation 

magnetization in the micrometer scale [7]. 
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In summary, the major advantage that UFG alloys exhibit is a good 

combination of strength and ductility. This is attained by additional deformation 

mechanisms becoming operative in the UFG materials - on the one hand; as well as the 

increased strength given by Hall-Petch behavior - on the other hand. This enables good 

manufacturability and superior properties of UFG alloys.  

 

2.2. Severe plastic deformation: a method for producing UFG 

microstructure 

Among all techniques utilized for producing nanocrystalline and UFG 

materials, severe plastic deformation (SPD) has proved to be very attractive. 

Homogeneous and isotropic submicron-grained microstructure with high fraction of 

high-angle grain boundaries (HAGBs) avoiding the initiation of microcracks during 

deformation can be produced by SPD methods. Most of the traditional processes used 

for grain refinement of bulk metals, such as cold rolling, are inferior to SPD since they 

result in an anisotropic microstructure with a high fraction of low-angle GBs (LAGBs). 

Other methods based on different approaches, such as gas condensation, consolidation 

of nanopowders, ball milling, mechanical alloying, and electrolytical co-deposition 

[8,9] suffer from residual porosity and the introduction of impurities. Methods based 

on deposition, such as chemical or physical vapor deposition as well as 

electrodeposition can produce nanocrystalline and UFG materials, but are not 

applicable for bulk materials. SPD methods enable to overcome these problems [6]. 

They provide grain refinement down to the submicrometer range with a homogeneous 

microstructure, and are suitable for the production of large materials quantities on 

industrial scale. Superplasticity, as well as the other superior properties typical to UFG 

materials detailed above, is being routinely achieved by SPD [10,11].  

Equal Channel Angular Pressing (ECAP) is one of the most promising SPD 

methods due to its potential for industrial upscaling. Its main principle is pressing a 

metal billet through an angular channel. Extremely large shear deformation produced 

in the region where the entrance and the exit parts of the channel meet leads to the 

formation of a pronounced dislocation cell structure at sub-micron scale. Subsequent 

ECAP passes, together with the rotation of the billet about the pressing direction 

between the passes, cause growing accummulation of dislocations in the cell walls, 
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Fig.2.2: A schematic illustration of the ECAP system [12]. 

χ

increase in misorientation angles between the cells and, therefore, promote the 

formation of HAGBs [12]. A schematic description of the ECAP unit is given in 

Fig.2.2.  

 

 

 

 

 

 

 

 

 

 

 

 

 

Many factors affect the microstructure and properties of materials 

manufactured by ECAP. The bending angle between the two portions of the channel, 

φ , and the external angle, χ , determine the total strain per one ECAP pass, so that high 

values of the latter favor high misorientations (HAGBs). The expression for the total 

shear strain, τ , for the accumulating number of passes, N, as a function of both angles 

is [12]: 

                      (2.3) ( ) ( )2cot cos2 2 2 23
N ecφ χ φ χτ χ = ⋅ + + ⋅ +  

  

 

It follows from Eq.(2.3) that for the most frequently-used angles, i.e. φ =90° and 

χ =20°, the total shear strain attained in each pass is nearly 1, while the effect of 

number of passes is cumulative. Three main ECAP processes have been suggested for 

the value of φ =90° [6]. In the first one the orientation of billet between consequent 

passes is not changed (route A). In the second one (route B) the billet is rotated by 90º 

between each pass (BA: alternatively, BC: in the same direction); and in the third one 

by 180º (route C). The influence of ECAP route on microstructure and properties has 
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been extensively investigated. It was concluded [6,12,13] that BC is the most efficient 

ECAP route in terms of grain refinement, homogenity of the microstructure, and the 

formation of high fraction of HAGBs. 

  In what follows we will consider the ECAP processing of pure copper or 

copper-based alloys. In addition to ECAP route, both the number of passes and the 

pressing temperature influence the resulting microstructure. The minimal grain size 

attained by ECAP of Cu samples is 200-300 nm [13-17] and is achieved already after 

the 1st ECAP pass. However, most GBs at this stage are of the LA type. After several 

passes the fraction of HAGBs increases (higher misorientation) and reaches a 

saturation value, and the cellular grain morphology transforms into equiaxed one. The 

evolution of these microstructural features affects the mechanical properties of material 

as well. For example, yield strength and ultimate tensile strength also increase with 

increasing number of passes. For copper, it was concluded [17] that 4 passes in the BC 

route (BC4) provide the optimal combination of high strength and ductility, as well as 

high GB misorientations. Concerning the effect of temperature, it was reported [12,18] 

that performing the ECAP process at elevated temperatures results in coarser grains 

having lower misorientation angles between them (smaller fraction of HAGBs) with 

respect to those attained at room-temperature pressing. However, equiaxed 

morphology of grains is easier to obtain at elevated temperatures.  

 A foremost feature typical to the UFG microstructure obtained by ECAP or any 

other SPD method is its low thermal stability. Since it was formed by a non-

equilibrium process the metastable UFG microstructure is abundant of lattice defects, 

which are pronounced by large amount of stored elastic energy. Therefore, grain 

growth, recrystallization and GB recovery in SPD-processed materials are expected to 

occur at lower temperatures than the non-deformed materials. This factor should be 

taken into account in any experimental procedure [6]. Alloying with either precipitate- 

or solid solution-forming elements is the common method of stabilizing the 

microstructure of ECAP-produced UFG materials [18-25].  

Based on numerous microstructural observations and mechanical testing of 

SPD-processed alloys, Valiev and co-workers [6] have suggested a hypothesis that 

GBs in UFG materials produced by SPD are in a highly non-equilibrium metastable 

state. These non-equilibrium GBs are characterized by higher interfacial energy, higher 

long-range strain fields and higher free volume with respect to GBs in the pre-
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Fig. 2.3: High-resolution TEM image of a GB in UFG Al-3%Mg 
alloy: (a) the as-pressed state; (b) after several minutes of 
electron irradiation. After [6]. 

deformed state. These properties are derived from the presence of high density of 

extrinsic dislocations, which are not needed to accommodate the given GB 

misorientation.  

There have been several attempts to confirm the concept of non-equilibrium 

GBs by direct atomic structure observations using high-resolution Transmission 

Electron Microscopy (TEM). For example, Horita and co-workers [26] revealed a 

zigzag, highly stepped configuration of GBs in UFG copper. Similar atomic GB 

configurations were reported by the same authors in a UFG Al-3% Mg alloy [27]. 

These highly-distorted, stepped GBs rotated and got flattened after several minutes of 

irradiation by the electron beam (Fig. 2.3). These observations, as well as an increased 

density of lattice dislocations found in the vicinity of these GBs were considered as a 

proof of the non-equilibrium state of GBs.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

However, the atomic structure observations alone cannot prove the non-

equilibrium character of the GBs since it is known that well-annealed GBs may also be 

faceted and dissociated at a wide range of scales: from the micron [28] down to the 

atomic scales [29]. Furthermore, only the value of Gibbsian GB energy can be 

considered as a quantitative criterion for deviations from equilibrium. All experimental 

evidence for non-equilibrium character of GBs based on microscopic observations 
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reported so far (e.g. [10] ) can rarely reveal any quantitavive feature and are, therefore, 

insufficient. The next section comprises a brief review of materials propreties derived 

from GB nature, followed by the theoretical background underlying the nature of non-

equilibrium GBs. 

2.3. Physical properties of materials derived from GB character  

 Many physical properties of materials can be directly associated with GB 

structure. Among them are: creep and plastic behavior, corrosion and fracture 

resistance, intergranular cavity and wetting, and microstructural evolution such as 

grain growth, recrystallization, etc. All of the above can be classified in two categories: 

properties determined by either GB energy or diffusivity [30]. 

The thermodynamic definition of interfacial (GB) energy is the reversible work 

per unit area required for an infinitesimal increase of the interface (GB) area. This 

definition of GB energy has a geometrical sense. In this terminology, a GB is regarded 

as a planar defect within the perfect lattice. In the perfect lattice, each atom is bounded 

to its neighbors by a constant number of bonds with certain energy per bond. In the 

vicinity of the GB plane some of these interatomic bonds are broken or distorted. The 

excess interfacial energy is associated with these broken bonds (considering bonding 

energy as negative, a broken bond means a higher energetic state). According to this 

concept, it is obvious why GB energy depends on crystallographic orientation and 

structure, as well as on chemical composition of the GB.  

Since the diffusion coefficient in crystalline solids increases with the increase 

in concentration of vacancies [31], the GB diffusion should be particularly sensitive to 

GB structure [32].  

 In view of the above, it is expected that both GB energy and diffusivity should 

have the same qualitative dependence on the structure of the GB. Indeed, experimental 

evidence indicates an inceased energy and diffusivity in the GBs with high free 

volumes, and vice-versa. Sharp minima (cusps) in the misorientation dependencies of 

both energy and diffusivity were identified in many experimental studies at the low-Σ 

coincident site lattice (CSL) misorientations [32]. Such cusps can be also observed in 

the misorientation dependence of other GB properties related to GB diffusivity and 

energy. Several detailed examples were given by us elsewhere [30].  
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b 

h 

  In summary, many physical properties of materials depend on GB energy and 

diffusivity, which are closely correlated with the GB free volume. Therefore, due to 

larger amount of absorbed dislocations, it is expected that non-equilibrium GBs should 

possess higher energy and diffusivity, and different physical properties if compared 

with their equilibrated counterparts.  

 

2.4. Non-equilibrium GBs: theoretical aspects 
 Contemporary models of GB structure can be divided in two main categories: 

atomic matching models and dislocation models. Any model of GB structure should be 

judged in terms of its ability to provide a quantitative prediction of physical properties. 

Therefore, the fundamental model for LAGB structure-energy relationship, the Read-

Shockley model, will be outlined in the present section. Subsequently, utilizing the 

Read-Shockley approach, the model of Nazarov for non-equilibrim GBs will be 

introduced. 

2.4.1. Conventional models for GB structure 

 The Read – Shockley model is an example of dislocation model [33]. It was 

developed for LAGBs, and later has been extended for HAGBs. For the clarity of 

explanation, let us regard the simplest configuration: symmetrical tilt GB (STGB) with 

a low misorientation angle. This GB can be described as an array of edge dislocations, 

as shown in Fig.2.4. 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 2.4: A wall of edge dislocations accommodates the difference 
in orientation across a low-angle STGB [34]. 
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If h is the average distance between two adjacent dislocations and b is the Burgers 

vector absolute value, then b/h = sinθ , where θ is the tilt angle. Similarly, a twist GB 

(TWGB) can be described as an array of screw dislocations, except of a slight 

difference: unidirectional array of screw dislocations forms a planar shear, rather than 

twist. It means that two orthogonal arrays of screw dislocations are needed to produce 

a twist, and that a TWGB can be represented by a network of screw dislocations 

(Fig.2.5). Therefore, the density of screw dislocations in the case of TWGB should be 

twice that of STGB for the same θ (either twist or tilt) [34].  

 

 

 

 

 

 

 

The GB energy can be obtained by summation of the energies of all dislocations in the 

unit area of GB:  

(2.4)                                    ( )[ ]θθγγ SinASin ln0 −=  

  

where: 

 

(2.5) 

 

 

G is the shear modulus, ν is Poisson’s ratio, and Be , Bs are the dislocation core 

energies per unit length (for edge and screw dislocations, respectively). 

The model considers two contributions to the GB energy: the first one is related 

with the dislocation core energy, and can be only roughly evaluated. The second term 

Fig. 2.5: A network of perpendicular screw dislocations accommodates the 
difference in orientation across a low-angle TWGB [34]. 
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is associated to the elastic strain field energy. In any case, GB energy increases with 

the increasing density of GB dislocations. The model deals with LAGBs (θ ≤ 20º), 

therefore: sinθ ≈ θ. For higher values of θ the dislocation cores overlap, and a 

meaningful distinction between a dislocation strain field and a core region becomes 

impossible.  

The dislocation model described above is applicable to pure tilt (symmetrical) 

and pure twist GBs only. Read and Shockley [33] generalized it for any configuration 

of GB, which can be expressed as a mixture of pure tilt and pure twist components. For 

the LAGBs, this model provides a good description of the structure-energy 

relationship. Further extensions of the Read-Shockley model considering HAGBs have 

also been proposed [35,36], however the basic concept remained the same.  

Additional models for the GB structure-energy relationship have been 

developed based on the approach of atomic-matching. The CSL model [37] regards the 

misorientation between two lattices forming a given GB. Its main concept is that for 

particular misorientation a given fraction of the lattice sites from both sides of the 

boundary coincide. The GB faceted plane follows such coincident sites, in order to 

form a closely-packed structure having the lowest possible interfacial energy [38]. The 

structural units (SU) model [39,40] describes the GB structure in terms of periodic 

arrays of atomic poyhedra, each one having its own energy. The shape of polyhedra, as 

well as their relative numbers and periodicity depend on both lattice misorientation and 

GB plane inclination. The total GB energy is, therefore, the sum of polyhedra and 

inter-polyhedra bonding energies, where large SUs are more energetic. The Wynblatt-

Takashima [41] model considers the GB plane as an interface between two 

independent surfaces, each one having its own energy. The GB energy is, therefore, an 

average of the respective surface energies plus a term that depends on the twist angle 

between two lattices. This latter term depends on the free volume associated with the 

interface formed by two contacting surfaces. The detailed description of these models 

was given by us elsewhere [30], and will not be repeated here. It can be concluded 

from all of these models that GB energy increases with increasing GB free volume. A 

striking example taken from the work of Wynblatt and Takashima [41] is given in Fig. 

(2.6). This trend is general, and is valid for any of the modeling approaches.    
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Fig. 2.6: Results of computer simulations for the (111)(511) GB in Cu. The 
plot shows the dependence of one of the components of GB energy 
on a dimensionless parameter of free volume [41]. 

 

 

 

 

 

 

 

In summary, the modeling of GB structure-energy relationship follows two 

different approaches: GB dislocations and atomic-matching. The first one is applicable 

for quantitative calculations of strain field energy, while the dislocation core terms 

describing the most significant deviation of GB structure from the atomic bonding in 

the perfect lattice, can be only approximayely evaluated. The second approach is a 

complementary to the first one, enabling the quantitative estimation of atomic 

mismatch in the GB. In all cases, GB free volume is a key parameter determining the 

GB energy, and is essential for understanding the concept of non-equilibrium GBs. The 

introduction of models for non-equilibrium GBs in the following section will be given 

in terms of dislocation models. 

2.4.2. Modeling of non-equilibrium GBs 

The first model of non-equilibrium GBs was proposed for NC materials. While 

in CG polycrystals adjacent crystallites are free to minimize the boundary energy by 

translations in the interatomic scale reaching at the energetically-stable configurations, 

in NC materials the constraints exerted by the neighboring GBs and triple junctions 

(TJs) are stronger and limit the rigid-body relaxation [8]. Thus, a non-equilibrium GB 

is formed. However, this model is expected to work only in NCs with the grain size of 

up to a few tens of nm, and is insignificant in the polycrystals with sub-micron grains.  

 Another way by which non-equilibrium GBs are formed is the accumulation of 

lattice dislocations. For instance, Grabski and Korski (1970) observed an increase of 

GB energy in Cu due to the absorption of lattice dislocations during migration of GBs 



 - 20 -

[42]. They concluded that these GBs transform into a non-equilibrium state. Based on 

this approach, Nazarov [43-46] has developed a structural model that elucidates the 

properties of non-equilibrium GBs.  

The starting point for the model is the Read-Shockley model for LAGB 

detailed above (section 2.4.1), where the GB structure was described in terms of 

periodic dislocation arrays. Hence, all GB properties are expressed as the sum of 

contributions of individual dislocations forming the GB. In particular, the total GB 

energy is the energy of the elastic field which is a superposition of the elastic strain 

fields of individual dislocations. Contrary to this description, non-equilibrium GBs 

evolve during plastic deformation by absorbing the lattice dislocations, which form 

non-periodic, disordered arrays at GBs. These trapped dislocations dissociate into two 

different components with the Burgers vectors normal (±bn) and tangential (bt) to the 

GB plane. While the tangential components are glissile and form pile-ups at triple 

lines, the normal ones are sessile. Both dislocation assemblies (pile-ups of glissile 

extrinsic GB dislocations and disordered networks of sessile GB dislocations) form the 

non-equilibrium state, as illustrated in Fig. 2.7. The separation between absorbed 

dislocations is denoted as h, and is a random variable [43]. The separation between GB 

dislocations in the equilibrium state is, however, constant (does not deviate much from 

its average value) and is denoted as h0. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 2.7: The formation of a nonequilibrium GB structure. (a) Trapping of 
lattice dislocations by the boundary. (b) Dissociation of the 
trapped dislocations into two components resulting in disordered 
arrays. 
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In general, the densities of dislocations with +bn and -bn  are different, so that 0hh ≠ . 

Consequently, the misorientation increases with the increase of net GB dislocation 

density. Since the inter-dislocation separation, h, is now a random variable, its 

variance: 

                                                (2.6) 
22

hD h h= −  

 

expresses how the structure of GB is far from equilibrium or the degree of non-

equilibrium. This definition is essential because it is the basis for the subsequent 

quantifications of non-equilibrium GB properties. For instance, the root mean-squares 

(RMS) of stress field components exerted from a fragment of GB with the length L will 

be calculated according to the 1st and 2nd order moments [44] defined as: 

 

                               (2.7) ( ) ( )2

2

1, ,
L

n n
ij ijL

x y x y y dy
L

σ σ
+

−
′ ′≡ ⋅ −∫  

 

where n denotes the nth-order moment, and ( )yyxij ′−,σ  is a stress component at the 

(x,y) position induced by one dislocation located at  y' along the non-equilibrium GB. 

Eq. (2.7) enables calculating the complete tensor of the explicit values (xx, yy, and xy 

components) of 2
ijσ . 

Utilizing the conventional approach in the theory of elasticity, i.e. employing 

stress-strain relationships, the total elastic energy associated with the non-equilibrium 

boundary can be obtained by the volume integral: 

                                                (2.8) ∫∫∫ ⋅= dVE ijijel εσ  

 

Eq. (2.8) can be expressed in terms of the 2nd-order moments of the stress components, 

so that the following properties of non-equlibrium GBs are quantified: the RMS strain 

in the vicinity of GB, the GB excess elastic energy, and the GB excess volume. They 

are given in expressions (2.9)-(2.11), respectively: 

 

(2.9)                                         0.13 lnrms v
db
b

ε ρ  = ⋅ ⋅  
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                                           (2.11) 20.14 lnv
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where ρv is the density of dislocations in the bulk SPD-metal (ρv ≈ 6·1015 m-2), d is the 

grain size and all other parameters have their usual meaning. For instance, it was 

assessed [46] that for Cu with d ≈ 200 nm the elastic energy of non-equilibrium GBs 

should be about 1.2 J/m2, i.e. about twice its equilibrium value.  

As mentioned above, the pile-ups of glissile bt dislocations near the triple lines 

cause local changes in misorientation, a term that was defined as disclination. Similary, 

each disclination has its own contribution to the above-listed properties and their total 

effect was also modelled [46]. It was concluded that the contribution of disclinations to 

the GB excess energy and volume expansion is minor: about one order of magnitude 

less than the values given by Eqs.(2.10) and (2.11). Their contribution for the RMS 

strain is, however, more significant, and should be taken into account. 

In summary, non-equilibrium GBs are assumed to consist of lattice dislocations 

absorbed in preferred sites. The model for non-equilibrium GBs applies the theory of 

elasticity to calculate the stress field exerted from this non-periodic array of 

dislocations. It provides the expressions for RMS strain, excess energy, and free 

volume of the non-equilibrium GBs. All of the above are significantly larger than the 

relaxed GBs. 

2.4.3. Relaxation of the non-equilibrium state 

 It follows from the description of how non-equilibrium GBs are formed 

(section 2.4.2) that they are metastable configurations of dislocations and, therefore, 

may relax in a thermally-activated process. The kinetics of relaxation must be 

considered when designing any GB-related experiment in SPD-processed materials, 

especially in GB diffusion experiments [47]. The following sections review the main 

attempts made so far to estimate the GB relaxation kinetics. The common assumption 

of all models is that since the GB dislocations forming the non-equilibrium state are 
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sessile, GB relaxation is possible only by dislocation climb. The following models 

estimate the kinetics of climb.  

2.4.3.1. The approach of Lojkowski  

 One of the fundamental models aimed at the evaluation of the relaxation time 

of GBs was proposed by Lojkowski and Fecht [48]. The general principle of the model 

is regarding the Burgers vector of a given GB dislocation as a continuous variable. The 

relaxation process is regarded as the expansion of GB core, until the complete 

detachment of the dislocation from the GB. This process is driven by the gradient of 

strain field exerted from a given GB dislocation, and is enabled by the self-diffusion 

flux of atoms along the GB. This classical attitude yields an equation of motion in a 

strained GB. The relaxation time is derived from this kinetic equation, and has been 

expressed in several quantitatively-equivalent forms. One of these forms [49] which is 

convenient for practical use is given in Eq. (2.12): 

(2.12)                                              310.9

b

kT S
G D

τ
δ
⋅

≈
Ω

  

where τ  is the relaxation time,δ  is the GB thickness, and S expresses a characteristic 

dimension of length related with the dislocation strain field. S is generally evaluated as 

the extinction distance, where the dislocation TEM image loses its contrast (or, 

roughly, the inter-dislocation separation). From TEM observations in Al, S was 

evaluated as 60 nm. The value of τ  calculated from this model agrees with TEM 

observations, in which changes in the contrast around GBs occurred at elevated 

temperatures [48,49]. However, there are some problematic points concerning this 

model. First, the extinction of contrast in the vicinity of GBs does not necessarily 

indicate GB relaxation and allows alternative interpretations rather than dissociation of 

the GB dislocations. In this case, the real time of relaxation can be much larger. 

Second, the analysis of Lojkowski is based on GB diffusion flux driven by the strain 

field gradient of a single dislocation. This incorporates a "hidden" assumption that 

vacancy sources are available in the vicinity of each GB dislocation. This is equivalent, 

as well, to comparing S with the diffusion length, thus leading to underestimation of 

the relaxation time.  

 A similar approach was proposed by Nazarov et al. [50]. His model, however, 

treats a periodic array of dislocations in the GB, which is a more realistic 
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approximation. The other assumptions are the same as in the model of Lojkowski. The 

resulted equation of motion for dislocation climb was solved numerically and an 

expression for the relaxation time was obtained: 

(2.13)                                            30.03
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The relaxation time estimated in this model is 3 orders of magnitude smaller than in the 

model of Lojkowski. Concerning this difference, the explanation offered by Nazarov is 

that Eq. (2.13) expresses the spreading time of GB dislocations, which is usually 

entitled as "relaxation time". However, for large dislocation densities (i.e. in non-

equilibrium GBs) the relaxation time can be much larger than the spreading time. 

Nevertheless, the true meaning of the parameter S is, still, questionable. 

2.4.3.2. The approach of Varin & Kurzydłowski  

 The model proposed by Varin and Kurzydłowski [51] attempts to solve the 

problem of small relaxation times predicted by previous works. The main assumption 

of the model is that GB relaxation occurs by volume diffusion of atoms and vacancies 

towards the TJs. Dislocation climb takes place along the GBs, until their annihilation at 

the TJs. As dislocation is absorbed in the TJ, an infinitesimal displacement of the TJ 

occurs. Correlating between the numbers of GB dislocations absorbed at TJ and the 

total strain involved in this process, and substituting the resulted equation in Ashby's 

expression for the deformation rate due to volume diffusion, a new kinetic equation is 

obtained. Eq. (2.14) describes the time-dependent density of GB dislocations, ( )tρ : 

(2.14)                                  2
0

20exp
(1 )

G D t
kT d

ρ
ρ π ν

 Ω
= − ⋅ − ⋅ 

  

 where 0ρ is the initial (t=0) density of dislocations and the other parameters have their 

usual meaning. It should be remarked that contrary to the previous models, the 

dependence on grain size, d, is prominent in Eq. (2.14). Such dependence was missing 

in the previous works. Additionally, the kinetics is determined by bulk diffusivity, D, 

rather than GB diffusivity, Db. This means that, according to Eq. (2.14), the relaxation 

kinetics should be slower than that predicted by Eqs. (2.12) and (2.13). Determining an 
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arbitrary condition for equilibration, for instance when dislocation density drops to 

10% of its initial value, an expression for the relaxation time is obtained: 

(2.15)                                         
22.3 (1 )

20
kT d

G D
π ντ − ⋅

=
Ω

  

Varin and Kurzydłowski provided experimental support for their model [51]. However, 

in some cases the relaxation times calculated according to Eq. (2.15) were longer than 

observed in experiments.  

2.4.3.3. The approach of Sangal & Tangri 

 The advantages of Varin and Kurzydłowski model include a good agreement of 

its predictions with experimental results, and a reasonable functional dependence of the 

relaxation time on grain size. However, some of the experimental data could not be 

explained by this model. For example, the relaxation time of GBs in austenitic steel 

with grain size 3.4 µm annealed at 800 ºC is predicted by Eq. (2.15) as 11 h. 

Experimental data based on the measurement of yield stress indicates a recovery at this 

temperature after 5 min only [52]. Sangal & Tangri [53] took a note of this 

underestimation of relaxation times, and suggested a revised approach.  

 Their model assumes GB relaxation by a flow of vacancies in the bulk towards 

the TJs, driven by a stress field induced by the TJs. Figure 2.8 illustrates the main 

principles of the model. It describes an array of GB dislocations at a GB of the length 

d. For the simplicity, all dislocations have the same Burgers vector in z direction. The 

resulting strain field of the dislocation array exerts the climb forces on the edge 

dislocations near the TJs. In the configuration illustrated in Fig. 2.8, the climb stress, 

zzσ , is compressive near the position A, and is tensile near the position B, so that 

vacancies are attracted to A and emitted from B.  

The expression for the concentration of vacancies, C, is determined by their 

chemical potential. The latter can be expressed in terms of the climb stress, zzσ , and the 

resulting expression for C is: 

(2.16)                                         ,





 ⋅Ω

=
kT

CC zzσexp0  

where C0 is the equilibrium concentration of vacancies. 
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Fig. 2.8: An illustration of the array of GB dislocations along a GB, showing 
compressive climb stress near the position A and tensile climb stress 
near the position B. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

An expression for the radial and angular (r,θ : polar co-ordinates) distribution of zzσ  

near A and B is obtained from the theory of elasticity. Substituting this expression in 

Eq. (2.16), we obtain the radial and angular distribution of vacancies near the TJs, 

C(r,θ ). The average concentration of vacancies (over all directions) near the positions 

A and B is calculated by: 

  (2.17)                                   ( ) ( )∫=
π

θθ
π 0

,, ,1 drCrC BABA        

Assuming that the diffusion of vacancies towards the TJs satisfy steady-state 

conditions, we obtain new boundary conditions for ( )BArC , , which are: 

  (2.18)             ( ) ( )
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where the signs – and + stand for the positions A and B, respectively. Eq. (2.18) 

incorporates some approximations: the dislocation core width, r0, was roughly 

evaluated as r0 = b. The location where the concentration of vacancies reaches its 

equilibrium value ("infinity", or far enough from the TJs) was evaluated as the half 

grain size, d/2.  
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 The annihilation rate of dislocations is calculated from the vacancy flux, J, at 

any of the TJs A and B. According to Fick's 1st law: 

,                                               (2.19) CDJ v∇−=     

where Dv is the vacancy diffusion coefficient, and can be expressed as: vDCD 0Ω=  (D 

is volume self-diffusivity). The vacancy flux can be simply correlated with the density 

of remaining GB dislocations, and the concentration gradient appearing in Eq. (2.19) 

can be evaluated from the expression (2.18). The result is a differential equation for the 

density of GB dislocations. Its explicit solution yields the kinetic expression: 

                          (2.20) ( )
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The functional dependence of ρ on time, temperature and grain size confirms our 

expectations: a larger grain size results in an increase of the relaxation time, and 

increases the annealing time and temperature required for GB relaxation. The 

relaxation times calculated from Eq. (2.20) are in a good agreement with experimental 

data describing the change in yield stress due to annealing [52]. 

 In summary, different models have been suggested for estimating the GB 

relaxation times. The approach of Lojkowski and Nazarov considers GB diffusion in 

the small regions comparable in their size with the inter-dislocation separation. 

Therefore, it predicts a relatively fast relaxation kinetics. These models were 

experimentally verified by TEM observation. However, two points are still 

questionable: the assessment of strain field from TEM images, and correlating this 

value with the real diffusion length. The approaches of Varin & Kurzydłowski as well 

as Sangal & Tangri consider volume diffusion of atoms and vacancies driven by the 

stress fields near GB dislocations. In these models the diffusion length is considered as 

comparable with grain size, and, therefore, they predict relatively slow relaxation 

kinetics. Some of the experiments on GB relaxation support these models, too. It seems 

that each model is working under certain specific experimental conditions that should 

be considered in the experimental work.  
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2.5. Experimental observations 
It was shown that the concept of non-equilibrium GBs is theoretically well-

established. This section reviews the experimental works in which the GB diffusivity 

and energy in UFG alloys produced by SPD methods were measured. These works 

provide an experimental support of the concept of non-equilibrium GBs.  

2.5.1. Measurements of diffusion in UFG materials 

It is well known that GB diffusion coefficients are very sensitive to the finest 

details of the GB structure (see section 2.3). Whereas the difference in energies of 

random HAGBs rarely exceeds 10-20 % [32], the corresponding diffusivities can differ 

by orders of magnitude. It is therefore very attractive to employ GB diffusion 

measurements for quantification of the degree of GB non-equilibrium. Based on the 

correlation between GB structure and diffusivity (see section 2.4.1), non-equilibrium 

GBs are expected to possess higher values of diffusivities [54]. 

The problem of GB diffusivity in UFG materials has been addressed in several 

experimental studies; however, the results of these studies are contradictory and 

inconclusive. While several authors reported a significant enhancement of GB 

diffusivities in UFG materials, others claimed that the GB diffusivities in UFG and 

coarse-grained materials are very close to each other. For instance, Kolobov et al. [55] 

investigated GB diffusion of Cu in UFG Ni processed by ECAP using the secondary 

ion mass spectroscopy (SIMS) technique. The values of diffusion coefficients 

measured in the range of 150 - 200 ºC were by about 5 orders of magnitude higher than 

in the coarse-grained state. At the same time, pre-annealing of the sample at 250 ºC 

prior to diffusion annealing led to a drastic decrease of GB diffusivity. It was 

concluded that the non-equilibrium GBs exhibit high diffusivities and relax during the 

pre-annealing, which results in diffusivity decrease. Similar conclusions were drawn in 

the work of Herth et al. [56], where the GB self-diffusivity in NC Fe-alloys decreased 

by one order of magnitude after the pre-annealing treatment. These results were 

compared with positron annihilation lifetime experiments, indicating a decrease in GB 

free volume with annealing time. Although these findings provide evidence for the 

unusual diffusion properties of GBs in UFG materials, they indicate the problematic 

nature of such experiments: relaxation of GB structure at elevated temperatures before 

or during the diffusion anneal may significantly modify the GB diffusion.  
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 In contrast with the above reports, Würschum et al. [57] have found that the 

diffusion coefficient of 59Fe along the GBs in UFG Pd was comparable with that for 

CG Pd. Similarly, Fujita et al. [58] investigated short-circuit diffusion in ECAP-

processed UFG Al and Al-3 wt.% Mg alloy containing small precipitates for 

suppressing grain-growth. No enhanced diffusivity was observed, despite the stabilized 

microstructure. The same authors reported on an increase in GB diffusivity obtained in 

UFG Al-Mg and Al-Zn alloys produced by ECAP [59], but associated it with the larger 

fraction of HAGBs existing after ECAP. Both authors concluded that even if the non-

equilibrium GBs exist in the as-deformed state, they rapidly recover during initial 

stages of diffusion annealing.  

Besides direct measurements of GB diffusivity, an indirect experimental 

support for the hypothesis of non-equilibrium GBs was provided in the studies of grain 

growth [60] and GB sliding-controlled creep [61] in UFG Cu. For instance, some 

models relate the grain growth kinetics with the GB diffusivity according to: 

                                 (2.21) ( )2 2
0 0

4 expb
Qd d D tkT

γ
δ
Ω

− = ⋅ − ⋅  

where d0 is the initial grain size, Db0 is the pre-exponential factor of GB diffusion 

coefficient, Q is the activation enthalpy for GB migration (which is closely related to 

that of GB diffusion), γ  is the GB energy, and all other parameters have their usual 

meaning. Lian et al. [60] have shown that grain growth in SPD-produced Cu begins at 

0.32Tm (where Tm is the melting temperature of pure Cu), and, using the Eq. (2.21), 

estimated the parameters of GB self-diffusion from the kinetics of grain growth. The 

activation energy for GB diffusion at low temperatures was 71 kJ/mole, while at higher 

temperatures it increased to 107 kJ/mole. This increase in activation energy was 

explained by relaxation of the non-equilibrium structure of GBs. However, in view of 

the recent data on the purity effect on GB self-diffusion in copper [62] this conclusion 

has to be treated with caution: the activation enthalpy of 72 kJ/mol was measured for 

GB self-diffusion in high-purity copper, whereas a less pure material exhibited values 

of 80 to 90 kJ/mol. 

The hypothesis of non-equilibrium GBs is often employed for interpretation of 

unusual mechanical properties of UFG materials produced by SPD. For example, GB 
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sliding is an important deformation mechanism in UFG materials. Models of GB 

sliding predict that the strain rate is proportional to GB diffusion coefficient: 

                                          (2.22) 
22
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Db σε  

where E is the modulus of elasticity. Estimates of the copper GB self diffusivity from 

the creep data based on Eq. (2.22) gave relatively low values of the activation energy 

for GB self diffusion in the range of 70-78 kJ/mole [61]. This was interpreted in terms 

of non-equilibrium GBs with high diffusivity. However, again, this value agrees well 

with the data for high-purity coarse-grained copper. A main drawback of such 

experiments is that they rely on semi-quantitative models relating the measured 

properties to GB diffusion, so that no definitive conclusion as to the occurrence of non-

equilibrium GBs can be drawn.  

The cited investigations do not prove the existence of non-equilibrium GBs 

with an anomalously high diffusivity. Moreover, even the direct measurements of GB 

diffusion in UFG alloys provide the contradictory results that cannot be considered as 

an unequivocal proof of the existence of the non-equilibrium GBs with anomalously 

high diffusivity. It can be concluded that diffusion behavior of GBs in UFG alloys is 

still far from being understood.  

2.5.2. Characterization of UFG materials by X-ray diffraction   

X-ray diffraction (XRD) measurements provide valuable data on NC materials. 

XRD patterns of UFG materials differ from XRD patterns of their coarse-grained 

counterparts by an increased integral intensity of the background and by a peak 

broadening. The former is caused by diffuse scattering enhanced by lattice defects, 

while the latter is associated with high level of strain and small grain size [6]. 

Regarding XRD data collected from UFG materials, the term "strain" requires further 

clarification. When the mean interplanar d-spacing remains constant, but is 

accompanied with large random variations having a finite root-mean-square (RMS) 

value, an XRD peak broadening is observed. This strain is defined as RMS strain. XRD 

peak broadening in UFG materials indicating microstrain fluctuations has been 

observed [6, 63-66] and was ascribed to the highly non-equilibrium state of GBs. The 

values of RMS strain calculated from the XRD peaks were in the range of (5-10)·10-3, 
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in correspondence with the values expected by Nazarov in his models of non-

equilibrium GBs [43-46].  

At this point it should be noted that the term "strain" refers also to a uniform 

change in the interplanar d-spacing. Such homogeneous strain is pronounced by an 

angular shift of the XRD peak. XRD peak shifts have been predicted by Alexandrov 

and Valiev [67] in their simulation of XRD patterns collected from NCs. It was 

associated with grain sizes that are comparable with the strain fields induced by the 

GBs (20-30 nm), so that the RMS strain becomes homogeneous. According to this 

explanation, a shift of XRD peaks is not expected in UFG-materials (d ≤1 µm) at all, 

since their grain size is much larger than the characteristic size of strained zone at the 

GBs.  

In summary, XRD peak broadening observed in UFG materials produced by 

ECAP can be explained by the existence of non-equilibrium GBs. However, XRD peak 

broadening is only indirect evidence. In addition to RMS strain, the decreasing grain 

size also contributes to the peak broadening.  

2.5.3. Utilization of Differential Scanning Calorimetry for UFG materials 

The physical principle of Differential Scanning Calorimetry (DSC) is heating 

the investigated sample together with a reference one and measuring the heat required 

to maintain identical temperatures of both samples. Thus, the beginning of an 

exothermal reaction within the sample is denoted as an abrupt decrease of the heat 

supplied by the system. Peaks in the DSC curve (supplied heat vs. temperature), either 

negative or positive, may indicate phase transformations. Therefore, DSC is used as a 

supplementary tool in the studies of phase transformations in materials.  

The thermodynamic parameter that has the strongest correlation to the GB 

degree of non-equilibrium is the GB energy, γ . So far, the GB energy has been 

measured in UFG materials with the aid of DSC. For instance, Huang et al. [68] 

measured the enthalpy released during grain growth in nanocrystalline copper (with an 

initial average grain size of 8.5 nm) produced by compaction of nanoparticles. The 

value of GB energy extracted from the enthalpy release was 0.7 J/m2, about the same 

as the well-known value for pure copper, 0.6 J/m2, which was measured by Hilliard et 

al. [69] using the thermal grooving method. Concerning the effect of plastic 

deformation, it was shown that UFG copper exhibits a more intensive exothermal peak 
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with respect to cold-rolled copper due to higher values of elastic and capillary energy 

stored in the former [70]. By comparing experimental results obtained by DSC and by 

other characterization techniques, a more comprehensive view of the physical 

processes in UFG alloys can be achieved. For example, the comparison of the DSC 

peak integral intensity of ball-milled metals with the extent of XRD peak broadening 

shows that the heat released is proportional to the square of RMS strain [63]. The 

energy released is, therefore, associated with strain relaxation. 

Further progress in the investigation of GB energy after SPD was reported by 

Zhilyaev et al. [71], who performed the DSC measurements of the enthalpy released 

during grain growth in UFG nickel samples produced by several variants of SPD. 

These values of released enthalpy were correlated with the GB energy considering the 

initial and final grain size, as well as other geometrical factor. The estimated values of 

GB energy in the SPD-produced nickel were higher by a factor of about 1.4-1.7 than 

the values of GB energy in relaxed nickel samples. 

In the thorough work of Tschöpe, Birringer and Gleiter [72] the heat released in 

NC Pt samples was correlated with their grain size. It was shown that although grain 

growth begins only at 500 K, exothermal peaks are observed already at 400 K. 

Analysis of the peak shape also indicated two-stage heat releasing processes. Other 

experiments in NC metals using the DSC technique [64,66] indicate the presence of 

exothermal peaks at temperatures lower than the threshold temperature of grain 

growth. These findings imply that the process of non-equilibrium GB relaxation may 

occur prior to recrystallization and grain growth. 

In spite of the fact that DSC can provide quantitative estimation of GB energy, 

this technique suffers from several drawbacks. First, the value of γ  can be measured 

only indirectly. Though the heat released ( H∆ ) during grain growth is associated with 

the decrease of the total interfacial energy, the relationship between γ  and H∆ is not 

trivial, since it depends on the grain size distribution and grain morphology. Second, 

the magnitude of H∆ measured by DSC is associated with a large population of GBs in 

one sample, and the distinction between two or more GB populations having different 

values of energy is impossible. Third, the defects other than GBs (such as latice 

dislocations) may contribute to the amplitude of the exothermal peak, H∆ , measured 

by DSC. Thus, only the upper limit of γ  can be obtained in the DSC measurements. 



 - 33 -

Another drawback of this method is its applicability in the ultrafine-grain regime only. 

As grain size increases, the total area of interface decreases and the amplitude of the 

released heat falls below the detection limit of the instrument. 

2.6. Summary and research goals       

 UFG materials exhibit an attractive combination of structural and functional 

properties. One of the most effective ways of producing UGF alloys is by SPD. Many 

unusual properties of UFG alloys produced by SPD can be understood in terms of the 

hypothesis of non-equilibrium GBs. Theoretical models have been developed for 

describing the formation and relaxation of non-equilibrium GBs, as well as for 

predicting their physical properties. Besides the thoretical aspect, there have been 

several attempts to verify the concept of non-equilibrium GBs experimentally. This 

includes TEM observations of the GB strain fields and atomic structure, GB diffusion 

experiments, X-ray diffraction analyzes and DSC measurements.  

 It follows from the above review that a solid experimental proof of the 

hypothesis of non-equilibrium GBs in SPD-processed UFG materials is still missing. 

The results of diffusion measurements in UFG alloys are contradictory. Moreover, to 

the best of our knowledge no direct measurements of GB energy in alloys produced by 

SPD were reported in the literature. Other experimental attempts to confirm the 

hypothesis of non-equilibrium GBs are indirect, and allow several alternative 

interpretations. Providing such a proof is a challenging task because of the low thermal 

stability of the microstrucutre of UFG materials and the high driving forces for the 

relaxation of non-equilibrium state. 

 Therefore, the main objectives of this research are quantifying the degree of 

non-equilibrium of GBs in UFG Cu alloys produced by ECAP by studying the GB 

diffusivity and energy, and comparing them with those of equilibrated GBs in annealed 

polycrystals of identical chemical composition. The reasons for the choice of GB 

energy and diffusivity in the context of this study are the following:  

 GB energy is the most direct indicator of the degree of GB non-equilibrium, 

since the non-equilibrium, metastable GB by definition exhibits higher energy 

than its fully equilibrated counterpart (which is an absolute minimum of energy); 
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 GB self-diffusion is a kinetic parameter extremely sensitive to GB structure 

and GB free volume. 

 This research is expected to contribute to the understanding of the unusual 

mechanical and functional properties of UFG materials obtained by SPD methods. The 

detailed quantitative knowledge of the kinetic and energetic properties of GBs in this 

new class of UFG materials will be helpful in the search for new application areas for 

these materials. 
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3. EXPERIMENTAL  METHODS 

This chapter provides a description of the experimental strategy and methods 

implemented in this research. The first section of this chapter describes the 

methodology utilized to achieve the research goals. The second section deals with the 

characterization techniques that were employed. 
 

3.1. Research methodology 

The two main experimental parts forming the backbone of this research are 

measuring GB diffusivity as well as relative GB energy in ECAP-processed alloys, and 

comparing the results obtained with those of relaxed samples. Therefore, the 

appropriate metallic systems should first be selected so that both thermally-stable UFG 

as well as relaxed microstructures can be examined. Second, the whole set of thermal 

treatments involved in both parts of the experimental work should be selected, 

considering the stability of microstructure. For this purpose, the microstructure of the 

alloys should be characterized prior to annealing and after it.  

3.1.1. Selection of the alloys 

As mentioned above, it is very important to retain the microstructure obtained 

after SPD processing at the temperatures which are as high as possible. Indeed, 

significant relaxation of the GB structure can occur during thermal annealing of pure 

metallic specimens produced by ECAP [16]. Moreover, GB migration during diffusion 

annealing will complicate considerably the processing of penetration profiles obtained 

in diffusion experiments [73]. Therefore, alloying with either precipitate- or solid 

solution-forming elements is the common approach applied for stabilizing the ECAP-

produced specimens in several metallic systems [19-25]. Among all metallic systems 

produced by ECAP, Cu-alloys are probably the most widely-investigated ones [13-17, 

26, 60, 61, 66, 74, 75], therefore we selected copper alloys in order to achieve the 

research goals. In addition to pure Cu, a Cu-Zr alloy having a small Zr content was 

selected. In this range of compositions, we expect the presence of Cu5Zr precipitates 

dispersed within the Cu matrix, as shown in the Cu-Zr phase diagram [76]. 
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The Cu-0.17 wt.% Zr alloy was selected for the experiments since it was established 

that in an alloy with similar composition the grain size of about 400 nm obtained after 

4 passes of ECAP kept constant during annealing up to 500°C [19]. This improvement 

in stability with respect to pure Cu is well demonstrated in Fig. 3.2.  

 

 

 

 

 

 

 

 

 

 

 

Fig. 3.1: The Cu-rich part of the Cu-Zr phase diagram showing the two-
phase region of Cu + Cu5Zr [76]. 

% wt. Zr 

T [0C] Cu5Zr 

Fig. 3.2: The grain size of several Cu alloys produced by ECAP plotted 
against annealing temperature (after [19]).  
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3.1.2. Preparation of samples: ECAP and surface treatment 

Ingots of Cu-0.17 wt.% Zr alloy (further denoted as "Cu-Zr alloy") were 

prepared from pure components by casting in vacuum. The material was provided by 

Prof. G. Gottstein (RWTH Aachen). The initial average grain size in the ingots was 

300 µm. Billets from this material with the dimensions of 10 mm × 10 mm × 70 mm 

were processed at room temperature by 4 ECAP passes according to route BC (90° 

rotations about the workpiece axis between the passes). 

Copper (99.98 wt.% Cu, further denoted as "pure Cu") ingots with the diameter 

of 50 mm were supplied by RAFAEL Ltd. and processed in the ECAP method in the 

same Bc4 route. The major impurities (>1 wt. ppm) are: O (29 wt. ppm), P (18 wt. 

ppm), Ag and Fe (5 wt. ppm each). 

After a usual polishing routine (SiC papers and diamond paste with 6 µm 

particle size), electrochemical polishing was performed in all samples (in a 50 % wt. 

H3PO4 solution, 2.1V) for 1 h prior to any annealing procedure in order to enable 

surface stress relaxation. 

3.1.3. Design of diffusion experiments 

The diffusion experiments should be properly planned by selecting the 

appropriate physical conditions and combination of characterization techniques. In our 

experiments, Ni was selected as the diffusing element due to its chemical resemblance 

to Cu.  

According to the conventional classification of Harrison [77], diffusion in 

polycrystals can be divided into the 3 main kinetic regimes. In A-regime the 

polycrystal behaves as a homogeneous medium with an effective diffusivity, Deff, 

which is a weighted average of the bulk (D) and GB (Db) diffusion coefficients [31]. 

The expression for the effective diffusion coefficient is: 

                                      (3.1) ( )1eff bD f D f D= ⋅ + − ⋅  

 
where f is the volume fraction of GBs in the material. It should be noted that the 

weighted average diffusion behavior in bulk containing dislocation cores, as well as 

other short-circuit diffusion paths, can also be expressed by Eq. (3.1) after some 

modifications. The physical case denoted as A-regime prevails where the bulk 
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diffusion length is much larger than the grain size, d, i.e. at high temperatures or, 

alternatively, long annealing times (t): 

     dDt >> ,                          (3.2)  

 The other extreme case is C-regime, in which the diffusion flux is confined 

within the GB cores (volume diffusion is "frozen out"). An intermediate case is the B-

regime, where the solute atoms diffuse preferentially along the GBs, with subsequent 

leakage into the bulk. The analytical models for processing of experimental diffusion 

profiles are available for all three regimes, and also for the case of GB migration 

during diffusion annealing [78-80]. The distinction between the two relevant diffusion 

regimes, B and C, requires the following definitions: 

                                      (3.3) ;
2 2

bs Ds
Dt D Dt

δδα β≡ ≡  

 

where s is the segregation factor, and δ is the GB width (δ≈0.5 nm). While α expresses 

the ratio between boundary width and bulk diffusion length, β denotes the ratio 

between the amount of material penetrating into the GBs and into the bulk. 

 The most simple case in type-C diffusion, that demands α >>1 (practically: α 

>10). This type of diffusion occurs at low temperatures, or alternatively short 

annealing times. Relying on the theory of diffusion [78], the complete forms of 

solution for the diffusion equation in the C-regime are the same as for diffusion in 

homogeneous semi-infinite media, depending on the boundary conditions. In the case 

of constant surface concentration 0C  (for instance, an infinitely thick layer deposited 

on the surface) the dependence of mean concentration C on the depth, x, is given by: 

                                               (3.4)0 2 b

xC C erfc
D t

 
= ⋅   

 
  

In the case of an instantaneous diffusion source (for instance, a thin layer of tracer on 

the surface) the solution of concentration is:  

                                               (3.5)
2
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4 b

A xC
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where A is a time-independent constant. 
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 Type-B diffusion (α <1 and β >>1) occurs at higher temperatures. The solutions 

for this case are based on Fisher's approximate analysis [81], which is valid for the 

condition of constant surface concentration. The exact and extensive analysis of this 

case was performed by Whipple, Suzuoka, and Le-Claire. We present here the most 

practical solution given by Suzuoka [82], where the GB diffusion coefficient can be 

derived from plotting the average concentration in the x6/5 co-ordinates. For a constant 

surface concentration:  

                                (3.6)
5

3

6
5

ln1.322b
D CP s D
t x

δ
−

 ∂
≡ ≈ ⋅ − 

∂ 
 

 
This solution is valid for α <0.1 and β >10.  

The solution for an instantaneous source is: 

 ,                             (3.7)
5

3

6
5

ln1.308b
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−

 ∂
≡ ≈ ⋅ − 

∂ 
  

and is valid for α <<1 and β >104. 
 
It should be remarked that contrary to the solution in C-regime, which yields the GB 

diffusion coefficient directly, experiments in B-regime yield the parameter P only. 

 In view of the above, the temperatures selected for diffusion-annealing should 

be as low as possible for two main reasons: preserving the stability of microstructure, 

and working at C-regime, where the mathematical analysis of results is more 

straightforward. It should be noted that in the case of non-stable microstructure the 

derivation of diffusion coefficient can be very complicated. A mathematical analysis of 

the case in which D is time-dependent [83] (e.g. decreases exponentially with time 

during GB relaxation) indicates that in the simplest case: 

     ( )exp
0

t

D D t dt
′

′ ′= ∫ ,               (3.8) 

where Dexp is the value of diffusivity measured experimentally. This underlines the 

importance of ensuring microstructure stability [47]. 

 An additional consideration taken into account in the determination of 

annealing temperatures is that the latter should be divided into equal intervals in the 

reciprocal temperature scale. This ensures a more statistically-reliable expression of the 
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diffusivity when plotted in an Arrhenius diagram. In the present grinder sectioning 

technique (see below, section 3.2.4.) an average characteristic diffusion length bD t  

of at least 10 µm is necessary for getting reliable concentration-depth profiles. 

Therefore, the lower limit of all annealing times was determined according to this 

relationship using the diffusivity values obtained in preliminary experiments. The time 

and temperature conditions were selected regarding these considerations, as shown in 

Table 3.1. 
 

 

 

 

 

 

 

 

 

 

 

In order to verify that C-regime conditions prevail in our experiments, the values of α  

from Eq. (3.3) were calculated. The inequality α>1 determines the upper limit for 

annealing time. The bulk diffusion coefficient D was taken from the investigation of 

Bernardini and Cabane [85]: 

m2/s.                              (3.9) 5 225 kJ/mol7.0 10 expD
RT

−  = × − 
 

  

The segregation factor srel of Ni at relaxed GBs in high-purity coarse-grained 

Cu was recently determined by the radiotracer measurements in Harrison’s B and C 

regimes [84]: 

Temperature [K] Time [s] α/s (α/s)srel 

424 61.71 10⋅  31.66 10⋅  51.01 10⋅  

437 57.81 10⋅  29.48 10⋅  45.03 10⋅  

457 52.84 10⋅  24.05 10⋅  41.76 10⋅  

474 51.08 10⋅  22.27 10⋅  38.44 10⋅  

493 44.68 10⋅  21.15 10⋅  33.63 10⋅  

513 41.8 10⋅  16.36 10⋅  31.71 10⋅  

553 33.6 10⋅  12.11 10⋅  24.29 10⋅  

623 33.6 10⋅  11.35 10⋅  11.83 10⋅  

Table 3.1: Temperatures and durations of diffusion annealings selected in the 
present study. srel is the segregation factor of Ni at relaxed GBs in 
high-purity coarse-grained Cu after Divinski et al. [84]. 
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Fig. 3.3: The 3 possible kinetic mechanisms for GB groove growth: surface 
diffusion, volume diffusion inside the lattice and evaporation – 
condensation through the vapor phase. 

                                   (3.10)16.6 kJ/mol0.55exprels
RT

 =  
 

 

Generally, different segregation behaviors at relaxed and non-relaxed GBs could be 

expected. Therefore, in Table 3.1 the values of the parameters α/s and (α/s)srel are 

listed. Direct measurements [84] have shown that Ni does segregate at HAGBs in 

coarse-grained copper with the segregation factor ranging from 30 to 50 in the 

temperature interval under consideration. Note that the condition α/s>1 corresponds 

safely to the C-regime of GB diffusion. 

3.1.4. Thermal GB grooving for measurements of the relative GB energy 

 The conventional method for measuring GB energy is by the geometry of its 

equilibrium groove where it intersects a free surface. A GB intersecting the surface 

tends to form a groove. The rate of grooving depends on the dominating mechanism of 

mass transport. The physical theory of GB groove growth was formulated by Mullins 

[86,87] for three possible mechanisms: surface diffusion, evaporation-condensation 

through the vapor phase and volume diffusion in the lattice (Fig. 3.3). All three 

processes are driven by the chemical potential gradient caused by the surface 

curvature, and by nature become operative at elevated temperatures. 
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Fig. 3.4: The initial state of the bicrystal (a) and the formation of GB 
groove with the dihedral angle ψ  at the root (b) after heat 
treatment. 

Under the assumption of full surface isotropy, the condition for mechanical 

equilibrium at the triple line is:   

 (3.11)                                     





⋅=≡

2
cos2 ψ

γ
γγ

s

b
rel  

 
where bγ , sγ and relγ  are the excess Gibbsian energy of the GB and of the surface, and 

the relative dimensionless GB energy, respectively. ψ  is the dihedral angle at the triple 

line. The geometric meaning of Eq.(3.11) is illustrated in Fig. 3.4. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 

  

Comparing between the several grooving mechanisms mentioned above [86,87], it has 

been concluded that for low temperatures or, alternatively, short annealing times, the 

dominating mechanism is surface diffusion [30]. At longer annealing times the better 

alternative option is performing grooving experiments in the solid-liquid interface, 

where the liquid phase is a molten metal. This method has been studied by several 

authors [88-93]. The metallic system selected as the liquid phase should satisfy the 

following conditions: 

 It should possess as lower melting temperature as possible; 

 It must significantly dissolve the atoms of the substrate (copper); 

 It must wet the (copper) surface. 

According to the above, the most suitable metal for wetting the Cu surface is Pb, with 

the melting temperature of 327 ºC. The Pb-Bi eutectic alloy has a lower melting 

temperature of 125 ºC [76]. This option, however, involves experimental difficulties. 

Firstly, it requires the removal of the (solidified) liquid phase after grooving, which 
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complicates the experimental procedure. Secondly, it is known that Bi considerably 

segregates into Cu GBs and, therefore, modifies their energy [90, 93] as well as kinetic 

parameters [94].  

In view of these considerations and since we are interested in working at low 

temperatures and short annealing times, we performed our grooving experiments with 

the samples of pure Cu, i.e. without wetting by a liquid metal. 

 In this part of experimental work we utilized pure-Cu only. The samples were 

prepared in the same procedure detailed above (see section 3.1.2.). All heat treatments 

were conducted in a quartz-tube reactor under a constant flow (0.25 cm3/s) of dry 

Forming gas (90%N2-10%H2) at atmospheric pressure. The furnace is equipped with a 

magnetic knob that enables inserting the samples immediately when the temperature is 

stabilized. The temperature was measured directly at the sample position. Two 

different annealing conditions were selected: 

 The first set of samples (denoted as class 1) was annealed at 400 ºC for 15 min., 

so that thermal grooving is activated – on the one hand; however, no 

considerable relaxation of GB energy is allowed – on the other hand. Thus, the 

energetic state of the sample is close to the as-deformed state. 

 The second set of samples (denoted as class 2) was annealed at 800 ºC for 2h. 

At these conditions we expect a significant relaxation of the GBs.  

3.1.5. Microstructure characterization 

For characterization of the microstructure of the samples studied we used a 

combination of several techniques. Transmission electron microscopy (TEM), enabled 

us to observe the microstructure of the as-pressed, UFG samples due to its capability of 

providing high resolution images taken from a relatively small field of view (several 

micrometers). For determining the misorientation between individual grains and 

between the copper matrix and Cu5Zr precipitates the selected area electron diffraction 

(SAED) technique in TEM was employed. Energy dispersive X-ray spectroscopy 

(EDS) operated in the scanning mode (STEM) was also applied in order to estimate the 

nickel solute concentration in the vicinity of the copper GBs. High-resolution field 

emission gun scanning electron microscope (SEM) equipped with EDS detector and 

dual focused ion beam (FIB) microscope were utilized to observe the coarse-grained 
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microstructure of samples after annealing. The FIB technique was selected owing to 

the good orientation channeling contrast it provides, the simplicity of sample 

preparation, and the possibility to image large areas with spatial and orientational 

resolution superior to that of SEM. In this manner, microstructure observations were 

held prior to heat-treatments and after them; thus supplying us with additional 

information about the influence of heat-treatments on the microstructures. 

3.2. Experimental techniques 

The above-detailed methodology utilized in this research requires selection of 

the appropriate experimental techniques. Such description is given in this section, 

according to the following sequence: techniques for microstructure characterization, 

techniques for measurement of diffusion behavior, and techniques applied for 

evaluation of relative GB energy. 

3.2.1. Transmission Electron Microscopy (TEM) 

Observations of the as-deformed microstructure were carried out by the JEOL 

FX-2000 Transmission Electron Microscope (TEM) with LaB6 filament operating at 

200 kV. TEM samples were cut along the pressing direction into slices of 500 µm 

thickness. Further electrochemical etching (10 min in 50 wt. % H3PO4 solution at 2.1v) 

was performed to obtain a thickness of about 100 µm. Discs of 3 mm in diameter were 

cut and thinned by electrojet polishing in the same solution with the current of 50 mA. 

Bright field images were taken to characterize the microstructure. Qualitative data of 

misorientation was obtained by the selected-area electron diffraction (SAED) using a 2 

µm2 aperture. 

 

3.2.2. High-resolution Scanning Electron Microscopy (HRSEM) 

High-resolution field emission gun Scanning Electron Microscope (SEM, 

LEO982 Gemini, Zeiss – Leica) equipped with energy dispersive X-ray spectroscopy 

(EDS, ThermoNoran) was used for observations of the samples surface. Images were 

taken with the annular in-lens detector, accelerating voltage of 20 keV and working 

distance 5 mm. 
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3.2.3. Focused Ion Beam (FIB)  

Dual focused ion beam (FIB) microscope (Strata-400) operated with a 30 keV 

liquid-Ga+ source was selected owing to the good orientation channeling contrast it 

provides, the simplicity of samples preparation, and the possibility to image large areas 

with spatial and orientational resolution superior to that of SEM. Images in the FIB 

microscope were taken after mechanical polishing and removal of the upper surface 

electrochemically, as detailed above (section 3.2.1) in order to eliminate the effects of 

surface polishing. The ion beam currents were in the range of 28-280 pA, depending 

on the magnification. 

3.2.4. The Radiotracer technique for diffusion measurements   

 GB diffusion in this alloy was measured using the 63Ni radiotracer. Commercial 
63Ni radioisotope purchased as hydrochloric solution was deposited by drying a droplet 

of a dilute solution at the sample surface. Each sample was wrapped with Cu foil and 

annealed in a glass ampoule under purified argon atmosphere. The temperature was 

measured and controlled by certified thermocouples with an accuracy of ± 1 K. After 

the annealing treatment all samples were reduced in diameter by grinding in order to 

eliminate effects of lateral diffusion. The diffusion penetration profiles were 

determined by the serial-sectioning technique [95] using a precision parallel-grinder 

with special abrasive Mylar foils having 3, 9 or 12 µm particle size. The section 

thickness was determined from the density and the mass reduction by weighing the 

sample after each sectioning on a microbalance with an accuracy of several µg, which 

translates into the accuracy of about 0.01 µm in thickness measurements. The tracer 

concentration is proportional to the specific counting rate which is the ratio of the 

counting rate after background subtraction and the section mass. The 63Ni isotope emits 

only soft β-radiation. Its radioactivity is collected onto the grinding foils and measured 

in an appropriate nuclear counting device (Liquid scintillation analyzer TRI-CARB 

2500 TR PACKARD, Remcor products Co.). For liquid scintillation counting each 

grinding foil with the removed material was dissolved in a counting vial in a 

scintillation cocktail. In this manner, any loss of activity was avoided and equal 

counting conditions for all sections were provided. The half-life of 63Ni radioisotope is 

about 100 years, so that no half-life correction was required.  
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3.2.5. Secondary Ion Mass Spectroscopy (SIMS)  

The technique of secondary ion mass spectroscopy (SIMS, Cameca ims-4f) 

operated in the dynamic mode [96-99] was selected for shallow depth-profiling. 

Sputtering of O2
+ primary ion beam with the impact energy of 8 keV toward a 

100×100 µm2 crater stimulates secondary ions, which are collected from a field 

analysis of 30×30 µm2 at the center. By choosing oxygen as the primary ion beam we 

suppress surface roughening owing to preferential oxidation of the bottom of the facets 

formed during sputtering [100, 101]. This process hinders the growth of the facets 

amplitude and preserves the high depth resolution. The raw output for each element is 

the number of counts per unit time vs. time. The time scale can be converted into a 

length scale by measuring the crater depth in a profilometer at the end of sputtering, 

assuming constant sputtering rate. This method provides a practical detection limit of 

less than 1 ppm and high depth resolution in the nanometer range, but has poor lateral 

resolution of the order of tens of microns. 

3.2.6. Electron Dispersive Spectroscopy (EDS) in the STEM 

The Cu/Ni and Cu-Zr/Ni interfaces were prepared after electrochemical 

deposition of a thick (30 µm) layer of Ni on the electrochemically-etched (see section 

3.2.1) surface. A thin lamella containing the Cu/Ni interface for TEM observation was 

cut in the FIB from the bulk diffusion-couple in the lift-out method [102] and thinned 

by ion milling (see section 3.2.3). The preparation of Cu-Zr/Ni sample was different. A 

3 mm-radius semi-circular slice from this interface was cut and ground mechanically to 

a final thickness of 70 µm, with the Ni layer on its flat side. Further thinning was 

performed by ion milling in the FIB operated with initial current of 21 nA in the 

standard cross-section method [102]. The subsequent stages of ion milling were 

performed with currents reducing down to 48 pA at the final (cleaning) stages. The 

final thickness of the lamella was about 100 nm.  

The chemical analysis of both Cu/Ni and Cu-Zr/Ni interfaces was performed in 

a Tecnai G2 T20 S-Twin TEM microscope operated in the STEM mode (STEM 

resolution <1 nm). The EDS detector (EDS resolution 132 eV) is mounted in a certain 

angular location with respect to the eucentric position, where the X-ray signal was 

acquired by tilting the sample by 16º towards the detector to obtain a minimal 
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background intensity [103, 104]. Measurements were performed at a constant spot size 

(typically 50 nm) and for constant acquisition times (100 s) enabling the collection of 

sufficiently intensive signals (at least 104 counts) for a reliable composition analysis 

[105].  

3.2.7. Atomic Force Microscopy (AFM)   

The measurements of GB groove dihedral angles were performed by AFM 

(AutoProbe CP - Park Scientific, USA operated in the contact mode). Scans were done 

with the CSC11/50 Ultrasharp W2C-coated Si tips with the 50 nm nominal radius of 

curvature. GB groove profiles taken from the AFM images across the GB grooves and 

after a routine flattening operation enabled us to calculate the relative values of GB 

energies. A process for correction of the values of dihedral angles measured by the 

AFM tip was proposed by us [106], regarding the effect of the finite radius of 

curvature of the AFM tip. In the present case we did not implement this correction 

procedure, since we were interested in the general distribution of GB energies only. 

3.2.8. Orientation Imaging Microscopy (OIM)     

 Orientation Imaging Microscopy (OIM) was applied as an auxiliary tool for the 

interpretation of our main results. The OIM option is part of the TSL-EDXA system 

for Electron Back-Scattered Diffraction (EBSD), and is mounted on a Sirion high-

resolution Scanning Electron Microscope (SEM). The system includes acquisition 

hardware (DigiView1612 CCD Camera), data collection software, and analytical 

software for OIM. 

3.2.9. Differential Scanning Calorimetry (DSC)     

Differential scanning calorimetry (DSC) was utilized as a supplementary tool 

for finding out whether exothermal reactions take place in the samples in the range of 

working temperatures. DSC scans were performed in the METTLER TOLEDO STAR 

System with heating rate of 10 ºC /min starting from room temperature up to 300 ºC in 

an Ar-flow atmosphere. The weight of the samples examined was in the range of 

several mg. 
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 4. RESULTS 

 In accordance with the research goals defined in chapter 2, the experimental 

results are divided into two major sections: measurements of GB diffusivity and GB 

energy in the Cu-alloys subjected to ECAP. Since the microstructure of samples plays 

a key role in understanding of the results, the characterization of the samples 

microstructure subsequent to ECAP (as-pressed) is presented in the 1st section. The 

following two sections (2nd and 3rd) present the radiotracer diffusion results obtained 

under the conditions of stable microstructure (Cu-Zr alloy), and in dynamic conditions 

(pure Cu), respectively. Each section describes microstructure characterization after the 

annealing processes. The 4th section relates to the measurements of relative GB energy 

in the Cu samples. Finally, supplementary methods that were applied are introduced in 

the 5th and 6th sections: EDS analysis of the diffusion profile and DSC analysis of the 

as-deformed material, respectively. 

4.1. Microstructure Characterization: as-pressed specimens 

 Both pure Cu (99.98% wt.) and Cu-Zr (Cu-0.17 wt.% Zr) samples were 

processed according to the ECAP Bc4 route. Their microstructures were characterized 

mainly by SEM and TEM after the procedure of sample preparation detailed in section 

3.2.  

4.1.1. The Cu-Zr specimens 

 According to the binary Cu-Zr phase diagram (Fig. 3.1) the maximum amount 

of Cu5Zr precipitates in the Cu-0.17 wt.% Zr alloy equilibrated at room temperature is 

about 0.8 wt. %, which is slightly below the detection limit of X-ray phase analysis. 

SEM images of the sample surface after polishing and electrochemical etching indicate 

the presence of large (~5 µm in diameter) spherical precipitates and of lamellar 

colonies of Zr-rich phase (see Fig. 4.1). The spherical shape of individual precipitates 

is probably a result of the electrochemical etching. EDS analysis of these precipitates 

confirms the expected stoichiometric composition of Cu5Zr. Estimation of the Cu5Zr 

precipitates volume fraction using the SEM micrographs indicated that approximately 

0.05 wt. % of Zr are bound within these precipitates. The remaining 0.13 wt. % of Zr 

are either homogeneously dissolved in the Cu matrix or bound in fine precipitates 

whose size is below the resolution limit of SEM. 
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Fig. 4.1:  SEM micrograph of the surface of etched as-pressed Cu-Zr alloy 
showing the distribution of precipitates (a). The round shaped 
precipitates (b) have the stoichiometric composition of Cu5Zr. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 
 

 

SIMS analysis was implemented in the dynamic mode for in-depth chemical 

analysis. A 100×100 µm2 crater was sputtered by an O2
+ primary ion in the conditions 

detailed in section 3.2.5. The signal of secondary ions was collected from the regions 

that do not contain large Cu5Zr precipitates, as shown in Fig. 4.1. The isotopes detected 

are 63Cu and 93Zr, which are 70% and 17% of the total Cu and Zr isotopes, 

respectively. SIMS analysis revealed homogeneous distribution of Zr in Cu matrix up 

to the depth of 4 µm, measured with depth steps of 70 nm. The calculation of Zr 

content was done considering the frequency of these isotopes as well as the relative 

sensitivity factor of Zr within a Cu matrix. Regarding the level of accuracy common in 

such assessments (factor of 3-5), the bulk content of Zr is in the range of 0.1-0.4 % at. 

 Bright-field (BF) TEM images taken from this sample indicated equiaxed grain 

morphology with an average grain size of about 300 nm, see Fig. 4.2. 

(a) 

(b) 
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Fig. 4.3: A BF TEM micrograph and a corresponding SAED pattern 
showing the distribution of misfitting Cu5Zr precipitates within 
an individual Cu grain.   

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

It can be seen in Fig. 4.2 that the interior of the grains is abundant of densely-spaced 

dislocations and misfitting defects, presumably ultrafine Cu5Zr precipitates. Figure 4.3 

is a BF TEM image showing the interior of one grain, together with a SAED pattern 

acquired from the same region.  
 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4.2. A BF TEM micrograph of the Cu-Zr alloy after 4 ECAP passes.  

100 nm 

50 nm 



 - 51 -

The SAED pattern exhibits a set of point reflections characteristic of Cu-[011] zone 

axis, together with rings that correspond to the Cu5Zr phase. These rings indicate a 

certain spread of the orientations of the Cu5Zr precipitates in the Cu matrix. 

4.1.2. The Cu specimens 

 The main characteristic of microstructure observed in the pure Cu samples is 

the existence of both regions of elongated grains (200-300 nm in width and several 

microns in length) as well as equiaxed grains (about 300 nm grain size). Fig. 4.4 shows 

a typical region of elongated grains. SAED pattern taken from this region indicates that 

all grains are very closely-misoriented with respect to each other, with the common 

[011] zone axis. This implies that all grains here are sub-grains or cells formed during 

the ECAP processing.  

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4.5 shows another region with more homogeneous microstructure. The ring-

shaped diffraction pattern taken from this region indicates high misorientations 

between the grains. The difference between these two microstructures demonstrates the 

inhomogeneity obtained after only 4 ECAP cycles, which is supposed to improve with 

more ECAP passes. 

 

 

400 nm 

Fig. 4.4: A region in the BC4 sample with closely-misoriented, elongated 
grains with the common [011] zone axis. 
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A closer look at the GBs reveals that many GBs are associated with the long-range 

strain fields. Figure 4.6 shows these highly-strained GBs (a) and (b). The initial stages 

of sub-grain formation within a large grain can be seen in (a). It can also be inferred 

that the strain fields exerted from GBs extend to a range of 20-30 nm from each side of 

the boundary, in agreement with models and previous observations reported in the 

literature [6, 47]. 

 

 

 

 

 

 

 

 

 

 
  

200 nm 

Fig.4.5: The region in the BC4 sample exhibiting equiaxed grain 
morphology and high misorientations between grains. 

100 nm 

b

100 nm 

a 

Fig. 4.6: Highly-strained GBs identified by their distortion contours appear in (a) 
and (b). The initial stages of sub-cell division can be seen within the 
large grain in (a). 
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4.2. Diffusion in thermally- stable microstructure: Cu-Zr alloy 

 The Cu-0.17% wt. Zr alloy was selected in order to maintain thermal stability 

during diffusion annealings. This section presents the data from diffusion experiments 

performed with this thermally-stable alloy.  

4.2.1. Characterization of the diffusion-annealed specimens microstructure 

 Apart from the diffusion-annealed samples containing the radiotracer, we 

performed the same heat treatments as listed in Table 3.1 for other samples without 

radiotracer. This enabled us observing the microstructure evolution of samples during 

the applied diffusion-annealing processes. The microstructure of several representative 

samples was studied by TEM and FIB. Figure 4.7 shows two examples of the Cu-Zr 

microstructures obtained after 13 h annealing at 220 ºC (a), and after 5 h annealing at 

240 ºC (b). 

 
 

 

 

It was found that no recrystallization or grain growth occurred in the samples 

investigated up to the highest temperature used in this study. Regarding processes 

driven by GB diffusion, it can be maintained that all of the diffusion-annealing 

conditions appearing at Table 3.1 are equivalent, since they yield the same value of 

bD t (several µm). The Cu-Zr samples annealed at 400 ºC for 2 h were also 

characterized in FIB and exhibited the same UFG microstructure as shown in Fig. 4.7. 

The value of bD t corresponding to this annealing is about 7 times larger than for other 

2   µm 5   µm 

(a) (b) 

Fig. 4.7: FIB micrograph of the ECAP-processed Cu-Zr alloy after annealing  
 at 220 °C for 13 h (a) and at 240 °C for 5 h (b). 
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annealings at lower temperatures. The onset of grain growth was observed in this Cu-

Zr alloy only after 2h annealing at 450 ºC.  

4.2.2. The complete set of  Ni-radiotracer diffusion profiles 

 The acquisition of the 63Ni activity depth-profile was performed according to 

the procedure detailed in section 3.2.4. The specific conditions of grinding time, 

grinding papers, weight applied etc. were determined so that the optimal relationship 

between depth resolution (weight/thickness of one section) and detectability (total 

activity per one section) are obtained. All results were presented as specific activity 

(counts per second, Bq, normalized by section weight), and after the subtraction of 

background activity (~ 0.18 Bq). Figure 4.8 shows the complete set of diffusion 

profiles collected from the Cu-Zr alloy. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4.8: A full set of "specific activity vs. penetration depth" profiles 
measured in the Cu-Zr alloy. k is a scaling factor assigned 
individually to each profile.  
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The temperatures of diffusion annealing are specified in Fig. 4.8. The corresponding 

annealing times are given in Table 3.1. It can be seen that all profiles extend over the 

depths of 20-60 µm. 

4.2.3. Bimodality of diffusion profiles 

Most of the measured diffusion profiles exhibited two distinct sections with 

large and small slopes corresponding to slow and fast GB diffusion, respectively. This 

bimodality can be seen in all profiles, except the one measured after annealing at 350 

ºC, where only the "slow" part was observed because of a large penetration depth. 

Typical diffusion profile (5 h at 240 °C) is shown in Fig. 4.9.  

 
 

 

 

In this profile, the first three points closest to the surface should be disregarded 

since they are associated with the remnant activity of the deposited radioisotope layer. 

The classical solution of the diffusion equation for one-dimensional diffusion along the 

x-axis into a semi-infinite body from an instantaneous source is given by Eq. (3.5). It 

follows from Eq. (3.5) that the GB diffusivity, Db, can be determined from the 

experimentally measured diffusion profile, C (x), according to: 

Fig. 4.9: The dependence of 63Ni specific activity on the penetration depth in the 
ECAP-processed Cu-Zr alloy annealed at 240 °C for 5 h (open circles). The 
reference ("zero") profile obtained for the same conditions without 
diffusion annealing is also shown (filled circles). 
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Both "slow" and "fast" parts of the diffusion profile in Fig. 4.9 are nearly linear when 

plotted in lnC  vs. x2 co-ordinates. In a simplest approximation of independent 

diffusion along the "slow" and "fast" diffusion paths, the corresponding diffusion 

coefficients can be extracted independently from the respective sections of the 

penetration profile using Eq. (4.1). However, to be truly independent, the "fast" and 

"slow" diffusion paths should be completely separated from each other, which is an 

extremely unlikely possibility in the UFG samples obtained by ECAP. The complete 

mathematical treatment in this diffusion problem requires further interpretation and 

will be introduced in chapter 5, where both slow and fast diffusion coefficients will be 

derived from the profiles.  

 To verify whether the serial mechanical sectioning technique employed in this 

study can cause a significant distortion of radiotracer distribution in the sample after 

annealing, we varied the parameters of serial sectioning (grinding speed, time of one 

section, particles size of the grinding paper, and applied weight) for several samples 

annealed in identical conditions. The resulting variation in penetration profiles was 

within the experimental error in activity measurements.  

On the other hand, the applied grinding procedure may cause a “smearing” of 

the real profile due to constantly grinding-in a part of the radioactive material from a 

current layer into the next section. To quantify this effect we prepared a reference 

sample by depositing a thin Ni layer on the surface of ECAP-processed sample of pure 

Cu, and annealed it for a short time (<1 min.) at 200 ºC in order to enable partial 

dissolution of radiotracer. The activity profile in the reference sample was measured 

using the same procedure as for Cu-Zr samples, and the result is shown in Fig. 4.9 as 

"zero" profile. Apart from having considerably lower intensity, the zero profile exhibits 

significantly larger slopes than the "fast" diffusion part of the actual penetration 

profile. Comparison between both profiles is a basis for quantitative analysis of the 

effect of mechanical sectioning on concentration distribution, and it will be discussed 

in chapter 5.  
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In summary, the bimodality in diffusion profiles indicate the existence of two 

GB populations. The fast-diffusion paths are, supposingly, the non-equilibrium GBs. 

This claim, however, needs a quantitative verification. 

4.3. Diffusion under dynamic conditions: pure Cu 

 As shown above (section 4.2.1), the Cu-Zr alloy demonstrated microstructure 

stability in the whole range of thermal annealing employed in this study. However, in 

order to examine the effect of GB relaxation and recrystallization on the diffusion 

profiles, the same diffusion experiments were performed with pure Cu (99.98% wt.) 

samples. The results of diffusion experiments and microstructure observations are 

given in this section.  

4.3.1. Characterization of the diffusion-annealed specimens microstructure 

 The annealings and microstructure observations of the Cu samples were 

performed in the same way as described in section 4.2.1. For the sake of comparison 

with the Cu-Zr samples, Fig. 4.10 shows FIB images of the Cu microstructures 

obtained after 13 h annealing at 220 ºC (a), and after 5 h annealing at 240 ºC (b). 

 
 

 

 

The microstructures shown in Fig. 4.10 indicate an almost complete recrystallization 

occurring by the end of diffusion annealing. The average grain size obtained after 

recrystallization is several µm. Other samples annealed at different time/temperature 

(a) (b) 

10 µm 5   µm 

Fig. 4.10: FIB micrographs of the ECAP-processed pure Cu after annealing  
 at 220 °C for 13 h (a) and at 240 °C for 5 h (b). 
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conditions exhibited only partial recrystallization. It is obvious that the dynamic 

processes occuring in the Cu samples should influence their diffusion behavior. 

4.3.2. The complete set of  Ni-radiotracer diffusion profiles 

 The complete set of diffusion profiles acquired from the Cu samples at the 

same experimental conditions as for Cu-Zr alloy (see section 4.2.2) is presented in Fig. 

4.11. The same annealing conditions as for Cu-Zr alloy were employed, with the only 

difference that diffusion experiments have not been performed at the temperature of 

350 ºC. Figure 4.11 presentes the measured penetration profiles in the full range of 

penetration depths. Like in the case of Cu-Zr, these penetration profiles exhibit slow 

and fast sections with different slopes.   

 

 

 

 

 

 

 

 

 

 

 

 

 

 

   

 

 

 

 

 

 

 

 

Fig. 4.11: A full set of "specific activity vs. penetration depth" profiles 
measured in pure Cu. k is a scaling factor assigned individually to 
each profile. 
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In Fig. 4.11 the slow-diffusion parts of the penetration profiles cannot be well-

distinguished. Fig. 4.12 focuses on the initial parts of these profiles. 

 

  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

4.3.3. Bimodality of diffusion profiles  

 For a better illustration of the bimodal behavior of the penetration profiles 

collected from the Cu samples, an individual semi-logarithmic "activity vs. x2" 

penetration profile is shown in Fig. 4.13. For the sake of comparison, the profile in Fig. 

4.13 is presented together with its counterpart acquired in the Cu-Zr alloy, both in the 

same conditions of 5 h annealing at 240 ºC. Again, disregarding the first 2-3 points due 

to residual surface activity, the difference between two diffusion profiles is clearly seen 

in Fig. 4.13. In particular, at large penetration depths the activities measured in Cu-Zr 

alloy are higher than than those measured in Cu. This may be associated with the better 

thermal stability of Cu-Zr alloy.  

Fig. 4.12: A full set of specific activity measured in the Cu samples 
plotted in the same manner as in Fig. 4.11, but for smaller 
penetration depths. k is a scaling factor assigned individually to 
each profile.  
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 4.3.4. Characterization of the recrystallization kinetics 

 It was concluded in section 4.3.1 that recrystallization occurs during diffusion 

anneallings in all studied Cu samples. In this case, the derivation of diffusion 

coefficients from the profiles shown in Figs. 4.11 and 4.12 is not straightforward. In 

order to enable extracting the diffusivities from the penetration profiles acquired during 

recrystallization process, the kinetics of recrystallization should first be determined.  

 In this section the recrystallization kinetics will be determined from the 

observed microstructures of the samples. A common expression for the kinetics of 

phase transformation or, in particular, recrystallization is the JMAK equation [107]: 

(4.2)                                            ( ) e
nBttλ −=                                        

where ( )tλ  is the time-dependent volume fraction of the initial (non-recrystallized) 

phase, B is a temperature-dependent parameter, and n is a constant. The annealing 

temperatures and times of the samples that were investigated in FIB are presented in 

Table 4.1.  

Fig. 4.13: The dependence of 63Ni specific activity on the penetration depth 
in the ECAP-processed Cu (open squares) and Cu-Zr (filled 
squares) alloys annealed at 240 °C for 5 h.  
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The examples of partly recrystallized microstructures are presented in Fig. 4.14. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

It can be seen in Fig. 4.14 that the recrystallized phase appears as islands of large 

grains within the UFG matrix. The volume fraction of the recrystallized phase 

increases with time. In this particular case (220 ºC) almost 100% recrystallization is 

Temperature [ ºC  ] Time [h] 

150 474 

184 79 

200 3, 30 

220 1, 2, 3, 4, 5, 6, 13 

240 1, 2, 3, 4, 5 

Table 4.1: The conditions of heat treatments for ECAP-Cu samples. 

3h 

10 µm 10 µm 

5h 

10 µm 10 µm 

4h 

1h 

Fig. 4.14: FIB micrographs of the microstructure evolved during annealing of the 
ECAP-processed Cu at 220 ºC for 1, 3, 4, and 5 h.  
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attained by the end of the diffusion annealing (13 h, as shown in Fig. 4.10 a). At lower 

temperatures the samples are only partly recrystallized at the end of diffusion 

annealing.  

 The fraction of recrystallized copper, 1 λ− , was measured by counting the 

nodes in a standard transparent grid that intersect this phase, and normalizing this 

number by the total number of nodes in the grid. All data points were fitted to the 

general JMAK expression (4.2). The latter can be introduced in the following linearized 

form: 

(4.3)                                     
1ln ln ln lnB n t
λ

  = + ⋅ 
 

                                       

The coefficient n was calculated by plotting the parameter 1ln ln
λ

 
 
 

 against time 

logarithm at constant temperture of annealing (while B is constant). The corresponding 

data obtained after annealing at 220 ºC for various annealing times (see Table 4.1) are 

shown in Fig. 4.15.  

 

 

 

 

 

 

 

 

 

 

 

The parameter n derived from the linear least square fit of experimental data in Fig. 

4.15 is: 1.14 0.21n = ± . The complete time and temperature dependent kinetic 

Fig. 4.15: A plot of the linearized relationship between the recrystallization 
fraction and time given by Eq. (4.3) for the constant 
temperature of 220 °C.  
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expression can be obtained by substituting the explicit Arrhenius form of B in Eq. 

(4.3), including the pre-exponential term B0 and the activation enthalpy for 

recrystallization, Q. The new linearized form is given by Eq. (4.4). 

(4.4)                                   0
1ln ln ln ln Qn t B

RTλ
  − ⋅ = − 
 

                                       

Plotting the left hand side term in Eq. (4.4) against reciprocal temperature yields the 

parameters B0 and Q/R. The values of λ for all annealings (see Table 4.1) plotted in the 

corresponding co-ordinates of Eq. (4.4) are shown in Fig. 4.16. 

 

 

 

 

 

 

 

 

 

 

 

The activation enthalpy for recrystallization derived from the linear least square fit of 

the data of Fig. 4.16 is Q = 162±10 kJ/mol. The parameter B0 was also determined 

from this plot. Thus, the explicit JMAK expression describing the kinetics of 

recrystallization was obtained: 

(4.5)                  ( ) 1.14 0.21162 10 /( ) exp exp 38 2 kJ molet t
RT

λ ±
  ±  = − ± − ⋅
  

  

                                       

Fig. 4.16: A plot of the linearized relationship between the recrystallization 
fraction, time and temperature given by Eq. (4.4).  
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where the units of t, R, and T are: [h], [kJ·mole-1·K-1], and [K], respectively. This 

explicit expression enables the extraction of diffusion coefficients from the diffusion 

profiles shown in section 4.3.2, as will be described later on. 

4.3.5. The effect of pre-annealing 

 The bimodal behavior of diffusion profiles indicates the existence of two 

distinct GB populations. We suppose that the fast-diffusion GBs are in the non-

equilibrium state. This statement has yet to be quantitatively proven. However, it can 

be examined by comparing the diffusion profiles acquired at two different conditions. 

The first one is the usual procedure of Ni deposition on the as-pressed samples and 

diffusion annealing ("as-pressed"); The second is annealing of the as-pressed samples 

at elevated temperatures prior to Ni deposition and diffusion annealing ("pre-

annealed"). We expect that the fast-diffusion part of profiles should vanish or, at least, 

be reduced as a result of pre-annealing due to relaxation of the metastable GBs. This 

should allow linking the fast-diffusion profiles with non-equilibrium GBs.  

The pre-annealing was performed at 300 ºC for 2h. An example of the 

microstructure observed after such heat treatment is shown in Fig. 4.17. 

 

 

 

 

 

 

 

 

 

 

Fig. 4.18 presents two activity profiles acquired in the "as-pressed" and "pre-

annealed" samples. The diffusion annealings were performed at identical conditions of 

240 ºC, 5h. 

10  µm 

Fig. 4.17:  A FIB micrograph of the microstructure of the ECAP-ed Cu 
observed after annealing at 300 ºC for 2 h.  
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The expected decrease in the activity in the pre-annealed Cu is clearly seen in the fast-

diffusion part of profile, while the slow-diffusion parts of both profiles are almost 

identical. Such a decrease might be associated with the coarser microstructure of the 

pre-annealed samples having smaller fraction of internal interfaces. However, 

comparison between the microstructures attained after 240 °C, 5h and 300 °C, 2h 

(Figs. 4.10 (b) and 4.17, respectively) indicates no significant difference in grain sizes. 

This cannot account for 1 order of magnitude difference in activity profiles. Full or 

partial relaxation of the non-equilibrium GBs during the pre-annealing process may 

explain such behavior. 

4.3.6. SIMS depth-profiling  

 Most of the penetration profiles of 63Ni in both Cu and Cu-Zr samples exhibited 

bimodal behavior. The shallow part was associated with slow-diffusion paths, while 

the deeper part was associated with fast-diffusion paths. The applied technique of serial 

sectioning by grinding (section 3.2.4) offers an optimal depth-resolution of 0.6-1 µm, 

while the shallow and deep parts of profiles extend over the ranges of about 10 µm and 

Fig. 4.18: The dependence of 63Ni specific activity on the penetration depth 
ECAP-Cu at different initial states: as-pressed (filled circles) and 
pre-annealed at 300 ºC for 2h (open squares). The conditions of 
diffusion annealing: 240 °C, 5 h.  
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50 µm, respectively. Therefore, it is desirable to apply a supplementary technique in 

order to obtain better resolution of the shallow parts of some representative profiles. 

 For this purpose, SIMS analysis was performed in the dynamic mode to obtain 

depth profiles of the diffusion-annealed specimens. The conditions of operating and 

data acquisition were detailed in section 3.2.5. The samples for SIMS diffusion studies 

were prepared by magnetron sputtering of a 20-30 nm thick layer of Ni on the 

mechanically and electrochemically polished surface of the same Cu samples that were 

employed in radiotracer diffusion studies (section 4.3). After a series of preliminary 

experiments and measurements it was established that only the data obtained with 

sputtering rates higher than 0.3 nm/s and collected from the depths above 0.3 µm 

represent the true results of diffusion intermixing. The data acquired at lower 

sputtering rates suffer from the effects of forward intermixing, while the data collected 

too close to the surface may be affected by the surface faceting.  

 Based on preliminary data on GB diffusion of Ni in Cu [84], the conditions of 

time and temperature for diffusion annealing were selected so that the diffusion length 

should be in the range of 0.1-1 µm. The samples were annealed for 1 h at the 

temperatures of 160 ºC, 200 ºC, and 230 ºC. Figure 4.19 shows the diffusion profiles of 

Ni measured after these annealings. The vertical axis represents the intensity of Ni 

secondary ions signal, multiplied by an arbitrary scaling factor selected for better 

presentation. The horizontal scale is the square of the penetration co-ordinate, x, 

multiplied by a scaling factor k. Since no recrystallization is expected under these 

annealing conditions (see section 4.3.4), the values of diffusion coefficients can be 

simply derived from each profile according to Eq. (4.1). 

 It can be seen that in contrast with the profiles acquired by the radiotracer 

serial-sectioning technique, the profiles shown in Fig. 4.19 exhibit only one slope, 

from which only one diffusion coefficient can be derived. The values of diffusivity 

derived from the profiles are: 4.70·10-18, 4.33·10-17, and 9.43·10-17 m2/s for the 

temperatures of 160 °C, 200 °C, and 230 °C, respectively. The reason for difference in 

the penetration profiles obtained in radiotracer experiments and in SIMS will be 

discussed in the following chapter. 
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4.4. Measurements of relative GB energy 

 This section presents the results of measurements of the relative GB energies of 

two sets of samples denoted as class 1 and class 2 in section 3.1.4. The main results 

include characterization of the microstructure obtained after both heat treatments, 

representative profiles of GB grooves, and statistical data on the geometrical degrees of 

freedom of GBs and individual grains collected from both sets of samples.  

4.4.1. Thermal grooving after two different annealings 

 In this section we will distinguish between three states of the investigated 

samples. The first one is the as-pressed state obtained after Bc4 ECAP of the pure Cu. 

Its UFG microstructure can be characterized by an average grain size of 300 nm (see 

section 4.1.2). The second one is attained after a short-time annealing of the as-pressed 

samples at 400 ºC for 15 min, denoted as class 1. Based on rough estimates of the 

relaxation time of GBs, it is supposed that no considerable relaxation of the GB energy 

Fig. 4.19: The Ni secondary ion signal collected by SIMS and plotted vs. the 
square of penetration depth. k is a scaling factor assigned 
individually to each profile. The profiles correspond to the 
following annealing conditions: 1h at 160 °C (blue circles), 200 °C 
(green circles), and 230 °C (red circles).  



 - 68 -

in class 1 samples occurred, in spite of the grain growth observed after this annealing. 

This point should be elaborated in the following chapter. An example for the 

microstructure observed in class 1 samples is shown in the topographic image acquired 

by AFM operated in the contact mode, Fig. 4.20.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The good topographic contrast of the AFM image enables one to distinguish the GBs 

as dark grooves. This implies that such conditions of relatively low temperature and 

short annealing time were sufficient for measurable GB grooving. The average grain 

size measured from the AFM images is about 3 µm. 

 The third state investigated in this section was obtained after annealing of the 

as-pressed samples at 800 ºC for 2 h, denoted as class 2. Based on the same estimation 

of the relaxation time of GBs, it is supposed that almost complete relaxation of the non 

equilibrium GBs occured in the samples of class 2. Optical microscopy observations of 

microstructure indicate a significant grain growth. The average grain size in these 

samples is 100 µm.  

 

 

 

5 µm 

100 nm 

200 nm 

0 

Fig. 4.20: A topographic image acquired by contact-mode AFM showing 
the microstructure of the copper sample annealed at 400 ºC 
for 15 min (class 1).  
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4.4.2. Relative GB energy distribution 

 Scanning of selected GB grooves was performed by AFM, with the fast 

scanning direction normal to the groove. A topographic image was obtained for each 

GB groove, and the dihedral angle (ψ ) was determined from representative linear 

topography profiles taken across the groove. This analysis was performed for both sets 

of samples. Representative topography images taken from the vicinity of GB grooves 

in both samples of class 1 and 2 are presented in Figs. 4.21 and 4.22, respectively. 

Each of these figures includes a line topography profile taken across the GB groove, 

from which the angle ψ  was measured. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4.21: An AFM topographic image showing the vicinity of the GB groove 
in the class 1 samples (a), together with a representative line profile 
across the GB groove and the mean dihedral angle of 151º (b). The 
apparently small dihedral angle is due to the overblown scale of the 
vertical axis.  

(a) 

(b) 

0
A 
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It can be seen that the GB groove depth and width attained after 800 ºC annealing for 2 

h (class 2) are larger than after 400 ºC, 15 min. annealing (class 1). Furthermore, the 

dimensions of GB groove obtained after relatively low temperature and short annealing 

time in class 1 samples (depth ≈ 60 nm, width ≈ 0.8 µm) are large enough for AFM 

scanning, so that there is no need in introducing corrections for finite AFM tip radius 

[30]. 

 The groove dihedral angles for class 1 and 2 samples are 151° and 165º, 

respectively. The corresponding values of relative GB energy ( relγ ) calculated 

according to Eq. (3.11) are 0.50 and 0.26, respectively. This indicates that GB energy 

in the class 1 samples, which are close to the "as-deformed" copper, is significantly 

higher than GB energy in the class 2 samples, i.e. in the relaxed state. The difference in 

energy is by a factor of 1.9. 

(b) 

(a) 
0
A 

Fig. 4.22: An AFM topographic image showing the vicinity of the GB groove in 
the class 2 samples (a), together with a representative line profile across 
the GB groove and the mean dihedral angle of 165º (b). The apparently 
small dihedral angle is due to the overblown scale of the vertical axis. 
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 In order to obtain a statistically-reliable information, a total number of 30 

randomly-selected GB grooves were examined in each set of samples. Thus, the set of 

30 ψ -values was transformed into a set of relγ -values, and plotted in a histogram 

denoting the number of GBs that fall into a given relγ - interval. The magnitude of the 

interval was determined as 1 30 . These data are plotted in Fig. 4.23.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

A clear distinction between both sets of data can be observed in Fig. 4.23: The relγ -

values measured in the samples of class 1 are shifted toward higher energies if 

compared with the samples of class 2. The averaged values of relative GB energy are: 

0.48 0.11± , and: 0.27 0.07± , respectively. Both energy distributions overlap in the 

range of 0.25-0.4. In summary, the relative GB energy measured in a state close to the 

"as-deformed" is about twice as high as in the relaxed state. This statement will be 

substantiated in the following chapter. 

 

 

 

Fig. 4.23: A histogram showing the distribution of GB energies, relγ . The relγ -
values measured in the class 1 samples (red bars) are concentrated at 
higher energies than those measured in the class 2 samples (green bars).  
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4.4.3. OIM characterization of surface texture 

 Since the expression for relative GB energy introduced by Eq. (3.11) 

incorporates surface energy, it is important to compare the surface textures of both 

samples classes. For this purpose, several OIM images (see section 3.2.8) containing a 

few dozens of grains were collected from both sets of samples. The orientation of each 

point scanned in the EBSD was determined with respect to a fixed reference system, 

and the resolution (point-to-point distance) was determined in accordance with the 

grain size of each image. Thus, a map of the local lattice vectors normal to the surface 

was drawn for each of the class 1 and 2 samples. Figure 4.24 presents these OIM 

results, in which the color-coded normal vectors are indexed according to the standard 

stereographic triangle. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

(a) (b)

(c) 

Fig. 4.24: Color-coded maps of the representative surface textures of both 
sets of samples: class 1 (a) and class 2 (b), collected by OIM. 
The local normal vectors are indexed according to the standard 
stereographic triangle (c).  
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 It can be seen from the comparison of both images shown in Fig. 4.24 (a) and 

(b) that the general surface texture in class 1 samples is closer to 011 , while the 

general surface texture in class 2 samples is closer to 111 . This difference in textures 

may affect the conclusion drawn in section 4.4.2 concerning the link between relγ  and 

relaxation of GBs.  

4.4.4. OIM characterization of GB character distribution 

 The relative GB energies measured by thermal grooving technique in the class 

1 samples were significantly higher than in the relaxed state. Although these GB 

grooves were selected randomly for AFM analysis, this difference in energies might be 

associated with a change in the crystallographic character of GB population rather than 

to relaxation of the non-equilibrium GBs. For example, it is expected that an increase 

in the population of low-ΣCSL boundaries, in particular the 3Σ  boundaries, will result 

in a decrease of the average GB energy (see section 2.4.1). Therefore, it is important to 

collect data on the GB character distribution from the samples of both classes. For this 

purpose, OIM scans were performed, and the misorientations between all pairs of 

points was determined.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 
  

Fig. 4.25: Color-coded maps of the distribution of GB misorientations 
(according to the value of Σ) in both sets of samples: class 1 (a) and 
class 2 (b), collected by OIM.  

Σ = 3 5 - 21 23 - 49 > 49

(a) (b) 
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Thus, a map that indicates quantitatively the changes in misorientations (GBs) was 

obtained for each sample. Figure 4.25 presents the OIM results showing the GBs 

indexed according to their Σ -values. Figure 4.25 clearly demonstrates that the fraction 

of the 3Σ  boundaries in class 1 samples is higher than in class 2 samples. The same 

trend is observed for the other groups of low- Σ  boundaries. A quantitative estimate of 

this difference was obtained by counting the pairs of points in the OIM image 

exhibiting a certain misorientation angle. The resulted fraction of GBs that possess a 

given misorientation angle is a weighted value of the number fraction of GBs and their 

total lengths. It was found that the ratio between the fraction of 3Σ -boundaries in the 

samples annealed at 400 °C and at 800 °C is about 3.  

 

4.4.5. GB grooving observed after ion sputtering in SIMS 

One of the major factors stimulating the penetration of Ni inside the bulk Cu 

during SIMS measurements is surface roughening induced by ion sputtering. The 

formation of facets and roughened morphology is a known phenomenon and is one of 

the limiting factors in depth resolution of SIMS. Therefore, characterizing the extent of 

surface roughening can help us to determine the depth resolution.  

For this purpose, pure Cu samples subjected to ECAP were prepared according 

to the same procedure as detailed in section 4.3.6, including Ni-deposition. This 

diffusion couple was annealed at 180 ºC for 1 h. The subsequent procedure of depth 

profiling by SIMS (on the surface covered with Ni) formed a 200×200 µm2 crater on 

the surface cleaned from residual Ni. The interior of this crater was scanned by AFM 

to obtain topography images. These AFM images exhibited the polycrystalline 

morphology with grain size of 200-300 nm, which is comparable with that observed by 

TEM (section 4.1.2). The RMS roughness measured is about 70 nm, and this can be 

determined as the SIMS depth resolution for the present Cu samples. Figure 4.26 

presents an example for this morphology (a). A higher magnification scan reveals the 

shape of GB grooves formed as a result of ion bombardment (b), presumably in a 

mechanism similar to one of the Mullins grooving mechanisms. An interesting feature 

shown in this image is the hierarchic microstructure of large grains marked by deep 

channels, divided into subcells marked by shallow channels.  
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500 nm 

40 nm 

80 nm 

0 

300 nm 

600 nm 
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(a) 

(b) 

Fig. 4.26: An AFM image taken from the interior of SIMS crater showing 
UFG polycrystalline morphology (a). Focusing on one of the 
regions (b) reveals the hierarchic microstructure of large grains 
marked by deep channels, divided into subcells marked by shallow 
channels. 
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Representative topography line scans within these high-magnification AFM 

images were extracted in order to investigate the shape of the grooves. They clearly 

indicate the cross section of GB grooves typical to the ususal thermally-grooved GBs. 

The corresponding dihedral angles were measured from these line scans. Their values 

follow a bimodal distribution: the angles measured at the bottom of the deep grooves 

are smaller than the angles measured at the bottom of the shallow grooves. An example 

for such profile is shown in Fig. 4.27.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

In this example, the corresponding values of relative GB energy were calculated 

according to Eq. (3.11): the primary groove corresponds to high-energy GBs with relγ = 

1.06, and the secondary grooves correspond to low-energy GBs with relγ = 0.27 and 

0.19. These findings are consistent with the other results that have been reported 

above, including GB energy and GB diffusion, and will be discussed in the following 

chapter. 

 

 

Fig. 4.27: An AFM topography line-profile taken across the GB groove 
shown in Fig. 4.26 (b). Two secondary high-angle (low-energy) 
grooves appear near the primary low-angle (high-energy) one. 
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4.5. EDS profiling in the STEM 

 This section presents the results obtained from EDS microanalysis performed in 

the vicinity of the diffusion-annealed Cu/Ni and Cu-Zr/Ni interfaces. The purpose of 

this investigation is to provide additional information about the distribution of Ni along 

GBs, and to detect whether such distribution varies at different GBs.  

4.5.1. EDS microanalysis across the Cu/Ni interface 

 In the present experiment the Cu/Ni couple was annealed at 190 ºC for 1 h. The 

procedure of sample preparation for TEM observation, employing the lift-out method 

in the FIB was detailed in section 3.2.6. A typical micrograph of the Cu/Ni interface 

taken during the preparation procedure is shown in Fig. 4.28. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4.28: FIB image of the Cu/Ni interface (a). The red rectangle marks the area 
from which the TEM specimen was cut. The further procedure includes 
the formation of the lamella by ion milling (b) and lift-out (c). 
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The Cu/Ni interface in Fig. 4.28 (a) seems sharp and clean, within the limitations of 

FIB spatial resolution. The grains of Cu, even after 4 ECAP passes, are elongated 

diagonally with respect to the interface and not completely equiaxed. The grains in Ni 

layer are elongated normally to the interface, with their small diameter being 

commensurate with grain size of copper substrate. The following process of TEM 

specimen preparation comprises ion-milling to expose a 15×15 µm2 slice (Fig. 4.28 b), 

cutting the slice, thinning, and placing it on a holder (Fig. 4.28 c). 

The final thickness of slice obtained by ion milling in the FIB was about 100 

nm. No additional thinning was performed in order to get an adequately intense X-ray 

signal during the subsequent EDS microanalysis. Fig. 4.29 shows a fragment from the 

Ni/Cu interface acquired in the STEM at BF conditions.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Elemental microanalysis was carried out by EDS as detailed in section 3.2.6 

within a region having constant thickness This was validated by electron energy-loss 

spectroscopy (EELS) line-profile taken from the analyzed region [105]. The intensity 

of both Ni and Cu Kα-peaks was collected from squares of equal dimension at equal 

times. Two profiles were measured: the one was taken along a GB common to Ni and 

Cu. The other was taken from a bulk region, normal to the Ni/Cu interface. The error 

300 nm 

Ni Cu 

Fig. 4.29: A BF image taken in STEM showing the interface 
between Ni and UFG-Cu. 
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Fig. 4.30: Ni and Cu Kα intensity measured at different positions along 
the GB and in the bulk cross-section.  

of measurements was determined as three times the square root of number of counts, 

according to Poisson's distribution. The profiles are shown in Fig. 4.30. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

It can be seen that both profiles of Ni in Cu taken from the GB and from the bulk are 

identical within the experimental error. The following main reasons for the failure to 

see the GB diffusion were examined:  

 Migration of GBs during the diffusion annealing causes a uniform distribution 

of the solute near the interface. This can be checked by utilizing the thermally-

stable Cu-Zr alloy. 

 Inherent broadening of the electron beam within the slice. In fact, better spatial 

resolution can be obtained when a thinner sample is probed; however, this 

involves a loss of signal and the quantification accuracy deteriorates [105]. This 

effect, if exists, can be minimized by extending the diffusion profile (increasing 

the annealing time or temperature). 

 The concentration profile observed at the vicinity of the Ni/Cu interface can be 

attributed to physical deposition of material from the one side of interface onto 

the other due to the ion-milling process.  
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In any case, the values of diffusivities corresponding to the profiles shown in Fig. 

4.30 were calculated for comparison with the results of other measurements. The 

suitable solution of the diffusion equation is given by Eq. (3.4), which has a more 

practical form valid in this case: 

 (4.6)                             ( ) 0 0, ( )
2∞

±
= + − ⋅

xI x t I I I erf
Dt  

where I denotes the X-ray intensity collected at given time interval (I0 - at the interface; 

I∞ - far away from the interface). The diffusion coefficients were derived from the 

linearized form of Eq. (4.6):  

(4.7)                                   ,1 0

0 2
−

∞

 − ±
= − 

I I xerf
I I Dt

   

using the data presented in Fig. 4.30. The values calculated are: 

( ) 18 28.3 0.7 10 /−= ± ⋅NiD m s  and ( ) 19 25.7 0.3 10 /−= ± ⋅CuD m s  for diffusion of Ni in 

Cu and of Cu in Ni, respectively. It should be noted that these values denote the 

weighted contribution of bulk, defects, GBs, and GB migration to the overall diffusion 

process.  

4.5.2. EDS microanalysis across the Cu-Zr/Ni interface 

In the present experiment the Cu-Zr/Ni couple was annealed at 240 ºC for 5 h. 

The samples for TEM observation were prepared using the cross-section method, as 

detailed in section 3.2.6. The reasons for selecting these experimental conditions, 

which are different from those introduced above (section 4.5.1), are the following:  

 The thermal stability of the Cu-Zr alloy is supposed to avoid GB migration. 

 Annealing at 240 ºC for 5 h yields deeper profile, thus diminishing the effect of 

electron beam broadening. 

 Applying the the cross-section method enables achieving larger samples, 

therefore analyzing deeper profiles. 

A typical micrograph of the Cu/Ni interface taken during the preparation procedure is 

shown in Fig. 4.31. 
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 The subsequent procedure including thinning to a 100 nm thick lamella, STEM 

observation and EDS microanalysis was similar to the one described above (section 

4.5.1). In the present case, one profile was taken from the Cu-Zr region along a GB 

fragment intersecting the Cu-Zr/Ni interface. Figure 4.32 shows the STEM image of 

the interface between Ni and Cu-Zr (a). The rectangles in the vicinity of the interface 

aligned along a GB in the Cu-Zr region are the locations of EDS microanalysis. The 

profile of X-ray intensity collected from the corresponding locations by the EDS is 

shown in Fig. 4.32 (b). The linearization of the X-ray intensity profile based on Eq. 

(4.7), enabling the derivation of diffusion coefficient directly from the EDS profile, is 

plotted in Fig. 4.32 (b), too. A linear trend is observed until the X-ray intensity falls to 

the background.  

 

 

Fig. 4.31: SEM image of the cross-section lamella containing the Cu-Zr/Ni 
interface taken during ion milling in the FIB (a). FIB image of the area 
marked by red rectangle showing the interface (b). 
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The apparent diffusion coefficient was calculated from the linear least square fit of the 

data performed in accordance with Eq. (4.7): ( ) 19 25.8 0.1 10 /−= ± ⋅NiD m s .   

 Additional EDS signals were collected from regions in the bulk in the depths of 

several µm far from the interface. The same background intensity as appears in Fig. 

4.32 (b) was measured. Moreover, no considerable difference between GB and bulk 

concentrations was observed. The meaning of these findings will be discussed in the 

following chapter. 

Fig. 4.32: A BF STEM image showing the interface between Ni and Cu-Zr (a). The 
regions from which x-ray intensity was collected are marked by red 
rectangles. The corresponding profile of Ni Kα signal is plotted against 
the distance from interface along the GB (b).  

Cu-Zr Ni 

500 nm 

(a) 
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4.6. Calorimetric measurements 

DSC scans of the pure-Cu samples were performed with the heating rate of 

10ºC/min starting from room temperature up to 300 ºC, as detailed in section 3.2.9. 

The results indicate an exothermal peak around the temperature of 250 ºC. However, 

the integral intensity of the peak registered in the BC4 sample is weak and comparable 

with the measurements accuracy of this instrument, and no quantitative data on the 

heat released could be obtained. 

Nevertheless, in order to gain more information from DSC, other samples were 

examined. We utilized Cu samples with higher level of purity than the standard "pure 

Cu" described in this chapter. 99.99 wt. % Cu with the major impurities of 17 wt. ppm 

Ag, 5 wt. ppm S, and 2 wt. ppm Fe was processed by ECAP in the BC12 route. This 

BC12 sample exhibited a prominent exothermal peak at about 180 ºC. After subsequent 

cooling and re-heating no peaks were observed, showing the irreversibility of this 

reaction. This is shown in Fig. 4.33. 

 

 

The observed peak is adequately intense, which enabled us to calculate the released 

heat from its integral area: 1.02±0.04 mW·K. Normilizing this value by the sample's 

weight yields the specific heat released: ∆H = 0.97±0.04 J/g.  

Fig. 4.33: A DSC curve of the BC12 –ECAP Cu sample during the first 
heating (red) and after re-heating (black). 
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 Quantitative evaluation of the heat released by continuous heating of the 

standard pure-Cu samples could not be provided. However, such data were acquired in 

Cu with higher level of purity subjected to a higher number of ECAP passes. A 

comparison between two heat-release peaks, considering the kinetics of microstructure 

evolution, can be useful for comparison with the results obtained by other methods.  

4.7. Summary of the main results  

 All experimental procedures and results reported in this chapter can be divided 

into two main categories: measurements of diffusivity and GB energy in UFG Cu 

alloys. Two classes of materials were produced by ECAP. The Cu-Zr alloy exhibited 

UFG microstructure that maintained its stability during annealings up to the 

temperature of 400 °C. The pure Cu exhibited recrystallization during the same heat 

treatments, and the kinetic expression describing this process was obtained.  

 63Ni radiotracer diffusion in UFG Cu and Cu-Zr was studied under the physical 

conditions corresponding to C-regime of GB diffusion, in which the radiotracer is 

confined solely to GB core. Both in Cu and Cu-Zr most of the diffusion profiles 

demonstrated a bimodal shape corresponding to slow and fast difffusion paths. A 

reduction in the intensity of the fast-diffusion part of profiles measured in the Cu 

samples was observed as a result of pre-annealing at elevated temperatures. On the 

other hand, these "fast" parts of diffusion profiles were not observed at all in the 

profiles measured using SIMS. Attempts to measure GB diffusion profiles by focusing 

on individual GBs in the EDS-equipped STEM yielded comparable profiles in both 

GBs and bulk. 

 Measurements of the relative GB energy using AFM profiling across the GB 

thermal grooves showed a considerable difference between the sampleas annealed at 

400 °C and 800 °C. The samples that were produced by ECAP and annealed at 

"moderate" conditions (15 min at 400 °C) exhibited lower values of dihedral angles if 

compared with the samples annealed at 800 °C for 2 h. The difference in relative GB 

energies is accompanied by the different surface textures as well as different statistics 

of GB geometrical degrees of freedom.  
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 5. DISCUSSION 

 In accordance with the Research Goals described in chapter 2, this chapter is 

divided into three major sections: the thermal stability of ECAP-produced Cu alloys, 

diffusion of Ni in these alloys, and relative GB energy in these alloys.  

5.1. Thermal stability of the copper alloys produced by ECAP 

 In the further discussion we should distinguish between two factors which are 

included in the term "stability of microstructure". The first one is related to stability 

against recrystallization and grain growth, while the second one describes stability 

against relaxation of meta-stable GBs. Both terms are interrelated.  

5.1.1. The effect of Zr alloying 

 The microstructure of samples plays a key role in understanding of the results 

of this study. Prior to the evaluation of the effect of Zr alloying, the microstructure of 

the pure Cu should be analyzed. Microstructure observations of the Cu samples 

subjected to 4 ECAP passes according to the BC route indicate the grain size and 

morphology similar to those reported in literature. These samples exhibit the average 

grain size of 300 nm. This value is close to the lowest grain size observed in ECAP-

produced Cu (200-300 nm) [13-17], explained by the dynamic recrystallization during 

ECAP that occurs below a limiting grain size.  

 The initial stages of division of the grains into sub-cells can be seen in Fig. 4.6 

(a), in agreement with the theory of UFG formation during SPD (see section 2.4.2). 

The larger grains being divided into sub-cells are elongated, about several µm in length 

and 200-300 nm in width (Figs. 4.4 and 4.6 b). Their boundaries are considered as 

preferential sites for the nucleation of new ultra-fine grains [13, 15], since they 

incorporate concentration of shear stresses formed by SPD [6]. Regarding the sequence 

of GB formation during SPD [6, 15], it is reasonable to assume that these elongated 

grains themselves were formed as a result of the division of larger grains, so that the 

microstructures shown in Fig. 4.4 and 4.6 represent the unfinished process of UFG 

formation. This conclusion is important for the further analysis of GB diffusion results 

(see section 5.2.1.1).  
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 Strain fields emanating from the GBs and extending to a range of 20-30 nm 

from each side of the boundary were also observed (Fig. 4.6), in agreement with 

models and previous observations reported in the literature [6, 47]. 

 As reported, the elongated grains become equiaxed with the increasing number 

of ECAP passes [12], reaching at a sufficiently-equiaxed morphology after 4 passes in 

the BC route [17]. Nevertheless, in the present study employing the BC4 route many 

regions exhibited the elongated morphology shown in Fig. 4.4. The rest of sample area 

exhibited the equiaxed morphology shown in Fig. 4.5. Such inhomogeneity is also 

emphasized by the fact that the clusters of elongated grains exhibit relatively low 

misorientations, while higher average misorientation between grains is observed in the 

equiaxed regions.  

 Comparison between the microstructures of both alloys utilized in this research 

indicates the significant effect of alloying with 0.17% wt. Zr on the microstructure. 

First, this effect can be distinguished even in the as-pressed microstructures. The 

above-mentioned inhomogeneity of microstructre observed in the Cu samples was not 

observed in the Cu-Zr alloy. The latter exhibited mostly the equiaxed, highly-

misoriented grains shown in Fig. 4.2. It can be concluded that alloying additives 

contribute to preserving the equiaxed and homogeneous microstructure exhibiting a 

higher fraction of HAGBs.  

 Second, alloying with 0.17% wt. Zr suppresses the recrystallization and grain 

growth. For instance, Figures 4.7 and 4.10 show that under the same annealing 

conditions the Cu samples completely recrystallize while the Cu-Zr samples exhibit no 

change in the microstructure. Such effects have been widely observed in the ECAP-

produced alloys containing precipitate-forming elements [18-25]. Furthermore, grain 

growth in the ECAP-produced Cu-Zr alloy was observed only after 2 h annealing at 

450 ºC, while 2 h annealing at 400 ºC was not sufficient to initiate grain growth 

(section 4.2.1). It is interesting to compare these results with the work of Molodova et 

al. [108] in which the annealing behavior of the same Cu-Zr alloy subjected to BC4 – 

ECAP was investigated, and the onset of recrystallization after 10 s annealing at 650ºC 

was reported. Also, an abrupt decrease of the alloy microhardness was observed in Ref. 

[108] after the same annealing.  
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 The most probable reason for high stability of UFG Cu-Zr alloys is the 

prersence of fine Cu5Zr precipitates spread within the grains, as indicated by the Cu-Zr 

phase diagram (Fig. 3.1). The presence of these precipitates in the Cu matrix is 

supported by the SAED pattern shown in Fig. 4.3. However, it is not clear whether the 

inhibition of grain growth can be associated with the presence of Cu5Zr precipitates 

only. Solute atoms in ECAP-processed alloys can also lead to the same effect [22]. In 

the present study, a certain degree of supersaturation in the Cu(Zr) solid solution is 

probable, too. For example, dynamic-SIMS measurement indicated the uniform in-

depth concentration of Zr with the concentration of at least 0.1 % at. (section 4.1.1). 

This can be associated with either solute Zr atoms or ultra-fine precipitates containing 

Zr. In the above-cited study of ECAP-processed Cu-Zr [108] it was shown that the 

volume fraction of precipitates calculated from the Cu-Zr phase diagram (about 0.6%) 

was inadequate for stabilizing the UFG microstructure according to Zener drag 

mechanism. The authors concluded that impurity drag of GB motion also plays a role. 

Using the same arguments, we may employ the quantitative expression for the effect of 

dragging force applied by the homogeneously-dispersed precipitates with the average 

radius rp and the volume fraction Fv [107]. The limiting grain size (d) in the matrix 

obtained when the driving force for grain growth and the dragging force are 

equilibrated is: 

(5.1)                                                      
2
3
α

= p

v

r
d

F
  

where α  is a geometric factor approximately equals to one. The value of rp was 

estimated in Ref. [108] as 10-100 nm. However, according to our TEM observations 

this size is overestimated, and should be certainly below 10 nm. Substituting this new 

value and the volume fraction mentioned above in Eq. (5.1) yields an average grain 

size in the range of hundreds of nm, which is in reasonable agreement with the results 

of experimental observations.  

  5.1.2. The recrystallization kinetics in copper  

 It was shown that the pure Cu samples recrystallize during all thermal 

treatments employed in this study. The explicit form of kinetic equation describing the 

time and temperature dependence of the fraction of recrystallized material, Eq. (4.5), 
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was derived on the basis of experimental observations, as shown in section 4.3.4. 

Figure 5.1 illustrates this dependence for all temperatures employed in this study. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 In the present range of temperatures (150 ºC to 280 ºC), the incubation times 

before onset of recrystallization range from 30 h to several seconds, respectively. 

These results are in a good agreement with the exothermal peak observed by DSC, 

located at about 250 ºC (section 4.6). This DSC measurement was performed in the 

scanning rate of 10 ºC/min (section 3.2.9), i.e. about 23 min heating from room 

temperature to 250 ºC. Based on the curves shown in Fig. 5.1, a rough estimate of the 

corresponding time required to 50% recrystallization at 250 ºC is 24 min. It should be 

mentioned that DSC measurements are performed in dynamic conditions, in contrast 

with the isothermal conditions employed in the characterization of recrystallization 

kinetics. Taking into account this difference, both results are practically identical. 

 The most important factors that determine the kinetics of recrystallization are 

the internal energy accumulated in material in the course of deformation process as 

well as the impurity level [109]. The importance of these factors is confirmed by the 

DSC results described in section 4.6. It was reported that the DSC peak acquired from 

Fig. 5.1: The time-dependent volume fraction of recrystallized Cu 
plotted for constant temperatures ranging from 150 ºC to 
280 ºC. 
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the 99.99% Cu processed according to the BC12 route is located at 1800C, and is more 

intensive than the peak collected from the regular 99.98% BC4-Cu. This can be 

explained in the following way: First, since additional internal energy is accumulating 

in material during each ECAP pass [12], the driving force for recrystallization in the 

BC12-Cu is higher than in the BC4-Cu. Second, the former contains lower level of 

impurities (section 4.6). Therefore, the mobility of interfaces in this material is higher. 

Furthermore, the composition of impurities is different in both materials. For example, 

the primary impurity in the BC4-Cu is oxygen (29 wt. ppm, section 3.1.2), whereas the 

BC12-Cu contains no detectable oxygen.   

 These factors should be considered while comparing the results of the present 

study with other data on recrystallization in copper documented in the literature. In 

general, we expect that the kinetics of recrystallization measured in the present study 

should be faster than in copper that was not subjected to SPD. For instance, Gao et al. 

[110] measured the activation energy for recrystallization in copper samples of 

different purity (4N, 6N, and 7N). The samples were subjected to hot-deformation of 

120% in the temperature range of 250 ºC – 600 ºC. Under these deformation conditions 

lower total strain, and, hence, lower total internal energy are introduced into the 

material than during SPD. Indeed, the values of activation energies reported by Gao are 

larger than in the present work (about 210 kJ/mole for the 6N and 7N, and 245 kJ/mole 

for the 4N, compared with 162±10  kJ/mole in the present work).  

 The considerable effect of purity can be realized from comparison of our results 

with the following example. Hutchinson et al. [111] reported on the kinetics of 

recrystallization in cold-rolled (93%) copper with high level of purity (18 ppm Ag, 11 

ppm S, other elements < 3 ppm, no detectable oxygen). Although the value of 

activation energy for recrystallization was not reported, it was shown that 

recrystallization starts after 5 s of isothermal annealing of fine-grained (initial grain 

size ~15 µm) copper at 250 ºC, and ends after 30 s. The corresponding JMAK exponent 

was evaluated as n = 2.67. It is obvious that the kinetics of recrystallization introduced 

by Hutchinson is much faster than that reported in the present study. This is 

emphasized by the longer starting and ending times of recrystallization calculated from 

Eq. (4.5) for the same temperature (about 2 min and 3 h, respectively), as well as the 

lower JMAK exponent (n = 1.14). In fact, the opposite trend might be expected: the 

conditions of SPD employed in the present research should produce faster kinetics of 
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recrystallization. Nevertheless, this can be explained by the lower level of impurities, 

in particular the absence of oxygen in the Cu samples investigated by Hutchinson. 

 A striking example of the effect of deformation on the kinetics of 

recrystallization can be found in the recent work of Molodova et al. [112]. The 

activation energies for recrystallization were measured in 99.95% copper subjected to 

the BC ECAP route with different number of passes: 1, 2, 4, 8, and 12. It was found 

that the activation energy decreases from about 1 eV after 1 pass to 0.68 eV after 12 

passes (these values are equivalent to 96 kJ/mole and 65 kJ/mole, respectively). The 

value of activation energy measured in our Cu samples is much higher: 162±10 

kJ/mole. This can be explained by a possible difference in the concentration of 

impurities, which was not reported by Molodova et al. In any case, the cited authors 

report on measurements of the activation energy for recrystallization in 87% cold-

worked copper of the same purity. The value reported is 1.07 eV, which, as expected, 

is higher than after ECAP. 

 In summary, the two factors that determine the kinetics of recrystallization in 

pure metals are the level of plastic deformation and concentration of impurities. The 

99.98% Cu used in this research exhibits consistently lower thermal stability than the 

Cu-Zr alloy. At the same time, it exhibits better stability than higher-purity Cu, mainly 

due to its relatively high oxygen content. 

5.1.3. The kinetics of GB relaxation 

 Several models describing the kinetics of GB relaxation were introduced in 

section 2.4.3, each one of them predicting a different relaxation time. In this section we 

attempt to differentiate between these models and to select the one(s) most appropriate 

for our experimental conditions. In general, these models can be classified into two 

main categories: models that consider GB diffusion, and models that consider volume 

diffusion.  

 The models of Łojkowski [48, 49] and Nazarov [50] (section 2.4.3.1) belong to 

the first category. They are based on GB diffusion of atoms driven by the strain fields 

of the GB dislocations. The characteristic range of this strain field was defined by the 

parameter S in Eq. (2.12), and was compared with the diffusion length. In practice, the 

correlation between both is the most problematic issue in this model, since it includes a 

"hidden" assumption that vacancy sources are always available in the vicinity of each 
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GB dislocation. We propose a modification to this model. A more reasonable estimate 

for S should be the distance between two adjacent TJs, which is roughly the grain 

diameter, d. We maintain that this approximation describes the relaxation kinetics 

better than the original model due to the following reasons:  

 The process of GB relaxation occurs by dislocation climb, which is regarded 

as non-conservative motion. Therefore, an infinite source/sink that should 

absorb the atoms emitted from the climbing GB dislocations is necessary. In 

the UFG material with relatively low dislocation density within the grains the 

TJs can play this role. It follows from this description that d should be the 

real diffusion length. 

 The characteristic distance S was determined by TEM observations as the 

extinction distance of the strain fields around a GB dislocation. As such, it 

was estimated as tens of nm. Therefore, it predicts relatively short relaxation 

times. The possible reason for the extinction of the strain fields in TEM 

observations reported by these authors is the dissociation of GB dislocations 

into a number of other GB dislocations with shorter Burgers vectors. In 

practice, however, these dissociation products remaining in the GB may 

preserve the same excess free volume in the GB as before dissociation. It 

means that this model describes the dissociation time, which is much shorter 

than the true relaxation time. Only the former can be accessed by TEM 

observations. An estimation of the relaxation time can be achieved by 

exchanging S with d in Eq. (2.12), where d is larger than S by at least one 

order of magnitude. 

 In the model of Łojkowski the relaxation time does not depend on grain size, 

though it is clear that this time should decrease for very small grain sizes. 

This behavior is indeed reproduced by the modified model proposed here. 

Based on these considerations, the following expression for GB relaxation time is 

proposed: 

(5.2)                                           
( )1 310.9τ

δ
⋅

≈
Ωrel

b

kT d
G D  

It is clear that this relationship is an approximate one, since the distance between TJs 

depends on the shape of the grains. The relaxation time is sensitive to the geometry of 
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the grain because it is proportional to d3. The estimated uncertainty in (1)
relτ  due to 

geometry factors is about one order of magnitude.  

 The model of Nazarov mentioned above is valid for low density of GB 

dislocations. Therefore, it is not relevant for SPD conditions and will not be 

considered. The models of Varin & Kurzydłowski [51] as well as of Sangal & Tangri 

[53] (section 2.4.3.2 and 2.4.3.3., respectively) belong to the second category 

(relaxation controlled by volume diffusion). They consider volume diffusion of atoms 

and vacancies driven by the stress fields of GB dislocations. In these models the 

diffusion length comparable with the grain size is considered, and, therefore, they 

predict relatively slow relaxation kinetics, as given by Eq. (2.20). We will consider the 

model of Sangal & Tangri (further denoted as S-T) since it was experimentally 

verified.  

 In order to determine which of the above models is suitable for the materials 

and annealing conditions used in this work, we calculated the temperature dependence 

of the relaxation time. In the modified Łojkowski model (further denoted as ML) this 

value appears explicitly as (1)
relτ  in Eq. (5.2). In the S-T model the relaxation time was 

defined as the time in which the density of GB dislocation in Eq. (2.20) reduces to 10% 

of its initial value, 0ρ . According to this definition, Eq. (2.20) can be rewritten in the 

following form: 

                                      (5.3) 
( )( )

( ) ( )

1

(2)

0

1 2ln9
1 ln 2

τ
ρ ν

−
 Ω −

= ⋅  − ⋅ ⋅ 
rel

G D b d
kT d d b  

The following parameters (as defined in section 2.4.3.1) for pure copper were 

used for the estimates based on Eq. (5.2): G = 46 GPa, Ω = 1.2ּ10-29 m3/at, δ = 5ּ10-10 

m, and the temperature-dependent expression for Db was taken from the data on slow-

GB diffusion in Cu measured in the present experimental work (section 5.2.2.2). The 

following parameters for copper were used in Eq. (2.20) (see section 2.4.3.3): ν  = 

0.34, b = 2ּ10-10 m, and the temperature-dependent expression for D was taken from the 

work of Bernardini and Cabane [85], as presented in expression (3.9). The initial (t=0) 

linear density of dislocations, 0ρ , was estimated as 108 m-1. Both values of relaxation 

times (1)
relτ  and (2)

relτ  were calculated for the following grain sizes: 300 nm, 3µm, and 100 
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µm. The corresponding temperature dependencies of the relaxation times are shown in 

Figure 5.2. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

  

 

Figure 5.2 demonstrates that both models predict the shortening of GB relaxation time 

with increasing temperature and decreasing grain size. The ML model is more sensitive 

to grain size variations than the S-T model. The curves shown in Fig. 5.2 indicate the 

range of temperatures in which each of the above models is relevant (i.e. predicts the 

shortest relaxation time). In general, ML model is valid for low temperatures, while the 

S-T model is valid for high temperatures. The transition temperature between both 

regimes depends on grain size. For example, the transition temperatures are 230 ºC, 

400 ºC, and 600 ºC for the grain sizes of 100 µm, 3 µm, and 300 nm, respectively.  

  Considering the assumptions of each of these two models, such distinction 

between temperature regimes is reasonable. In ML and S-T models the kinetics of GB 

relaxation is controlled by GB and volume diffusion, respectively. GB diffusion is 

faster than volume diffusion; however, the diffusion paths along GBs are much more 

limited than diffusion paths in bulk. Therefore, interfacial-diffusion-based phenomena 

Fig. 5.2: The temperature dependence of relaxation times of non-equlibrium 
GBs in copper polycrystals with different grain sizes calculated 
according to the modified Łojkowski model (Eq. (5.2), marked in 
blue) and S-T model (Eq. (5.3), marked in red). The black solid 
line denotes the relaxation time calculated from the original 
Łojkowski model, Eq. (2.12), with S = 60 nm.  
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are more dominant at low-temperatures / short dimensions than volume-diffusion-

based phenomena. Similar behavior can be found in other kinetic phenomena. For 

example, this explanation is the basis for distinction between A- and C-type GB 

diffusion [78]. Also, the kinetics of GB grooving [86, 87] at low temperatures / small 

groove dimensions is controlled by surface diffusion, while at high temperatures / large 

groove dimensions the volume diffusion dominates [113].  

 In summary, we selected the models describing GB relaxation which are the 

most relevant in the experimental conditions of the present study. The relaxation times 

predicted by these models depend on temperature as well as on grain size. The next 

task is to correlate between these theoretical estimates and the experimental data 

obtained in this study. This will enable us evaluating the effect of annealing conditions 

on the state of GBs. 

5.1.4. The effect of thermal annealing on GB relaxation 

 Various conditions of annealing have been employed in the present research, 

and it is important to evaluate their effect on the relaxation of GBs. In this section we 

will utilize the kinetic laws for recrystallization and for GB relaxation illustrated in 

Figs. 5.1 and 5.2, respectively. 

 First of all, it is important to examine the standard conditions of diffusion 

annealing detailed in Table 3.1. The Cu-Zr alloy preserves its UFG microstructure with 

the average grain size 300 nm during all of these heat treatments. They were annealed 

in the conditions of temperature / time limited in the range of 150 ºC – 350 ºC and 474 

h -1 h, respectively. Most of the points describing these annealings are located below 

the solid blue line in Fig. 5.2 denoting the ML model that dominates in this 

temperature range. This means that no GB relaxation is expected in such conditions. 

One exception is annealing at 350 ºC for 1h that is located slightly above this line. 

Nevertheless, this line denotes the lower limit of relaxation time, since it does not take 

into account the possible effect of impurities. In the case of Cu-Zr the presence of 

either ultra-fine precipitates or Zr solute atoms in the Cu matrix (see section 5.1.1) can 

contribute to slowing down of GB relaxation.  

The pure Cu samples have the initial grain size of 300 nm. They were annealed 

in the conditions of temperature / time limited in the range of 150 ºC – 280 ºC and 474 

h -1 h, respectively. All of these data points are located below the solid blue line in Fig. 
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5.2, so that no GB relaxation is expected. Moreover, the average grain size in this 

material increases due to recrystallization during the diffusion annealing. It means that 

the solid blue line denotes only the lower limit of relaxation times since it was 

calculated for d = 300 nm. After recrystallization the average grain size increases to 3 

µm at least, so that the dashed blue line should be regarded. The relaxation time is, 

therefore, a dynamic variable that is located between both lines. For example, 

annealing at 240 ºC yields complete recrystallization after 3.5 h (Fig. 5.1). 

Accordingly, the "real" value of relaxation time should range between 10 h and 104 h 

(the solid and dashed blue lines in Fig. 5.2).  

At this point, the effect of grain growth on the GB structure should be regarded. 

As a conservative process, GB migration is not expected to modify the structure of the 

GB, unless dislocation climb is operative. The latter is, however, a non-conservative 

process. Grain growth causes a reduction in the density of internal interfaces. If the 

total number of dislocations in the material is conserved, then we can expect that these 

dislocations will be re-distributed in the new GBs during grain growth. Thus, the 

density of GB dislocation should increase proportionally with the grain size. However, 

this description disregards the annihilation of GB dislocations during grain growth 

(recovery). This may occur, for example, when two dislocations with the opposite 

Burgers vectors meet at the TJ during grain growth. This process is quite different from 

GB relaxation since it is controlled by grain growth and does not require additional 

thermal activation. Statistically, the equal numbers of dislocations with opposite 

Burgers vectors are absorbed by GBs and they annihilate given the opportunity to meet 

at the TJs. Therefore, it is expected that two competitive processes, i.e. the reduction of 

the total GB area and the annihilation of GB dislocations will result in constant density 

of GB dislocations during grain growth. The same explanation is valid for 

recrystallization, as well.  

It is important to examine the extent of GB relaxation in the samples pre-

annealed at 300 ºC for 2 h (section 4.3.5). According to Eq. (4.5) "complete" 

recrystallization (99%) is obtained after 5 min annealing at 300 ºC. It means roughly 

that in the first 5 min the average grain size is 300 nm, where the relaxation time 

corresponding to this grain size is 1 h (Fig. 5.2). Comparing both times, we can assume 

that during this time a certain partial relaxation of GBs occurs. After these 5 min the 

recrystallization is completed, but the average grain size at this stage is not known. The 
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recrystallized microstructure after 2 h annealing exhibits the grain size of several µm, 

as shown in Fig. 4.17. We can conclude that the GBs in the Cu samples pre-annealed at 

300 ºC for 2 h are only partially relaxed. Nevertheless, this partial effect is manifested 

by the radiotracer activity reduction in the fast-diffusion part of profile, as shown in 

Fig. 4.18. 

The other two heat treatments that should be examined are 400 ºC, 15 min and 

800 ºC, 2 h. The samples annealed in these conditions were defined as class 1 and 2, 

respectively (section 4.4.1). Eq. (4.5) predicts "complete" (99%) recrystallization after 

2 s annealing at 400 ºC. It is not expected that considerable GB relaxation will occur in 

this short time (see Fig. 5.2). In turn, the relaxation time corresponding to the coarse-

grained Cu (the microstructure is shown in Fig. 4.20) is much longer (about 60 h, Fig. 

5.2). Therefore, it can be maintained that the approximation made in section 4.4, in 

which class 1 samples represent the as-deformed state, is reasonable.  

In section 4.4 we maintained that relaxed GBs are obtained after annealing of 

the pure Cu at 800 ºC for 2 h. The final grain size observed after such annealing is 

about 100 µm (section 4.4.1). In practice it takes a few minutes to reach this 

temperature. In any case, the recrystallization time at this temperature is much shorter, 

so that large grains (tens of µm) are expected after several minutes of annealing at 

most. At this temperature, the S-T relaxation mechanism dominates, so that the longest 

relaxation time allowed by the red curves in Fig. 5.2 (the dotted line, corresponding to 

100 µm) is about 30 s. Therefore, the class 2 samples represent well the relaxed state.  

 In summary, theoretical aspects of GB relaxation mechanisms and experimental 

data of recrystallization kinetics were combined in this section. We obtained a rough 

estimate of the state of GBs as a result of the different annealing processes employed in 

this work.  

 

5.2. Diffusion of Ni in the ECAP-produced Cu alloys 

 In this section the GB diffusion coefficients will be determined from the raw 

Ni-penetration profiles presented in chapter 4. This will be done using appropriate 

models correlating diffusion data with microstructure observations. The complete set 

of diffusion data is considered, including the 63Ni activity profiles acquired using the 
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radiotracer method, the depth-profiles acquired by SIMS, and the EDS profiles 

acquired in the vicinity of Ni/Cu alloy interfaces. 

5.2.1. Diffusion in the Cu-Zr alloy 

5.2.1.1. The hierarchical model 

 It was shown in section 4.2.3 that nearly all radiotracer penetration profiles 

exhibit a bimodal shape. This means that each profile can be separated into large and 

small slope sections, corresponding to slow- and fast-diffusion paths, respectively (Fig. 

4.9). We associated this behavior to the co-existence of slow- and fast-diffusion GBs. 

However, determining the corresponding GB diffusion coefficients from the profiles 

according to the simple Gaussian solution in Eq. (4.1) would be incorrect, since such 

method would imply that the two diffusion paths are completely independent from 

each other. 

In a more realistic model the "slow" and "fast" GBs in the UFG samples 

obtained by ECAP are interconnected. It should be noted, however, that even for 

"slow" diffusion paths the average diffusion distance (in the range of micrometers) is 

much larger than the average grain size (≈300 nm). This means that in a random 

mixture of "slow" and "fast" diffusion paths the latter will be effectively linked with 

each other through the former. As a result, the diffusion properties of such random 

mixture can be characterized by a single "effective" diffusion coefficient, akin to the 

one for Harrison's A-regime of GB diffusion. This would result in activity profiles that 

exhibit a single slope in the lnC vs. x2 coordinates, which is in contradiction with our 

experimental data (for example see Fig. 4.9). Therefore, we propose here a hierarchical 

microstructure model which is consistent both with the microstructural models of UFG 

materials obtained by ECAP and with our diffusion data. In this model, the "fast" 

diffusivity paths form a superstructure (skeleton) with the domain size larger than the 

average diffusion distance along the "slow" paths (i.e. several micrometers – otherwise 

A-type kinetics should govern diffusion along these short-circuit diffusion paths, with a 

single slope in a profile, see above). These domains are further subdivided into actual 

grains by the "slow" diffusion paths.  

The hierarchical microstructure has already been observed in nanocrystalline 

copper produced by inert gas condensation [114] and in a nanocrystalline γ-FeNi alloy 

produced by powder metallurgy methods [115, 116]. Moreover, evidence for the 
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existence of such hierarchical microstructure in the present work is provided by the 

topographic image of the surface of Cu sample subjected to O2
+ ion-beam flux in SIMS 

(see Fig. 4.26 in section 4.4.5). Presumably, a process of grooving similar to Mullins 

thermal grooving was driven by the ion flux. As a result, the hierarchical 

microstructure of large grains marked by deep channels, divided into subcells marked 

by shallow channels was revealed, as shown in Fig. 4.26 (b). According to the 

topographic profiles taken across these channels (Fig. 4.27), it is reasonable to assume 

that these channels represent "real" GBs. The corresponding dihedral angles measured 

at the bottom of the deep grooves are lower than those measured at the bottom of the 

shallow grooves. The average size of the subcells is 200 – 300 nm. It is comparable 

with the grain size observed in the as-pressed Cu samples (see Fig. 4.5). We may 

therefore correlate the deep channels to high-energy, fast-diffusion GBs, while the 

shallow channels correspond with low-energy, slow-diffusion GBs. The correlation 

between GB energy and diffusivity has been discussed in section 2.3. Therefore, Fig. 

4.26 (b) visualizes the hierarchical model.  

There may be several formation mechanisms of such hierarchical 

microstructure in the present case. First, the GBs in original Cu-Zr ingots that existed 

prior to ECAP may constitute a major fraction of the skeleton of "fast" diffusivity 

paths since they absorb the dislocations from the early stages of ECAP processing, 

while the newly formed GBs need sufficient strain to be formed, and it is only then that 

they can absorb lattice dislocations like pre-existing GBs. Second, the four pass BC 

route results in a high fraction of LAGBs [75]. The remaining HAGBs with a high 

diffusivity may form a percolating cluster with the characteristic domain size which is 

by an order of magnitude or so larger than the actual grain size.  

According to the hierarchical microstructure model, GB diffusion occurs 

primarily along the "fast" paths with the subsequent leakage of the material into the 

"slow" paths, in analogy with the Fisher model of GB diffusion. (It should be noted 

that in contrast to Fisher’s model [81] in which bulk diffusion is responsible for the 

leakage of material from the GBs, in our case the leakage occurs via "slow" GB 

diffusion). Figure 5.3 outlines the proposed model. The large domains formed by "fast" 

GBs are further subdivided into actual grains of size d by the "slow" GBs. A complete 

analysis of solute GB diffusion in hierarchical microstructures was developed by 

Divinski et al. for all possible kinetic regimes [117]. A similar problem of GB 
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diffusion in presence of dislocations has been comprehensively analyzed by Klinger 

and Rabkin [118]. 

 

 

 

 

 

 

 

 

 

 

In the present case when bulk diffusion is ‘frozen’, the diffusivity along the 

"slow" GBs can be calculated according to Eq.(4.1) from the initial part of the 

diffusion profile with large slope. In our model, this initial part corresponds to direct 

diffusion from the surface source into the "slow" GBs. The diffusivity along the "fast" 

GBs should be calculated differently [114-117]. Since the topology of diffusion fluxes 

in our model is equivalent to that in Fisher's model (B-regime), the diffusion 

coefficient along the "fast" GBs, Df, can be calculated using the expression which is 

similar to the one derived by Suzuoka [82]:  

                                 (5.4)
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with the effective diffusivity Deff describing the tracer leakage from fast diffusion paths 

to slow ones, Deff = λ2Ds, where λ  is the cross-sectional fraction of "slow" GBs in the 

plane parallel to the "fast" GBs. Furthermore, the segregation factor s* is the ratio of 

the segregation factors in "fast" and "slow" GBs. Since no reliable information on Ni 

segregation in crystallographically different GBs in Cu is available, we assume this 

ratio to be equal to unity. Such relationship has been established for Ag in nano-γ-FeNi 

with a hierarchical microstructure by measuring the Ag diffusion in different kinetic 

regimes [117].  

Fig. 5.3: Schematic presentation of the diffusion in a hierarchical microstructure.  
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For polyhedral grain shape we obtain:  

                                                    (5.5) 
2d
πδλ =  

The final expression for Df is, therefore, as follows: 
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       (5.6) 

For Eq. (5.6) to be valid, the following conditions must be fulfilled [115, 116]:  

                             (5.7) 0.1; 2
2 2

f

s s s

D
D t D D t

δδα β
λ λ

′ ′≡ < ≡ ≥  

Estimates show that in the present work 0.03 ; 32α β′ ′≤ ≥  and, hence, the 

conditions (5.7) are fulfilled. The size of the domains formed by the "fast" GBs is in 

this case equal to a few average diffusion penetration depths along "slow" GBs 

( sD t ).  

 The diffusion coefficient along the "fast" GBs was calculated using Eq. (5.6) 

with the grain size d=300 nm. Figure 5.4 illustrates how "slow" and "fast" GB 

diffusion coefficients were extracted from the corresponding parts of the diffusion 

profile obtained in the sample annealed for 5 h at 240 °C.  
 

 

 

 

 

Fig. 5.4:  Processing of diffusion profile for the sample annealed for 5 h at 240 
°C. (a) Initial, slow diffusion section is linearized in lnC-x2 coordinates. 
(b) The "fast" diffusion section at large penetration depths is linearized 
in lnC –x6/5 coordinates.  
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5.2.1.2. The complete set of diffusion data  

All of the penetration profiles shown in Fig. 4.8 were processed in the 

following manner. First, plotting the initial part of profiles in lnC-x2 coordinates and 

deriving Ds using Eq. (4.1); Second, plotting the deeper part of profiles in lnC –x6/5 

coordinates and deriving Df using Eq. (5.6) and the value of Ds calculated in the first 

step. The complete set of diffusion coefficients calculated for the Cu-Zr samples 

appears in Table 5.1.   

 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The GB diffusion coefficients shown in Table 5.1 are presented in the 

Arrhenius plot in Fig. 5.5. For comparison, the recent data on 63Ni radiotracer GB 

diffusion in high-purity (5N8) coarse-grained (d=60 µm) copper measured in the C-

regime of GB diffusion [84] are also shown.  

 The deep parts of the penetration profiles from which the Df -values were 

extracted exhibit a rather narrow dynamical range, i.e. a decrease of the activity by a 

factor of two only (Fig. 5.4 b). This disrupts the accuracy of the fast-diffusion 

coefficients. However, a statistically significant number of individual points on the 

penetration curve somewhat compensates for the small slope of the profile, so that the 

Temperature [K] Time [s] Ds  [m2/s] Df  [m2/s] 

424 61.71 10⋅  187.3 10−⋅  156.8 10−⋅  

437 57.81 10⋅  188.0 10−⋅  152.1 10−⋅  

457 52.84 10⋅  174.4 10−⋅  ______ 

474 51.08 10⋅  177.7 10−⋅  142.2 10−⋅  

493 44.68 10⋅  162.5 10−⋅  148.4 10−⋅  

513 41.8 10⋅  164.8 10−⋅  134.1 10−⋅  

553 33.6 10⋅  152.0 10−⋅  121.6 10−⋅  

623 33.6 10⋅  159.9 10−⋅  ______ 

Table 5.1: The “slow”, Ds, and “fast”, Df, diffusion coefficients of Ni along 
the GBs of ECAP-ed Cu-Zr alloy calculated according to Eqs. 
(4.1) and (5.6), respectively.  
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Fig. 5.5:  Arrhenius diagram showing the "slow" and "fast" GB diffusivities 
calculated using hierarchical microstructure model with constant grain 
size of 300 nm. The reference data for Ni GB diffusion in high-purity 
coarse grain (CG) Cu are shown for comparison [84].  

error bars for Df in Fig. 5.5 are generally smaller than the symbol size, and are, 

therefore, not marked. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Using the data in Table 5.1 and Fig. 5.5 we determined the Arrhenius parameters of 

diffusion along both types of GBs: 

(5.8)                       

( )

( )

0.9 7 2
0.5

8.4 3 2
1.3

84 4 /1.4 10 exp /

96 14 /1.6 10 exp /

s

f

kJ moleD m s
RT

kJ moleD m s
RT

+ −
−

+ −
−

 ±
= ⋅ ⋅ − 

 

 ±
= ⋅ ⋅ − 

 

  

 

5.2.1.3. Interpretation of the bimodality in diffusion profiles   

 The main finding of the present section is the bimodality in the distribution of 

the GB diffusivities in the UFG Cu-0.17 wt. % Zr alloy processed by ECAP: while the 



 - 103 -

majority of GBs exhibit the diffusivities which are very close to those of HAGBs in 

high purity coarse grain copper, a minority of the GBs exhibit unusually high 

diffusivities. It can be conjectured that these "fast" GBs are well-separated from each 

other and form a skeleton embedded in the network of "slow" GBs (hierarchical 

microstructure). The diffusion along "fast" GBs is by more than two orders of 

magnitude faster than along the "slow" ones. A special remark is due here. Although 

the short-circuit diffusion paths with a lower diffusivity are referred to as “slow” paths, 

they are not “slow” at all in absolute terms – their diffusivity is similar to that for 

general HAGBs in coarse-grained high-purity copper (where these are the fastest 

diffusion paths). One should not be misled by the term “slow”– these are not e.g. twin 

or low-angle GBs in a form as they occur in a well-annealed coarse-grained material, 

see below. 

The observed type of microstructure with two very different populations of the 

GBs is counter-intuitive and requires a detailed explanation. We believe that a major 

part of "fast", high diffusivity GBs revealed in the present work can be associated with 

the original HAGBs in the coarse grain ingots that existed in the samples prior to 

ECAP. These GBs are capable of absorbing lattice dislocations generated in the lattice 

early in the ECAP process. Since the periodicity of the skeleton formed by "fast" GBs 

is larger than average UFG size, one can expect that the relaxation time of these GBs 

should be larger than that calculated for the UFG size (section 5.1.4). Therefore, the 

pre-existing GBs can exhibit an increased density of GB dislocations (which are not 

geometrically necessary ones) during the whole duration of diffusion annealing. The 

cores of these GB dislocations introduce an additional free volume in the GBs and 

increase their diffusivity.  

 At the same time, the new HAGBs formed during ECAP evolve from cells that 

form after the first ECAP pass [119]. Only the second and third passes transform some 

fraction of the cells into well-defined grains, and the corresponding cell walls into 

HAGBs. At the time these HAGBs are formed, the UFG microstructure is already 

well-developed. The dislocation activity in submicrometer-size grains is limited 

because of the difficulties in operation of dislocation sources in small grains. 

Therefore, only the last one or two ECAP passes (out of four used in this work) can 

supply dislocations to the newly formed HAGBs, and the supply itself is limited 

because of the scarcity of dislocation sources. These GBs should be close in their 
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energy and diffusivity to the GBs in coarse-grained material. It is therefore probable 

that these newly-formed HAGBs represent the network of "slow" GBs revealed in this 

study.  

 It is interesting that diffusion parameters for "slow" GBs in UFG samples are 

very close to those for the GBs in coarse grain samples of high purity, 5N8, where the 

activation enthalpy of 90.4 kJ/mol has been measured for Ni GB diffusion [84]. This 

indicates that very little if any Zr atoms segregate at the new GBs produced during 

ECAP process, since it is known that even a small amount of segregated impurities 

considerably increases the activation enthalpy for diffusion and decreases the GB 

diffusion coefficient [62]. This is not surprising since even at the highest annealing 

temperature used in the present study the average diffusion distance in the bulk is 

below 1 nm [85], which is not enough for establishing a segregation level at the GBs 

corresponding to thermodynamic equilibrium.  

 The activation enthalpy for diffusion along the "fast" GBs is practically 

identical with that for the "slow" ones, while the main source for the difference in 

absolute values of diffusivities is the pre-exponential factor. The Arrhenius parameters 

for the "fast" GBs are, however, less reliable than those for "slow" ones: first, because 

of the low absolute values of the radiotracer activity in the corresponding sections of 

the diffusion profiles and, second, because of the possible partial relaxation of the non-

equilibrium structure during diffusion annealing. A simple model according to which 

GB diffusion is controlled by the atomic sites with particularly low vacancy or 

interstitials formation enthalpy may be consistent with the obtained Arrhenius 

parameters for "fast" and "slow" GBs. Indeed, in the framework of such model the 

main difference between the "fast" and "slow" GBs would be in the number of such 

sites, but not in the corresponding defect formation and migration enthalpies. This 

simple model is consistent with the results of atomistic computer simulations of Suzuki 

and Mishin [120]. They found that there is a limited number of sites in the GBs of 

copper with particularly low vacancy formation energy. For example, the vacancy 

formation energy as low as 0.185 eV was reported for Σ13 tilt GBs [120]. According to 

our model, the number of such special sites in the "fast" GBs is approximately 500 

times higher than in the "slow" ones.  

 The low radiotracer activity in the regions of diffusion profiles corresponding 

to "fast" GB diffusion indicates that "fast" GBs constitute only a minor fraction (about 
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0.2-0.5 %) of the total GB population. In spite of their high diffusivity, their 

contribution to the total diffusion flux is small. It is, therefore, not surprising that these 

GBs were not revealed in previous studies of GB diffusion in the UFG materials that 

employed a microprobe analysis of concentrations, which is known to be less sensitive 

than radiotracer technique used in the present study [58]. It should be noted that the 

fraction of "fast" GBs estimated using our models and the grain sizes in the initial (300 

µm) and as-processed (300 nm) states is about 0.1%, which is quite close to the 

estimate based on the values of activity.  

 It is interesting that the absolute values of "fast" GB diffusivities are quite close 

both to the extrapolated surface self-diffusion coefficients in copper determined by GB 

grooving technique [121] and to the surface self-diffusion coefficients in copper 

estimated using well-known empirical correlations [78]. The surface diffusivity is an 

upper bound for any diffusion coefficient in the solid state. The proximity between the 

"fast" GB and surface diffusivities again indicates a special nature of the atomic sites 

in the "fast" GBs involved in diffusion process. One can speculate that these sites are 

concentrated in the vicinity of TJs of the pre-existing GBs that represent sinks for GB 

dislocations.  

 Another point that needs to be clarified concerning the "fast" diffusion paths 

detected in this study is the possibility that they represent TJ diffusion rather than GB 

diffusion. Indeed, the ratio of the number of atoms located in the TJs and in the GBs in 

the UFG alloy investigated is 310f −≈ . Furthermore, measurements of diffusion 

coefficients of Zn in TJs and GBs in Al have indicated that at the temperature of 0.6Tm 

the former is larger by a factor of about 103 than the latter [122]. Such a large 

difference is similar to the difference between "slow" and "fast" diffusivities observed 

in the present work (see Fig. 5.5). Nevertheless, the hypothesis of TJ diffusion should 

be ruled out on the same grounds as the model of random mixture of the "slow" and 

"fast" diffusion paths considered in the previous section: an effective exchange of 

diffusing radiotracer between the closely spaced TJs through the "slow" GBs would 

result in the A-type diffusion regime, in which the diffusion penetration profile can be 

described by a single "effective" diffusion coefficient expressed similarly to Eq. (3.1): 

                                         (5.9) (1 )eff TJ bD f D f D= ⋅ + − ⋅  



 - 106 -

where DTJ is the diffusion coefficient along the TJs. This is in stark contrast with the 

experimentally determined bimodal diffusion profiles (see Fig. 4.9). It is, however, 

possible that only a limited number of well-separated, special TJs contribute to the 

"fast" sections of experimentally measured penetration profiles. This is a possibility 

that should be explored in future research.  

 It should be noted that in most previous diffusion studies of UFG materials 

obtained by SPD the GB diffusivity at a particular temperature was characterized by a 

single, unique value of diffusion coefficient [55-58]. A comparison of these values 

with the diffusivities of equilibrated GBs in coarse grain samples is somewhat 

problematic because of the differences in the material purity and experimental 

conditions. In the present study the "slow" GBs provided an intrinsic standard of the 

"normal" GB diffusivity at each temperature, so that the degree of non-equilibrium of 

the "fast" GBs can be characterized quantitatively. In this respect, the work of 

Kornelyuk et al. should be mentioned [123]. They deformed a Ni-based superalloy to 

the compressive strain of 10% and observed in some of their deformed samples 

bimodal diffusion penetration profiles similar to those found in the present study. The 

diffusivity of "fast" GBs in the work of Kornelyuk et al. was about one order of 

magnitude higher than the diffusivity of "slow" GBs in the same sample. A larger 

difference of GB diffusivities observed in the present study may be associated with the 

larger plastic strain imparted on our samples during ECAP processing. 

 Summarizing this part, the penetration profiles of the 63Ni radiotracer along the 

GBs in UFG Cu- 0.17 wt. % Zr alloy processed by ECAP exhibited two distinct 

regions with different slopes. We proposed a hierarchical microstructure model, in 

which a cellular skeleton of "fast" GBs with the characteristic cell size in the 

micrometer range is embedded in a network of "slow" GBs formed by ultrafine grains 

with the average size of about 300 nm. It was conjectured that "fast" GBs are 

associated with the initial GBs of the pre-ECAP coarse grain microstructure. The non-

equilibrium state of these GBs is associated with the absorption of lattice dislocations 

during ECAP. 

5.2.2: Diffusion in the pure Cu samples 

 The analytical treatment in the case of Ni GB diffusion in the pure Cu samples 

is different from the case of diffusion in Cu-Zr alloy presented above. The reason for 
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this difference is that in Cu-Zr the UFG microstructure was stable and the 

mathematical analysis of diffusion problem was relatively simple. However, in pure Cu 

recrystallization takes place simultaneously with GB diffusion. The present section 

introduces a model that enables simulating the diffusion penetration profiles obtained 

in UFG material undergoing recrystallization during diffusion annealing.  

5.2.2.1: A model for diffusion in simultaneously-recrystallizing media 

Let us consider a case in which diffusion takes place in a homogeneous 

medium with a diffusion coefficient D. The simplest case is diffusion from a finite 

source in form of a thin layer of solute element deposited on the surface of a semi-

infinite polycrystalline material with a uniform grain size. We will further assume that 

the GB diffusion in this material corresponds to Harrison's C-regime (i.e. volume 

diffusion can be neglected). In this case the concentration profile measured by the 

sectioning method is expressed by Eq. (3.5). The proportionality factor A in Eq. (3.5) 

depends on the initial concentration of diffusant within the layer as well as the fraction 

of the diffusion paths (a function of the grain size). 

Let us consider the recystallization process occurring simultaneously with 

diffusion. In the case of UFG matrix the following assumptions can be made: 

 The bulk is separated into two interpenetrating, but continuous microstructural 

components. They comprise the UFG matrix and the coarse-grained 

recrystallized material. The isolated islands of the UFG matrix within the 

recrystallized regions and vice versa will be disregarded.  

 GB diffusion occurs in the UFG matrix only. The newly-formed coarse grains 

"freeze" the local concentration of solute that existed prior to recrystallization. 

 The size of the newly-formed grains is much larger than the grain size in the 

UFG matrix. Thus, GB diffusion in the recrystallized regions can be 

disregarded. 

The model is illustrated in Figure 5.6. Following the assumption of 

homogeneity, any internal slice having the infinitesimal thickness dx "cut" from the 

plane normal to the average diffusion flux should incorporate both recrystallized and 

non- recrystallized regions (Fig. 5.6).  
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The amount of solute in the UFG matrix changes due to diffusion flux as well 

as the change (decrease) in its volume fraction. The following equation expresses the 

condition of mass balance in the element dx.  

                              (5.10) dx
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where qUFG, JUFG and UFGC  are the total amount of material, diffusion flux and the 

average concentration in the UFG matrix, respectively, and ( )tλ  is the time-dependent 

volume fraction of the UFG matrix.  

The amount of solute in the recrystallized region depends on the change 

(increase) in its volume fraction only. The corresponding equation of mass balance in 

the element dx is:  
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Fig. 5.6: FIB micrograph showing a typical microstructure of the partially-
recystallized ECAP-ed Cu. The diffusion flux is marked by the red 
arrow within the UFG matrix. An infinitesimal slice of the 
thickness dx consists of both recrystallized (blue) and non-
recrystallized, UFG (red) microstructural components. 

10  µm 

X dx 
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where qrec, Jrec and iC  have the same meaning as in Eq. (5.10), but refer to the 

recrystallized regions.  

The diffusion in the UFG matrix should obey the 1st Fick's law: 

,                                          (5.12) λ ∂
= − ⋅

∂
UFG

UFG
CJ D

x
  

while the following two relationships establish a link between the amount of solute in 

each microstructural component and its volume fraction and average concentration: 

,                           (5.13) . .; (1 )λ λ= ⋅ = − ⋅UFG UFG rec recq C dx q C dx  

Substituting Eqs (5.12) and (5.13) into (5.10) and (5.11) yields: 
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for the UFG matrix, and:  

                                     (5.15) ( )( )
t

CC
t UFGrec ∂

∂
−=⋅−

∂
∂ λλ .1  

for the recrystallized regions.  

The average concentration in the element dx is expressed as weighted volume average 

of both microstructural components:  

                                 (5.16) ( ) ( ) ., 1UFG recC x t C Cλ λ= ⋅ + − ⋅  

The differential equation for the average concentration, ( ),C x t , is obtained by 

substituting Eqs. (5.14) and (5.15) into Eq. (5.16): 

                                         (5.17) 
2

2
UFGCC D

t x
λ ∂∂

= ⋅
∂ ∂

  

Eq. (5.17) is, in practice, the one-dimensional diffusion equation in recrystallizing 

media. Note that ( )tλ  is a time-dependent variable. In the case where λ  is constant, 
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Eq. (5.17) reduces to the familiar form of the one-dimensional diffusion equation. The 

explicit form of ( ),C x t is obtained by time-integration of Eq. (5.17): 

                          (5.18) ( ) ( ) ( )
0

, , 1
t

UFG
UFG

CC x t C x t t dt
t

λ ∂′ ′= − −   ′∂∫  

It can be seen that if no recrystallization takes place ( λ =1), Eq. (5.18) yields: 

( ) ( ), ,= UFGC x t C x t , as expected.  

 The semi-empirical model presented above enables us to simulate the 

concentration profile measured in the samples undergoing simultaneous diffusion and 

recrystallization. For this purpose, the "ideal" concentration profile, ( ),UFGC x t  (i.e. the 

concentration profile measured in thermally stable UFG matrix), as well as the kinetic 

expression describing the fraction of recrystallization, ( )tλ , should be known. 

5.2.2.2: Applications of the model  

 In this section the model developed above will be applied for calculating the 

GB diffusion coefficients in the UFG Cu. We will use the diffusion profiles in pure Cu 

shown in section 4.3.2 and the kinetic expression describing recrystallization in Cu 

given by Eq. (4.5).  

 It should be noted that our model enables to calculate only the slow GB 

diffusion coefficients, Ds. It was concluded in section 5.2.1.3 that the characteristic cell 

size of the skeleton of the fast-diffusion GBs is at least tens of micrometers. The 

recrystallized microstructure, however, exhibits an average grain size of just a few 

micrometers (see Fig. 4.10, for example). Therefore, it can be postulated that the 

supercell networks of fast-diffusion GBs are not affected from recrystallization. In 

view of this scenario, the following steps are first deriving the set of Ds-values 

according to the model given in section 5.2.2.1. Then, the Df-values will be calculated 

according to the hierarchical model given in Eq. (5.6) using the corresponding Ds- 

values. 

 The slow-diffusion coefficients will be calculated employing the following 

procedure: 
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1. Substituting the expression for ( )tλ  given explicitly by Eq. (4.5) into Eq. 

(5.18), and taking ( ),UFGC x t  as the standard Gaussian expression given by Eq. 

(3.5). The latter satisfies the diffusion equation within the UFG matrix given by 

Eq. (5.14), and includes the dimensionless parameters A and D, both equal to 

unity. The Equation (5.18) incorporates two different time scales characterizing 

the recrystallization and diffusion processes. At each temperature, all times are 

expressed in dimensionless units normalized by the corresponding diffusion 

time given in Table 3.1.  

2. Calculating the slope of ( ),C x t  when plotted in the lnC vs. x2 co-ordinates, 

2

~ln
x

C
∂
∂ , by integrating the Eq. (5.18). This value should be then normalized by 

the term 2

ln
x
CUFG

∂
∂

, which is equal to -0.25 following the definition of A=D=1. 

The ratio between both is denoted as 2

~ln4
x

C
∂
∂

−=φ .  

3. Deriving the diffusion coefficient, D*, from the experimental profiles given in 

Fig. 4.12 applying the operation (4.1). D* is, in practice, the diffusivity 

calculated as if no recrystallization is operative, i.e. the concentration profile is 

linear in the lnC vs. x2 co-ordinates. 

4. The true value of slow-diffusion coefficient, Ds, is calculated from D* 

multiplied by the factor φ  given in step 2.  

                                                    (5.19) 
*DDs ⋅= φ  

The factor φ  represents the effect of recrystallization. It is larger than one and is 

increasing with increasing fraction of recrystallized material. The effective time of 

diffusion is smaller than the annealing time, t, so that the diffusion coefficient 

calculated from the penetration profile according to Eq.(4.1) is smaller than the "true" 

one derived from Eq.(5.21) using the factor φ .  

Substituting the expression for ( )tλ  and ( ),UFGC x t  into Eq. (5.18) yields a 

complicated expression which is difficult to integrate analytically. Therefore, we 

employ a simplified approach defining the times t1 and t2 of the recrystallization begin 
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and end, respectively. These times will be arbitrarily defined using Eq. (4.5) as the 

times to achieve 1% and 99% recrystallization, respectively. Thus, the complicated 

JMAK representation of Eq.(4.5) can be reasonably approximated by the following 

piecewise function: 

                                      (5.20) ( )
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The curves in Fig. 5.1 demonstrate that this piecewise-linear approximation is quite 

reasonable, and allow a rough estimation of the recrystallization start and end times. 

Since the diffusion time, t, is different from both t1 and t2, we define a new parameter, 

t*, which satisfies two conditions: t* = min(t, t2) and: t* = max(t, t1). The solution for 

( ),C x t  is obtained by substituting ( )tλ  from Eq. (5.20) and ( ),UFGC x t  from Eq. (3.5) 

into Eq. (5.18). The result is given in the following expression: 

                               (5.21)      
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 −
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 −    

  

The procedure outlined above was applied to all diffusion data presented in 

section 4.3.2. For example, the calculation of the "true" slow-diffusion coefficient from 

the profile obtained after 5 h annealing at 240 ºC (Fig. 4.12) was performed as follows. 

The times t1 and t2 were inferred from the corresponding curve in Fig. 5.1, and are 1.2 

min. and 2 h, respectively. The total annealing time was t = 5 h. In this case t2 is in fact 

the total diffusion time and t1 << t2, so that t1 is practically zero. All time scales were 

normalized by t so that: t1 ≈ 0; t*= t2=0.4 . These dimensionless values of times were 

substituted in Eq. (5.21), where the values of A and D were set as unity. Both Eqs. (3.5) 

and (5.21) were plotted in the lnC vs. x2 co-ordinates, and the results are presented in 

Fig. 5.7. 



 - 113 -

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The value of φ =2.96 is derived from the ratio between both slopes. Employing 

Eq.(4.1), the value of D* = 4.63ּ10-16 m2/s was derived from the profile measured after 

5 h annealing at 240 ºC, as shown in Fig. 4.12. Using the relationship (5.19), the "true" 

slow-diffusion value is Ds = 1.37ּ10-15 m2/s.  

 It was shown that numerical values of diffusion coefficients that consider the 

effect of recrystallization can be extracted using the model outlined above. However, 

the quality of this approximation depends on the linearity of Eq. (5.21) when plotted in 

the lnC vs. x2 co-ordinates. The problem is pronounced particularly at large fractions of 

transformation ( 0→λ ). For example, it can be seen that the initial part of the curve 

marked by rectangles in Fig. 5.7 (small Dt) is not linear. However, the initial part of 

profile (x2/Dt = 1-3) is the most significant one since it corresponds to the range of 

depth at which the radiotracer penetration profiles were experimentally measured. 

Moreover, the approximation given by Eq.(5.20), in spite of bringing an advantage of 

Fig. 5.7: The modeled diffusion profile for annealing at 240 ºC, 5h, 
expressed by Eq. (5.21) and calculated using the data of 
recrystallization kinetics (rectangles). The theoretical Gaussian 
solution given by Eq. (3.5) is given by circles. Both are plotted in 
the lnC vs. x2 co-ordinate given in the units of Dt. 
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analytical rather than numerical integration, causes additional numerical error, 

exacerbated by the uncertainty in determining the values of t1 and t2.  

 In view of these drawbacks, an alternative procedure that is based on numerical 

integration of Eq. (5.18) was proposed. The result of the integration is to be compared 

with the following general expression: 

                             (5.22) ( ) ( )m
Dt
x

t
C

txC
m

ϕ⋅



















−⋅=

2
0

2
exp,~

  

where C0 is a constant. The result of integration incorporates the kinetic parametersλ  

and n (of JMAK). Equation (5.22) is analogous to the Gaussian solution given by Eq. 

(3.5), and incorporates additional degrees of freedom enabling its linearization. The 

coefficient m is a function of λ  denoting the effect of recrystallization, and ϕ  is a 

function of m. For example, if no recrystallization occurs then m = 1 and, accordingly, 

1=ϕ . In this case Eq. (5.22) is reduced to Eq. (3.5). For a certain annealing condition 

the values of λ  and n are taken from Eq. (4.5), where n =1.14. A computer-aided trial-

and-error simulation is performed to plot the term lnC~  (which incorporatesλ and n) 

against x2m, finding the value of m that yields the best linearization. The slow-diffusion 

parts of the penetration profiles of 63Ni in pure Cu were taken from Fig. 4.12. Each one 

of them was plotted against an x2m co-ordinate with the value of m derived from the 

simulation described above. The results are shown in Fig. 5.8.  

It can be seen that the slow parts of all penetration profiles are reasonably well 

linearized, if the first 2-3 points closest to the surface are omitted from linearization to 

avoid surface effects (this is a usual practice in radiotracer studies). At 150 ºC, when 

the recrystallization fraction is small, the value of m is close to 1. At higher 

temperatures the importance of recrystallization increases and m approaches 0.5. The 

complete set of diffusion coefficients along the "slow" GBs for all temperatures 

studied can be calculated from the slopes of the linear least square fits shown in Fig. 

5.8. This can be done employing the linearized form of Eq. (5.22): 

                                   (5.23) ( )
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To summarize this section, a computational method that enables the derivation of 

diffusion coefficients along the "slow" GBs was proposed. This method is based on a 

Fig. 5.8: The full set of the slow-diffusion parts of specific activity profiles 
taken from the data in section 4.3.2. The profiles are plotted against 
the co-ordinate x2m. The value of m was selected to give the best 
linearization of lnC~  vs. x2m. k is a scaling factor assigned 
individually to each profile.  
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semi-empirical model that considers recrystallization occurring simultaneously with 

GB diffusion.  

5.2.2.3: The complete set of diffusion data  

 The complete set of data describing the diffusion of 63Ni along the GBs in Cu 

includes slow- and fast-diffusion coefficients. The slow-diffusion coefficients were 

calculated using the model that considers recrystallization (sections 5.2.2.1 and 

5.2.2.2), while the fast-diffusion coefficients were derived from the profiles according 

to the hierarchical model (section 5.2.1.1). 

 Table 5.2 contains the values of m and ϕ  corresponding to the fraction of 

recrystallization, λ , obtained at each of the annealing conditions. Based on these 

parameters, the values of Ds were calculated according to Eq. (5.23) and the slopes 

determined from the linear least square fits displayed in Fig. 5.8. 

 

 

 

 

In order to demonstrate the importance of recrystallization, the slow-diffusion 

coefficients were calculated directly from the profiles in Fig. 4.12 using the Eq. (4.1). 

This means disregarding the influence of recrystallization on the diffusion behavior. 

These coefficients are shown as D* in Table 5.3. 

Temperature [K] Time [s] λ m φ(m) Ds  [m2/s] 

424 61.71 10⋅  0.702 0.91 1.221 7.03ּ10-18 

437 57.81 10⋅  0.530 0.85 1.412 1.24ּ10-17 

457 52.84 10⋅  0.244 0.70 2.031 5.06ּ10-17 

474 51.08 10⋅  0.138 0.65 2.421 1.80ּ10-16 

493 44.68 10⋅  0.017 0.55 3.713 7.15ּ10-16 

513 41.8 10⋅  1.7ּ10-3 0.54 4.615 1.83ּ10-15 

553 33.6 10⋅  1.3ּ10-7 0.54 7.117 2.04ּ10-14 

Table 5.2: The corrected values of slow-diffusion coefficients, Ds, of Ni in the 
GBs of ECAP-ed Cu calculated according to the model considering 
the kinetics of recrystallization. The parameters m and ϕ  were 
determined individually for each annealing temperature. 
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 As mentioned above, one of the assumptions made in the model of 

recrystallization effect on diffusion is that the fast-diffusion GBs are not affected by 

recrystallization. This point was discussed at the beginning of section 5.2.2.2. In view 

of this assumption, the fast-diffusion coefficients were calculated applying the same 

hierarchical model as in the case of Cu-Zr alloy. In the present case, however, the 

average grain size in the matrix of "slow" GBs is not constant, and its temporal 

behavior should be incorporated into improved model. In a simplest approximation the 

final grain size, d, obtained after the diffusion annealing can be substituted in Eq. (5.6). 

The latter was measured from respective FIB micrographs. Since the UFG matrix 

provides the most significant contribution to the diffusion flux from the fast GBs, d 

was usually taken as 300 nm, unless considerable fraction of recrystallization was 

achieved at the end of annealing. For the diffusivities of "slow" GBs the values of Ds 

calculated above (appear in Table 5.2) were substituted in Eq. (5.6). Following the 

same procedure that was detailed in section 5.2.1.1, the fast-diffusion parts of profiles 

taken from Fig. 4.11 were plotted in the lnC vs. x6/5 co-ordinates. Finally, the fast-

diffusion coefficients were calculated using Eq. (5.6). They are listed in Table 5.3.   

 

 

 

 

All 3 sets of diffusion coefficients: D*, Ds, and Df are shown in the Arrhenius plot in 

Fig. 5.9.  

T [K] Time [s] D*
  [m2/s] Ds  [m2/s] d [m] Df  [m2/s] 

424 61.71 10⋅  7.32ּ10-18 7.03ּ10-18 3ּ10-7 1.02ּ10-14 

437 57.81 10⋅  1.07ּ10-17 1.24ּ10-17 3ּ10-7 2.66ּ10-15 

457 52.84 10⋅  4.42ּ10-17 5.06ּ10-17 3ּ10-7 8.92ּ10-15 

474 51.08 10⋅  1.16ּ10-16 1.80ּ10-16 3ּ10-7 2.73ּ10-14 

493 44.68 10⋅  2.67ּ10-16 7.15ּ10-16 4ּ10-6 3.83ּ10-14 

513 41.8 10⋅  4.63ּ10-16 1.83ּ10-15 7ּ10-6 1.03ּ10-13 

553 33.6 10⋅  2.31ּ10-15 2.04ּ10-14 5ּ10-6 1.71ּ10-13 

Table 5.3: The corrected values of slow-diffusion coefficients, Ds, taken from 
Table 5.2 appear next to the uncorrected diffusivities, D*, for 
comparison. The fast-diffusion coefficients, Df, were calculated 
according to Eq. (5.6), based on Ds and the (final) grain size, d. 
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Fig. 5.9:  Arrhenius diagram showing the "slow" and "fast" GB diffusivities of 
Ni in pure Cu. The slow GB diffusivities calculated according to the 
model taking into account recrystallization (blue circles) and 
disregarding it (green squares) are shown. The fast GB diffusivities 
were calculated on the basis of hierarchical microstructure model with 
varying grain size specified near the red diamonds. The reference data 
for Ni GB diffusion in high-purity coarse grain (CG) Cu are shown for 
comparison [84].  

 

 

 

 

 

 

 

 

 

 

 

 

Using the data in Table 5.3 and Fig. 5.9 we determined the Arrhenius parameters of 

diffusion along both types of GBs. Both sets of parameters are given in Eq. (5.24). 

                    (5.24) 
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Similarly to the Cu-Zr alloy, the pure Cu exhibits the same bimodality in diffusion 

behavior with slow- and fast-diffusion GBs. It should be mentioned that both values of 

Ds, and Df were derived from the raw activity profiles applying theoretical and semi-
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empirical models. As such, these calculations can result in systematic errors in 

diffusivities that depend on the quality of models. 

The model presented in section 5.2.2.1 predicts larger values of Ds with respect 

to D*, as expected. The difference between Ds and D* increases with increasing 

fraction of recrystallized material at high temperatures, as can be clearly seen in Fig. 

5.9. As a result, the activation energy determined from the corrected diffusivities (123 

± 4 kJ/mole) is higher than that determined using the uncorrected diffusivities, D* (89 

± 3 kJ/mole). The latter exhibits an activation energy comparable with the activation 

energy for GB diffusion of Ni in Cu-Zr (84 ± 4 kJ/mole, Eq. (5.8) ) and that in the 

reference CG-Cu (90.4 ± 2.5 kJ/mol [84]). Such difference in activation energies can 

be associated with the difference in the level of purity of the studied materials. The 

impurity level in the present "pure" Cu (99.98%) is higher than in the reference CG-Cu 

(5N8). This can be the main reason behind the large difference in activation energies. 

Similar strong effect of the level of material purity on the activation energy for GB 

diffusion has been reported by Surholt and Herzig [62]. The explanation given in 

section 5.2.1.3 for the proximity of activation energies of GB diffusion in Cu-Zr and 

the reference CG-Cu in spite of the difference in bulk purity is not valid in the present 

case, since the investigated Cu samples recrystallized during annealings. Consequently, 

the GBs collect the impurity atoms from the bulk in the course of their migration. 

In the development of the model described in the previous section two main 

simplifying assumptions were made that may affect the results. The first one simplifies 

the topology of the problem by dividing the volume of the sample into two 

interpenetrating, but continuous microstructural elements (UFG matrix and 

recrystallized material). The diffusion flux in the UFG phase is, therefore, not 

disturbed by the recrystallized grains. However, the topology of the problem is more 

complicated as shown in the FIB images (for example, Fig. 5.6). In practice, there is a 

possible effect of "shadowing" by the recrystallized material, in which its effective 

volume fraction is larger than the physical one. Moreover, the recrystallized material 

may divide the UFG matrix into isolated pockets so that the diffusion in such pockets 

will not contribute to the macroscopic diffusion flux. These topological restrictions 

should reduce the diffusion flux in the UFG phase. As a result, the values of diffusivity 

predicted by the model should be larger than calculated above. The second assumption 

simplifies the mathematical treatment by an absolute distinction between two 
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microstructural constituents, where diffusion flux is enabled in one of them but is 

disabled in the other. This description is not accurate, too. In fact, diffusion flux is 

enabled along the GBs within the recrystallized clusters, too. The density of these GBs 

is relatively low, and this effect was neglected in the first-approximation given in 

section 5.2.2.1. Considering this effect might, therefore, yield lower values of 

diffusivity. It can be concluded that two above-described phenomena have 

contradictory effects that may compensate each other. Quantitatively, it is not known 

yet which of the above is more dominant.  

An additional point that should be clarified concerns the derivation of fast-

diffusion coefficients, Df. First, certain assumption about the microstructure of the 

samples are made during development of this model. As such, its level of accuracy is 

limited by a geometrical factor that may affect the results by several percents. Besides, 

in the case of the present Cu samples the most problematic point is the uncertainty in 

determining the grain sizes, d, which should be substituted into Eq. (5.6). The reason 

for this uncertainty was explained above. This sensitivity to the grain size is especially 

pronounced at high temperatures, as shown in Fig. 5.9. In any case, the distinction 

between both types of GB diffusion is obvious in the Cu samples, as in the case of Cu-

Zr. The conclusions for both materials are the same: the UFG Cu and Cu-Zr samples 

produced by ECAP contain high-diffusivity GBs which are not present in relaxed, 

coarse grained copper. This confirms the hypothesis of non-equilibrium GBs.  

5.2.2.4: The effect of pre-annealing  

 Since the primary goal of this study is providing experimental evidence for the 

concept of non-equilibrium GBs, it is important to examine the relaxation kinetics of 

such meta-stable states. Such relaxation, if exists, will support the view that unusually 

high GB diffusivities and energies measured in this study are indeed associated with 

the non-equilibrium, metastable state of the GBs.   

  Figure 4.18 compares the radiotracer penetration profiles acquired after 5 h 

annealing at 240 ºC of the as-pressed ECAP-ed Cu and of the sample that was pre-

annealed for 2 h at 300 ºC prior to Ni deposition and diffusion annealing. The only 

difference between the two profiles is a significantly lower activity in the fast-diffusion 

part of the profile measured in the pre-annealed sample.  
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 We correlated the slow-diffusion parts of profiles with the "normal" GBs 

exhibiting the diffusivities close to the ones of GBs in coarse-grained copper, while the 

fast-diffusion parts of profiles were correlated with the non-equilibrium GBs formed 

during SPD (section 5.2.1.3). Therefore, the extinction of the fast-diffusion part only 

can be considered as evidence for the relaxation of those meta-stable GBs formed 

during SPD.  

 It should be examined whether this observation could be associated with 

differences in microstructures rather than GB relaxation. Comparison between the 

microstructures attained after 240 °C, 5h and 300 °C, 2h annealings (Figs. 4.10 (b) and 

4.17, respectively) indicates no significant difference in grain sizes. It can be seen in 

Fig. 5.1 that annealing of these samples at 240 °C yields full recrystallization after 2 h. 

This means that most of the diffusion-annealing time the microstructures shown in 

both figures are more or less identical. This cannot account for 1 order of magnitude 

difference in absolute values of activity. Moreover, a considerable difference in grain 

size between both samples should have a uniform effect on both parts of profiles. 

Therefore, we maintain that the difference in profiles shown in Fig. 4.18 can be 

correlated with the intrinsic properties of GBs.  

The discussion of the effect of the different heat-treatments on GB relaxation 

(section 5.1.4) included a relation to the annealing at 300 °C, 2 h. It was shown that 

under these conditions the UFG microstructure is preserved for the first 5 min only, 

and then recrystallizes to the final grain size (Fig. 4.17). In the CG state the 

corresponding relaxation time is large, so that we expect that the most significant 

relaxation processes should occur during these first 5 min. Indeed, according to ML 

model (Fig. 5.2) the corresponding relaxation time is about 1 h. We concluded that the 

GBs in the Cu samples pre-annealed at 300 °C for 2 h are only partially relaxed. 

Nevertheless, this partial effect leads to significant changes in the activity profile, see 

Fig. 4.18. This behavior can be explained by the fact that GB diffusion is much more 

sensitive to changes in the free volume (i.e. concentration of vacancies) than GB 

energy, as discussed in section 2.3. For example, high-resolution TEM observations of 

the 110  tilt GBs in Au [124] have shown that the simulated GB energy is increasing 

with the increase of free volume. Computer simulations performed in parallel provide a 

more quantitative information, predicting that the relative increase in GB energy and 

GB expansion are the same. Wynblatt and Takashima [41] introduced similar 
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dependence, as shown in Fig. 2.6. In any case, variations in GB energy are usually 

limited to one order of magnitude [32]. However, variations in GB diffusivity with 

changing free volume can reach several orders of magnitude [31, 32]. Concerning our 

results, even the partial relaxation of non-equilibrium GBs is accompanied by a 

decrease in the number of GB dislocations, as shown in section 2.4.3. This can 

considerably reduce GB diffusivity [54].  

5.2.2.5: Comparison with SIMS depth-profiling 

 In addition to radiotracer studies, we characterized the GB diffusion of Ni in 

pure ECAP-ed Cu with the aid of dynamic SIMS depth-profiling. The major adavntage 

of SIMS in the context of this study is its better depth resolution than that given by 

serial sectioning radiotracer method. For example, the SIMS profiles shown in Fig. 

4.19 and containing dozens of points were collected from an analysis depths of up to 2 

µm. The extension of radiotracer profiles is up to dozens of micrometers (e.g. Fig. 4.8).   

  The diffusion annealings of the Cu samples analyzed by SIMS were performed 

after annealing for 1 h at the temperatures of 160 °C, 200 °C, and 230 °C. Such 

conditions do not have a considerable effect on microstructure of pure Cu (see Fig. 

5.1), in contrast with the heat-treatments employed in radiotracer experiments and 

listed in Table 3.1. Thus, the derivation of the diffusion coefficients from the profiles 

(Fig. 4.19) can be done using the Eq. (4.1) directly, without the need for interpretation 

or complicated data analysis.  

 Two comments can be made from comparison between the diffusion data 

collected by serial-sectioning and SIMS. The first one is the proximity between the 

diffusion coefficient measured by SIMS and the slow-diffusion coefficients measured 

in the serial sectioning. The second one is the absence of a "fast-diffusion" part in the 

profiles acquired by SIMS (see Fig. 4.19). Figure 5.10 presents the diffusion 

coefficients measured by SIMS on an Arrhenius diagram together with the slow-

diffusion data in Cu measured in the radiotracer method. The latter were presented and 

discussed in section 5.2.2.3. 
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Fig. 5.10:  Arrhenius diagram showing the "slow" GB diffusivities of Ni in pure 
Cu. The data acquired by SIMS are presented as blue diamonds. The 
rest of of the data was taken from Fig. 5.9.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 The proximity between both sets of diffusion coefficients can be seen in Fig. 

5.10. It supports the validity of slow-diffusion data presented in Figs. 4.8 and 4.12, in 

which only few data points constitute the profile due to instrumental resolution 

limitations. In turn, the slow-diffusion parts of profiles obtained by SIMS analysis are 

better resolved, as shown in Fig. 4.19. It can be seen in Fig. 5.10 that both sets of data 

are close to each other at 160 °C and 200 °C, but diverge significantly at 230 °C. This 

can be explained by a rough estimation of the "slow"-diffusion lengths obtained after 1 

h annealing at the corresponding temperatures, which are calculated from the slow-

diffusion data. These values are: sD t = 0.2 µm, 0.6 µm, and 1.2 µm for 160 °C, 200 

°C, and 230 °C, respectively. The corresponding profiles shown in Fig. 4.19 have the 

total depths of: 2 µm, 1.6 µm, and 1.4 µm, respectively. Normalizing the depth of each 

profile by the corresponding value of sD t yields the following ratios: 10, 2.7, and 1.2 

for 160 °C, 200 °C, and 230 °C, respectively. It can be concluded that the profile 

measured after diffusion at 230 °C is not representative, since it has a total depth that is 
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slightly above sD t . This distance is inadequate for reliable calculation of the diffusion 

coefficient due to decreasing slope. 

 The absence of a "fast-diffusion" part in the profiles acquired by SIMS can be 

associated with the sensitivity inferior to that of the radiotracer measurements. This 

drawback is compensated by relatively high depth-resolution that the SIMS technique 

offers. In principle, there is an inherent interplay between spatial resolution and 

detection limit. In the radiotracer technique one can take advantage of this trade-off in 

order to resolve the fast-diffusion profile. This was done by us by selecting larger 

sections in the deeper parts of profiles, thus collecting higher values of absolute 

activity. As a result, the values of specific activity in the fast-diffusion parts do not 

suffer from considerable "noise". In SIMS, this is equivalent to increasing the 

sputtering rate [96]. However, higher sputtering rates can lead to local heating of the 

sample and re-distribution of the solute by the ion flux. Besides these factors, the 

detectability of SIMS is insufficient for resolving the low-activity profiles due to 

forward ion mixing and the formation of rough surface texture during ion 

bombardment [97, 98]. Several methods have been developed for reducing this effect 

experimentally, i.e. during the SIMS analysis [97, 98, 100, 101]. Other methods based 

on de-convolution operations have been applied for extracting the true penetration 

profile from the measured one [99, 125-127]. However, considering the extremely-low 

intensity of the fast-diffusion profiles, none of the above can provide better results with 

respect to the serial-sectioning radiotracer technique.  

 Following the comparison between the serial-sectioning radiotracer technique 

and SIMS, it is interesting to consider another related technique. An apparatus for ion 

beam sputtering that enables measuring the radioactivity depth-profile was introduced 

by Wenwer et al. [128]. This technique offers the capability of combining both high 

spatial resolution at shallow depths typical to ion sputtering and high detectability 

typical to radioactive measurements. Nevertheless, the same problems relating ion flux 

effects may be involved. For example, the low-activity profiles can be missed due to 

ion-mixing.  

 It can be concluded that the serial-sectioning radiotracer technique is the 

optimal method of choice for the detection of low-activity profiles. This statement is 

well-illustrated by comparing the results obtained with the aid of radiotracer technique 
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and SIMS. An important question arising from the present discussion concerns the 

magnitude of systematic errors typical to radiotracer technique. In the following 

section a quantitative estimation of instrumental errors introduced by this technique 

will be given. 

5.2.3: Evaluation of the drive-in effect 

As the major finding of this study is an anomalously fast diffusion in some 

GBs, it is essential to estimate the influence of grinding during serial sectioning on the 

obtained activity profiles. This problem is similar to "forward ion mixing" observed in 

sputtering-based depth profiling (i.e. SIMS), and results in broadening of the actual 

concentration profile. This leads to the overestimation of the diffusion coefficient. 

Serial sectioning by successive grinding may introduce errors in measured penetration 

profiles in relatively soft materials.  

It was mentioned above (section 4.2.3) that identical diffusion profiles were 

obtained for different grinding conditions, demonstrating that "forward mixing" has 

almost no effect on our experimental results. Nevertheless, it is necessary to quantify 

this effect. After the removal of one layer, a certain portion of radioisotope is grinded 

into the next layer. As a result, only the remaining part of activity is measured, while 

the activity of the next layer is enhanced by the “grinded-in” isotope. Our approach 

was to prepare a test sample (see section 4.2.3) in exactly the same manner as other 

samples for diffusion annealing. Measuring the activity profile in such sample without 

diffusion annealing provides a "device function" that characterizes forward mixing 

during grinding. The device function determined in this study is presented in Fig. 4.9 

as "zero" profile.  

We consider the distortion caused by grinding-induced forward mixing in the 

radioisotope activity profile, r(x), formed after diffusion annealing. The device 

function denoted as G(x) can be represented as a linear superposition of a delta-

function in the initial part, and a linear combination of several exponentially-decaying 

functions, g(x): 

                                    (5.25)( ) (1 ) ( ) ( )G x x g xη δ η= − ⋅ + ⋅  
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where η is a weighting factor, and g(x) is given by: 

                                          (5.26)
1
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jj

g x C e−

=
= ∑  

This representation of g(x) is based on the assumption that a constant fraction of 

radioisotope in a given layer penetrates into the next layer as a result of grinding [125, 

126]. The resulting measured penetration profile, e(x), is a convolution of the device 

function and true activity profile: 

                                     (5.27)
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Equation (5.27) reflects the fact that the activity in a certain section is affected by the 

previously measured sections only. A combination of Eqs. (5.25) and (5.27) yields: 

                         (5.28) 
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For further analysis, it is convenient to represent the function r(x) as a superposition of 

n Gaussians: 

                                         (5.29) 
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where Ai and ai are constants, ai being related to the diffusion coefficients. Combining 

Eqs. (5.25)-(5.29) and normalizing Eq. (5.26) we get: 
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The second term on the right-hand side of Eq. (5.30) describes the distortion of the 

diffusivity determined from the experimentally measured activity profile caused by 

grinding-induced forward mixing. The term in brackets vanishes for 0x →  and 

converges to a constant value of 1
2
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 for x →∞  . As a result, the forward 
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Fig. 5.11: The experimentally measured specific activity profile in the sample 
annealed at 240 °C for 5h ( ), the reconstructed "true" activity profile 
with optimized set of parameters in Eq. (5.29) (solid line), and "zero" 
profile, or device function (dashed line). The convolution of two latter 
functions is shown by open diamonds.  

mixing may formally transform a Gaussian-like profile into lnC vs. x dependence at 

large penetration depths, which corresponds to a “ghost” GB diffusion contribution. 

Such behavior implies that significant correction, if any, will be needed only for the 

fast diffusion section of activity profile measured at large depths.  

In order to quantify the effect of forward mixing on the measured activity 

profiles, we selected a representative profile (240 °C, 5h) shown in Fig. 4.9. The 

device function G(x) defined by Eqs. (5.25) and (5.26) was fitted to the experimentally 

determined zero profile, yielding two (m=2) sets of (Cj, bj) parameters and the explicit 

value of η . The unknown "true" activity profile was approximated by a sum of two 

Gaussians, see Eq. (5.29). The initial set of parameters (Ai, ai) in Eq. (5.29) was 

selected in a way that gave an activity profile very close to the experimentally 

determined one. The simulation of the measured profile was performed by convoluting 

this initial approximation with the device function G(x) according to Eq. (5.30).  
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An iterative process was performed in which the parameters (Ai, ai) were varied 

to obtain the least difference between the convoluted and experimentally measured 

activity profiles. The results of this iterative procedure are summarized in Fig. 5.11, 

indicating a negligible effect of forward mixing on experimentally measured activity 

profiles.  

In summary, in the given experimental conditions the effect of forward mixing 

turned out to be negligible, mainly due to a strong (about four orders of magnitude) 

decrease of the tracer concentration already after the fourth section in the “zero” 

profile, Fig. 4.9.  

5.2.4: EDS profiling in the STEM 

 EDS analyzes along the Cu and Cu-Zr GBs in the vicinity of the interface with 

Ni/Cu-alloys were performed in the STEM, as shown in section 4.5. The sample 

containing the Ni/Cu interface was annealed at 190 ºC for 1 h. The profiles of Ni-Kα 

intensity measured across the Ni/Cu interface along the GB and in bulk are nearly 

identical, as shown in Fig. 4.30. It was suggested by us (section 4.5.1) that this 

resemblance might be associated with GB migration in the direction normal to the 

interface. This may cause homogenization of the Ni concentration in the vicinity of the 

interface during the diffusion annealing [73]. This possibility is, however, ruled out, 

since qualitatively similar distribution of Ni was observed at the Ni/Cu-Zr interface 

(section 4.5.2). The Ni/Cu-Zr couple was annealed at 240 ºC for 5 h. In these 

conditions no microstructure evolution is expected (see section 4.2.1). 

The most valuable information that can be inferred from such measurements 

relates to the distribution of Ni in the vicinity of GBs of the Cu alloys. If the solute is 

concentrated in the GB cores only (type-C diffusion) [78], then the exact diffusion 

profile of solute along an individual GB cannot be acquired by EDS profiling due to 

low detectability. For instance, the volume fraction of a GB with the thickness δ  

within the analysis volume probed by an electron beam with the diameter D is about 

Dδ , disregarding beam broadening. Taking the characteristic values of δ =0.5 nm 

and D = 50 nm, we obtain a volume fraction of about 1%. If the elements probed are 

Ni and Cu, then this value is roughly equal to the atomic fraction. This value is 

comparable with the practical quantification limit obtained by the EDS in standard 

operating conditions, 0.5% - 1% [105]. This calculated amount of solute in GBs 
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detected by EDS was calculated assuming that the solute is concentrated in a full 

atomic monolayer in the GB core. Therefore, this should be the maximal concentration 

measured along the GB. It means that measurements of type-C diffusion profiles along 

individual GBs using EDS is not feasible. From this point of view, EELS can be more 

valuable [129]; however, it requires samples with smaller thickness than the present 

ones. Producing a 15×15 µm2 samples in the FIB makes it difficult to control the 

thickness when it is smaller than 100 nm. 

 In contrast with the above description, in type-B diffusion [78] the solute 

penetrates from GBs into the bulk, so that the detected signal within the EDS analysis 

volume could be adequately intensive. In practice, measurements of penetration 

profiles along individual GBs in B-regime have been performed applying other 

techniques more sensitive than EDS/STEM. For instance, Schwarz et al. [130] 

implemented SIMS depth profiling of Ni along individual Cu GBs normal to the 

surface. In this case, although B-regime kinetics prevails, the measurements reached at 

the detection limit of SIMS.   

 Following the above arguments, EDS analysis can be useful in the case of 

Ni/Cu-alloy couples to determine whether the conditions of Harrison's C-type GB 

diffusion are fulfilled. In addition, in spite of the negligible diffusion distance in the 

bulk, for high dislocation densities the conditions of C-regime can be violated due to 

the dislocation pipe diffusion. In this case, the GBs represent the main short circuit 

diffusion path. Then, the solute atoms diffuse from the GBs into the dislocation pipes. 

Additionally, bulk diffusion may also play a role in combination with GB diffusion and 

dislocation pipe diffusion. The weighted effect of these factors as well as dislocations 

density depend on temperature and time. The mathematical treatment of this "pseudo-

B" regime has been given by Klinger and Rabkin [118], and experimental evidence 

were provided by Divinski et al. [131].  

 Concerning our present Cu-alloys, it is expected that the pronounced structural 

inhomogeneity in the bulk caused by the ECAP should produce similar pseudo-B 

diffusion behavior. Therefore, EDS profiles taken along individual GBs are expected to 

exhibit a measurable signal only if the effect of neighboring bulk dislocations is 

dominant. Otherwise, the conditions of classical C-regime are fulfilled.    
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  Several Ni-Kα profiles were taken across the Ni/Cu-alloy interface at different 

positions, and all exhibited the same behavior. It should be examined whether this 

behavior is due to diffusional homogenization of Ni. This can be associated with high 

density of lattice dislocations resulting in new diffusion regimes as detailed above. 

However, the values of diffusivities that were extracted from these profiles according 

to the procedure detailed in section 4.5 disprove this possibility. The apparent diffusion 

coefficients corresponding to the Ni/Cu and Ni/Cu-Zr interfaces are 

( ) 18 28.3 0.7 10 /m s−± ⋅  and ( ) 19 25.8 0.1 10 /m s−± ⋅ , respectively. These diffusivities 

are significantly lower than the diffusion coefficients along the slow GBs at respective 

temperatures determined in radiotracer experiments (see Figs. 5.5 and 5.10). While the 

temperature-dependence of the latter is clear, the former does not exhibit such 

dependence. Moreover, a slight decrease of these "diffusivities" with temperature is 

observed. Therefore, we conclude that the possible effect of lattice dislocations in the 

vicinity of GBs cannot be confirmed in the present experimental conditions.  

 Both the resemblance between profiles taken along GBs and bulk, as well as 

the proximity between apparent "diffusivity" measured in different annealing 

conditions lead to the conclusion that instrumental limitations play a significant role in 

these measurements.  

The first possible one is an effect of the electron beam broadening within the 

sample, causing a smearing of the intensity across the interface [105]. Such effect is 

certainly independent of the annealing conditions. Indeed, comparison between both 

profiles shown in Figs. 4.30 and 4.32 indicate that they have the same characteristic 

width, although they were measured after different annealings. Moreover, the apparent 

diffusion coefficients derived from both are very close to each other. Nevertheless, the 

characteristic width of both profiles is 200 – 300 nm, a value that is too large 

considering this effect. For instance, other investigations dealing with EDS 

measurements across interfaces formed is solid-state reactions [103, 104] indicate an 

order of magnitude lower instrumental broadening of the concentration profiles.  

A more probable explanation for these observations is sputtering and re-

deposition of solutes caused by ion milling in the FIB. As a result, local changes in 

composition are expected [102]. In the present experimental work two different 

techniques of sample preparation were applied: the lift-out and the cross-section 
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techniques. Both yield the same effect. Apart from the concentration profile in the 

vicinity of the interface, ion milling causes a background intensity of Ni far from the 

interface (several µm) of about 1%, which can be regarded as the quantification limit 

typical to this method. It is interesting to regard a similar investigation reported by 

Schwarz et al. [132], in which the Ni/Cu interface was prepared in the same lift-out 

technique in the FIB, and the composition was characterized by EDS/STEM. The 

interdiffusion zone, however, was in the range of 50 µm. Furthermore, the range of 

concentrations taken into account was above 10%. Thus, instrumental effects were not 

dominant in the cited work.  

It can be concluded that the present experimental conditions, where diffusion 

length is 1-3 µm and the compositions to be analyzed are in the range of less than 5%, 

another technique of sample preparation less destructive than ion milling in FIB should 

be used.  

 

5.3: Relative GB energy 

 This section discusses the results of measurements of GB energy in the ECAP-

ed Cu samples presented in section 4.4. The thermal grooves were formed in the as-

pressed samples annealed at two different conditions: 400 ºC, 15 min and 800 ºC, 2 h, 

which have been defined as class 1 and class 2, respectively.  

5.3.1: The thermal grooving conditions 

 The annealing parameters selected in this study enabled the process of thermal 

grooving in both sets of samples. Annealing of copper at 400 °C ( 0.5 mT≈ , where mT  is 

the melting temperature) for 15 min is expected to produce thermal GB grooves by 

surface diffusion mechanism [86, 87]. For this range of temperatures, the empirical 

correlation for surface diffusion coefficient, Dsurf, in fcc metals [31]  

51.4 10 exp 7 m
surf

TD
T

−  = × − ⋅ 
 

    m2/s                                 (5.31) 

yields a diffusion length of about 100 µm for these annealing parameters, which is 

much larger than the groove width (less than 1 µm). Therefore, it can be maintained 

that the dihedral angles obtained in both sets of samples correspond to the full 
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mechanical equilibrium established at the roots of GB thermal grooves. Moreover, 

these grooves cannot be associated with the electrochemical etching performed prior to 

annealings because a significant grain growth occurred in the samples during 

subsequent heat treatments, so that the final GB grooves were formed at initially planar 

surface. Thus, the dihedral angles determined by AFM in this work represent the true 

mechanical equilibrium at the triple junction which justifies the use of Eq. (3.11).  

 An important question is how representative of the as-pressed state are the GBs 

in the class 1 samples. Figure 4.20 clearly demonstrates that considerable grain growth 

has occurred in these samples during annealing. In several previous works it was 

shown that the process of non-equilibrium GB relaxation in UFG and nanocrystalline 

materials can occur prior to both recrystallization and grain growth. For example, in a 

thorough work of Tschöpe, Birringer, and Gleiter [72] reviewed in section 2.5.3 the 

heat released in nanocrystalline Pt samples was measured by DSC and correlated with 

their grain size. It was shown that although grain growth begins only at 500 K, 

exothermal peaks in the DSC heating curves are observed already at 400 K. Other 

experiments in nanocrystalline metals using the DSC technique [64, 66] indicate the 

presence of exothermal peaks at temperatures lower than the threshold temperature for 

grain growth. In our experimental conditions, however, it was assessed (section 5.1.4) 

that annealing of the ECAP Cu at 400 ºC, 15 min does not cause considerable 

relaxation of GBs, while 2 h annealing at 800 ºC cause complete relaxation. These 

calculations are based on modified models that were fitted to the present experimental 

conditions, as described in section 5.1.3. Therefore, the samples denoted as "class 1" 

and "class 2" represent, in a good approximation, the as-pressed and relaxed GB states, 

respectively.  

 5.3.2: Difference in relative GB energy 

The average relative GB energy in class 1 samples is almost twice as large as 

an average GB energy in class 2 samples, as shown in section 4.4.2. Under the 

assumption that only a partial relaxation of the non-equilibrium state occurs in the GBs 

in class 1 samples, we obtained here a validation of the concept of non-equilibrium 

GBs: a meta-stable state that transforms into the relaxed, equilibrium state during 

annealing at elevated temperature (800 °C). This finding is in a good agreement with 

the results of several previous studies. For example, the theory of Nazarov that was 
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reviewed in section 2.4.2 predicts a ratio of 2 between the energy of non-equilibrium 

and relaxed GBs for copper with a similar grain size (see Eq. (2.10)). Zhilyaev et al. 

[71] measured by the DSC method the enthalpy released during grain growth in UFG 

nickel samples produced by several modifications of SPD. The values of released 

enthalpy were correlated with the GB energy considering the initial and final grain 

size, as well as a geometrical shape factor. It was found that the estimated GB energy 

in the SPD-processed nickel was by a factor of about 1.4-1.7 higher than the GB 

energy in relaxed samples.  

Apart from the studies of GB energy, measurements of GB diffusion in UFG 

alloys obtained by ECAP indicate the increased diffusivity in the as-processed state 

[55, 56, 60, 61] as shown above (section 2.5.1). Concerning the present research, the 

difference in GB energies observed in the samples of class 1 and 2 agrees well with our 

diffusion results presented in sections 4.2 and 4.3. We reported on the bimodal 

diffusion behavior of Ni along the GBs of UFG Cu-0.17 wt.% Zr and pure Cu obtained 

by ECAP. Two distinct slopes in the measured diffusion profiles indicated the co-

existence of two populations of GBs with the diffusivities which are either comparable 

with the GB diffusivity in coarse grained Cu or higher than the latter by 2-3 orders of 

magnitude. We associated these "fast" GBs with the non-equilibrium GBs produced 

during ECAP. It is known that both GB energy and diffusivity increase with increasing 

GB free volume [30, 32, 124] (see the discussion in section 5.2.2.4), so that non-

equilibrium GBs with increased free volume should exhibit both an increased energy 

and increased diffusivity. In fact, the GB diffusion is much more sensitive to variations 

in GB free volume than GB energy. However, the latter is the most direct indication for 

the non-equilibrium state of GBs. It should be remarked that a similar explanation was 

given by us to the behavior of the pre-annealed Cu samples in section 5.2.2.4. We 

conclude that both sets of results regarding GB diffusion and GB energy are in a 

qualitative agreement with each other, and can be explained using a concept of 

increased free volume of the non-equilibrium GBs. 

5.3.3: The effect of surface texture  

 Since the expression for relative GB energy introduced by Eq. (3.11) 

incorporates surface energy, it is important to compare the surface textures of both 

samples classes. It can be seen from the comparison of both OIM images shown in Fig. 
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4.24 (a) and (b) that the surface textures in class 1 and 2 samples are close to 011  

and 111 , respectively. This difference in textures may affect the conclusion drawn 

above (section 5.3.2) concerning the link between relγ  and relaxation of GBs. 

  It is known that in metals the surface energy, sγ , decreases with increasing 

planar density of atomic packing. For instance, in fcc metals the surface energies obey 

the following inequality: 

                                  (5.32) ( ) ( ) ( )111 001 011s s sγ γ γ< <  

This relationship has been confirmed for many transition metals. For example, 

embedded atom method [30] calculations predicted the values of: 1.409, 1.641, and 

1.651 J/m2 for copper [133] with respect to the sequence in Eq. (5.32). Broken-bond 

calculations using the first-neighbor approximation predicted the values of: 1.91, 2.15, 

and 2.31 J/m2 for copper [134], respectively. Both results follow the same trend of Eq. 

(5.32).  

 Applying the inequality (5.32), we can conclude that the average surface energy 

in the samples of class 1 is slightly higher than that of class 2. Since the relative GB 

energy, relγ , defined in Eq. (3.11) is the ratio between GB and surface energies, the 

values of relγ  measured in class 2 samples are expected to be slightly higher than in 

class 1 samples, even in the case where no changes in GB energy occur. However, 

since the opposite behavior was observed, we can conclude that the GBs in samples of 

class 1 exhibit higher energies (on average) than the GBs in samples of class 2. 

It should be noted that in Eq. (3.11) the Herring torque terms have been 

neglected. The sign of the torque term depends on the sign of surface deviation from 

singular orientation, while its amplitude is proportional to the angular derivative of γs. 

The way how torque terms affect the average value of γrel is difficult to predict. As a 

rule, the amplitude of the torque terms rarely exceeds the amplitude of surface energy 

anisotropy. The analysis of this section shows that this anisotropy is insignificant with 

respect to the difference in GB energies caused by different annealing conditions (see 

Fig. 4.23). For example, Hodgson and Mykura [135] measured the GB energies in 

nickel from the GB groove dihedral angles, and considered also the torque term. They 
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concluded that these torques could be neglected with respect to the systematic error in 

the determination of relγ . Moreover, in cases where torque terms are significant, 

particular shapes of the groove profiles are expected, such as hillocks and faceted 

grooves [30]. In the present case, however, such typical shapes were not observed. 

Therefore, we can safely exclude the possibility that the measured difference in GB 

energies is caused by surface texture. 

5.3.4: The effect of GB character distribution  

 Although the GB grooves analyzed in AFM were selected randomly, the 

difference in GB energies in the samples of class 1 and 2 observed in this study might 

be associated with a change in the GB character distribution upon grain growth, rather 

than with a relaxation of the non-equilibrium GBs. In particular, one can expect that an 

increase in the fraction of the low energy, low-Σ GBs (like the 3Σ  twin boundaries) in 

the total GB population will result in a decrease in the average GB energy. Our OIM 

observations shown in Fig. 4.25 indicate, however, that the fraction of the 3Σ  

boundaries in class 2 samples is smaller by a factor of 3 than the respective fraction in 

class 1. In order to visualize the change in GB character distribution upon annealing, 

we plotted in Fig. 5.12 the misorientation dependence of the ratio between the 

normalized fractions of GBs with a given misorientation in class 1 and 2 samples. 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig.5.12: The misorientation dependence of the ratio of relative fractions of GBs 
with a certain misorientation angle in the samples annealed at 400 and 
800 °C. The line is added as a help for the eye. 
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This dependence exhibits sharp peaks at certain misorientation angles corresponding to 

low-Σ CSL misorientations of 3Σ , 9Σ , 11Σ , and 17aΣ . It is known that these 

misorientations also correspond to the cusps in misorientation dependencies of GB 

diffusivity and mobility, and may (or may not) be associated with the cusped minima 

in the misorientation dependence of GB energy [32, 136-138]. An increased fraction of 

these GBs in class 1 samples supports the conclusion that the increased relative GB 

energy in these samples stems from the non-equilibrium state of GBs and not from 

their character distribution.  

5.3.5: The effect of temperature 

 Other point that should be clarified is a possible effect of the annealing 

temperature on the dihedral angle ψ  (and, correspondingly, on the values of relγ ) in 

Eq. (3.11). ψ  should not depend on the time of grooving, providing that the latter is 

large enough to obtain an equilibrium value of ψ  (this was shown in section 5.3.1). 

However, ψ  should depend on the temperature of grooving. The temperature 

dependence of the equilibrium dihedral angle between two interfaces contacting the 

GB at the triple line has been studied in a number of earlier works. Eustathopoulos [88] 

and Coudurier [89] studied the process of GB grooving in the presence of liquid phase 

in several metallic systems. In all cases the dihedral angle between two solid/liquid 

interfaces at the root of GB groove decreased with increasing temperature. The 

decrease of dihedral angle with increasing temperature was reported by Allen [91] for 

several metal/metal and metal/vapor couples, and by Shin et al. for the GBs in 

polycrystalline alumina annealed in air [139]. Similar trend was observed in the study 

of Felberbaum et al. [140], in which the equilibrium dihedral angles of the 

intergranular Pb inclusions in the Cu/Pb alloy were measured at different temperatures. 

The decrease of dihedral angle with increasing temperature can be understood in terms 

of difference in excess entropies of the GBs and solid/liquid or solid/vapor interfaces. 

The latter two types of interfaces exhibit higher degree of structural disorder and lower 

atomic thermal vibration frequencies than those in the GBs, which translates into 

higher excess entropy. Therefore, the ratio between bγ  and sγ  increases with 

increasing temperature, which according to Eq. (3.11) means decreasing ψ . In the 

present work we observed the opposite trend. This means that the measured ratio of 

1.78 between the average relative GB energies in the samples of class 1 and 2 
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represents only the lower limit of the actual ratio, which again confirms the high 

degree of non-equilibrium of the GBs in class 1 samples.  

 Finally, the possible effect of surface and GB segregation of residual impurities 

on the calculated values of γrel should be discussed. The misfiting impurities (i.e. Bi in 

Cu) segregate stronger at the free surfaces than at the GBs, which results in increase of 

γrel since the segregating impurities lower the interfacial energy [141]. This effect is 

more pronounced at low temperatures because the amount of segregated impurities 

increases with decreasing temperature. However, the recent data on kinetics of GB 

segregation in Cu show that annealing time at 400 °C (15 min) employed in this study 

is insufficient for achieving the equilibrium segregation level [142]. According to 

segregation diagrams presented in Ref. [142], reaching 50 % of GB saturation in the 

Cu-50 at. ppm Bi alloy at 400 °C requires annealing times longer than 100 h, even if 

the fast diffusion along the dislocation cores is taken into account. Therefore, the effect 

of residual impurities on γrel can be disregarded in the context of the present work.  
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6. SUMMARY AND CONCLUSIONS 

The main objective of this research is to quantify the degree of non-equilibrium 

of GBs in UFG Cu alloys produced by ECAP by studying the GB diffusivity and 

energy and comparing them with those of equilibrated GBs in annealed polycrystals of 

identical chemical composition. Our results can be divided into three major groups: GB 

diffusion in ECAP-ed Cu-0.17% Zr, GB diffusion in ECAP-ed pure (99.98%) Cu, and 

GB energy in ECAP-ed pure Cu. In accordance with this classification, we can 

summarize the findings of this work as following:  

GB Diffusion of Ni in the Cu-Zr alloy produced by ECAP 

The GB diffusion of 63Ni radiotracer in the temperature range of 150 – 350 °C 

occurred in Harrison's C-regime, in which diffusing radiotracer is confined within the 

GB cores. Alloying with Zr stabilized the microstructure of the alloy, maintaining a 

constant average grain size of 300 nm during all heat treatments. The following 

conclusions can be drawn from this diffusion study: 

1. The specific activity depth profiles measured by serial sectioning technique 

exhibited two distinct regions with different slopes. The section with a larger 

slope and a higher specific activity in the near-surface region was followed by a 

longer section with a lower specific activity and a smaller slope.  

2. It was shown that grinding-induced forward mixing of radiotracer during serial 

sectioning has a negligible effect on measured activity profiles. Therefore, the 

low-slope section of the activity profile represents a real diffusion process that 

occurs in the sample during annealing and is not an experimental artifact. It was 

concluded that two GB families with very different diffusivities are present in 

the ECAP-processed samples. 

3. Based on the analysis of the measured activity profiles, we proposed a 

hierarchical microstructure model of the UFG Cu-Zr alloy studied. In this 

model, a cellular skeleton of "fast" GBs with the characteristic cell size in the 

micrometer range is embedded in a network of "slow" GBs formed by ultrafine 

grains with the average size of about 300 nm. This model allowed a 

quantitative processing of the measured activity profiles. The parameters in the 

Arrhenius equations representing the temperature dependence of the GB 
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diffusivities for the "slow" and the "fast" GBs were determined. The 

corresponding GB diffusivities are: 

                               
( )

( )

0.9 7 2
0.5

8.4 3 2
1.3

84 4 /1.4 10 exp /

96 14 /1.6 10 exp /

s

f
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RT

kJ moleD m s
RT

+ −
−

+ −
−

 ±
= ⋅ ⋅ − 

 

 ±
= ⋅ ⋅ − 

 

 

For "slow" and fast" GBs, respectively. 

4. It was shown that the diffusivity of "slow" GBs determined in this work is in 

excellent agreement with a recently measured 63Ni diffusion coefficient in the 

GBs in ultrapure, coarse grained Cu. It was concluded that the newly formed 

GBs in ECAP-processed samples do not exhibit any Zr segregation.  

5. Finally, from the totality of the data available, it was conjectured that "fast" 

GBs are associated with the initial GBs of the pre-ECAP coarse grain 

microstructure. The non-equilibrium state of these GBs is associated with the 

absorption of lattice dislocations during ECAP.  

GB Diffusion of Ni in pure Cu produced by ECAP 

The GB diffusion of 63Ni radiotracer in the temperature range of 150 – 280 °C 

occurred in Harrison's C-regime. In contrast to the Cu-Zr alloy, the UFG samples of 

pure Cu exhibited recrystallization during all thermal annealings. The following 

conclusions can be drawn from this diffusion study: 

1. The explicit expression describing the time-dependence of the volume fraction, 

λ, of the non-recrystallized UFG matrix in this ECAP-produced Cu was 

obtained: 

                 ( ) 1.14 0.21162 10 /( ) exp exp 38 2 kJ molet t
RT

λ ±
  ±  = − ± − ⋅
  

  

, t [h] 

2. The measured radiotracer penetration profiles exhibited a bimodal shape similar 

to that observed in the Cu-Zr alloy. This implies that such bimodality can be 

associated with diffusional behavior typical to alloys produced by ECAP.  
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3. A model that considers simultaneous diffusion and recrystallization was 

developed. This model enables quantitative derivation of diffusion parameters 

from experimentally measured penetration profiles. Its main assumption is that 

diffusion flux is allowed in the UFG phase only, while the recrystallizing grains 

"freeze" the concentration of solutes existing in the UFG matrix before it was 

consumed by recrystallizing grain. Application of this model enabled us 

calculating the slow-diffusion coefficients, while the fast-diffusion ones were 

calculated according to the hierarchical model. The determined temperature 

dependences of the GB diffusivities can be expressed by the following 

Arrhenius relationships: 
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for the "slow" and the "fast" GBs, respectively. 

4. Comparison between the two diffusion profiles measured after diffusion 

annealing of the as-pressed and pre-annealed (2 h at 300 °C) samples indicated 

a decrease of the radiotracer activity in the fast-diffusion part of profile 

measured in the pre-annealed sample. This was interpreted in terms of a partial 

relaxation of the non-equilibrium GBs, which confirms their meta-stable nature 

in the as-pressed state.  

To summarize this section, derivation of diffusion coefficients from the penetration 

profiles measured in the samples with evolving microstructure requires the application 

of models that correlate diffusion behavior with microstructure. Developing such 

model allowed us to correlate the fast-diffusion paths with non-equilibrium GBs 

produced by ECAP.  

GB energy in pure Cu produced by ECAP 

The relative energies of GBs in UFG copper obtained by ECAP were 

determined using the thermal grooving technique. The dihedral angles at the roots of 

GB grooves formed after annealings at 400 °C for 15 min and at 800 °C for 2h were 
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determined with the aid of AFM. The following conclusions can be drawn from this 

study: 

1. Annealing of the as-pressed samples with UFG microstructure at 400 °C for 15 

min and at 800 °C for 2h resulted in full recrystallization of the UFG 

microstructure and in average grain sizes of 3 and 100 µm, respectively.  

2. The average relative GB energies in the ECAP-ed samples annealed at 400 and 

800 °C are 0.48 0.11±  and 0.27 0.07± , respectively. This difference in 

energies is in good agreement with the theoretical estimates of the energy of 

non-equilibrium GBs in UFG metals obtained by SPD. Moreover, this 

difference in energies can be correlated with the presence in the same samples 

of two types of GBs exhibiting very different diffusivities.   

3. The estimates based on GB dislocation climb models demonstrate that only 

incomplete relaxation of the non-equilibrium GB state can be achieved after 15 

min annealing at 400 °C, while a full relaxation should be achieved after 

annealing at 800 °C for 2 h. It was concluded that the high relative GB energy 

in the samples annealed at 400 °C is a result of the partial preservation of the 

non-equilibrium GB state caused by ECAP.  

4. The OIM measurements of the misorientational degrees of freedom of several 

dozens GBs in the samples annealed at 400 and 800 °C demonstrated lower 

relative fraction of low-Σ CSL boundaries in the samples annealed at higher 

temperature. In the sample annealed at 800 °C the relative fraction of Σ3 twin 

GBs exhibiting particularly low energy was by a factor of 3 lower than the 

same fraction in the sample annealed at 400 °C. It was concluded that the 

change in GB character distribution upon recrystallization cannot explain the 

observed difference in relative GB energies. The observed difference in GB 

energies is, therefore, a direct experimental verification of the hypothesis of 

non-equilibrium GBs. 

 In spite of the fact that most of the objectives of this study have been achieved 

in the diffusion and thermal grooving experiments described above, there still are 

several questionable subjects that should be elaborated experimentally and 

theoretically. First, the results of the research are pointing on a clear difference in GB 

diffusivity and energy between the as-pressed and relaxed states. However, we did not 
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obtain a clear experimental picture of the kinetics of relaxation of the non-equilibrium 

state. More experiments are needed to access the properties of partially relaxed GBs. 

Second, EDS measurements on the nanometric scale near the GBs failed to prove the 

presence of Ni in the close vicinity of GBs. Therefore, we propose to apply advanced 

techniques exhibiting both high spatial resolution and detectability, such as 

Tomographic Atom Probe (TAP). Thus, by proper design of the experimental system 

intended to "catch" a GB within the probe, the characterization of Ni distribution 

around a GB is feasible. 

  From the theoretical point of view, two main models were developed and 

employed in this study. The hierarchical model enables deriving the fast-diffusion 

coefficients from the penetration profiles, and is applicable in the case of static 

microstructure. As such, it has been successfully employed in the case of diffusion in 

Cu-Zr alloy. However, in the case of Cu, where recrystallization occured during 

diffusion annealings, this model was inadequate since it failed to take into account 

changes in microstructure during annealing. We propose to develop a dynamic version 

of this model that takes into account recrystallization and grain growth. The model 

dealing with diffusion in the recrystallizing UFG phase should also be extended to 

incorporate the topological aspects and diffusion in the recrystallized regions.  
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שני . ... כולנו יודעים שהתורה מוסרת שני תיאורים של בריאת האדם
שני , שני אבות האנושות, שני אנשים, "אדם"התיאורים עוסקים בשני 

התיאור הראשון . ואין פלא שהם אינם זהים, שני נציגים של האנושות, טיפוסים
  :כח-מופיע בבראשית א כז

ָזָכר ּוְנֵקָבה ָּבָרא : ְּבֶצֶלם ֱאלֹקים ָּבָרא אֹתֹו, ָהָאָדם ְּבַצְלמֹו-תַוִּיְבָרא ֱאלִֹקים ֶא" 
ָהָאֶרץ -ְּפרּו ּוְרבּו ּוִמְלאּו ֶאת: ַוּיֹאֶמר ָלֶהם ֱאלֹקים,  ַוְיָבֶרְך אָֹתם ֱאלֹקים .אָֹתם
   ".ָהָאֶרץ- ַעלַחָּיה ָהרֶֹמֶׂשת- ּוְבָכל,  ּוְבעֹוף ַהָּׁשַמִיםּוְרדּו ִּבְדַגת ַהָּים; ֻׁשָהְוִכְב

שבתיאור הבריאה הראשון בתורה מתיחס אל " צלם אלקים"אין ספק שהמושג 
דמיונו של האדם לאלקים מתבטא . כשרונו הכאריסמטי של האדם היוצר

? "האדם הראשון"מהי מגמתו של . ... בשאיפתו וביכולתו של האדם להיות יוצר
כי , ברור? צוםמהי התכלית אשר לקראתה הוא מתאמץ ללא הרף ובמרץ ע

, "אדם"להיות " הציב בפניו' והיא התכלית אשר ה, התכלית אינה אלא אחת
. הוא עוסק במלאכה יוצרת מתוך שאיפה להדמות לבוראו. ... להיות הוא עצמו

הוא המדען המתמטי המנתק אותנו " האדם הראשון"הנציג האופייני ביותר של 
 עולם מסודר ויחסי של דפוסי ומעתיק אותנו אל... ממכלול הדברים המוחשיים 

העולם . טענותיו והוכחותיו, עולם זה הוא פרי הנחותיו השרירותיות. מחשבה
פועל בדיקנות מפליאה ומתקיים , הנרקם מתהליכי מחשבות אנושיות, הזה

המדען המודרני אינו מנסה . במקביל לפעולותיו של העולם המגוון של חושינו
יוצר -כסוכן.  אותו במלוא הדר תפארתואלא הוא רק מכפיל, לבאר את הטבע

הוא בונה עולם משלו ובאורח מסתורי הוא מצליח לפקח על , של האלקים
בשכלו הוא מעצב . ... סביבתו בהפעילו את יצירותיו המושגיות המתמטיות

הוא נהנה מיצירותיו השכליות והאסתטיות . אידיאות ובלבו הוא יוצר את היופי
למלא את " האדם הראשון" את כל אלה משתדל בעשותו. ... והוא גאה בהן

בשחר יום הששי המסתורי של , ידי בוראו אשר-התפקיד שהוטל עליו על
  :פנה אל האדם וציוהו, הבריאה

                                    
  .  "ָהָאֶרץ ְוִכְבֻׁשָה- ּוִמְלאּו ֶאת            "                       

 
 

 יק'ד סולוביצ"לרב י" נהאיש האמו: "מתוך
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  הבעות תודה

  

אלעזר גוטמנס בפקולטה ' ין רבקין ובשיתופו של פרופ'יוג' המחקר בוצע בהנחיתו של פרופ  

ין 'ברצוני להביע תודתי והערכתי העמוקה ליוג.  מכון טכנולוגי לישראל-הטכניון , דסת חומריםלהנ

אין . ידע ומשאבים הן להצלחת המחקר והן לקידום רמתי המקצועית, על נכונותו להשקעת מרץ

  .ולא רק בתחום המדעי, ין תרמה לי רבות'ספק כי שהות זו של שנים אחדות במחיצתו של יוג

גרי פרנט ' אלכס ברנר ודר' דר, רד גז'ריצ' דר, ליאוניד קלינגר' להודות לדרברצוני   

טכנולוגיה - במכון לננוFIB -אלכס להב ממעבדת ה' וכן לדר, מהפקולטה להנדסת חומרים בטכניון

  .בטכניון על ההכונה המקצועית במישור התיאורטי והמעשי

של מצב מוצק בטכניון סייעו לי ראובן ברנר מהמכון לפיסיקה ' קתרין סיטרמן ודר' גב  

אפיון של חומרים -אינה פופוב מהמרכז לננו' ברצוני לציין לשבח את דר. SIMSרבות בדגימות 

  .OIMבאוניברסיטה העברית בירושלים על השירות המעולה בדגימות 

-Westfälische Wilhelms, חלק ניכר מעבודת המחקר בוצע במכון לפיסיקה של חומרים  

Universität ,Münster ,תודתי נתונה ל. גרמניה- Dr. Sergiy Divinski על הנחיתו המקצועית 

  Prof. Guido Schmitz - ול Prof. Christian Herzig-וכן ל, והאדיבה ועל שיתוף הפעולה הפורה

, קצאת המשאביםאירוח במכון והעל ה Prof. Helmut Mehrer -לרב תודות . על עצותיהם המועילות

מימון הפעילות בגרמניה נעשה .   על ההדרכה הטכניתDr. Dietmar Baither - ו Jens Ribbe-ול

  .Minerva Stiftung, Max Planck Gesellschaftי "ע

, ל" רפא-דוד גורני ' דר: אספקת הדגמים וביצוע תהליכי הדפורמציה באדיבותם של  

  .גרמניה, Prof. Yuri Estrin , TU Clausthal:  וכן;ישראל

אלי , אנגלינה גבלב', מר מיכאל קזקביץ: להודות לצות הפקולטה ולחברי בקבוצהברצוני   

  .וכן לאלכס דוברובסקי על עזרתם וחוות דעתם, ולדימיר סקריפניוק' דר, בוכמן

ולקרן הלאומית ,  מכון טכנולוגי לישראל-ס ללימודי מוסמכים בטכניון "תודתי נתונה לביה  

  . על התמיכה הכספית הנדיבה בביצוע המחקר(Israel Science Foundation)למדע 

  .על התמיכה העידוד המרובים, ובפרט לאשתי מאיה, אודה למשפחתי, לבסוף  
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  תקציר

אחד היעדים המרכזיים במדע החומרים הנו שיפור החוזק הסגולי של החומר , מאז ומתמיד  

הדרך המקובלת להשגת מטרה זו במתכות הינה הקטנת . תמבלי לפגום בשאר תכונותיו ההנדסיו

ייצור חומרים מתכתיים בעלי גודל גרעינים קטן מלווה בהשפעה חיובית על תכונות . גודל הגרעינים

שיפור התכונות המגנטיות כגון העלאת , פלסטיות בטמפרטורות נמוכות-סופר: לדוגמה, נוספות

השיטות האחרונות שהוכיחו את עצמן . קליותהקוהרסיביות והשגת אחידות בתכונות הפיסי

 Severe: כיעילות בהשגת מטרה זו מבוססות על דפורמציה פלסטית גבוהה ומכונות באופן כללי

Plastic Deformation (SPD) .אחת מהן היא ה, אב לשיטות נוספות-הללו מהוות בנין- Equal 

Channel Angular Pressing ,שלהלן תכונה :ECAP .שיטה הנוכחית מוט מתכתי עובר במסגרת ה

אקסטרוזיה בלחץ גבוה בתוך תעלה מכופפת בזוית נתונה ובעלת חתך קבוע לאורך ציר 

-מתהוים קירות נקעים בקנה, כתוצאה ממאמצי הגזירה הגבוהים המתקבלים בדגם. האקסטרוזיה

פעם לפעם כאשר המוט הגלילי מסובב מ, לאחר מחזורים נוספים של אקטרוזיה. מיקרוני-מידה תת

מיקרוני -התוצאה המתקבלת היא מיקרומבנה בעל גודל גרעינים תת, בזוית נתונה סביב צירו

  . (High-angle GBs) בעלי זוית הטיה גבוהה (GBs)וגבולות גרעינים 

 SPD -רבות מהתכונות הפיסיקליות המיוחדות שנצפו בסגסוגות המיוצרות בשיטות ה  

גבולות  "-הללו מוגדרים כ. רעינים הנובע מאופי הדפורמציהיוחסו לאופי הייחודי של גבולות הג

. סטבילי-ונמצאים במצב אנרגטי מטא, (non-equilibrium GBs)" משקל -גרעינים בחוסר שיווי

התיאוריות המקובלות מיחסות לגבולות הגרעינים הנוצרים בשיטה זו שדות מאמצים גבוהים 

העלאה בנפח החופשי , משטחית גבוהה מהרגילאנרגיה , מהרגיל המשתרעים לטווח ארוך יחסית

בניגוד לבסיס התיאורטי המוצק העומד מאחורי המושג . אף דיפוזיביות מוגברת, ומכאן, היחסי

סטבילי זה שנויות -הראיות הנסיוניות לקיום מצב מטא, "משקל-גבולות גרעינים בחוסר שיווי"

דו למדידת הדיפוזיביות בסגסוגות חלק מן המחקרים שנוע, לדוגמה. במחלוקת ואף לוקות בחסר

גודל אחדים בהשואה - למיניהן מדוחים על מקדמי דיפוזיה גדולים בסדריSPD -שיוצרו בשיטות ה

מחקרים אחרים מצביעים על דמיון בין , מאידך. לאלו הנמדדים בסגסוגות שלא עברו תהליך זה

 לא דווחו SPD שעברו תהליכי מדידות ישירות של אנרגית גבול הגרעין בסגסוגות, בנוסף. השניים

והיעדר תוצאות בתחום אנרגית ,  מחד–אין ספק כי חוסר הבהירות לגבי תכונות דיפוזיה . עד כה

מצב זה . SPDסטבילי של החומר לאחר תהליכי -נעוצים באופי המטא,  מאידך–גבול הגרעין 

  . SPDמקשה על מדידת תכונות פיסיקליות של גבולות גרעינים לאחר 

-non -מטרת המחקר המוצג בזאת היא מתן בסיס נסיוני מוצק למושג ה, ךלפיכ  

equilibrium GBs . של גבולות גרעינים אופן הפעולה הוא ביצוע מדידות של דיפוזיביות ואנרגיה

מ לשמר את המצב " עובטמפרטורות נמוכות ככל האפשר, ECAPבסגסוגות נחושת שעברו תהליך 

מקדמי הדיפוזיה ואנרגיות גבול . לות הגרעינים תוך כדי מדידהשל גבו) אם ישנו(סטבילי -המטא

ובהתאם לזאת , )לאחר טיפול תרמי מתאים( יושוו למצב המורפה ECAPהגרעין הנמדדים לאחר 

  . ובאיזו מידה, ECAP -משקל כתוצאה מתהליך ה-נוכל לקבוע האם קיים חוסר שיווי
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וזיה בגבולות גרעינים היא שיקוע השיטה העיקרית המיושמת במחקר למדידת מקדמי דיפ   

לאחר מכן ביצוע ליטוש . ג הדגם הרצוי וביצוע טיפולים תרמיים" ע63Niהאיזוטופ הרדיואקטיבי 

 β הרדיואקטיבית של קרינת ומדידת העוצמהמבוקר של הצמד הדיפוזיוני החל מן הצד המשוקע 

באופן הזה מתקבל פרופיל . (serial sectioning)וחוזר חלילה , הנפלטת משיירי החומר המלוטש

בסדרת הטיפולים התרמיים נבחרו טמפרטורות נמוכות .  לתוך הדגםradiotracer -החדירה של ה

כך שמסלול הדיפוזיה העיקרי המתקבל הוא לאורך ,  וזמנים תואמיםC – 350 °C° 150: בתחום

  . (C-regime GB diffusion)כלפי הנפח זניחה  והחדירה, גבולות הגרעינים בלבד

א היחס בין אנרגית גבול הגרעין "ז, מ למדוד את אנרגית גבול הגרעין היחסית בנחושת"ע  

טיפול תרמי קצר . (thermal grooving)יושמה טכניקת החריצה התרמית , והאנרגיה המשטחית

הזוית . מאפשר קבלת חריצים תרמיים בפני השטח במקומות בהם ישנם גבולות גרעינים

וניתנת למדידה , ריץ מקושרת ישירות לאנרגית גבול הגרעין היחסיתהדיהדרלית בשורש הח

  . Atomic Force Microscopy (AFM)באמצעות פרופילומטריה בסריקת 

טכניקות אפיון נוספות יושמו במחקר הנוכחי לחקירת המיקרומבנה המתקבל לאחר תהליך   

 high-resolution Scanning Electron: העיקריות שבהן.  ובמהלך הטיפולים התרמייםECAP -ה

Microscopy (SEM) ,Transmission Electron Microscopy (TEM) ,Dual Focused Ion 

Beam Microscopy (FIB) .ל נעשה שימוש בטכניקת ה"בנוסף לנ- Secondary Ion-Mass 

Spectroscopy (SIMS)למדידת ריכוזים בעומקים קטנים .  

דיפוזיה בגבולות גרעינים : לחלק לקטגוריות הבאותאת הממצאים העיקריים במחקר ניתן    

 ומדידה של אנרגיות גבול ; דיפוזיה בגבולות גרעינים בתנאים דינמיים;בתנאי יציבות תרמית

  .  ובדגמים מורפיםECAPהגרעין היחסיות בדגמים לאחר 

 וניסויי ECAP -נבחרה לתהליך ה) Cu-Zrלהלן תכונה  (Cu-0.17 % wt. Zrהסגסוגת   

תצפיות , אכן). מ"גב(וזיה הודות ליציבות התרמית שלה כנגד גידול גרעינים וגיבוש מחדש הדיפ

TEMמיקרוני וכן על נוכחות - הכוללות דיפרקצית אלקטרונים מצביעות על גודל גרעינים תת

 לעומק SIMSמדידות , בנוסף.  בצורת מתבדלים ננומטריים המפוזרים בנפח הגרעיןCu5Zrהפאזה 

ככל הנראה בצורת ,  בפילוג אחיד לכל עומק המדידהZrאחדים מורות על נוכחות של מיקרונים 

תצפיות אלה מסבירות את העובדה כי גודל הגרעינים המקורי שהתקבל בסגסוגת . אטומי המסה

 –לדיפוזיה ) זמן/טמפרטורה(נשמר בכל תנאי הטיפולים התרמיים , nm 300 -כ, ECAPזאת לאחר 

  . יצוגיות יFIBכפי שעולה מתמונות 

ל הניבו פרופילי ריכוז לעומקים " הנCu-Zr שנערכו בסגסוגת 63Niניסויי הדיפוזיה של   

התנהגות זו מצביעה על . תלול ומתון: כ שני שיפועים"הכוללים בד, אופיניים של עשרות מיקרונים

יפוזיה מקדמי הד, באופן כמותי. בהתאמה, "מהיר"ו" איטי: "נוכחות שני מסלולי דיפוזיה עיקריים

- שני מסלולים אלו יוחסו על, באופן איכותי. שנמדדו תואמים ערכים של דיפוזיה בגבולות גרעינים
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ולגבולות , ECAPהקיימים בנחושת שלא עברה תהליך , "רגילים"ידינו לדיפוזיה בגבולות גרעינים 

  . בהתאמה , ECAP -משקל שנוצרו במהלך ה-גרעינים בחוסר שיווי

 הנתמכים בתמונות טופוגרפיות של ECAP -ורטיים של תהליך העל סמך שיקולים תיא  

הועלתה על ידינו הסברה כי קימת חלוקה היררכית בין שתי , AFM -המיקרומבנה שנלקחו ב

 מהוים non-equilibriumגבולות הגרעינים מסוג , לפי המודל ההיררכי.  הללוGBs -אוכלוסיות ה

נית המאכלס רשת צפופה של גבולות גרעינים מיקרו-מרווח בעל מחזוריות בסקלה על" שלד"

לצורת האינטרפרטציה של המיקרומבנה נודעת חשיבות . מיקרונית-במחזוריות תת" רגילים"

מתוך המודל , לדוגמה. מכרעת בחישוב כמותי של מקדמי הדיפוזיה מתוך הפרופילים המדודים

ם גבולות הגרעינים מסוג ההיררכי מתחייב שערוצי הדיפוזיה הראשיים הם לאורך השלד שיוצרי

non-equilibrium ,אנליזה מתמטית של . ומתוכם מתרחשת דיפוזיה לתוך הגבולות הרגילים

האיטי : התרחיש המתואר כאן מובילה לקבלת ביטוי פונקציונלי מורכב המקשר בין שני המקדמים

 כאשר המקדם האיטי מחושב בדרך המקובלת מתוך הפתרון הגאוסיאני למשואת, והמהיר

 המתארים את התלות Arrheniusס המודל ההיררכי חושבו הביטויים המלאים לפי "ע. הדיפוזיה

  :בטמפרטורה של מקדם הדיפוזיה האיטי והמהיר בהתאמה
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יש לציין כי המקדם האיטי תואם לחלוטין את ערכי הדיפוזיביות בגבולות גרעינים בנחושת טהורה 

ג " סד3-4 -מעריכי הגדול ב-המקדם המהיר כולל קבוע קדם, מאידך. ECAPיך שלא עברה תהל

-non -הבדל משמעותי זה יוחס על ידינו לנפח החופשי הגדול ב. מהמקביל לו במקדם האיטי

equilibrium GBsביחס לגבולות הרגילים .  

מים  נבחרה על ידינו לניסויי דיפוזיה בתנאים דו99.98%נחושת טהורה בדרגת נקיון   

אנו צופים שנוכל להבחין ביתר , בשל חוסר יציבותה התרמית. Cu-Zrלניסויים שנערכו בסגסוגת 

 FIBתצפיות .  לבין המצב המורפהECAPסטבילי לאחר -קלות בהבדלים שבין המצב המטא

ייצוגיות על המיקרומבנה בנחושת לאחר טיפולים תרמיים זהים לאלו המשמשים לדיפוזיה מורות 

מ מאופיין בגרעינים "תהליך הגב. מ שמתרחש בכל הטיפולים התרמיים"בה של גבעל מידה מרו

. מיקרוני-האם בעלת גודל הגרעינים התת-המופיעים בתוך מטריצת) מיקרונים בודדים(גדולים 

מ חושב באופן מפורש "הביטוי הקינטי המתאר את התלות בזמן של שבר החומר שטרם עבר גב

  : FIB -מתוך תצפיות ה

( ) 1.14 0.21162 10 /( ) exp exp 38 2 , [ ]kJ molet t t h
RT

λ ±
  ±  = − ± − ⋅
  

  

  



 X

א "ז, Cu-Zrפרופילי הדיפוזיה שנמדדו בדגמי הנחושת מציגים מגמה זהה לזו שנצפתה בסגסוגת 

  . מכילים שני שיפועים מובחנים

פותח בעבודה זו מודל המתחשב , מ לכלול בחשבון את הדינמיקה של המיקרומבנה"ע  

בהנחת תלות . האם בלבד-ינים במטריצתזמנית עם דיפוזיה לאורך גבולות הגרע-מ המתרחש בו"בגב

תוצאת המודל היא ביטוי אינטגרלי עבור , האם-גאוסיאנית רגילה של פרופיל הריכוז בתור מטריצת

מקדמי הדיפוזיה האיטיים , בהתאם לזאת. מ"המתחשב בקינטיקת הגב, פרופיל הריכוז המשוקלל

. וך המודל ההיררכי שתואר לעילואילו המקדמים המהירים חושבו מת, חושבו מתוך המודל הנוכחי

  :   הנןArrheniusהתוצאות המלאות לפי ביטוי 
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מעריכיים ניתנים -הבדלים משמעותיים בין הקבועים הקדם, Cu-Zrבדומה לתוצאות מסגסוגת 

ם יש בכך כדי ללמד על העובדה שהתוספת לנפח החופשי בגבולות גרעיני. להבחנה אף בדגמים אלו

  . ECAP -היא אופיינית לתהליך ה

תוצאה חשובה המתקבלת מדגמי הנחושת היא דעיכת החלק המהיר בפרופיל הדיפוזיה   

,  למשך שעתיים לפני הטיפול הסטנדרטי לדיפוזיהC° 300 -בדגם שעבר טיפול תרמי נוסף ב

" מהיר"מסקנתנו מכך היא שהחלק ה. שנמדדה ביחס לדגם שלא עבר את הטיפול התרמי המקדים

  .שדועכים עקב טיפול תרמי מקדים, סטביליים-של הפרופיל אכן נובע מגבולות גרעינים מטא

אחת . ECAPאנרגית גבול הגרעין היחסית נמדדה בשתי קבוצות של דגמי נחושת לאחר   

ואילו השניה עברה טיפול ,  C° 400 דקות ובטמפרטורה15מהן עברה טיפול תרמי קצר למשך 

הטיפול הראשון נועד לקבלת חריצה תרמית .  C° 800תיים ובטמפרטורה תרמי ארוך למשך שע

מטרת הטיפול השני הינה רלקסציה של גבולות . בלבד עם מינימום רלקסציה של גבולות הגרעינים

0.48: האנרגיות היחסיות שנמדדו הן, אכן. הגרעינים 0.27 -ו 0.11± , א" ז. בהתאמה,0.07±

אנרגית , יתרה מזאת.  מאשר במצב המורפה2סטבילי גבוהה פי -במצב המטא האנרגיה הממוצעת

במצב המורפה היא בעלת ערכים זהים למדידות בנחושת שלא  גבול הגרעין היחסית הממוצעת

ומעידות על קיום שתי , תוצאות אלו עולות בקנה אחד עם תוצאות הדיפוזיה.  עברה דפורמציה

  . סטביליים ומורפים-מטא : ECAPשונות של גבולות גרעינים לאחר אוכלוסיות 

התוצאות של מדידת מקדמי הדיפוזיה בגבולות גרעינים וכן האנרגיות היחסיות , לסיכום  

 מעידות באופן ברור על קיום אוכלוסית ECAPשל גבולות הגרעינים בסגסוגות נחושת לאחר 

בזאת . לצידם של גבולות גרעינים רגילים, בוהים מהרגילגבולות גרעינים בעלי אנרגיה ודיפוזיביות ג

  . non-equilibrium GBs -ביססנו באופן נסיוני את מושג ה


