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Abstract
The kinetic pathways resulting from the formation of coherent c0 -precipitates from the c-matrix are studied for two Ni–Al–Cr alloys
with similar c0 -precipitate volume fractions at 873 K. The details of the phase decompositions of Ni–7.5Al–8.5Cr at.% and Ni–5.2Al–
14.2Cr at.% for aging times from 1/6 to 1024 h are investigated by atom-probe tomography, and are found to diﬀer signiﬁcantly from
a mean-ﬁeld description of coarsening. The morphologies of the c0 -precipitates of the alloys are similar, though the degrees of c0 -precipitate coagulation and coalescence diﬀer. Quantiﬁcation within the framework of classical nucleation theory reveals that diﬀerences in the
chemical driving forces for phase decomposition result in diﬀerences in the nucleation behavior of the two alloys. The temporal evolution
of the c0 -precipitate average radii and the c-matrix supersaturations follow the predictions of classical coarsening models. The compositional trajectories of the c-matrix phases of the alloys are found to follow approximately the equilibrium tie-lines, while the trajectories
of the c0 -precipitates do not, resulting in signiﬁcant diﬀerences in the partitioning ratios of the solute elements.
Ó 2008 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The high temperature strength and creep resistance of
modern nickel-based superalloys are due to the presence
of coherent, elastically hard, L12-ordered c0 -precipitates
in a c (fcc) nickel-rich solid-solution matrix [1,2]. Eﬀorts
to improve these properties by process optimization and
to develop reliable life-prediction techniques have created
a demand for a quantitative understanding of the kinetic
pathways that lead to phase decomposition at service temperatures up to 1373 K [3,4]. The technological importance
of commercial nickel-based superalloys has motivated
extensive investigations of the precipitation of the c0 -phase
from the supersaturated c-matrix of model alloys by con*
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ventional [5–9] and high-resolution [10] transmission
electron microscopy (TEM), X-ray analysis [11–13],
small-angle and wide-angle neutron scattering [14–17],
atom-probe ﬁeld-ion microscopy [18–21], atom-probe
tomography (APT) [22–24], and phase ﬁeld modeling
[25–30]. Many of these techniques are limited by either,
or both, their spatial and analytical resolutions for composition [31], and thus the early stages of phase decomposition are still not well understood. This is particularly true
of concentrated multicomponent alloys, due, in part, to
the complexity of the diﬀusion processes involved [32].
The research of Schmuck et al. [22,33] and Pareige et al.
[34,35] combined APT and lattice kinetic Monte Carlo
(LKMC) simulation to analyze the decomposition of an
Ni–Al–Cr solid-solution. A similar approach was applied
by Sudbrack et al. [36–40] and Yoon et al. [41–43] for
studying Ni–5.2Al–14.2Cr at.% aged at 873 K and Ni–
10Al–8.5Cr at.%, Ni–10Al–8.5Cr–2.0W at.% and Ni–
10Al–8.5Cr–2.0Re at.% aged at 1073 K, which decompose
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and R* is given by

via a ﬁrst order phase transformation to form a high number density, Nv(t), of nanometer-sized c0 -precipitates (1020
to 1025 m3). The addition of Cr to the binary Ni–Al system reduces the lattice parameter misﬁt between the c0 Ni3(AlxCr1x) precipitates and the c-matrix, often leading
to c0 -precipitates that are nearly misﬁt free [6], thereby
allowing the c0 -precipitates to remain spheroidal to fairly
large dimensions as aging progresses [11]. At 873 K, c0 -precipitate radii as large as 10 nm are measured by APT for
concentrated Ni–Al–Cr alloys [37]. The formation of
coherent, spheroidal c0 -precipitates with relatively stressfree precipitate/matrix heterophase interfaces in the model
Ni–Al–Cr alloys studied herein makes them excellent candidates for comparison of experimental data with the predictions of classical treatments of nucleation, growth and
coarsening for ternary alloys, for which there is very little
detailed quantitative experimental data available.
The present investigation focuses on comparing the temporal evolution of the nanostructural and compositional
properties at 873 K of alloy (A), Ni–7.5Al–8.5Cr at.%, with
those previously reported for alloy (B), Ni–5.2Al–14.2Cr
at.% [36,37,40]; all concentrations herein are in at.% unless
otherwise noted. A ternary Ni–Al–Cr phase diagram determined by the Grand Canonical Monte Carlo (GCMC)
technique at 873 K (Fig. 1 [44]) predicts that the values
of the equilibrium volume fractions of the c0 -phase, /eq,
are 17.5 ± 0.5 and 15.1 ± 0.5 for alloys (A) and (B), respectively. Since the values of /eq for alloys (A) and (B) are
similar, it follows that any diﬀerences observed in the
kinetic pathways during decomposition are principally
due to diﬀerences in solute concentrations.

where Z, the Zeldovich factor, accounts for the dissolution
of supercritical clusters, b is a kinetic coeﬃcient describing
the rate of condensation of single atoms on the critical nuclei, N0 is the total number of possible nucleation sites per
unit volume, taken to be the volume density of lattice sites
occupied by Al, the precipitate-forming solute [49,50], kB is
Boltzmann’s constant and T is the absolute temperature in
degrees Kelvin. In their review of nucleation kinetics results
for binary alloys, Aaronson and Legoues [51] note that
while there exists some experimental evidence to support
the correctness of CNT, the nucleation currents predicted
by the extant theories are often several orders of magnitude
smaller than those measured experimentally, which is most
likely due to the presence of precursor clusters that form
between the solutionizing, and quenching and aging treatments. Such precursor clustering has been detected in both
alloys (A) [36] and (B), and thus it is anticipated that our
calculated values of Jst will be smaller than those measured
by APT.

1.1. Classical nucleation theory

1.2. Coarsening theory

The early stages of phase decomposition by nucleation
have been studied theoretically in a set of models known
as classical nucleation theory (CNT), which have been
reviewed extensively in the literature [31,45–48]. According
to CNT, nucleation is governed by a balance between a
bulk free energy term, which has both chemical, DFch,
and elastic strain energy, DFel, components, and an interfa0
cial free energy term, rc=c , associated with the formation of
0
a c-matrix/c -precipitate heterophase interface; F is the
Helmholtz free energy. Thus, the expression for the net
reversible work required for the formation of a spherical
nucleus, WR, as a function of nucleus radius, R, is given by

The ﬁrst comprehensive mean-ﬁeld treatment of Ostwald ripening [52], due to Lifshitz and Slyozov [53] and
Wagner [54], known as the LSW model, is limited to dilute
binary alloys with spatially ﬁxed spherical precipitates
whose initial compositions are equal to their equilibrium
values. The LSW model for a binary alloy assumes: (i) no
elastic interactions among precipitates, thereby limiting
the precipitate volume fraction to zero; (ii) precipitates
have a spherical morphology; (iii) coarsening occurs in a
stress-free matrix; (iv) the precipitate diﬀusion ﬁelds do
not overlap; (v) dilute solid-solution theory obtains; (vi)
the linearized version of the Gibbs–Thomson equation is
valid; (vii) coarsening occurs by the evaporation–condensation mechanism; and (viii) precipitates coarsen with a ﬁxed
chemical composition, which is the equilibrium composition. These requirements are highly restrictive and diﬃcult
to meet in practice, and while experimental evidence exists
to support the prediction of the time dependency of the
mean precipitate radius, hR(t)i, experimentalists have been
unable to achieve the exact stationary-state precipitate size
distributions predicted by the LSW model [3,55,56].
Researchers have worked to remove the mean-ﬁeld restrictions by developing models based on multiparticle diﬀusion

W R ¼ ðDF ch þ DF el Þ

4p 3
0
R þ 4pR2 rc=c :
3

ð1Þ

According to CNT, the net reversible work acts as a nucleation barrier that nuclei must surmount to achieve a critical
nucleus radius, R*. The critical net reversible work, W R , required for the formation of a critical spherical nucleus is
expressed as
0

W R ¼

3

16p
ðrc=c Þ
3 ðDF ch þ DF el Þ2

ð2Þ

0

R ¼

2rc=c
:
ðDF ch þ DF el Þ

ð3Þ

For nucleation to occur, (DFch + DFel) must be negative.
From CNT, the stationary-state nucleation current, Jst,
which is the number of nuclei formed per unit time per unit
volume, is given by


W R

st
J ¼ Zb N 0 exp
;
ð4Þ
kBT

3424

C. Booth-Morrison et al. / Acta Materialia 56 (2008) 3422–3438

that are able to describe stress-free systems with ﬁnite volume fractions [55,57,58].
Umantsev and Olson (UO) [59] were the ﬁrst to demonstrate that the exponents of the temporal power laws predicted for binary alloys by LSW-type models are identical
for concentrated multi-component alloys, but that the
explicit expressions for the rate constants depend on the
number of components. The UO model did not allow
the composition of the precipitates to evolve temporally,
which is also true for the Morral and Purdy treatment
[60]. Kuehmann and Voorhees (KV) [61] considered isothermal quasi-stationary state coarsening in ternary alloys
and developed a model that permits the precipitate composition to evolve, such that the matrix and precipitate compositions can deviate locally from their equilibrium
thermodynamic values. In the quasi-stationary limit in
the KV model, dCi/dt  0, the exponents of the powerlaw temporal dependencies for hR(t)i, Nv(t) and the cmatrix supersaturation, DC ci ðtÞ, of each solute species i are
3

3

hRðtÞi  hRðt0 Þi ¼ K KV ðt  t0 Þ;
4:74K KV
ðt  t0 Þ;
N v ðtÞ1  N v ðt0 Þ1 ¼
/eq

ð5Þ

DC ci ðtÞ ¼ hC c;ff
ðtÞi  C ic;eq ð1Þ ¼ jci;KV t1=3 ;
i

ð7Þ

ð6Þ

jci;KV

are the coarsening rate constants for
where KKV and
hR(t)i and DC ci ðtÞ, respectively, hR(t0)i is the average precipitate radius and Nv(t0) is the precipitate number density
at the onset of quasi-stationary coarsening, at time t0. The
quantity DC ci ðtÞ is denoted a supersaturation and is the difference between the concentration in the far-ﬁeld c-matrix,
hC c;ff
ðtÞi, and the equilibrium c-matrix solute-solubility,
i
C c;eq
ð1Þ.
The quantity C c;eq
i
i ð1Þ needs to be calculated or
determined experimentally as it is not available for Ni–
Al–Cr multicomponent alloys at 873 K.
APT of the nanostructures of alloys (A) and (B) provides
an in-depth examination of the compositional and nanostructural evolution of the c0 -precipitate phase as it evolves
toward its equilibrium thermodynamic composition. In this
article, the decomposition of the c-matrix phase, from the
earliest stages of solute-rich c0 -nuclei formation to the subsequent growth and coarsening of c0 -precipitates, is accessed
within the framework of classical nucleation, growth and
coarsening theories. The eﬀects of varying the solute concentrations on the temporal evolution of the Ni–Al–Cr
alloys are shown to provide a quantitative understanding
of the kinetic pathways that lead to phase separation, and
the achievement of the equilibrium compositions of both
phases. We demonstrate that the kinetic pathways to
achieve thermodynamic equilibrium for the two alloys are
very diﬀerent, even though the equilibrium volume fractions
of the c0 -phase are approximately equal.
2. Experimental
High-purity constituent elements (99.97 wt.% Ni,
99.98 wt.% Al and 99.99 wt.% Cr) were induction-melted

and chill cast in a 19 mm diameter copper mold under an
Ar atmosphere. The overall compositions of the two alloys
were determined by inductively coupled plasma atomicemission spectroscopy, which yielded average atomic compositions of 83.87Ni–7.56Al–8.56Cr and 80.52Ni–5.24Al–
14.24Cr for alloys (A) and (B), respectively. Chemical
homogeneity of the cast ingots was achieved by annealing
at 1573 K in the c-phase ﬁeld for 20 h. Next, the ingots
were held in the c-phase ﬁeld at 1123 K for 3 h to reduce
the concentration of quenched-in vacancies, and then water
quenched and sectioned. Ingot sections were then aged at
873 K under ﬂowing argon for times ranging from 1/6 to
1024 h and water quenched, and microtip specimens were
prepared from each of the aged sections for study by
APT. We performed voltage-pulsed APT with a conventional APT [62,63] and an Imago Scientiﬁc Instrument’s
local-electrode atom-probe (LEAPe) tomograph [64–67].
APT data collection was performed at a specimen temperature of 40.0 ± 0.3 K, a voltage pulse fraction (pulse voltage/steady-state direct current voltage) of 19%, a pulse
frequency of 1.5 kHz (conventional APT) or 200 kHz
(LEAPe tomograph), and a background gauge pressure
of <6.7  108 Pa. The average detection rate in the area
of analysis ranged from 0.011 to 0.015 ions per pulse for
conventional APT and from 0.04 to 0.08 ions per pulse
for the LEAPe tomographic analyses. Conventional
APT data were visualized and analyzed with APEX software, the successor of ADAM [68], while LEAPe data
were analyzed employing the IVAS 3.0 software program
(Imago Scientiﬁc Instruments, Madison, WI). The c/c0
interfaces were delineated with 10.5 and 9 at.% Al isoconcentration surfaces generated with eﬃcient sampling procedures [69], for alloys (A) and (B), respectively, and in-depth
compositional information was obtained with the proximity histogram method [70]. The volume fraction of the
c0 -precipitate phase was deﬁned as the ratio of the total
number of atoms contained within the isoconcentration
surfaces to the total number of atoms collected. Further
experimental and analytical details for alloy (B) can be
found elsewhere [37,40]; the same procedures were
employed for alloy (A). It is noted that spatial convolution
eﬀects such as ion trajectory overlap and local magniﬁcation eﬀects have been cited as possible sources of misleading results in APT analysis of nickel-based superalloys [71].
Ion trajectory overlap may cause both interfacial broadening and artiﬁcially low values of the c0 -precipitate Al composition, particularly at early aging times. A comparison of
the composition proﬁles across the c/c0 interfaces measured
by APT and simulated by lattice kinetic Monte Carlo simulations for alloy (B) [32] showed no evidence of artiﬁcial
interfacial broadening in the APT data. Additionally, our
results indicate that the Al composition is largest at the
shortest aging times due to a supersaturation of Al in the
c0 -precipitates, thus trajectory overlap eﬀects are assumed
to be minimal for the APT conditions used herein. Local
magniﬁcation eﬀects due to diﬀerences in the required
evaporation ﬁelds of diﬀerent phases are not present in
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3. Results
3.1. Morphological development
Nanometer-sized spheroidal c0 -precipitates are detected
in alloys (A) and (B) over the full range of aging times,
from 1/6 to 1024 h. The temporal evolution of the morphology of alloy (A) is shown in a series of APT micrographs in Fig. 2, which can be compared with a similar
series for alloy (B) in Ref. [37]. Fig. 3 is a projection of a
25  25  25 nm3 subset of an APT analysis of alloy (A)
aged to 1024 h, showing a spheroidal c0 -precipitate with a
Ni-7.5Al-8.5Cr
Ni-5.2Al-14.2Cr
GCMC
Thermo-Calc
& Dupin et al.
Thermo-Calc &
& Saunders
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Cr
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Ni3Cr
80

0
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100
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Fig. 1. A partial ternary phase diagram of the Ni–Al–Cr system at 873 K
calculated using the GCMC simulation technique [44], showing the
proximity of both alloys (A), Ni–7.5Al–8.5Cr, and (B), Ni–5.2Al–14.2Cr,
to the (c + c0 )/c solvus line. The tie-lines are drawn through the nominal
compositions of the alloys and between the equilibrium phase compositions determined by extrapolation of APT concentration data to inﬁnite
time. Equilibrium solvus curves determined by Thermo-Calc [97], using
databases for nickel-based superalloys due to Saunders [73] and Dupin
et al. [74], are superimposed on the GCMC phase diagram for comparative purposes.

10 nm

10 nm

25 nm

Ni–Al–Cr superalloys containing only c-matrix and c-precipitate phases because the evaporation ﬁelds of the two
phases are essentially identical.
The commercial software package Thermo-Calc [72] was
used to calculate the values of /eq, C c;eq
i ð1Þ and the equi0
librium
c
-precipitate
composition
of
each solute species i,
0
C ic ;eq ð1Þ, for Ni–7.5Al–8.5Cr and Ni–5.2Al–14.2Cr at a
pressure of 1 atm, using databases for nickel-based superalloys from Saunders [73] and Dupin et al. [74]. For comparative purposes, the equilibrium phase boundaries
determined by Thermo-Calc using the Saunders and Dupin
et al. databases are superimposed on the GCMC phase diagram at 873 K (Fig. 1). While the generated c/c + c0 solvus
lines show good agreement, the curvatures of the c + c0 /c0
phase lines diﬀer for each technique. Although the Ni–
Al–Cr system was studied extensively by Taylor and Floyd
[6], there is no extant experimental phase diagram at 873 K
for comparison.
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Fig. 2. The temporal evolution of the c0 -precipitate nanostructure in Ni–
7.5Al–8.5Cr aged at 873 K is displayed in a series of APT parallelepipeds.
The parallelepipeds are 10  10  25 nm3 subsets of the analyzed volume
and contain 125,000 atoms. The c/c0 interfaces are delineated in gray
with 10.5% Al isoconcentration surfaces.

radius of 9 nm, delineated by a dark 10.5% Al isoconcentration surface. Atomic planes are clearly visible within the
c0 -precipitate, and the value of the interplanar spacing is
0.26 ± 0.03 nm, suggesting {1 1 0}-type planes. This APT
image demonstrates that the c0 -precipitates remain spheroidal for aging times as long as 1024 h at an aging temperature of 873 K, as conﬁrmed by the TEM micrograph in
Fig. 4.
There is evidence of c0 -precipitate coagulation and coalescence in alloys (A) and (B), characterized by the formation of necks that interconnect the c0 -precipitates and
exhibit L12-type ordering. Although the ﬁrst c0 -nuclei are
detected by APT at an aging time of 1/6 h, interconnected
c0 -precipitates ﬁrst evolve in both alloys after 1/4 h of
aging, which coincides with the end of the quasi-stationary-state nucleation regime. After 1/4 h of aging, the fraction of coagulating and coalescing c0 -precipitates, f, is
15 ± 4 and 9 ± 3% for alloys (A) and (B), respectively.
From Fig. 5, the maximum value of f of 18 ± 4% for alloy
(A) occurs at an aging time of 1 h, while the maximum
value for alloy (B) of 30 ± 4% occurs at an aging time of
4 h.
3.2. Temporal evolution of the nanostructural properties of
c0 -precipitates
Fig. 6 provides a quantitative description of the temporal evolution of the c0 -precipitate volume fraction, /, and
the quantities hR(t)i and Nv(t) for alloys (A) and (B). The
c0 -precipitate nanostructural properties determined by
APT analysis for alloy (A) are summarized in Table 1,
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Fig. 3. A subset of an APT micrograph of Ni–7.5Al–8.5Cr aged at 873 K
for 1024 h, containing 350,000 atoms, with the Ni and Cr atoms omitted
for clarity. A c0 -precipitate with a radius of 9 nm is delineated by the
dark 10.5% Al isoconcentration surface, and shows {1 1 0}-type superlattice planes with an interplanar spacing of 0.26 ± 0.03 nm.

Fig. 4. A centered superlattice reﬂection dark–ﬁeld image of spheroidal
Ni3(AlxCr(1x))c0 -precipitates for a Ni–7.5Al–8.5Cr sample aged for
1024 h at 873 K. Image recorded near the [0 1 1] zone axis, and g = [1 1 1]
is the operating reﬂection.

Fig. 5. The temporal evolution of the value of the fraction of c0 precipitates interconnected by necks, f, and the average interprecipitate
edge-to-edge spacing, hke–ei. The maximum value of f is 18 ± 4%,
corresponding to the minimum value of hke–ei of 7 ± 2 nm at an aging
time of 1 h for alloy (A), Ni–7.5Al–8.5Cr. For alloy (B), Ni–5.2Al–14.2Cr,
the minimum value of hke–ei of 5.9 ± 0.8 nm and the maximum value of f
of 30 ± 4% coincide at an aging time of 4 h.

while Ref. [37] contains details for alloy (B). The standard
errors for all quantities, r, are calculated based on counting
statistics and reconstruction scaling errors using standard
error propagation methods [75], and represent one standard deviation from the mean. The two Ni–Al–Cr alloys
were designed to have similar values of /eq of 16%, and
the measured values of / for alloy (A) and (B) are statistically indistinguishable over the full range of aging times,
from 1/6 to 1024 h. It is worth noting that, over the range
of aging times studied, the values of hR(t)i of alloy (A) are,
on average, 32 ± 6% larger than those of alloy (B). From
Fig. 6, the temporal evolution of alloys (A) and (B) can
be divided into three regimes: (i) quasi-stationary-state c0 precipitate nucleation at early aging times; followed by
(ii) concomitant precipitate nucleation and growth; and
ﬁnally (iii) concurrent growth and coarsening once the
maximum value of Nv(t) is achieved. The characteristic
microstructural evolution associated with these three
regimes is described in detail below.
3.2.1. Nucleation and growth of c0 -precipitates
Phase decomposition in alloys (A) and (B) begins with
the formation of solute-rich nuclei that grow to form
stable c0 -precipitates. Precipitates are ﬁrst detected by
APT in alloys (A) and (B) after 1/6 h of aging. Alloy (A)
forms (2.6 ± 1.4)  1023 c0 -precipitates m3 with an
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statistical error. This slope for Nv(t), although based on
two experimental data points, is taken to be an estimate
of the quasi-stationary-state nucleation current of c0 -precipitates, Jst. In contrast, alloy (B) undergoes nucleation
of stable c0 -precipitates with a constant hR(t)i value of
0.75 ± 0.24 nm for aging times less than 1/4 h. The value
of Jst for alloy (B) is estimated to be (5.9 ± 1.7) 
1021 m3 s1, which is statistically indistinguishable from
the value of Jst of (5.4 ± 1.5)  1021 m3 s1 measured
for alloy (A).
At an aging time of 1/4 h, alloys (A) and (B) enter a
regime of concomitant c0 -precipitate nucleation and
growth, which results in steadily increasing / and hR(t)i
values, and a maximum value for Nv(t). The peak value
in Nv(t) of (2.21 ± 0.64)  1024 m3 for alloy (A) occurs
at 1 h, while for alloy (B), the peak value in Nv(t) of
(3.2 ± 0.6)  1024 m3 is achieved at 4 h. We note that
the prediction of the temporal dependence of hR(t)i of t1/2
for diﬀusion-limited growth [76–78] is not observed in
either of the Ni–Al–Cr alloys studied, contrary to the
results for an earlier APT study of an alloy whose composition is essentially identical to that of alloy (B) [22].

Aging time (h)
Fig. 6. The temporal evolution of the c0 -precipitate volume fraction, /,
number density, Nv(t), and mean radius, hR(t)i, for (A) Ni–7.5Al–8.5Cr
and (B) Ni–5.2Al–14.2Cr alloys aged at 873 K as determined by APT
microscopy. The quantity hR(t)i is proportional to t1/3 as predicted by the
UO and KV models for isothermal coarsening in ternary alloys. The
temporal dependence of the diminution of the quantity Nv(t) deviates from
the t1 prediction of the UO and KV models for both alloys.

hR(t = 1/6 h)i value of 0.90 ± 0.32 nm, corresponding to a
/ value of 0.31 ± 0.11%, after 1/6 h of aging. For the same
aging time, alloy (B) forms (3.6 ± 1.3)  1023 c0 -precipitates m3 with an hR(t = 1/6 h)i value of 0.74 ± 0.24 nm,
accounting for a / value of 0.11 ± 0.04%. The nucleation
of stable c0 -precipitates in alloy (A) for aging times between
1/6 and 1/4 h results in a sharp linear slope of the Nv(t) proﬁle of (5.4 ± 1.5)  1021 m3 s1, while the values of hR(t)i
of 0.90 ± 0.32 and 1.00 ± 0.11 nm remain constant within

3.2.2. Growth and coarsening of c0 -precipitates
Beyond the peak in Nv(t), alloys (A) and (B) enter a
quasi-stationary state of growth and coarsening characterized by a steady diminution of Nv(t) and increasing values
of / and hR(t)i. Beyond 1 h, the quantity Nv(t) for alloy (A)
displays a temporal dependence of t0.42±0.03, which diﬀers
signiﬁcantly from the predicted value of t1 from the UO
and KV models. This is not surprising, since the quantity
/ continues to evolve temporally in this regime, implying
that the system has not achieved a stationary state [79].
During coarsening in alloy (B), the quantity Nv(t) displays
a temporal dependence of t0.67±0.01 beyond an aging time
of 4 h, which also diﬀers from the predicted value of t1,
though to a lesser extent. The values of / for the two alloys
increase steadily in this regime, reaching values of / of
16.0 ± 5.7% and 15.6 ± 6.4% for alloys (A) and (B), respectively, which are statistically indistinguishable. In the

Table 1
Temporal evolution of the nanostructural properties of c0 -precipitatesa determined by APT for Ni–7.5Al–8.5Cr aged at 873 K
Aging time (h)

Npptb

hR(t)i ± r (nm)

Nv(t) ± r (1024 m3)

/ ± r (%)

f ± r (%)

hke–ei ± r (nm)

1/6
1/4
1
4
16
64
256
1024

8
101
70.5
46
42
76.5
15
8

0.90 ± 0.32
1.00 ± 0.11
1.24 ± 0.12
1.70 ± 0.25
2.80 ± 0.43
3.59 ± 0.41
5.54 ± 1.43
8.30 ± 2.93

0.26 ± 0.14
1.89 ± 0.59
2.21 ± 0.64
1.02 ± 0.31
0.60 ± 0.18
0.34 ± 0.10
0.20 ± 0.05
0.13 ± 0.05

0.31 ± 0.11
1.36 ± 0.14
2.48 ± 0.25
5.98 ± 0.88
9.12 ± 1.4
11.8 ± 1.4
14.6 ± 3.8
16.0 ± 5.7

NDc
15 ± 4
18 ± 4
16 ± 3
13 ± 3
7.4 ± 1.9
2.5 ± 0.9
NDc

17.7 ± 6.3
7.7 ± 2.7
7.0 ± 2.5
8.9 ± 3.2
9.1 ± 3.2
10.6 ± 3.7
10.1 ± 3.6
7.9 ± 2.8

a
Mean radius of c0 -precipitates, hR(t)i; the number density, Nv(t); precipitated volume fraction, /; fraction of c0 -precipitates interconnected by necks, f;
average edge-to-edge interprecipitate spacing, hke–ei; and their standard errors, r. One standard deviation is reported.
b
The number of c0 -precipitates analyzed, Nppt, is smaller than the total number of c0 -precipitates detected by APT. Precipitates that intersect the sample
volume contribute 0.5 to the quantity Nppt, and are included in the estimates of Nv(t), /, f and the phase compositions, but not in the measurement of
hR(t)i.
c
ND, not detected.
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growth and coarsening regime, the quantity hR(t)i displays
a temporal dependence of t0.29±0.03 for alloy (A) and
t0.29±0.05 for alloy (B), which both agree approximately,
but not exactly, with the predicted value of t1/3, indicating
that the phase transformation is primarily diﬀusionlimited.
From Fig. 5, the maximum value for f, after 1 h of
aging, of 18 ± 4% for alloy (A) coincides with the minimum value of the average edge-to-edge interprecipitate
spacing, hke–ei, of 7.0 ± 2.5 nm and the peak value of
Nv(t) of (2.21 ± 0.64)  1024 m3. For alloy (B), the peak
value of Nv(t), at an aging time of 4 h, is
(3.2 ± 0.6)  1024 m3, corresponding to a minimum value
of hke–ei of 5.9 ± 0.8 nm at a maximum value of f of
30 ± 4%. The quantity hke–ei is calculated using Eq. (8),
which assumes (i) a regular simple cubic array of c0 -precipitates; and (ii) the unit volume is equivalent to that of a lattice enclosed sphere in order to preserve the radial
symmetry of the three-dimensional structure [37]:
"
#
1=3
4
p  N v ðtÞ
hkee i ¼ 2
 hRðtÞi :
ð8Þ
3
3.3. Temporal evolution of the compositions of the c and c0 phases
The compositions of the c-matrix and the c0 -precipitate
phases of alloys (A) and (B) evolve temporally as the cmatrix becomes enriched in Ni and Cr and depleted in
Al, as shown in Fig. 7 for alloy (A). The compositional trajectories of the c-matrix and c0 -precipitate phases are
shown on a partial Ni–Al–Cr ternary phase diagram at
873 K in Fig. 8. The mean-ﬁeld KV model of quasi-stationary state coarsening predicts that the slope of the trajectory
of the c-matrix phase during coarsening lies along the equilibrium tie-line and has a value of pAl/pcr, where pi is the
magnitude0 of the partitioning of solute species i, deﬁned
as pi ¼ ½C ic ;eq ð1Þ  C c;eq
i ð1Þ. For a binary alloy, the compositions at the interface are given by the assumption of
local equilibrium, whereas for a ternary alloy, the interfacial compositions must be further deﬁned by the condition
of ﬂux balance at the interface [57]. As such, according to
the KV model, the addition of a third alloying element
alters both the form of the Gibbs–Thompson equations
and the predictions of the temporal evolution of the phase
compositions. The compositional trajectory of the c0 -precipitate phase is predicted to lie on a straight line that is
not necessarily parallel to the equilibrium tie-line, which
is the case for both alloys (A) and (B). In order to quantify
deviations from the equilibrium
tie-line, the quantities
0
0
dC cAl ðtÞ=dC cCr ðtÞ and dC cAl ðtÞ=dC cCr ðtÞ for aging times of 4–
1024 h are compared to the values of pAl/pcr for both
alloys. The trajectories of the c-matrix phase and the c0 -precipitate phase compositions of alloy (A) have slopes of
2.56 ± 0.12 and 2.86 ± 0.32, respectively, while the slope
of the equilibrium tie-line is estimated to be 3.52 ± 0.09.

Slopes of 1.10 ± 0.29 and 1.21 ± 0.34 are estimated for
the c-matrix and c0 -precipitate phases, respectively, from
the APT data for alloy (B), while the slope of the equilibrium tie-line is 1.53 ± 0.07. From these results, it is absolutely clear that the trajectories of the composition of the
c0 -precipitate phases in alloys (A) and (B) do not lie along
the equilibrium tie-line of the respective alloys, which is
contrary to all coarsening models except the KV model.
The trajectories of the composition of the c-matrix phase
of alloys (A) and (B) lie approximately along the tie-lines,
although the magnitude of the slope of the experimental
compositional trajectory is 27% smaller than that predicted
by the mean-ﬁeld KV model for alloy (A) and is 28% smaller than the predicted slope for alloy (B). Hence, our results
indicate that the temporal evolution of ternary alloys is
considerably more complicated than for binary alloys,
and certainly warrants future research.
During nucleation, solute-rich c0 -nuclei form with large
values for the Al and Cr supersaturations. The ﬁrst c0 nuclei detected by APT for alloy (A) have solute-supersaturated compositions of 70.9 ± 1.4 Ni, 23.3 ± 1.5 Al and
5.8 ± 0.9 Cr at an hR(t = 1/6 h)i value of 0.90 ± 0.32 nm
for alloy (A). The c0 -nuclei in alloy (B) have a composition
of 71.3 ± 1.6 Ni, 19.1 ± 1.4 Al and 9.7 ± 1.1 Cr, and an
hR(t = 1/6 h)i value of 0.74 ± 0.24 nm. As phase decomposition progresses beyond nucleation, the magnitude of the
values of DC ci ðtÞ decrease asymptotically toward a value
of zero as the equilibrium c- and c0 -phase compositions
are approached. The equilibrium c-matrix and c0 -precipitate compositions are extrapolated by ﬁtting the measured
concentrations from the quasi-stationary coarsening
regime to Eq. (7) for aging times beyond 1 h for alloy (A)
and 4 h for alloy (B). The equilibrium c0 -precipitate composition of alloy (A) is estimated to be 76.33 ± 0.12 Ni,
17.82 ± 0.15 Al and 5.85 ± 0.12 Cr, while the equilibrium
c-matrix has a composition of 85.19 ± 0.08 Ni,
5.42 ± 0.09 Al and 9.39 ± 0.09 Cr at inﬁnite time. The
equilibrium c0 -precipitate phase composition of alloy (B)
is estimated to be 76.53 ± 0.25 Ni, 16.69 ± 0.22 Al and
6.77 ± 0.15 Cr, while the equilibrium composition of the
c-matrix phase is 81.26 ± 0.09 Ni, 3.13 ± 0.04 Al and
15.61 ± 0.09 Cr. Summaries of the equilibrium phase compositions of alloy (A) determined by APT are presented in
Table 2, and agree with results obtained from Thermo-Calc
and GCMC simulation. Ref. [37] contains a similar table
for alloy (B).
The partitioning behavior of the elements can be determined
quantitatively by calculating the partitioning ratio,
c0 =c
K i , deﬁned as ratio of the concentration of an element i
in the c0 -precipitates to the concentration of the same element in the c-matrix. Fig. 9 demonstrates that alloys (A)
and (B) both exhibit partitioning of Al to the c0 -precipitates
and of Ni and Cr to the c-matrix. Partitioning is more pronounced in alloy (B) than (A), as the smaller Al and the larger Cr concentrations of this alloy result in a smaller
solubility of Al, and a larger solubility of Cr in the cmatrix, respectively. Nickel partitions to the c-matrix with
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Fig. 7. The composition proﬁles on either side of the heterophase c-matrix/c0 -precipitate interface for alloy (A), Ni–7.5Al–8.5Cr, aged at 873 K for aging
times of 1/4, 1, 4 and 1024 h. The phase compositions evolve temporally, as the c-matrix becomes enriched in Ni and Cr and depleted in Al. The values of
hR(t)i for these aging times are 1.00 ± 0.11 nm for 1/4 h, 1.24 ± 0.12 nm for 1 h, 1.70 ± 0.25 nm for 4 h and 8.30 ± 2.93 nm for 1024 h.

c0 =c

a K i of 0.9 for both alloys, and is only slightly time
dependent.
The lever rule is applied to the equilibrium phase compositions for both alloys to estimate a /eq value of
16.4 ± 0.6% for alloy (A) and 15.7 ± 0.7% for alloy (B).
The / values of 16.0 ± 5.7 and 15.6 ± 6.4% determined
by APT at an aging time of 1024 h for alloys (A) and (B)
are within experimental error of the /eq values estimated
by the lever rule. The Thermo-Calc software package yields
/eq values of 16.7% and 14.9% for alloy (A) according to
the Saunders and Dupin et al. databases, respectively, thus
the Saunders database yields the value closest to the experimental value of 16.4 ± 0.6%. Alloy (B) is predicted to
achieve /eq values of 12.83% and 12.34% for the same databases, which are both smaller than the experimentally
determined value of 15.7 ± 0.7%. Summaries of the /eq val-

ues determined by APT are presented in Table 3, and agree
with results obtained from Thermo-Calc and GCMC modeling to diﬀerent degrees.
The values of the solid-solution supersaturations of
alloys (A) and (B) are calculated based on the equilibrium
phase compositions from APT data. The initial solid-solution supersaturation values are estimated to be 2.08 ± 0.02
Al and 0.89 ± 0.01 Cr for alloy (A) and 2.09 ± 0.04 Al
and 1.46 ± 0.02 Cr, for alloy (B). Fig. 10 shows the temporal evolution of the Al and Cr c-matrix supersaturation
values for both alloys. The formation of c0 -nuclei during
the early stages of aging results in a decrease in the magnitude of the values of DC ci ðtÞ, which in turn causes the slowing and eventual termination of c0 -precipitate nucleation.
Beyond the aging time corresponding to the peak c0 -precipitate number density, 1 h for alloy (A) and 4 h for alloy (B),
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Fig. 8. The compositional trajectories of the c-matrix and c0 -precipitate
phases of alloys (A), Ni–7.5Al–8.5Cr, and (B), Ni–5.2Al–14.2Cr, as they
evolve temporally, displayed on a partial Ni–Al–Cr ternary phase diagram
at 873 K. The tie-lines are drawn through the nominal compositions of the
alloys (squares) and between the experimentally determined equilibrium
phase compositions. The trajectories of the c-matrix phases in alloys (A)
and (B) lie approximately on the experimental tie-lines. The trajectories of
the c0 -precipitate phases do not lie along the tie-line, as predicted by the
KV model of isothermal coarsening in ternary alloys [61].

the diminution of the DC ci ðtÞ values approximately follow
the t1/3 prediction of the KV model. From Fig. 10, alloy
(A) demonstrates a temporal dependence of t0.32±0.03 for
DC cAl ðtÞ and t0.29±0.04 for DC cCr ðtÞ, and alloy (B) exhibits

Ni-(b)
Al-(b)
(B) Ni
Cr-(b)

(A) Al
(A) Cr

(B) Al
(B) Cr

1
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0
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Al-(a)
(A) NiCr-(a)

0.5
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1
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64 264 1024
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0

Fig. 9. The partitioning ratios, K ci =c , of Al and Cr demonstrate that both
alloys exhibit partitioning of Al to the c0 -precipitates and Cr to the cmatrix. Partitioning is more pronounced in alloy (B), where the smaller Al
and larger Cr concentration results in a smaller value of the c-matrix Al
solubility and a larger c-matrix Cr solubility.

a dependence of t0.33±0.04 for DC cAl ðtÞ and t0.34±0.07 for
DC cCr ðtÞ. The supersaturation values of the c0 -precipitate

Table 2
Equilibrium c0 -precipitate and c-matrix equilibrium concentrations, as determined by APT, GCMC simulation and thermodynamic modeling employing
Thermo-Calc for alloy (A), Ni–7.5Al–8.5Cr, aged at 873 K
Ni (at.%)

Al (at.%)

Cr (at.%)

Equilibrium composition of c -precipitates
Measured by APT at 1024 h
Extrapolated from APT data
Modeled by GCMC simulation [44]
Calculated with Thermo-Calc and Saunders database [73]
Calculated with Thermo-Calc and Dupin et al. database [74]

76.11 ± 0.09
76.33 ± 0.12
76.3 ± 0.5
76.40
75.44

18.02 ± 0.09
17.82 ± 0.15
17.8 ± 0.5
17.79
17.87

5.87 ± 0.05
5.85 ± 0.12
5.9 ± 0.5
5.81
6.99

Equilibrium composition of c-matrix
Measured by APT at 1024 h
Extrapolated from APT data
Modeled by GCMC simulation [44]
Calculated with Thermo-Calc and Saunders database [73]
Calculated with Thermo-Calc and Dupin et al. database [74]

85.13 ± 0.06
85.19 ± 0.08
85.8 ± 0.5
85.71
85.3

5.53 ± 0.07
5.42 ± 0.09
5.2 ± 0.5
5.42
5.99

9.34 ± 0.04
9.39 ± 0.09
9.0 ± 0.5
8.86
8.70

0

Table 3
Equilibrium c0 -precipitate volume fraction, /eq, as determined by APT, GCMC simulation and thermodynamic modeling in Thermo-Calc for alloy (A),
Ni–7.5Al–8.5Cr, and alloy (B), Ni–5.2Al–14.2Cr, aged at 873 K
Technique used to estimate /eq

(A) Ni–7.5Al–8.5Cr

(B) Ni–5.2Al–14.2Cr

Determined by lever rule calculation with phase compositions measured by APT
Measured by APT at 1024 h
Modeled by GCMC simulation [44]
Calculated with Thermo-Calc and Saunders database [73]
Calculated with Thermo-Calc and Dupin et al. database [74]

16.4 ± 0.6
16.0 ± 5.7
17.5 ± 0.5
16.69
14.90

15.7 ± 0.7
15.6 ± 6.4
15.1 ± 0.5
12.83
12.34
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Fig. 10. The magnitude of the values of the supersaturations, DC ci ðtÞ, of
Al and Cr in the c-matrix are smaller for alloy (A), Ni–7.5Al–8.5Cr, than
for alloy (B), Ni–5.2Al–14.2Cr. The magnitude of the DC ci ðtÞ values
decrease as t1/3 in the coarsening regimes for both alloys, as predicted by
the UO and KV models for isothermal quasi-stationary state coarsening in
ternary alloys. The values of DC cCr ðtÞ are expressed as an absolute value
because they are negative, and reﬂect a ﬂux of Cr into the c-matrix with
increasing aging time.

Fig. 11. The supersaturation values of the c0 -precipitates, DC ci ðtÞ, reﬂect
0
the chemical compositions of the two alloys, as the value of DC cAl ðtÞ is
larger in alloy (A), Ni–7.5Al–8.5Cr, which contains more Al, than in alloy
(B), Ni–5.2Al–14.2Cr, while the inverse is true for Cr. The values of
0
DC ci ðtÞ decrease as approximately t1/3 in the coarsening regimes for both
alloys.

4.1. Eﬀects of solute concentration on nucleation behavior

0

phases, DC ci ðtÞ, of alloys (A) and (B) are a reﬂection of
0
their alloy composition, as the magnitude of DC ci ðtÞ is
greater in alloy (A), Ni–7.5Al–8.5Cr, which contains more
Al, than in alloy (B), Ni–5.2Al–14.2Cr, while the inverse
is
0
true0 for Cr. From Fig. 11, the quantities DC cAl ðtÞ and
DC cCr ðtÞ for alloy (A) exhibit temporal dependencies of
t0.34±0.04 and t0.32±0.05, respectively, which are close to
the predicted
value of t1/3. A dependence
of t0.30±0.05
c0
c0
0.29±0.07
for DC Al ðtÞ and of t
for DC Cr ðtÞ are demonstrated
for alloy (B).

The nucleation behavior observed by APT for alloys (A)
and (B) can be compared with the predictions of CNT
0
using Eqs. (2)–(4), given the values of rc=c , DFch and DFel
0
for both alloys. The values of rc=c are estimated as ﬁrst
shown by Ardell for a binary alloy [80,81] and later for a
ternary alloy by Marquis and Seidman [82], and as applied
to alloy (B) by Sudbrack et al. [40]. The relationship for
0
rc=c in a nonideal, nondilute ternary alloy consisting of a
c-matrix and a c0 -precipitate phase with a ﬁnite volume
fraction of the c0 -phase is given by [57]

4. Discussion

rc=c ¼

0

While the temporal evolution of the morphology and
the volume fraction of the c0 -precipitates in alloy (A),
Ni–7.5Al–8.5Cr, and alloy (B), Ni–5.2Al–14.2Cr, are
similar, the nanostructural and compositional results
for the two alloys exhibit signiﬁcant diﬀerences. These
diﬀerences can be attributed to the eﬀects of solute concentrations on the kinetic pathways involved in phase
decomposition.

ðK KV Þ1=3 jciKV 2 c
ðpAl GAl;Al þ pAl pCr GcAl;Cr þ p2Cr GcCr;Cr Þ;
0
2V cm pi
ð9Þ

where KKV and jci;KV are the rate constants for the quantities hR(t)i and DC ci ðtÞ, respectively, from the KV coarsening model, pi is the magnitude of the partitioning as
0
previously deﬁned, V cm is the molar volume of the c0 -precipitate phase, calculated to be 6.7584  106 m3 mol1, and
Gci;j is shorthand notation for the partial derivatives of
the molar Gibbs free energy of the c-matrix phase with re-
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spect to the solute species i and j. The quantities KKV and
jci;KV are determined by ﬁtting the experimental APT data
to Eqs. (5) and (7) from the KV coarsening model. For alloy (A), KKV is (1.84 ± 0.43)  1031 m3 s1 and jcAl;KV and
jcCr;KV are 0.18 ± 0.05 and 0.06 ± 0.01 at. fr. s1/3, respectively, while a value of KKV of (8.8 ± 3.3)  1032 m3 s1
and values of jcAl;KV and jcCr;KV of 0.19 ± 0.02 and
0.14 ± 0.05 at. fr. s1/3 are found for alloy (B). For the
general case described by nonideal and nondilute solution
theory, the values of Gci;j may be calculated using Thermo-Calc employing the extant databases for nickel-based
superalloys. As noted by Sudbrack et al. [40], the calculations of Gci;j from Thermo-Calc predict a more highly
curved free energy surface than ideal solution theory with
respect to all solute species combinations. The ThermoCalc assessments take into account the excess free energies
of mixing and the magnitudes of Gci;j are 1.5–13 times larger
than those for ideal solution theory for alloys (A) and(B),
as shown in Table 4 for alloy (A). See Table 4 in Sudbrack
et al. [40] for the values of Gci;j for alloy (B).
Fortuitously, the Thermo-Calc and ideal solution theory
assessments of Gci;j yield approximately the same value for
0
rc=c for alloy (B) of 22–23 ± 7 mJ m2 [40]. For alloy
0
(A), the values for rc=c calculated from the ideal solution
theory of 14–16 ± 3 mJ m2 are smaller than those from
the Thermo-Calc assessment of Gci;j of 23–25 ± 6 mJ m2
0
(Table 5). For the purposes of CNT, values of rc=c of
2
2
24 ± 6 mJ m for alloy (A) and 22.5 ± 7 mJ m for alloy
(B) are used, the averages of the values generated from the
Thermo-Calc assessments of Gci;j . Additionally, estimates of
36.3 ± 3.8 and 35.7 ± 1.7 mJ m2 are obtained for alloys
(A) and (B) at 0 K from ﬁrst-principles calculations, in
the framework of density functional theory and the local
density approximation, employing ultrasoft Vanderbilt
potentials, using the Vienna Ab Initio Simulation Package
0
code [83–86]. It is noted that the values of rc=c from the
ﬁrst-principles calculations are larger than those determined experimentally because the ﬁrst-principles calculations assume a sharp c/c0 interface and are performed at

0 K, and therefore do not include entropic eﬀects. The
0
experimental estimates of rc=c are for experimentally diffuse c/c0 interfaces at 873 K and are free energies because
they include entropic eﬀects.
0
A value of rc=c of 12.5 mJ m2 was previously determined for a ternary Ni–5.2Al–14.8Cr alloy aged at 873 K
0
by Schmuck et al. [22]. The value of rc=c for this alloy,
which has an overall composition that is very close to that
of alloy (B) (Ni–5.2Al–14.2Cr), was determined assuming
the LSW model for binary alloys. We reanalyzed their data
according to the method developed by Marquis and Seidman for ternary alloys and estimated values of 20–
0
21 ± 5 mJ m2 for rc=c , in good agreement with the values
0
of rc=c estimated for alloys (A) and (B); additional details
are presented in Appendix. Gleiter and Hornbogen [87]
estimated a value of 13.5 mJ m2 for an Ni–5.4Al–18.7Cr
alloy aged at 750 °C, though they also applied binary
LSW theory to a ternary alloy and their results did not
include concentration data, making recalculation of their
value of rc/c impossible by the method developed by Marquis and Seidman for ternary alloys. Baldan [3] provides a
0
review of literature values of rc=c for several diﬀerent Ni–
Al and Ni–Al–Cr systems over a range of aging temperatures, which need to be evaluated in detail in light of our
work.
The values of the chemical driving force of alloys (A)
and (B) are estimated as proposed by Lupis [88] and
applied by Schmuck et al. [22] from thermodynamic data
taken from Thermo-Calc [72] and the extant nickel-based
superalloy databases [73,74]. The values of DFch for alloys
(A) and (B) are estimated to be 6.6  107 and
8.2  107 J m3, respectively. The values of DFel for the
two alloys are estimated using [89]:
0

0

2

2S c Bc ðV ca  V ca Þ
DF el ¼
;
0
0
ð3Bc þ 4S c ÞV ca

ð10Þ
0

where Sc is the shear modulus of the c-matrix phase, Bc is
the bulk modulus of the c0 -precipitate phase, and V ca
0
and V ca are the atomic volumes of the c-matrix and

Table 4
Curvatures in the molar Gibbs free energy surface of the c-matrix phase evaluated at the equilibrium composition with respect to components i and j, Gci;j ,
obtained from ideal solution theory and Thermo-Calc thermodynamic assessments for alloy (A), Ni–7.5Al–8.5Cr, aged at 873 K
Gci;j

Ideal solution theory (J mol1)

Saunders database [73] (J mol1)

Dupin et al. database [74] (J mol1)

GcAl;Al
GcCr;Cr
GcAl;Cr

142,441.7
85,821.1
8521.4

271,392.5
166,601.4
112,567.3

306,697.8
166,708.5
140,244.9

Table 5
0
Free energy of the c/c0 interfaces, rc=c , at 873 K in Ni–7.5Al–8.5Cr calculated from the experimental values of the Kuehmann–Voorhees coarsening rate
constants for the average precipitate radius and the supersaturation of solute species i employing Eq. (9) with solution thermodynamics described by the
ideal solution and Thermo-Calc databases given in Table 4
c=c0

c=c0

0

Thermodynamic models

rAl (mJ m2)

rCr (mJ m2)

rc=c (mJ m2)

Ideal solution theory
Saunders database [73]
Dupin et al. database [74]

14.2 ± 3.1
21.6 ± 4.0
23.6 ± 4.9

16.0 ± 3.6
24.4 ± 6.1
26.6 ± 6.2

15.1 ± 3.4
23.0 ± 5.1
25.1 ± 5.5
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c0 -precipitate phases, respectively. No elastic constants are
available for this alloy, therefore the value of Sc of
100.9 GPa, of a similar alloy, Ni–12.69Al at 873 K [90] is
0
employed, while the value of Bc is taken to be 175 GPa
[91]. The lattice parameters for the equilibrium phases in
alloy (A) at 873 K are estimated to be 0.3554 ± 0.0001
and 0.3544 ± 0.0001 nm for the c0 and c-phases, respectively, based on room-temperature X-ray diﬀraction measurements on similar Ni–Al–Cr alloys [6,11]. These lattice
parameter values result in a near-zero estimate of the lattice
misﬁt of 0.0027 ± 0.0004 for alloy (A). The lattice parameter misﬁt for alloy (B) is estimated to be 0.0006 ± 0.0004
[37]. Substituting these values into Eq. (10) yields values
of DFel of 2.5  106 J m3 for alloy (A) and
1.1  105 J m3 for alloy (B). The larger Cr concentration
in alloy (B) is responsible for a smaller value of the lattice
parameter misﬁt and therefore a smaller elastic strain energy. The quantity DFel is also estimated by a simpler technique due to Eshelby [92], which yields values of 2.80  106
and 1.38  105 J m3 for alloys (A) and (B), respectively.
The high degree of coherency of the c0 -precipitates in these
alloys is such that the bulk component of the driving force
for nucleation is dominated by the DFch term, as DFel is only
3.9% of the value of DFch for alloy (A) and 0.1% for alloy
(B). As such, experimentally determined diﬀerences in the
nucleation behavior may be described as due primarily,
but not exclusively, to diﬀering values of DFch. The tracer
diﬀusivity of Al in the c-matrix phase of these Ni–Al–Cr alloys is signiﬁcantly larger than the diﬀusivity of Cr. For alloy (A), Dfcc
is 11  1021 m2s1 and Dfcc
is
Al
Cr
21
2 1
3.0  10
m s , while for alloy (B), Dfcc
is
9.6

Al
21
1021 m2 s1 and Dfcc
m2 s1.
Cr has a value of 2.6  10
As such, the kinetics of the early stages of the phase transformation of alloy (A), Ni–7.5Al–8.5Cr, are expected to be
faster than those involved in the decomposition of alloy (B),
Ni–5.2Al–14.2Cr, as a result of the larger Al concentration
of alloy (A) and the larger Cr concentration of alloy (B).
The value of W R for alloy (A) is estimated from Eq. (2)
to be 35.2 kJ mol1 or 0.365 eV atom1, while R* is estimated from Eq. (3) to be 0.76 nm. The value of W R for
alloy (B) is found to be 17.0 kJ mol1 or 0.177 eV atom1,
and R* is calculated to be 0.55 nm. The nucleation currents
for the two alloys are estimated from Eq. (4) to be
4.0  1022 m3 s1 for alloy (A) and 3.2  1023 m3 s1
0
for alloy (B). The calculated values of rc=c , DFch, DFel,
st

*
W R , R , and J for both alloys are summarized in
Table 6.
The predictions of the value of R* from CNT are veriﬁed
experimentally for both alloys, as the ﬁrst nucleating pre-
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cipitates detected consistently by APT at an aging time of
1/6 h have hR(t)i values of 0.90 ± 0.32 nm for alloy (A)
and 0.74 ± 0.24 nm for alloy (B), which are both slightly
greater than the calculated R* estimates of 0.76 and
0.55 nm, respectively. The predicted value of Jst of
4.0  1022 m3 s1 for alloy (A) is nearly an order of magnitude greater than the experimental value of
(5.4 ± 1.5)  1021 m3 s1. The calculated value of Jst for
alloy (B) of 3.2  1023 m3 s1 is 50 times greater than
the experimentally measured value of Jst of
(5.9 ± 1.7)  1021 m3 s1. Given the evidence of precursor
clustering in these Ni–Al–Cr alloys [36], it is surprising that
the experimentally determined values of Jst are signiﬁcantly
less than the predicted values. Xiao and Haasen [10] performed a similar comparison of experimentally determined
nucleation currents with those predicted by CNT for a binary Ni–12.0Al at.% alloy aged at 773 K and found that the
predicted value of Jst was a factor of 500 larger than the
measured value of Jst. They attributed this discrepancy to
the sensitivity of the predicted value of Jst to the value of
R*. Xiao and Haasen also pointed out that predicted nucleation currents are likely to be overestimates due to the
assumption that the value of N0 is equal to the volume density of lattice sites, which is a commonly made assumption
that is not necessarily correct. By assuming that the value
of N0 is equal to the volume density of Al atoms, we seem
to have mitigated this error to some extent. Given that the
experimentally determined values of Jst are measured from
two experimental data points, and that the detailed kinetics
involved in the formation of c0 -nuclei in these ternary systems are not completely understood, further analysis is
presently not instructive. The nucleation behavior of Ni–
Al–Cr alloys certainly warrants future research, given the
technological importance of these systems.
The formation of stable, growing nuclei at early aging
times causes a decrease in the values of DC ci ðtÞ and results
in a reduction in, and the eventual termination of, nucleation. By an aging time of 1 h, the values of DC ci ðtÞ for alloy
(A) decrease from the solid-solution values of 2.08 ± 0.02
Al and 0.89 ± 0.01 Cr to 1.21 ± 0.02 Al and
0.52 ± 0.04 Cr. This decrease in the magnitude of the
DC ci ðtÞ values is reﬂected in a 50% decrease in the quantity
DFch to a value of 3.3  107 J m3, and therefore a
decrease in the predicted value of Jst of seven orders of
magnitude, after only 1 h of aging. After 4 h of aging in
alloy (B), the values of DC ci ðtÞ decrease from 2.09 ± 0.04
Al and 1.46 ± 0.02 Cr, to 0.84 ± 0.04 Al and
0.59 ± 0.09 Cr, while the value of DFch decreases 51%
to 4.01  107 J m3. This decrease in the quantity DFch

Table 6
0
The interfacial free energy, rc=c , the chemical free energy, DFch, and the elastic strain energy, DFel, components of the driving force for nucleation used to
estimate the net reversible work, W R , required for the formation of critical nuclei of size, R*, and the nucleation current, Jst, according to classical
nucleation theory
0

Alloy

rc=c (mJ m2)

DFch (107 J m3)

DFel (106 J m3)

W R (kJ mol1)

R* (nm)

Jst (m3 s1)

(A) Ni–7.5Al–8.5Cr
(B) Ni–5.2Al–14.2Cr

24.0 ± 6
22.5 ± 7

6.6
8.2

2.5
0.11

35.2
17.0

0.76
0.55

4.0  1022
3.2  1023
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results in a decrease in the predicted value of Jst of three
orders of magnitude for alloy (B). From these estimates,
and our APT nanostructural results, it appears that the larger initial value of the chemical driving force in alloy (B)
sustains a signiﬁcant nucleation current for aging times as
long as 4 h, whereas the nucleation current decreases significantly in alloy (A) after 1 h.
4.2. Eﬀects of solute concentration on the coarsening
behavior
As alloys (A) and (B) coarsen, the quantities DC ci ðtÞ and
0
DC ci ðtÞ evolve temporally as approximately t1/3 and hR(t)i
grows as approximately t1/3, as predicted by the UO and
KV models. The experimentally measured temporal dependencies of Nv(t) of t0.42±0.03. and t0.67±0.01 for alloys (A)
and (B), respectively, diﬀer signiﬁcantly, however, from the
t1 prediction of both models. The magnitudes of the
quantities DC ci ðtÞ for both alloys remain nonzero at an
aging time of 1024 h, thus neither alloy has achieved a true
stationary state, which is a basic assumption of classical
LSW Ostwald ripening behavior. The UO and KV models,
however, assume a quasi-stationary state, which may have
been achieved for alloys (A) and (B). At 1024 h, the value
of /, Fig. 6, is still evolving temporally.
When Ostwald ripening is considered to be a diﬀusionlimited process, it is limited by the characteristic length
over which diﬀusion can occur, taken as the average
edge-to-edge interprecipitate spacing in these systems. It
is important to note that as Nv(t) decreases with increasing
time, hR(t)i increases and the value of hke–ei increases concomitantly. The time required to reach stationary-state
coarsening, tc, may be estimated employing [93]:
tc 

6 2
 6 
64 x3
1
K KV
1
;
729 x2
/
D3

ð11Þ

time studied experimentally and indicate that the diﬀusivity
inside the c0 -precipitates may be the rate limiting step in c0 precipitate coarsening. Additionally, the values of tc for alloy (A) are longer than those estimated for alloy (B), an
indication that the coarsening kinetics are slower in alloy
(A). Thus the rate of the diminution of Nv(t) is signiﬁcantly
slower in alloy (A) (Nv (t) / t0.42±0.03) than in alloy (B)
(Nv(t) / t0.67±0.01).
A recent study by Mao et al. [32] combined APT and
LKMC to study the role of the precipitation diﬀusion
mechanism on the early-stage precipitate morphology of
alloy (B). They showed that the long range vacancy–solute
binding energies (out to the fourth-nearest-neighbor distance) strongly aﬀect the c0 -precipitate coagulation and
coalescence process, which occurs abundantly at early
stages, from 1/4 to 64 h. Coagulation and coalescence are
shown to result from the overlap of nonequilibrium concentration proﬁles surrounding c0 -precipitates that give rise
to nonequilibrium diﬀuse interfaces. The concentration
proﬁles associated with the interfacial regions between c0 precipitates are spread over distances signiﬁcantly larger
than that of the equilibrium interfacial thickness. This is
due to speciﬁc couplings between the diﬀusion ﬂuxes of
the constituent elements toward and away from c0 -precipitates, which are a result of the ﬁnite vacancy–solute binding
energies. From this analysis, the coagulation and coalescence of c0 -precipitates is more likely when hke–ei has a minimum value, as evidenced experimentally for alloys (A) and
(B), Fig. 5. Additionally, the larger Al concentration in
alloy (A) leads to the formation of more highly mobile
Al clusters than in alloy (B), which explains why the quantities Nv(t) and f achieve their maximum values, and the
quantity hke–ei reaches a minimum value, after aging for
only 1 h in alloy (A), while this condition is reached at
4 h in alloy (B).
5. Summary and conclusions

where KKV is the coarsening rate constant for hR(t)i as deﬁned in Section 1.2, xi is the ith moment of the precipitate
size distribution, x2 = 1.046 and x3 = 1.130 for the LSW
distribution [94], and D is the diﬀusivity of the least mobile
atomic species in the alloy, taken to be the diﬀusivity of Cr
in the c0 -precipitate phase, which has a value of
1.44  1023 m2 s1 at 873 K [95]. The estimate of tc for alloy (A) from Eq. (11) is (8 ± 5)  106 h, while the predicted
value of tc for alloy (B) is (2 ± 1)  106 h, both of which are
greater than the longest aging time studied, 1024 h. Our
inability to achieve stationary-state coarsening explains
the continuously increasing values of / and the nonzero
0
values of DC ci ðtÞ and DC ci ðtÞ at an aging time of 1024 h,
which may explain the deviation from the t1 prediction
for the temporal evolution of Nv(t). When D is taken to
be the diﬀusivity of Cr in the c-matrix phase,
3.0  1021 m2 s1 for alloy (A) and 2.6  1021 m2 s1
for alloy (B), the estimates of tc of (1.0 ± 0.1) and
(0.3 ± 0.1) h generated for alloy (A) and (B), respectively,
are three orders of magnitude less then the longest aging

We present a detailed comparison of the nanostructural
and compositional evolution of alloy (A), Ni–7.5Al–8.5Cr,
and alloy (B), Ni–5.2Al–14.2Cr, during phase separation at
873 K for aging times ranging from 1/6 to 1024 h, employing APT. These ternary alloys have similar equilibrium c0 precipitate volume fractions, /eq, of 16.4 ± 0.6% for alloy
(A) and 15.7 ± 0.7% for alloy (B), and were designed to
study the eﬀects of solute concentration on the kinetic
pathways in model Ni–Al–Cr alloys, leading to the following results:
The morphology of the c0 -precipitate phase in both
alloys is found by both APT and TEM to be spheroidal
for aging times as long as 1024 h, as a result of a nearzero lattice parameter misﬁt between the c-matrix and
c0 -precipitate phases. This high degree of coherency
makes these alloys amenable to a comparison of APT
results to predictions of classical theories of nucleation,
growth and coarsening where the chemical free energy
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term is dominant. Coagulation and coalescence of c0 precipitates is observed and is argued to be a result of
the overlap of the nonequilibrium concentration proﬁles
associated with adjacent c0 -precipitates [32].
After aging to 1/6 h, precipitation of the c0 -phase is evident for both alloys, as alloy (A) forms nuclei with a
composition of 70.9 ± 1.4 Ni, 23.3 ± 1.5 Al and 5.8 ±
0.9 Cr at a c0 -precipitate number density, Nv(t = 1/6h),
of (2.6 ± 1.4)  1023 m3, a mean radius, hR(t = 1/
6h)i, of 0.90 ± 0.32 nm and a volume fraction, /, of
0.31 ± 0.11%. Alloy (B) forms 71.3 ± 1.6 Ni,
19.1 ± 1.4 Al and 9.7 ± 1.1 Cr nuclei with a Nv(t = 1/6
h) value of (3.6 ± 1.3)  1023 m3, an hR(t = 1/6h)i
value of 0.74 ± 0.24 nm and a / value of 0.11 ± 0.04%.
CNT is applied to demonstrate that the chemical free
energy changes for forming a nucleus, DFch, of
6.6  107 J m3 for alloy (A) and 8.2  107 J m3
for alloy (B), provide the primary driving force for nucleation. As such, the diﬀering solute concentrations of the
two alloys are responsible for diﬀerences in the nucleation behavior and in the nanostructural and compositional evolution of the alloys as they decompose. The
high degree of c0 -precipitate coherency with the c-matrix
in these alloys is such that the elastic strain energy values,
DFel, estimated to be 2.5  106 J m3 for alloy (A) and
1.1  105 J m3 for alloy (B), are only a small fraction
of the values of DFch, for both alloys.
0
Estimates of the c/c0 interfacial free energy values, rc=c ,
from the coarsening data obtained by APT yield values
of 23–25 ± 6 mJ m2 for alloy (A) and 22–
23 ± 7 mJ m2 for alloy (B). These values are in good
0
agreement with our recalculated values of rc=c of 20–
2
21 ± 5 mJ m
for the coarsening data of Schmuck
et al. [22] for a ternary Ni–5.2Al–14.8Cr alloy aged at
873 K.
The predictions of the critical radii for nucleation, R*, of
0.76 and 0.55 nm for alloys (A) and (B) show reasonable
agreement with the average radii of the ﬁrst c0 -precipitates detected by APT at 1/6 h, of 0.90 ± 0.32 and
0.74 ± 0.24 nm, respectively. The predicted value of Jst
of 4.0  1022 m3 s1 for alloy (A) is nearly one order
of magnitude greater than the experimental value of
(5.4 ± 1.5)  1021 m3 s1, and the calculated value of
Jst for alloy (B) of 3.2  1023 m3 s1 is 50 times greater
than the experimentally measured value of Jst of
(5.9 ± 1.7)  1021 m3 s1. This discrepancy may be
due to the sensitivity of the predicted value of Jst to
the value of R* and to the assumption that the number
of nucleation sites per volume is equal to the volume
density of lattice points occupied by Al, the precipitate-forming solute element, which may be an overestimate. Further research is required to measure the
value of Jst more accurately for ternary Ni–Al–Cr alloys
to better understand the nucleation kinetics in these concentrated multicomponent alloys. To date, there is no
generally accepted theory of nucleation in concentrated
multicomponent alloys.
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After 1 h of aging, alloy (A) achieves a peak value of
Nv(t) of (2.21 ± 0.64)  1024 m3, which coincides with
a minimum value of the average interprecipitate edgeto-edge spacing, hke–ei, of 7.0 ± 2.5 nm and a maximum
in the fraction of interconnected precipitates, f, of
18 ± 4%. At an aging time of 4 h, alloy (B) achieves a
peak value of Nv(t) of (3.2 ± 0.6)  1024 m3 at a minimum value of hke–ei of 5.9 ± 0.8 nm and a maximum
value of f of 30 ± 4%. The larger peak value of Nv(t)
for alloy (B) is a result of the larger initial solid-solution
value of DFch in alloy (B), which sustains nucleation for
longer aging times.
In the growth and coarsening regime that follows the
peak in the value of Nv(t), the quantity hR(t)i displays
a temporal dependence of t0.29±0.03 for alloy (A) and
t0.29±0.05 for alloy (B), in approximate agreement with
the t1/3 prediction of the KV model for isothermal coarsening in concentrated ternary alloys. The supersaturation of the c-matrix phase in alloy (A) exhibits a
temporal dependence of t0.32±0.03 for Al and
t0.29±0.04 for Cr, while alloy (B) demonstrates a temporal dependence of t0.33±0.04 for Al and t0.34±0.07 for Cr,
in good agreement with the t1/3 prediction of the UO
and KV models. The supersaturation values of Al and
Cr in the c0 -precipitate phase of Alloy (A) display a temporal dependence of t0.34±0.04 for Al and t0.32±0.05 for
Cr, while the supersaturation values in alloy (B) demonstrate a temporal dependence of t0.30±0.05 for Al and
t0.29±0.07 for Cr.
During growth and coarsening, the diminution of the
quantity Nv(t) in alloy (A) exhibits a temporal dependence of t0.42±0.03, while alloy (B) exhibits a temporal
dependence of t0.67±0.01. These temporal exponents
deviate from the t1 prediction of the KV coarsening
model because neither alloy has achieved stationarystate coarsening, characterized by a constant value of
/ and a zero value of the c-matrix supersaturation.
The estimate of the critical time required for stationary-state coarsening, tc, for alloy (A) is (8 ± 5)  106 h,
while the value for alloy (B) is (2 ± 1)  106 h. The estimates of tc for both alloys are far beyond the longest
aging time we studied, 1024 h, and this is most likely
the reason that stationary-state coarsening is not
achieved.
The compositional trajectories of the c-matrix during
phase decomposition lie approximately along the tielines, while the trajectories of the c0 -precipitate phase
do not, as predicted by the KV model for quasi-stationary state isothermal coarsening in ternary alloys. The
addition of a third alloying element alters the Gibbs–
Thompson equations signiﬁcantly, and as such the KV
model predicts that the compositional trajectory of the
c0 -precipitate phase will lie on a straight line that is
not necessarily parallel to the equilibrium tie-line.
The solute solubility in the c-matrix phase of alloy (A) is
determined by APT to be 5.42 ± 0.09 Al and 9.39 ± 0.09
Cr, and 3.13 ± 0.08 Al and 15.61 ± 0.18 Cr for alloy (B).
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Table 7
Equilibrium c0 -precipitate and c-matrix equilibrium concentrations, as determined by APT and Thermo-Calc for Ni–5.2Al–14.8Cr aged at 873 K from the
data of Schmuck et al. [22]
Ni (at.%)

Al (at.%)

Cr (at.%)

Equilibrium composition of c0 -precipitates
Measured by APT at 64 h [22]
Extrapolated from APT data [22]
Calculated with Thermo-Calc and Saunders database [73]
Calculated with Thermo-Calc and Dupin database [74]

74 ± 2
74.2 ± 0.9
74.91
75.79

18 ± 1
18.4 ± 0.8
16.08
14.44

7.6 ± 0.8
7.4 ± 0.5
9.01
9.76

Equilibrium composition of c-matrix
Measured by APT at 64 h [22]
Extrapolated from APT data [22]
Calculated with Thermo-Calc and Saunders database [73]
Calculated with Thermo-Calc and Dupin database [74]

80.2 ± 0.3
80.3 ± 0.2
80.80
80.65

4 ± 0.2
3.94 ± 0.08
3.50
3.77

15.8 ± 0.2
15.8 ± 0.2
15.70
15.58

The equilibrium composition of the c0 -precipitates is
76.33 ± 0.12 Ni, 17.82 ± 0.15 Al and 5.85 ± 0.12 Cr
for alloy (A) and 76.53 ± 0.25 Ni, 16.69 ± 0.22 Al and
6.77 ± 0.15 Cr for alloy (B). The partitioning ratios of
the two alloys diﬀer signiﬁcantly, Fig. 9, due to the differences in the kinetic pathways that lead to decomposition in the two alloys.
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Schmuck et al. approach assumes: (i) the LSW model for
binary alloys applies to their ternary system; (ii) the rate
constant for the average c0 -precipitate radius from LSW
is correct, which it is not [96]; and (iii) that the c-matrix
and c0 -precipitate phase compositions achieved their equilibrium compositions after aging for 64 h. We recalculate
0
the values of rc=c from the data by Schmuck et al. by
0
applying a relationship for rc=c in a nonideal, nondilute
ternary alloy proposed by Marquis and Seidman [82],
based on the results of Calderon et al. [96] and the Kuehmann–Voorhees coarsening model [61], and as applied to
alloy (B) by Sudbrack et al. [40]. Schmuck et al. found that
the c0 -precipitates had compositions very close to their
equilibrium values after only 1 h, and had achieved their
equilibrium compositions after 64 h. Sudbrack et al. [40],
however, found that the c0 -precipitate phase compositions
of a similar alloy, alloy (B) Ni–5.2Al–14.2Cr aged at
873 K, continued to evolve temporally at an aging time
of 1024 h. As a result, we use the equilibrium compositions
calculated by Thermo-Calc for Ni–5.2Al–14.8Cr, employing the Saunders database [73] (Table 7), in our estimates
0
of the value of rc=c for the data of Schmuck et al. A coarsening rate constant, KKV, of (2.30 ± 0.13)  1031 m3 s1
and values of jcAl;KV and jcCr;KV of 0.13 ± 0.01 and
0.08 ± 0.02 at. fr. s1/3, respectively, are found from the
data of Schmuck et al. These values should be compared
to values of KKV of (8.8 ± 3.3)  1031 m3 s1 and of
0.19 ± 0.02 and 0.14 ± 0.05 at. fr. s1/3, for jcAl;KV and
0
jcCr;KV respectively, for alloy (B). The value of rc=c recalculated from the data of Schmuck et al. using Eq. (9) is 20–
21 ± 5 mJ m2, which is in good agreement with values
of 22–23 ± 7 mJ m2 for alloy (B) and 23–25 ± 6 mJ m2
for alloy (A).
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