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ABSTRACT 

 

Temporal Evolution of the Microstructures of Al(Sc,Zr) Alloys  

and Their Influences on Mechanical Properties 

 

Christian B. Fuller 

 

Al(Sc) alloys represent a new class of potential alloys for aerospace and automotive 

applications.  These alloys have superior mechanical properties due to the presence of 

fine, coherent, unshearable Al3Sc precipitates, which form upon the decomposition of 

an supersaturated Al(Sc) solid-solution.  Additions of Zr to Al(Sc) are found to 

improve alloy strength and coarsening resistance, but the operating mechanisms are 

not well understood.  

In this thesis, the relationships between the mechanical and microstructural 

properties of Al(Sc,Zr) alloy are presented.  Three-dimensional atom probe 

microscopy (3DAP) and conventional and high-resolution transmission electron 

microscopies (CTEM and HREM) are utilized to study the temporal evolution of 

Al3Sc1-xZrx (L12 structure) precipitates in dilute Al(Sc,Zr) alloys (precipitate volume 

fractions < 1%) aged between 300 and 375°C.   

Concentration profiles, obtained with 3DAP, show Sc and Zr to partition to 

Al3Sc1-xZrx precipitates, and Zr to segregate near the Al/Al3Sc1-xZrx interface.  CTEM 

and 3DAP are utilized to determine the temporal evolution of Al(Sc,Zr) alloys, which 
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is discussed employing diffusion-limited coarsening theories.  Zirconium additions 

are found to retard the precipitate coarsening kinetics and stabilize precipitate 

morphologies. 

Mechanical properties of Al(Sc,Zr) alloys are investigated utilizing Vicker’s 

microhardness and creep.  Deformation at ambient-temperature is explained by 

classic precipitation-strengthening mechanisms, where a transition between 

precipitate shearing and Orowan looping is calculated to occur at an average 

precipitate radius, <r>, of 2-3 nm.  Al(Sc,Zr) alloys deformed by creep at 300°C are 

found to exhibit a climb controlled threshold stress, which is shown to increase with 

<r>, in agreement with previous results in Al(Sc) alloys and a previous general climb 

model considering the interaction between dislocations and coherent misfitting 

precipitates.  Finally, the effect of various heat-treatments upon the microstructure 

and mechanical properties of a rolled 5754 aluminum alloy modified with 0.23 wt.% 

Sc and 0.22 wt. % Zr are investigated.  The presence of the Al3Sc1-xZrx precipitates is 

found to improve the alloy strength, by pinning subgrain and grain boundaries, as 

shown by hardness, tensile, and fatigue measurements. 
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Chapter One 

Introduction 

1.1 Motivation of Research 

The increasing demand for stronger, lightweight materials has led to the 

development of new aluminum alloys.  Some of the most popular are precipitation-

strengthened alloys, which are easy to process.  The drawback to many of these alloys is 

that they are restricted to relatively low temperature usage (< 150°C), because of the 

dissolution and/or rapid coarsening of the precipitates [1].  Two phase Al(Sc) alloys 

represent an exception because they contain fine coherent (average precipitate radius, 

<r>, between 2 and 20 nm), cuboidal Al3Sc precipitates that remain stable at elevated 

temperatures [2-4]. 

The first reported work on Al(Sc) alloys was in 1971 by Willey in the form of a 

US patent [5].  Willey claimed that Sc additions between 0.12 and 0.36 at.% significantly 

improved the mechanical properties of Al alloys.  He also noted the merits of 

deformation before aging followed by aging at 290°C to improve the mechanical 

properties of Al(Sc) alloys.  Between 1971 and the late 80’s, little published work is 

found in western countries.  Work did, however, appear in Russia from 1973 onward [6-

9], which was summarized in 1992 [10] and 1998 [11].  The Russian literature 

demonstrated that the combination of hypereutectic additions of Sc and other alloying 

elements (Cu, Mg, Si, Ti, Hf, Cr, V, Li, and Zr) produced optimal ambient-temperature 

mechanical properties.  In order to create these alloys, direct chill casting and rapid 
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solidification techniques were employed to produce a high supersaturation of solute 

atoms within the Al matrix. 

 The favorable ambient and elevated-temperature mechanical properties of Al(Sc) 

alloys have led to many applications. One such application is as the next generation of 

aerospace alloys, which has been demonstrated with the Russian Mig-21.  Alloys with Sc 

additions are used in the recreational sports industry (Easton Sports) in the production of 

baseball bats and bicycle frames. 

 

1.2 Scandium containing Al Alloys 

In the aluminum-rich region, the Al(Sc) system has a simple phase diagram, Fig. 

1.1 [2].  The melting point of Al is nearly equal to the eutectic temperature (660°C), 

where the maximum solid solubility of Sc (0.23 at.%) and eutectic concentration (0.31 

at.%) occur [2].  Scandium is observed to have a low solubility in Al, which is typical of 

transition metal additions to Al [11].  Due to the simplicity of this phase diagram, 

precipitation is easily performed utilizing a two-stage heat treatment: (i) homogenization 

in the single-phase region, quenching and (ii) aging in the two-phase region, as shown in 

references [1, 8]. 

Scandium is an excellent grain refiner [12, 13], which is the result of small Al3Sc 

precipitates pinning grain and subgrain boundaries via a Zener drag process [12, 14].  

The stable fine-grained morphology has enabled the Al(Sc) system to be heavily 

investigated in superplastic applications [15-23] where small grains are required for grain 
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Figure 1.1: Al(Sc) phase diagram on the Al rich side [2]. 
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 boundary sliding, the dominant superplastic deformation mechanism, to take place.  

Scandium also acts as a recrystallization inhibitor [24, 25], where recrystallization of Sc-

containing alloy occurs at temperatures above 375°C, which is 100°C greater than 

comparable non-Sc containing alloys [11].  In addition, Sc produces a marginal increase 

in the density of aluminum alloys (3.0 g cm-3 for Sc compared to 2.7 g cm-3 for Al [26]).  

 

1.2.1 Al3Sc phase 

Upon decomposition of the Al(Sc) solid solution, Al3Sc forms as highly stable, 

cuboidal, and coherent precipitates with an equilibrium morphology consisting of 6 

{100}, 12 {110}, and 8 {111} facets, thus forming a Great Rhombicuboctahedron [3].  

These precipitates have an ordered L12 -type structure, where Sc atoms sit at the corner 

sites and Al atoms sit on the faces of a FCC lattice, and a lattice parameter misfit with Al 

of 1.34% at 24°C and 1.05% at 300°C [27].  In an Al matrix, Al3Sc is highly stable as a 

result of its high melting temperature (1320°C [28]), compared to 660°C for Al. 

A comparison of the elastic constants of Al3Sc (Young’s modulus of 166 GPa, 

shear modulus of 68 GPa and Poisson’s ratio of 0.22 [29]) to those of pure aluminum 

(Young’s modulus of 70.3 GPa, shear modulus of 26.1 GPa and Poisson’s ratio of 0.345 

[30]), illustrates that the trialuminide has a higher stiffness than pure aluminum.  

However, as far as intermetallics are concerned the Al3Sc phase behaves differently.  

When compared to Ni3Al, with the same L12 structure, Al3Sc is observed to have a lower 

yield stress, but is more brittle than Ni3Al.  This brittleness is seen in many trialuminides, 

which are considered to be "soft" materials in which dislocations can move with ease 



 
 

5

[31].  While attempting to rationalize the relative “softness” of the Al3Sc phase, George 

et al. [29] and Schneibel and Hazzledine [32] have determined that the Sc trialuminide 

fractures in a transgranular and brittle mode.  This is a result of low cleavage strength, 

where cleavage is found to occur on the {110} planes and not on the lowest surface 

energy {111} planes. 

The morphological development of Ni3X (L12 structure) precipitates (X = Al, Si, 

Ge, Ti and Ga) in FCC Ni-rich solid solution, have been extensively studied [33-40], and 

are directly comparable to Al(Sc) alloys since they are structurally analogous.  

Precipitates in nickel-base alloys occur at higher volume fractions (typically > 0.10) than 

Al3Sc precipitates, but the temporal morphological evolutions are similar [3], as both 

systems have elastically hard precipitates in a soft matrix, and similar modulus 

anisotropies.  As precipitates grow in nickel-base alloys, their morphology evolves from 

spheres to cubes to arrays of cubes (octets) that eventually split into smaller precipitates 

[35, 40].  This specific morphological evolution is attributed to the elastic self-energy of 

isolated precipitates and elastic interactions among precipitates.  Morphological 

evolution is found to depend on lattice parameter mismatch, interfacial free energy, and 

elastic constants, all of which directly affect coarsening kinetics [40]. 

Due to the small maximum solid-solubility of Sc in Al, precipitate volume 

fractions in the Al(Sc) system are inherently small (<0.01), and therefore, elastic 

interactions between precipitates can be neglected; however, the elastic self-energy of an 

isolated precipitate is anticipated to play a role in Al3Sc precipitate morphological 

evolution.  Recent conventional transmission electron microscopy (CTEM) studies of 
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Al(Sc) alloys demonstrate a morphological development roughly similar to those 

observed for Ni-base alloys [3, 4].  At low Sc concentrations (< 0.12 at.% Sc), Al3Sc 

precipitates (<r> < 20 nm) are cauliflower-shaped and evolve to spheres (Al-0.12 at.% Sc 

[4]) or lobed cubes (Al-0.07 at.% Sc [3]) after aging for greater than 72 h. at 350°C.  

Higher concentrations of Sc (Al-0.18 at.% Sc) produce faceted or spheroidal Al3Sc 

precipitates, which temporally evolve into cuboids upon aging at 400°C.  Al3Sc 

precipitates are also shown to be resistant to diffusion-limited coarsening when aged 

between 300-400°C [3, 4], as discussed in Chapter 3. 

 

1.2.2 Al(Sc,Zr) Alloys 

At the temperatures required, however, in the production of rolled Al alloys 

(above 450°C), Al3Sc rapidly coarsens.  This issue is addressed by improving the thermal 

stability of Al3Sc precipitates by adding Zr to the alloy.  Zirconium additions are known 

to reduce the coarsening rate [9, 41] and increase the strength and recrystallization 

resistance of Al(Sc) alloys [9, 42, 43]. 

Zirconium substitutes for up to 50% of the Sc atoms within Al3Sc precipitates, 

thus forming Al3Sc1-XZrX (where X < 0.5) [10, 44].  Zirconium additions reduce the 

lattice parameter of Al3Sc [27] and, concomitantly, the interfacial free and elastic strain 

energies.  Furthermore, the diffusivity of Sc in Al is over four orders of magnitude 

greater than Zr in Al at 300°C, [45, 46] respectively.  Zirconium is therefore effective in 

reducing the coarsening rate of Al(Sc) alloys, as confirmed by electrical conductivity 

[41] and hardness measurements [9, 41]. 
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Microstructural decomposition studies of Al-0.18 Sc-0.05 Zr (at.%) [47] and Al-

0.24 Sc-0.04 Zr (at.%) [9] alloys reported hardness values above those of Al(Sc) alloys 

when aged at or above 350°C.  Both studies attribute the increase in hardness to the 

presence of a second precipitate phase, Al3Zr (L12 structure), in addition to Al3Sc.  

CTEM observations of the Al-0.18 Sc-0.05 Zr alloy, aged at 400°C for 200 h., 

demonstrate the presence of large incoherent Al3Sc (<r> = 26.3 nm) and smaller coherent 

Al3Zr (<r> = 5.5 nm) precipitates [47], while energy-dispersive x-ray analyses showed 

large Al3Sc precipitates and fine Al3Sc1-XZrX precipitates to coexist in Al-0.24 Sc-0.04 

Zr aged at 400°C for 17 h. [9]. 

Later Toropova et al. [44] utilized x-ray diffraction analyses to determine 

quantitatively the Sc and Zr concentrations within the precipitates.  Their research 

indicated that a Sc/Zr (at.%/at.%) ratio greater than 1.0 resulted in the L12 Al3Sc phase, 

while a ratio less than 1.0 resulted in the DO23 Al3Zr phase.  In addition, they reported 

that the maximum solubility for Zr in the Al3Sc phase is 13.7-14.2 at.%, and for Sc in the 

Al3Zr phase is 3 at.%.  A decrease in the Sc/Zr (at.%/at.%) ratio by increasing the Zr 

concentration results in a decrease in the same ratio in Al3Sc precipitates until a 

maximum concentration of Zr is achieved [44].  Once the maximum Zr concentration is 

reached, any additional Zr results in the formation of the Al3Zr phase [44].   

Harada and Dunand [27] observed a similar trend in their investigation of the 

effects of Zr additions on polycrystalline specimens of the Al3Sc intermetallic.  

Zirconium additions are found to replace up to 50% of the Sc atoms in the L12 Al3Sc 

structure, while the addition of higher concentrations of Zr result in the formation of 
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Al3Zr (DO23 structure).  In agreement with reference [44], up to 5 at.% Sc is soluble in 

Al3Zr.  Zirconium substitutions also decrease the lattice parameter of Al3Sc precipitates 

[27], resulting in a decrease in the lattice parameter misfit, from 1.34% for Al3Sc to 

1.07% for Al3Sc0.5Zr0.5 at 24°C, and from 1.05% for Al3Sc to 0.78% for Al3Sc0.5Zr0.5 at 

300°C.  The lattice parameter expansion was calculated from the ambient temperature 

thermal expansion of Al3Sc (0.415% [48]) and Al (0.699% [49]), assuming Vegard’s law 

[50]. 

The chemical composition of Al3Sc1-XZrX precipitates in an Al-4.45 Mg-0.49 Mn- 

0.18 Sc- 0.03 Zr (at.%) alloy was investigated employing analytical transmission electron 

microscopy [51].  Their research indicates that Zr is present within Al3Sc1-XZrX 

precipitates, in agreement with [27, 44].  In addition, Zr was detected along the 

perimeters of precipitates, that is, along the Al/ Al3Sc1-XZrX interfaces.  But due to the 

small precipitates radius (<r> < 15 nm), the amount of Zr at the interface could not be 

quantified.  The authors proposed that the Zr presence at the interface acted as a barrier 

to Sc diffusion across the interface, which in turn led to a reduction in the coarsening rate 

of Al3Sc precipitates. 

 

1.2.3 Mechanical Properties of Al(Sc) Alloys 

Willey [5] was the first to observe the effect of Sc addition on the ambient 

temperature mechanical properties of Al alloys.  Adding 0.18 at.% Sc to an Al-5.8 at.% 

Mg alloy produced a yield strength of 365 MPa, which is more than twice the yield 

strength of Al-5.8 at.% Mg.  Sawtell and Jensen [16] determined that an increase in Mg 
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concentration directly correlated to an increase in the yield and tensile strengths of Al-

Sc-Mg alloys, while Parker et al. [52] determined that alloying Sc with Al-Mg was a 

relatively easy process.  Attempting to alloy Sc with other Al systems, however, proved 

to be difficult because of the formation of complex phases.  Magnesium atoms produce a 

solid-solution strengthening in Al, where dislocation motion is limited by solute 

atmospheres [53]; this produces two strengthening contributions in Al-Mg-Sc alloys: 

precipitation strengthening and solid-solution strengthening.   

Additions of Sc have been observed to increase the fatigue strength of aluminum 

alloys by the formation of Al3Sc precipitates and a fine subgrain structure [54].  Sc has 

also been utilized in advanced Al alloys such as Al-Zn-Mg-Cu-Sc, which has a higher 

stress corrosion cracking resistance (255.5 h. to failure) and tensile strength (660 MPa) 

then the non-Sc containing alloy (96.2 h. to failure and 640 MPa, respectively) [55]. 

 Scandium additions are found to have an affect on the high-temperature 

mechanical properties of Al alloys [16, 52].  The presence of a stable microstructure is 

demonstrated with ambient-temperature hardness measurements that do not change after 

aging at 320°C and 290°C for various times up to 100 h. [16].  However, when the 

tensile properties were measured at elevated temperatures, the yield strength was 

observed to decrease more rapidly then other age-hardened Al alloys designed for high 

temperature usage such as 2219-T851 (Al-Cu-Mg alloy) [52].  The presence of Al3Sc 

precipitates is shown to increase the creep resistance of Al [56, 57] at 300°C.  In 

addition, Marquis et. al. [57] examined the ambient and elevated temperature 

deformation mechanisms of Al(Sc) alloys. 
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The characteristics of a eutectic composition (simple heat treatments) and 

microstructural stability make Sc containing alloys a promising candidate for 

superplastic behavior as shown by [15-23].  Sawtell and Jensen [16] showed that an Al-

4.4 Mg-0.34 Sc (at.%) alloy has a maximum strain rate sensitivity, m = 1/n (where n is 

the stress exponent for creep), of 0.4 (which is dependent on strain rate) and a maximum 

elongation greater than 1020%.  These values are larger then those for an Al-0.3 at.% Sc 

(maximum m=0.25, maximum elongation 157 %) alloy and an Al-4.4 at.% Mg 

(maximum m=0.3, maximum elongation 210 %) alloy.  Thus, the combination of Mg and 

Sc produce a desirable superplastic behavior.  Since Sawtell and Jensen’s paper, many 

researchers have continued to explore the superplastic behavior of Sc containing alloys 

such as Al-Mg-Sc [15, 19-23], Al-Mg-Li-Sc [17], and Al-Mg-Sc-Zr [18]; all of which 

have demonstrated excellent superplastic properties. 

 

1.2.4 Mechanical Properties of Al(Sc,Zr) Alloys 

As stated in Section 1.1.2, Zirconium additions decrease the lattice parameter of 

Al3Sc [27, 44].  By changing the Zr concentration, it is therefore possible to continuously 

vary the lattice parameter of the precipitate phase and the lattice mismatch with the Al 

matrix.  Zirconium additions are known to increase the ambient temperature tensile 

strength and recrystallization resistance of Al(Sc) alloys [9, 10, 41].  Additions of Sc and 

Zr to commercial 2618 (Al-Cu-Mg-Fe-Ni), 5083 (Al-Mg-Mn), and 5754 (Al-Mg-Mn) Al 

alloys have been shown to increase the tensile strength over Zr free alloys, an effect 
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attributed to the pinning of grain and subgrain boundaries by Al3(Sc1-xZrx) precipitates 

[58-60]. 

A fine-grain Al-Zn-Mg-Sc-Zr alloy was superplastically deformed between 420 

and 500°C to an elongation of 570-760% [11, 61].  After superplastic deformation and 

aging (100°C for 20 h. followed by 170°C for 5 h.), this alloy exhibited ultimate tensile 

strengths (485-540 MPa) near those of the undeformed alloy.  Superplastic deformation 

was also performed, at 477°C and 2 x 10-3 s-1, utilizing a series of Al-2.7 Mg- 3.2 Zn- 1.1 

Cu (at.%) alloys with 0-0.2 at.% Sc and 0.006-0.04 at.% Zr [18].  The alloys containing 

only Sc or Zr (but not both) did not display superplastic behavior, which was attributed 

to either a low precipitate number density in the Zr containing alloy or the low 

coarsening resistance of the Sc containing alloy.  Simultaneous additions of Sc and Zr, 

however, produced superplastic alloys with elongations between 556 and 668%.  Finally, 

Zirconium additions to polycrystalline specimens of the Al3Sc intermetallic [62], forming 

Al3(Sc0.74Zr0.26), were shown to increase the creep resistance (decrease strain-rate) by 

nearly an order of magnitude.  The increase in creep resistance was attributed to Zr atom 

solid-solution strengthening, which increases the stress necessary for dislocation motion. 

 

1.3 Atomic Scale Studies of Heterophase Materials 

Three-dimensional atom-probe microscopy (3DAP) [63, 64] is a technique that 

examines the three-dimensional atomic structure of metal matrix materials.  Data 

produced by the 3DAP is in the form of atomic reconstructions, which contain the spatial 

position and chemical identity of atoms near heterophase interfaces.  3DAP has been 
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utilized in the characterization of precipitate evolution and solute atom segregation [65-

73].  One example of the utility of the 3DAP is given by Reich et. al., [68] who 

demonstrated that the 3DAP can determine the evolution and formation mechanism of 

the Ω  phase (Al2Cu) contained in an Al-Cu-Mg-Ag alloy.  In this work it was 

determined that co-clusters of Mg-Ag form first, which act as nucleation sites for GP 

zones.  The GP zone then grows into the Ω phase as a result of Cu replacing the Mg and 

Ag atoms, which segregate to the outer surfaces of the plate-like precipitate.  From a 

series of reconstructions, Reich et al. were able to prove that Ω platelets originate from 

co-clusters and not by a heterogeneous nucleation method, as previously thought. 

Recently, 3DAP was utilized to quantify Mg segregation near a Al/Al3Sc 

heterophase interface in Al-Mg-Sc alloys [73].  Magnesium was noted to segregate to the 

matrix/precipitate interface, at nearly the same enhancement factor of 2 to 3, for all of the 

aging times investigated.  The ability of Mg to maintain a constant enhancement factor 

was attributed to the rapid diffusion of Mg in Al. 

 

1.4 Precipitate Coarsening Theory 

An analytical theory describing diffusion-limited coarsening was developed by 

Lifshitz and Slyozov [74] and Wagner [75] (referred to as LSW theory).  The 

assumptions of LSW theory are [76, 77]: (i) the linearized version of the Gibbs-Thomson 

equation is valid; (ii) no elastic interactions occur among precipitates, thereby limiting 

the precipitate volume fraction to zero; (iii) diffusion fields of precipitates do not 

overlap; (iv) dilute solution theory obtains; (v) coarsening occurs in a stress-free matrix; 
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(vi) precipitates have a spherical morphology; (vii) precipitates form with the correct 

composition as given by the equilibrium phase diagram; (viii) and coarsening is a self-

similar process. 

A general theoretical approach for determining the diffusion-limited coarsening 

rate in multicomponent systems was first described by Umantsev and Olson [78].  Later, 

the specific case of coarsening in ternary systems, which included capillary effects, was 

addressed by Kuehmann and Voorhees [79].  There are three equations with asymptotic 

solutions that describe diffusion-limited coarsening, which are derived for ternary alloys 

by Kuehmann and Voorhees [79] assuming an ideal dilute solutions with the off-diagonal 

terms of the diffusion tensor equal to zero. 

The first equation describes the increase in the average precipitate radius, <r(t)>, 

with respect to aging time according to: 
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Here <r(t)> is the average radius at time t, <r(0)> is the average radius at t = 0, the 

superscripts α and β refer to the matrix and precipitate phases, respectively, Vm is the 

molar volume of the precipitate, γ is an isotropic interfacial free energy, R is the ideal gas 

constant, T is the absolute temperature, Ci
α  is the composition of the ith component in 

the matrix, Di is the diffusion coefficient of the ith component, and ki is the distribution 

coefficient of the ith species between the α and β phases and is defined by Ci
β Ci

α .  The 

right-hand side of Equation (1.1) is also described by kKVt, where kKV is the Kuehmann-
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Voorhees coarsening rate constant.  The second equation describes the decrease in 

precipitate number density, NV, with respect to aging time: 
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where VV is the precipitate volume fraction.  The third equation describes the relation of 

solute composition within the matrix, Ci
α , with respect to aging time: 
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where Ci
α t → ∞( ) is the solid-solubility of the ith component in the matrix and kexp is the 

experimentally determined coarsening rate constant. The quantity in the brackets on the 

left-hand side of Equation (1.3) is denoted the matrix supersaturation.  Equations (1.1 - 

1.3) have the same time dependencies as those equations describing diffusion-limited 

coarsening in binary alloys [80-82], but the coarsening rate constants (coefficients of tn) 

are different.  The first two equations are discussed in Chapter 3, while the third equation 

is discussed in Chapter 2. 

Experimentally, the rate of coarsening can be determined by electrical resistivity, 

hardness measurements, CTEM, or high-resolution electron microscopy (HREM).  All 

are useful in determining how well the LSW theory is obeyed, the stability of the 

precipitates, and how much solute is remaining in the matrix.  However, CTEM and 

HREM [82, 83] provides direct observation of the precipitate’s morphology, something 

that must be inferred indirectly from resistivity and hardness studies alone.  In addition, 
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3DAP is the only experimental method that produces a direct quantitative measurement 

of the matrix supersaturation. 

As coherent precipitates coarsen, they eventually lose their coherency with the 

matrix, resulting in a decrease in the overall mechanical properties of the alloy and a 

rapid increase in coarsening rate.  It has been reported by Toropova et. al. [11] that the 

total coherency loss of Al3Sc is generally seen at temperatures above 350°C, where the 

precipitates grow to a radius greater then 20 nm and become incoherent.  Below this 

temperature, particles remain stable and coherent for long periods of time. 

 

1.5 Elevated-Temperature Al Alloys 

Precipitation-strengthened Al alloys that are usable at elevated-temperatures 

belong to one of two commercial alloy systems: the Al-Zn-Cu-Mg system (7xxx series) 

or the Al-Cu-Mg system (2xxx series).  Aging of 2xxx and 7xxx alloys below 200°C 

produces small metastable Al2Cu precipitates (2-30 nm) that first exist as the coherent θ” 

phase, which grow into the semi-coherent θ’ phase upon overaging of the material [84].  

The θ” phase contributes to alloy strength by shearing, while θ’ is subjected to Orowan 

bowing and climb.  Besides precipitates, two other types of strengthening phases exist: 

small incoherent dispersiods and large inclusions.  Incoherent dispersiods (approximately 

0.2 µm in size) are intermetallics, which are present due to additions of Cr, Mn, and Ti.  

The large inclusions (approximately 5-10 µm in size) are formed in the presence of Fe 

and Si impurities.  The combination of the strengthening phases produces a heat 

treatment complication: the dispersiods and inclusions are stable to near the melting 
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temperature of Al alloys, while the precipitates coarsen quickly and dissolute at 

temperatures above 300°C (the maximum usage temperature of Al-Cu alloys [85]).  

 Creep experiments of Al alloys reveals that 300°C may be too high for a 

structurally sound member.  Experiments on a 2650 alloy indicate that the alloy has a 

good creep resistance at 175°C, but the creep resistance deteriorates dramatically when 

the alloy has been aged for 168 h. at 190°C [86].  Creep has also been performed with 

aluminum composites, such as Al with alumina particles, and rapidly solidified 

aluminum alloys, both of which exhibit high creep resistance at high temperatures (up to 

450°C for Al/Al203 [87]).  The cost of processing, however, composites and rapidly 

solidified materials is quite high. 

 

1.6 Context of Present Work 

 This thesis examines the structure/property relations of Al(Sc,Zr) alloys, and is 

based on four interrelated studies. 

The chemical evolution of Al3Sc1-XZrX precipitates is examined in Chapter 2 

utilizing 3DAP.  3DAP results produce concentration profiles of Al, Sc, and Zr, which 

are presented as a function of aging time at 300°C.  From these profiles, the partitioning 

and segregation behavior is determined.  Additionally, the degree of segregation is 

thermodynamically quantified in terms of the relative Gibbsian interfacial excess.  The 

matrix solute-supersaturation is utilized to determine the temporal evolution of an 

Al(Sc,Zr) alloy. 
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 Chapter 3 examines the temporal evolution of Al3Sc1-XZrX precipitates utilizing 

CTEM and HREM.  Zirconium additions are found to change the precipitate 

morphology, number density, and coarsening kinetics.  Experimental results are 

compared to a diffusion-limited theory for coarsening in ternary systems [79].  

Additional, HREM is utilized to determine the exact morphology of Al3Sc1-XZrX 

precipitates.  

 Chapter 4 is an investigation of the ambient and elevated-temperature mechanical 

properties of Al(Sc,Zr) alloys.  Hardness (ambient-temperature) and creep (elevated-

temperature) measurements are made and correlated to the average precipitate radius, 

<r>.  These correlations are then compared to theoretical predictions to determine the 

operating deformation mechanism of Al(Sc,Zr) alloys.  Creep behavior is explained in 

terms of a climb-controlled threshold stress, which is dependent on the average 

precipitate radius. 

 Chapter 5 investigates the effect of heat-treatment on a commercial 5754 Al alloy 

with Sc and Zr additions.  The alloy microstructure is quantified in terms of subgrain 

boundaries, grain boundaries, and precipitate radius and morphology.  Mechanical 

properties, in the form of tensile strength, hardness, and fatigue, are then compared to the 

microstructural elements.   

 Chapter 6 is a summary of the thesis research, and Chapter 7 lists suggestions for 

future work in this alloy system. 

 Appendices A, B, and C describe in detail the experimental procedures that have 

been utilized to produce alloys, prepare samples, and analyze data, respectively. 
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Chapter Two 

Chemical Evolution of Al3Sc1-XZrX Precipitates 

2.1 Introduction 

3DAP is utilized to examine the heterophase interfaces of Al(Sc,Zr) ternary 

alloys in the presence of segregating solute atoms. The objectives of this research are to 

determine: (i) if Al3Zr1-xScx precipitates exist within the alloy aged at 300ºC; (ii) the 

partitioning of Sc and Zr between the matrix and the Al3Sc1-XZrX precipitates; (iii) the 

relative Gibbsian interfacial excess of Zr at Al/ Al3Sc1-XZrX interfaces; (iv) the method of 

precipitate formation; and (v) the temporal evolution of Al3Sc1-XZrX precipitates, as 

shown by the change in matrix solute-supersaturation as a function of aging time.  In 

Table 2.1, the composition, calculated volume fraction, and Sc/Zr atomic and weight % 

ratios of the Al(Sc,Zr) alloy investigated in Chapter 2 are listed. 

 

2.2 Phase equilibria of the Al-Sc-Zr system 

Figure 2.1 is of a series of isothermal sections, in the Al rich corner, of a 

calculated Al-Sc-Zr ternary phase diagram due to J.L. Murray [88].  Two distinct phase 

fields are present: (1) primary solid-solution (α) + Al3Sc1-XZrX; and (2) α + Al3Sc1-XZrX 

+ Al3Zr.  For calculating this phase diagram, the Al3Sc1-XZrX phase is assumed to be 

coherent with the L12-type structure, while the Al3Zr phase is assumed to be incoherent 

with the DO23-type structure.  In the binary Al(Zr) system, the Al3Zr (DO23 structure) 
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Table 2.1:  Characteristics of the Al(Sc,Zr) alloy investigated. 

Alloy (at.%) Sc 
(wt.%) 

Zr 
(wt.%) 

Volume 
fraction (VV)†

Sc/Zr 
(at.%/at.%) 

Sc/Zr 
(wt.%/wt.%) 

Al-0.09 Sc-0.047 Zr 0.15 0.16 0.0070 1.9 0.94 
†Determined from calculated phase equilibria data of reference [88] at 300°C. 
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Figure  2.1: Isothermal sections of a calculated ternary phase diagram of Al(Sc,Zr) 

system in the Al rich corner [88], with up to three equilibrium phases. 
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phase is the equilibrium phase, while the coherent Al3Zr (L12 structure) phase is a 

metastable phase; therefore, the metastable coherent solvus line lies to the right of the 

stable incoherent solvus line [89].  Hence, if the coherent solvus lines are considered, the 

solvus lines in Fig. 2.1 are displaced to the right, which implies that the Al-0.07 Sc-0.019 

Zr (at.%) alloy is in the two-phase field region, while the Al-0.09 Sc-0.047 Zr (at.%) 

alloy remains within the three-phase field region.  In Chapter 3, evidence is presented to 

show that the DO23 phase is not present in any of the Al(Sc,Zr) alloys we aged between 

300 and 375°C.  Therefore, Fig. 2.2 displays the calculated tie-lines (between 300 and 

400°C) for the Al-Sc-Zr ternary phase diagram [88], in the Al rich corner, assuming the 

presence of one equilibrium phase, Al3Sc1-XZrX (L12 structure).  The Al-0.09 Sc-0.047 Zr 

(at.%) alloy indicated in Figs. 2.1 and 2.2 is the only alloy reported on in Chapter 2, 

while all of the alloys are discussed in Chapter 3. 

Assuming that the Al-0.09 Sc-0.047 Zr (at.%) alloy discussed in this article is in 

the two-phase field region, the Al3Sc1-XZrX phase consists of 75.1 Al- 16.5 Sc- 8.4 Zr 

(at.%), Fig. 2.2.  When a three-phase alloy is considered, the Al3Sc1-XZrX phase is 75.0 

Al- 21.7 Sc- 3.3 Zr (at.%) and the Al3Zr1-xScx phase is 75.0 Al- 0 Sc- 25.0 Zr (at.%, 

D023-type structure).  For the three-phase alloy, the phase diagram predicts that the 

volume fraction of Al3Sc1-XZrX is 0.5 % and 0.21 % for Al3Zr1-xScx.  It is, therefore, 

anticipated that for every two Al3Sc1-XZrX precipitates there should be approximately one 

Al3Zr1-xScx precipitate, assuming both precipitate phases have similar average radii. 
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Figure 2.2: Tie-lines for a calculated ternary phase diagram of Al(Sc,Zr) system in the 

Al rich corner at 300°C, assuming one equilibrium precipitate phase 
(Al3Sc1-xZrx) [88]. 
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2.3 Results 

2.3.1 High-resolution electron microscopy (HREM) 

Aging of Al-0.09 Sc-0.047 Zr at 300°C produces small precipitates, with a 

diameter ≤ 5 nm.  Figure 2.3 (a-d) compares the temporal evolution of precipitate 

morphology as a function of aging time (72, 288, 576, or 2412 h.) at 300°C as shown by 

HREM images recorded along the [100] zone axis.  After aging for 72 h. the precipitate 

facets are not well defined, while for times longer than 288 h. the presence of facets 

parallel to the {100} and {110} planes are clearly observed around part of each 

precipitate in Fig. 2.3.  Figure 2.3(c) contains the highest percentage of precipitate 

faceting, but the entire precipitate is not faceted.  Examination of the inset diffraction 

pattern [Fig. 2.3(c)] detects only FCC and L12 reflections, while no additional reflections 

due to a DO23 structure are observed. 

Table 2.2 compares the mean precipitate diameter and the number of precipitates 

counted, as determined from HREM images.  The mean diameter is observed to increase 

slightly with increasing aging time, but takes a slight deviation at 576 h. due to the 

presence of small precipitates, Fig. 2.3(c).  The high stability of Al3Sc1-XZrX precipitates 

to coarsening at 300°C is shown by the small change in precipitate diameter (12 % 

increase) over a 2340 h. increase in aging time; in contrast, the precipitate diameter in the 

binary Al-0.18 at.% Sc alloy increases by 63% for a 344 h. increase in aging time [3]. 

Precipitate size distributions (PSDs) were constructed by plotting the precipitate 

size distribution function (g) as a function of the normalized precipitate radius (u = 
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Figure 2.3:   A comparison of precipitate morphologies employing HREM images 

([100] zone axis) of an Al-0.09 Sc-0.047 Zr alloy aged at 300°C for: (a) 
72; (b) 288; (c) 576; or (d) 2412 h.  
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Table 2.2:  Evolution of precipitate diameter of Al3Sc1-XZrX precipitates as a function 

of aging time at 300°C; determined from HREM images employing the 
eight lowest order superlattice reflections of the L12 structure.  

Aging time 
(h.) 

Mean precipitate 
diameter (nm) 

Number of precipitates 
counted 

72 4.1 ± 0.2 127 
288 4.5 ± 0.2 121 
576 3.8 ± 0.3 272 
2412 4.6 ± 0.2 186 

Error in precipitate diameter represents one standard deviation (σ) of the 
precipitate size distribution. 

 



 
 

26

 
 
 
 
 

 
Figure 2.4:  A comparison of precipitate size distributions (PSDs), where the 

precipitate size distribution function (g) is plotted as a function of 
normalized radius (u = radius/average radius), as determined from HREM 
images ([100] zone axis) of an Al-0.09 Sc-0.047 Zr alloy aged at 300°C 
for: (a) 72; (b) 288; (c) 576; or (d) 2412 h.  The predictions of the LSW 
(solid line) [74, 75] and BW (dashed line) [90] theories are shown for 
comparison. 
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radius/average radius), Fig. 2.4.  The distributions were obtained from HREM images of  

samples aged at 300°C for 72, 288, 576, or 2412 h., and are shown in comparison to the 

PSDs for LSW and Brailsford and Wynblatt (BW, [90]) theories.  With increasing aging 

time, the PSD width decreases and the peak height increases; thus, PSDs are not self-

similar and do not follow the time-invariant assumption of LSW theory.  The strongest 

deviation from LSW theory is Fig. 2.4 (c), where the PSD peak occurs at a smaller 

normalized radius than for the other aging treatments, due to a population of smaller 

precipitates (≈ 1 nm radius).  The variation in precipitate radius is a consequence of 

diffusion-limited coarsening, where the smaller precipitates shrink (≈ 1 nm radius) at the 

expense of the larger precipitates (≈ 2 nm radius).  3DAP microscopy of the 576 h. aging 

treatment was performed on three different 3DAP specimens containing a total of ten 

precipitates, where all of the precipitates had similar compositions within error bars.  The 

difference in precipitate size, therefore, cannot be attributed to a difference in precipitate 

composition.  The PSDs exhibit a unimodal precipitate distribution and not a bimodal 

distribution as was previously reported for Al(Sc,Zr) alloys aged at 450°C [9]. 

 

2.3.2 Three-dimensional atom-probe (3DAP) microscopy  

2.3.2.1 As-quenched and early aging times After the homogenization heat treatment, Sc 

[Fig. 2.5(a)] or Zr [Fig. 2.5(b)] clusters are not visually apparent in an atomic 

reconstruction of a 16 x 16 x 100 nm3 volume containing over 933,500 atoms.  The 

matrix compositions for the as-quenched alloy are 0.103 ± 0.003 at.% Sc and 
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Figure 2.5:  Three-dimensional atom-by-atom reconstruction of an Al-0.09 Sc-0.047 

Zr alloy homogenized at 648°C for 72 h. and water quenched to 24°C; the 
Sc atoms are displayed in (a) and the Zr atoms in (b).  The analysis 
volume measures 16 x 16 x 100 nm3 and contains 933,500 atoms.   
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0.041± 0.002 at.% Zr.  After aging at 300°C for 0.28 h., the presence of atomic clusters 

within a 14 x 14 x 89 nm3 volume containing over 594,200 atoms are still not visually 

obvious.  The matrix compositions for the 0.28 h. aging treatment are 0.108 ± 0.004 at.% 

Sc and 0.055± 0.003 at.% Zr.  As anticipated, the matrix compositions of Sc and Zr are 

essentially unchanged between the as-quenched and 0.28 h. specimens. 

2.3.2.2 Coarsening After aging at 300°C for 4.5 h., two precipitates are observed to be 

rich in Sc atoms [Fig. 2.6(a)], while Zr atoms [Fig. 2.6(b)] appear to be randomly 

distributed throughout the matrix.  A profile of solute atom concentrations with respect to 

the α-Al/ Al3Sc1-XZrX interface is displayed in a composite proxigram, Fig. 2.7. 

The precipitate and α-matrix phase compositions are determined from the plateau 

regions of each proxigram.  Table 2.3 lists the precipitate composition as a function of 

aging time.  From the α-matrix and precipitate compositions, a partitioning ratio (atomic 

concentration in the precipitate divided by the atomic concentration in the matrix) for Sc 

and Zr is calculated, Table 2.4.  A partitioning ratio > 1 indicates partitioning of a solute 

species to the precipitate phase, while a value < 1 indicates partitioning of a solute 

species to the α-matrix phase.  After aging for 4.5 h., clear partitioning of Sc and Zr to 

the precipitate phase is evident.  An enlarged view of the Zr concentration profile is 

shown in Fig. 2.7(b), and segregation of Zr atoms to the α-Al/ Al3Sc1-XZrX interface is 

obvious.   
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Figure 2.6:   Three-dimensional atom-by-atom reconstruction, measuring 14 x 14 x 50 

nm3 and containing 358,000 atoms, of an Al-0.09 Sc-0.047 Zr alloy aged 
at 300°C for 4.5 h., displaying (a) Sc and (b) Zr atoms.  There are two 
precipitates in (a). 
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Figure 2.7:   Proxigrams for Al, Sc and Zr concentrations as a function of distance 

(nm) with respect to the α-Al/ Al3Sc1-XZrX interface for an Al-0.09 Sc-
0.047 Zr alloy aged at 300°C for 4.5 h., where (b) is an enlargement of the 
Zr proxigram.  The error bars correspond to ± σ values.  The shading 
illustrates the Gibbsian excess quantities, Γi.  This proxigram contains six 
precipitates that are contained in 684,000 atoms. 
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Table 2.3:  Evolution of precipitate composition and Sc/Zr ratio as a function of 

aging time at 300°C.   
Aging 
time 

(hours) 

Number of 
precipitates Al (at.%) Sc (at.%) Zr (at.%) Sc/Zr 

(at.%/at.%) 

4.5 6 67.1 ± 1.2 32.5 ± 1.2 0.4 ± 0.2 81 ± 40 
72 11 69.2 ± 0.8 30.4 ± 0.8 0.4 ± 0.1 76 ± 19 
288 15 69.0 ± 0.5 30.0 ± 0.4 1.0 ± 0.1 30 ± 3 
576 10 70.7 ± 0.6 27.8 ± 0.6 1.5 ± 0.2 19 ± 3 
2412 6 71.3 ± 0.7 27.5 ± 0.7 1.2 ± 0.2 23 ± 4 

The uncertainties correspond to ± σ values. 

 
 
 
 
Table 2.4:  Evolution of Sc and Zr partitioning ratios (atomic concentration in 

precipitate/ atomic concentration in matrix) and relative Gibbsian 
interfacial excess,ΓZr

Al , as a function of aging time at 300°C.  
Aging time 

(hours) 
Sc partitioning 

ratio 
Zr partitioning 

ratio 
ΓZr

Al  
(atoms nm-2) 

4.5 1492 ± 419 8 ± 4 0.21 ± 0.11 
72 1302 ± 352 8 ± 3 0.35 ± 0.18 
288 2012 ± 563 18 ± 5 0.40 ± 0.20 
576 1859 ± 520 37 ± 12 1.23 ± 0.62 
2412 1078 ± 301 31 ± 11 1.26 ± 0.63 

    The uncertainties correspond to ± σ values. 
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Segregation is quantified thermodynamically employing the relative Gibbsian 

interfacial excess of Zr with respect to Al, ΓZr
Al , which is independent of the position of 

the dividing surface.  It is given for a ternary alloy by [91, 92]: 

 ΓZr
Al = ΓZr − ΓSc

CAl
α CZr

β − CAl
β CZr

α

CAl
α CSc

β − CAl
β CSc

α

⎛ 

⎝ 
⎜ ⎜ 

⎞ 

⎠ 
⎟ ⎟ −ΓAl

CZr
α CSc

β − CZr
β CSc

α

CAl
α CSc

β − CAl
β CSc

α

⎛ 

⎝ 
⎜ ⎜ 

⎞ 

⎠ 
⎟ ⎟ ; (2.1) 

where Ci
l  is the mean concentration of Zr, Sc, or Al in the matrix (α) and precipitate (β) 

phases, respectively, and ΓZr, ΓSc, and ΓAl are the corresponding Gibbsian interfacial  

excesses.  Γi is calculated by measuring the area under a composition profile near an 

interface, and multiplying by the average atomic density of the aluminum matrix (60 

atom nm-3).  For the 4.5 h. aging treatment, the areas utilized to calculate ΓZr, ΓSc, and ΓAl 

are indicated in Fig. 2.7 [93].  In Fig. 2.7, it is observed that (for the 4.5 h. aging 

treatment) ΓZr is positive, while ΓSc and ΓAl are negative, and a majority of the Zr atoms 

reside to the right of the matrix/precipitate interface; i.e., inside the precipitates.  The ΓZr
Al  

values listed in Table 2.4 are observed to increase systematically with increasing aging 

time.   

Unlike the previous aging times, the Zr enrichment in the precipitate phase is 

visually evident after aging for 288 h. in the 3DAP atomic reconstructions, Fig. 2.8.  The 

degree of this enrichment is displayed in a corresponding composite proxigram (Fig. 

2.9). 
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Figure 2.8:   Three-dimensional atom-by-atom reconstruction, measuring 19 x 19 x 100 

nm3 and containing 1,185,000 atoms, for an Al-0.09 Sc-0.047 Zr alloy 
aged at 300°C for 288 h., displaying (a) Sc and (b) Zr atoms. 
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Figure 2.9: Proxigrams of Al, Sc and Zr concentrations as a function of distance with 

respect to the α-Al/ Al3Sc1-XZrX interface for an Al-0.09 Sc-0.047 Zr alloy 
aged at 300°C for 288 h.  The error bars correspond to ± σ values.  This 
proxigram consists of 15 precipitates contained within 4,380,000 atoms. 
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2.4. Discussion 

2.4.1 Precipitate morphology 

 The equilibrium shape of Al3Sc precipitates at 300°C was previously shown, for 

an Al-0.18 at.% Sc alloy, to be a Great Rhombicuboctoahedron exhibiting 8 {111}, 12 

{110} and 6 {100} facets [3].  Al3Sc1-XZrX precipitates are observed to have facets 

parallel to the {110} and {100} planes (Fig. 2.3), which appear to be nearly equal in 

length to those found for the binary alloy.  As noted in Section 1.2.2, Zr additions 

decrease the precipitate lattice parameter, which correspondingly decreases the α-

matrix/precipitate misfit, thus increasing the diameter to which precipitates can maintain 

coherency with the matrix.  A change in lattice parameter misfit at 300°C, from 1.05% 

for α-Al/Al3Sc, to 0.87% for α-Al/Al3Sc0.67Zr0.33 (calculated for a two-phase alloy, 

where all of the Zr within Al-0.09 Sc-0.047 Zr is contained in the precipitates, the change 

in lattice parameter with Zr additions is 8.821 ± 2.951 x 10-5 nm at.% Zr-1 [27], and the 

thermal expansion strains between 24 and 300°C are 0.415 % for Al3Sc [48] and 0.699 % 

for Al [49]), is expected to produce a change in the interfacial energy of the precipitate.  

3DAP microscope analyses indicate, however, that at 300°C much of the Zr is still 

contained within the matrix, so the actual misfit is greater than 0.87% and is probably 

closer to 1.02% (assuming a precipitate Zr concentration of 1.5 at.%). 

HREM of an Al-0.09 Sc-0.047 Zr precipitate aged at 350°C for 2328 h. shows a decrease 

in the amount of faceting parallel to the {100} and {110} planes, Fig. 2.10, as it is 

spheroidal.  This change is an indication that the precipitate interfacial free energies for 
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Figure 2.10: A HREM image ([100] zone axis) of an Al3Sc1-XZrX precipitate in an Al-

0.09 Sc-0.047 Zr alloy aged at 350°C for 2328 h. 
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the {100} and {110} planes have become approximately equal after aging at 350°C; 

which is a result of Zr segregation to the α-Al/ Al3Sc1-XZrX interface decreasing the 

interfacial free energies of the {100} and {110} interfaces.  Al3Sc precipitates are faceted 

when aged at 350 or 400°C [3], so the change in precipitate morphology cannot be 

explained without Zr segregation.  Spheroidal precipitates are not observed for the 300°C 

aging treatments (Fig. 2.3), because the segregation of Zr at 300°C is too low to change 

significantly the interfacial free energy within the observed aging times (≤ 2412 h.). 

 

 2.4.2 Gibbs binding free energy of dimers 

The concentration of i-j dimers, Ci-j, is given by: 

   Ci− j = ξnn Ci Cj exp
−g i−j

b Na
RT( )

nn=1

8

∑ ;   (2.2) 

where ξnn is the number of nearest neighbors within each nearest neighbor shell, r/rnn, 

 is the Gibbs binding free energy between i and j atoms for the nearest neighbor 

shell, nn.  When i = j a factor of 0.5 is included in the pre-exponential factor of Equation 

(2.2) to eliminate the double counting of like atom dimers.  A negative value of g  

corresponds to an attractive dimer interaction and a positive value corresponds to a 

repulsive dimer interaction. [73, 94] Data from the as-quenched alloy is utilized to 

calculate C

gi − j
b

i − j
b

i-j for Sc-Sc, Sc-Zr, and Zr-Zr dimmers, according to the procedure outlined 

in Appendix C.  Table 2.5 shows the experimental Ci-j values in comparison to the Ci-j 

values obtained by assuming a random distribution of atoms; i.e.,  = 0.  gi − j
b
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Figure 2.11 exhibits the Gibbs binding free energy, calculated according to 

Equation (2.2), for the 8 nearest-neighbor shells, where the values of Ci and Cj are the 

matrix concentrations.  Attractive interactions are found for Sc-Sc dimers at the first, 

second, fourth, sixth and eighth nearest-neighbor positions; Sc-Zr dimers at the second, 

sixth, and eighth nearest-neighbor positions; and Zr-Zr dimers at the second, sixth, and 

eighth nearest neighbor positions.  These attractive interactions indicate the presence of 

Sc-Sc, Sc-Zr, and Zr-Zr dimers in the as-quenched state.  Strong repulsive interactions 

(up to 0.065 eV), however, are present for Sc-Zr dimers at most of the remaining 

nearest-neighbor positions.  Thus, the repulsive interactions outweigh the attractive 

interactions, so the experimental CSc-Zr values are lower than the random solid-solution 

CSc-Zr values (Table 2.5). 

 

2.4.3 Partitioning behavior of Al-0.09 Sc-0.047 Zr(at.%) 

Table 2.3 shows an increase in the Zr precipitate concentration with increasing 

aging time, and a concomitant decrease in Sc concentration.  These changes are 

reflected in the partitioning ratios, where the ratio for Zr is seen to increase with aging 

time (Table 2.4).  The Sc partitioning ratios, however, do not show a clear trend, since 

most of the partitioning ratios are equal within experimental error.  The diffusivity of Sc 

in Al is over four orders of magnitude greater than that of Zr in Al at 300°C [45, 46], 

which implies that the Sc concentration in the Al3Sc1-XZrX phase is able to change more 

rapidly than the Zr concentration. 
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Table 2.5:  Concentrations (at. fr.) of i-j dimers, Ci-j, calculated for the as-quenched 

state and a random solid-solution. 
 CSc-Sc (at.fr.) CSc-Zr (at.fr.) CZr-Zr (at.fr.) 

Experimental 
values 9.41 x 10-5 3.19 x 10-5 7.98 x 10-6

Random 
solid-solution 8.72 x 10-5 6.9 x 10-5 1.72 x 10-5
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Figure 2.11: Gibbs binding free energy plotted as a function of nearest neighbor 

distance, r/rnn, for Sc-Sc, Sc-Zr, and Zr-Zr dimers, which was calculated 
employing a data set of 933,500 atoms.  The Gibbs binding free energy is 
calculated for the as-quenched states, as described in the text.  An 
attractive interaction between atoms corresponds to a negative value of 

.   gi − j
b
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2.4.4 Segregation of Zr to α-Al/ Al3Sc1-XZrX interfaces 

The Sc and Zr concentration profiles (proxigrams) as a function of aging at 4.5, 

288, and 2412 h. are compared in Fig. 2.12.  Figure 2.12 (a) demonstrates that the Sc 

concentrations in the precipitates are slowly decreasing as a function of aging time, and 

concomitantly the Zr concentration is increasing [Fig. 2.12 (b)].  The decrease in Sc with 

a concomitant increase in Zr indicates that Zr is substituting for Sc within the Al3Sc1-

XZrX precipitates, thereby increasing the value of X (Table 2.3).  Precipitates have an 

average Sc concentration ranging from 32.5 to 27.5 at.% Sc, which is consistent with 

other atom probe investigations for the Al-Sc system [65, 73].  Additionally, as the Zr 

concentration is increasing with decreasing Sc concentration, the Sc + Zr concentration 

in the precipitates decreases from 32.9 at.% at 4.5 h. to 28.7 at.% at 2412 h.  This 

indicates that precipitates nucleate with a Sc-rich composition that is slowly decreasing 

to achieve the stoichiometric composition, Sc + Zr = 25 at.%, which is inconsistent with 

the LSW assumption of constant precipitate composition. 

With increasing aging time, the Zr concentration at the interface increases [Fig. 

2.12 (b)], indicating that Zr atoms are, of course, migrating toward the interfacial region.  

The increase in segregation is quantified by an increasing value of ΓZr
Al  as a function of 

aging time (Table 2.4).  This is not an unexpected result since Zr diffuses significantly 

slower [46] than Sc [45] in Al (e.g. at 300°C for 288 h. the root-mean-squared diffusion 

distance of Zr in Al is 6 nm and Sc in Al is 747 nm).  A comparison of Fig. 2.12 (a) with 

Fig. 2.12 (b) demonstrates that the peak of Zr enhancement is on the periphery of the 
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Figure 2.12: A comparison of (a) Sc or (b) Zr concentrations as a function of distance 
with respect to the α-Al/ Al3Sc1-XZrX interface for an Al-0.09 Sc-0.047 Zr 
alloy aged at 300°C for the indicated times.  The 4.5 h. aging time 
contains 6 precipitates in 684,000 atoms, 288 h. contains 15 precipitates in 
4,380,000 atoms, and the 2412 h. contains 6 precipitates in 607,000 
atoms.  The error bars correspond to ± σ values. 
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defined precipitate interface, thus Al3Sc1-XZrX precipitates form a Zr-rich concentric shell 

at or just inside the α−Al/ Al3Sc1-XZrX interface, which is in agreement with [51]. 

The largest Zr concentration within the precipitates is 1.5 ± 0.2 at.% (Table 2.3), 

which is less than the calculated phase diagram value of 8.4 at.% Zr at 300°C [88], 

assuming a two-phase material.  Also, the Zr concentration required to achieve the Al3Zr 

phase (25 at.%) is not obtained.  Aging at 300°C, therefore, has produced a two-phase 

alloy, α-matrix and Al3Sc1-XZrX precipitates.  Aging at a higher temperature should 

increase the coarsening kinetics and Zr mobility, which promotes the formation of 

Al3Sc1-XZrX precipitates with higher Zr concentrations or Al3Zr precipitates.  

For an ideal dilute solid-solution, the Gibbs adsorption isotherm is given by [95]: 

ΓZr = −
CZr Na

R T
∂γ

∂CZr

⎛ 

⎝ 
⎜ ⎜ 

⎞ 

⎠ 
⎟ ⎟ .   (2.3) 

Utilizing the values measured for the 2412 h. aging time (CZr = 3.92 x 10-4 at. fr. at 573 K 

and ΓZr
Al  = 1.26 ± 0.63 atoms nm-2), the quantity ∂γ ∂CZr( ) is therefore equal to –25.4 J 

m-2 (at.fr.)-1.  This implies an interfacial free energy decrease of –10 ± 5 mJ m-2, which is 

a result of interfacial Zr segregation and is 6, 5, and 4 % of the calculated α−Al/Al3Sc 

interfacial free energies; 160 mJ m-2 for {100} and 185 mJ m-2 for {111} orientations at 

300°C [96] and 226 mJ m-2 for the {110} orientation at 0 K [97]. 

 

 



 
 

45

2.4.5 Precipitate nucleation 

Chapter 3 demonstrates that the precipitate number density increases with Zr 

additions to an Al-Sc alloy, which is evidence for heterogeneous nucleation of 

precipitates on clusters containing Zr atoms.  Section 2.4.2 discussed the presence of Sc-

Sc, Sc-Zr, and Zr-Zr dimers.  In order for these dimers to be sites for heterogeneous 

nucleation, the dimers must be mobile enough to interact with other dimers, but the exact 

mechanism by which this occurs is unknown.  As mentioned in Sections 2.4.3 and 2.4.4, 

as the aging time increases from 4.5 h. to 2412 h., the value of ΓZr
Al  increases [Fig. 2.12 

(b)].  At the longest aging time (2412 h.) the Zr concentration decreases as a function of 

distance from both sides of the interface [Fig. 2.12 (b)], indicating that Zr diffuses from 

both the inside and outside of the precipitates toward the precipitates’ peripheries.  

Therefore, the sequence of precipitate formation is postulated to be: (i) heterogeneous 

nucleation of Al3Sc and/or Al3Sc1-XZrX precipitates and (ii) diffusion of Zr to Al3Sc 

and/or Al3Sc1-XZrX precipitates until the stoichiometric composition is achieved.  This is 

a highly simplified explanation of a precipitate formation sequence, and kinetic Monte-

Carlo simulations are needed to understand the exact steps in this process. 

 

2.4.6 Coarsening kinetics 

 Figure 2.13 utilizes Equation (1.3) and the 3DAP microscopy data to display the 

rate of solute depletion from the matrix as a function of aging (time)-1/3.  The Sc 

concentration decreases rapidly between the 0.28 and 4.5 h. and thereafter it decreases 
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Figure 2.13: Coarsening kinetics of an Al-0.09 Sc-0.047 Zr alloy as represented by the 
Sc and Zr matrix concentrations as a function of aging (time)-1/3 at 300°C, 
Equation (1.3).  A total of 8,516,000 atoms were employed to construct 
this plot.  The error bars in this plot represent ± 2σ values. 
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Table 2.6:  Equilibrium matrix concentrations (at.%), Ce

α , of Sc and Zr as determined 
from the phase diagram [88]and the ordinate intercept of Fig. 2.13, 
Equation (1.3).  

Solute element Ce
α  calculated 

phase diagram 
Ce

α  measured 
coarsening kinetics 

Sc 6.6 x 10-6 1.2 ± 0.3 x 10-4

Zr 1.4 x 10-5 1.9 ± 1.7 x 10-4

       The uncertainties correspond to ± 2σ values. 
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linearly for the remaining aging times.  The Zr concentration is approximately constant 

from 0.28 h. to 72 h., and then decreases linearly for longer aging times.  The 

extrapolated intercept on the ordinate axis (Fig. 2.13) corresponds to the solute solid-

solubility in the matrix, Equation (1.3).  Table 2.6 compares the solute solid-solubility 

calculated using Fig. 2.13 with that predicted by the calculated phase diagram (assuming 

a two-phase alloy [88]).  The experimental numbers are a factor of 10 greater than the 

calculated concentrations, and have the same relative trends (Sc compared to Zr).  The 

difference between the two values can be attributed to an evolving precipitate 

composition (system has not reached a steady-state as defined by the LSW asymptotic 

solutions) and inaccuracies in both the time exponent for coarsening (assumed to be -1/3 

in Fig. 2.13), and the theoretical phase diagram calculations. 

The time exponent for coarsening in Equation (1.3) can now be determined by 

plotting the matrix supersaturation as a function of aging time on a double logarithmic 

plot and calculating the corresponding slope, Fig. 2.14.  Utilizing a linear regression 

analysis, the time exponent for coarsening is determined to be –0.33 for Sc and –0.11 for 

Zr, which must be compared to –1/3 in Equation (1.3).  Hence, depletion of Sc from the 

matrix has the LSW value of -1/3, but Zr depletion does not follow the LSW prediction.  

In Section 2.4.4, we showed that the precipitate composition is changing with increasing 

aging time.  This is evidence that the system has not reached steady-state coarsening at 

300°C and coarsening is therefore in the nonsteady-state regime, as defined by the 

asymptotic solutions of LSW theory.  After 2412 h. at 300°C, the root-mean-squared 
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Figure 2.14: Coarsening kinetics of an Al-0.09 Sc-0.047 Zr alloy as represented by a 

double logarithmic plot of the Sc and Zr matrix supersaturations as a 
function of aging time at 300°C. A total of 7,922,000 atoms were 
employed to construct this plot.  The error bars in this plot represent ± 2σ 
values. 
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diffusion distance of Sc is 2162 nm and 18 nm for Zr.  Only after aging for 3.5 x 107 h. 

(3,995 years) would the Zr root-mean-squared diffusion distance equal 2162 nm.  

Increasing the aging temperature to 375°C and aging for 863.5 h., the root-mean-squared 

diffusion distance of Sc is 10,582 nm and 204 nm for Zr, so aging for 2.3 x 106 h. (267 

years) would produce a Zr diffusion distance of 10,582 nm.  Al(Sc,Zr) alloys, therefore, 

will not reach an asymptotic solution to Equation (1.3), for Sc and Zr, within reasonable 

time frames. 

 

2.5. Conclusions 

Three-dimensional atom-probe (3DAP) microscopy and high resolution electron 

microscopy (HREM) are utilized to determine the temporal evolution of the 

microstructure of an Al-0.09 Sc-0.047 Zr (at.%) alloy at 300°C.  The following results 

are observed and discussed: 

• HREM (Fig. 2.3) images, taken along a [100] zone axis, show that Al3Sc1-XZrX 

precipitates have facets parallel to the {100} and {110} planes when aged at 300°C 

for ≥ 288 h, in agreement with Al3Sc precipitates in a binary Al-Sc alloy [3]. 

Precipitate size distributions (PSDs) constructed from the HREM images are not 

time-invariant, therefore this assumption of LSW theory is not followed.  Increasing 

the aging temperature to 350°C increases the solute atom mobility and Zr 

segregation, which produces spheroidal precipitates.  Spheroidal precipitates are 

attributed to a decrease in the α-Al/ Al3Sc1-XZrX interfacial free energy, which is due 
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to an increase  

 

in Zr segregation at 350°C. 

• The measured concentrations of Sc-Zr and Zr-Zr dimers, up to 8 nearest-neighbors, 

in the as-quenched alloy is less than that expected for a random solid-solution alloy 

(Table 2.5), while the concentration of Sc-Sc dimers is greater than that expected for 

a solid-solution alloy.  Experimental Gibbs binding free energies for Sc-Sc, Sc-Zr, 

and Zr-Zr dimers are calculated for the as-quenched alloy, Fig. 2.11.  Figure 2.11 

shows that this alloy contains attractive interactions for Sc-Sc and Zr-Zr dimers 

(second, sixth and eighth nearest-neighbor positions).  The Sc-Zr dimers have 

slightly attractive interactions at the second, sixth, and eighth nearest-neighbor 

positions, but strongly repulsive interactions (up to 0.065 eV) at all other nearest-

neighbors.  The attractive interactions indicate the presence of atomic clusters in the 

as-quenched alloy, which act as heterogeneous nucleation sites for Al3Sc1-XZrX 

precipitates. 

• For aging times ≥ 4.5 h., Sc-rich precipitates are visible in 3D atomic reconstructions 

(Figs. 2.6 and 2.8).  The Sc concentration within the precipitates decreases with a 

concomitant increase in Zr concentration (Table 2.3, Fig. 2.12) as a function of aging 

time, which directly demonstrates that Zr is replacing Sc within the Al3Sc1-XZrX 

precipitates. 

• The largest Zr concentration within Al3Sc1-XZrX precipitates is 1.5 ± 0.2 at.% (Table 

2.3), which is less than the calculated phase diagram value of 8.4 at.% Zr at 300°C 
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[88], assuming a two-phase alloy.  Also, the Zr concentration required to achieve the 

Al3Zr phase (25 at.%) was not obtained.  Aging at 300°C, therefore, produces a two- 

 

phase alloy consisting of an α-matrix and Al3Sc1-XZrX precipitates. 

• Zirconium segregates to the α−Al/ Al3Sc1-XZrX interface (Fig. 2.11), as quantified by 

the relative Gibbsian interfacial excess of Zr with respect to Al, ΓZr
Al  [Equation (2.1)].  

Values of ΓZr
Al  systematically increase as a function of aging time, and reach a 

maximum value of 1.26 ± 0.63 atoms nm-2 after aging for 2412 h. (Table 2.4).  This 

interfacial excess corresponds to a decrease in the interfacial free energy of -10 ± 5 

mJ m-2.  The Zr segregation is at the periphery of the defined matrix/precipitate 

interface (Fig. 2.12), thus forming a Zr-rich concentric shell at or just inside the 

α−Al/ Al3Sc1-XZrX interface. 

• Al3Sc and/or Al3Sc1-XZrX precipitates are postulated to form heterogeneously on Sc-

Sc, Sc-Zr or Zr-Zr dimers, which is followed by diffusion of Zr to Al3Sc and/or 

Al3Sc1-XZrX precipitates until the stoichiometric composition is achieved.  The exact 

nucleation mechanism involving dimers, requires kinetic Monte-Carlo simulations. 

• The depletion of the α-Al matrix concentrations of Sc and Zr is utilized to determine 

the temporal evolution of an Al-0.09 Sc-0.047 Zr alloy.  Figure 2.13 demonstrates 

that the Sc concentration in the matrix decreases linearly after 4.5 h., while the Zr 

depletion commences at 72 h.  The solid-solubilities are calculated to be 1.2 ± 0.3 x 

10-4 Sc and 1.9 ± 1.7 x 10-4 Zr, which are greater than a factor ten larger than the 
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values predicted by the calculated phase diagram.  The time exponents for the 

decrease of the supersaturation [Equation (1.3)] are calculated to be –0.33 for Sc and 

–0.11 for Zr (Fig. 2.14), while LSW theory predicts – 1/3.  Coarsening of this alloy, 

therefore, does not follow the steady-state predictions of LSW theory, as defined by 

the asymptotic solution for the supersaturation. 

• The asymptotic solution for the matrix supersaturation [Equation (1.3)] for an Al-

0.09 Sc-0.047 Zr alloy is probably not achievable within reasonable time frames. 
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Chapter Three 

Coarsening of Al3Sc1-XZrX Precipitates 

3.1 Introduction 

CTEM and HREM are utilized to investigate the temporal coarsening 

characteristics of Al3Sc1-XZrX precipitates by examining: (1) the morphology of Zr-

containing precipitates, (2) how the morphology changes as a function of Zr 

concentration, and (3) the mechanism of coarsening.  In Table 3.1, the compositions, 

calculated equilibrium volume fractions, and Sc/Zr ratios, based on wt.% and at.% 

concentrations, of the Al(Sc,Zr) alloys investigated in Chapter 3 are listed. 

 

3.2 Results 

3.2.1 Morphological evolution of Al3Sc1-XZrX precipitates 

Aging of ternary alloys at 300°C produces precipitates with an average radius 

less than 4 nm.  Figure 3.1 compares the Al3Sc1-XZrX precipitate morphology, as 

determined by HREM along the [100] direction, for the four Al(Sc,Zr) alloys aged at 

300°C for 576 h.  The precipitates are faceted parallel to the {100} and {110} planes, as 

indicated by the white lines.  In contrast to the other Al(Sc,Zr) alloys, Al-0.09 Sc-0.047 

Zr [Fig 3.1(c)] has distinct faceting along the right edge of the precipitate, while atomic 

height ledges (see arrow) are seen along the top left-side of the precipitate.  The inset 

diffraction pattern [Fig. 3.1(b)] exhibits FCC and L12 reflections, and no additional extra 

reflections due to the Al3Zr (DO23 structure) phase. 
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Table 3.1.  Compositions, volume fractions, and Sc/Zr ratios of alloys investigated. 
Sc/Zr ratio 

Alloy (at.%) 
Sc 

(wt.%)
Zr 

(wt.%) 

Precipitate 
Volume Fraction 

(VV)† 
(at.% / 
at.%) 

(wt.% / 
wt.%) 

Al-0.07 Sc-0.005 Zr 0.1 0.018 0.0030 11.4 5.6 
Al-0.07 Sc-0.019 Zr 0.1 0.06 0.0038 3.7 1.7 
Al-0.09 Sc-0.047 Zr 0.15 0.16 0.0071 1.9 0.9 
Al-0.14 Sc-0.012 Zr 0.24 0.04 0.0074 11.7 6 

†Calculated from the thermodynamic data of Joanne L. Murray [88] at 300°C. 
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Figure 3.1:   A comparison of precipitate morphologies as observed from HREM 

images, [100] zone axis, of alloys aged at 300°C for 576 h.: (a) Al-0.07 
Sc-0.005 Zr; (b) Al-0.07 Sc-0.019 Zr; (c) Al-0.09 Sc-0.047 Zr; and (d) Al-
0.14 Sc-0.012 Zr.  The arrow in Fig. 3.1(c) denotes the presence of an 
atomic height ledge. 
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Figure 3.2 exhibits CTEM images of the Al-0.07 Sc-0.019 Zr alloy as a function 

of aging time and temperature, and demonstrates the morphological development of this 

alloy for different aging times and temperatures.  After aging at 300°C for 288 h. [Fig. 

3.2(a)] and 2412 h. [Fig. 3.2(b)], Al3Sc1-XZrX precipitates exhibit a spheroidal shape, 

with <r> less than 3 nm.  Increasing the aging temperature to 350°C, while maintaining 

the aging time at 288 h., produces a combination of spheroidal and cuboidal precipitates 

[Fig. 3.2(c)], with <r> equal to 8.1 ± 0.4 nm.  Aging at 375°C for approximately the 

same duration of time (192 h.) produces lobed-shaped cuboid precipitates [<r> = 23.3 ± 

1.2 nm, Fig. 3.2(d)], where the lobes form along <111>-type directions. 

The effect of solute concentration is displayed in Fig. 3.3 for Al(Sc,Zr) alloys 

aged at 375°C for 192 h.  In comparison to the other alloys, Al-0.06 Sc-0.005 Zr has the 

lowest precipitate volume fraction (0.0029) and the largest precipitate radii (<r> = 26.9 ± 

1.4 nm).  Morphologically, when aged at 375°C, this alloy forms lobed cuboidal 

precipitates, Fig. 3.3(a).  The dotted arrows indicate misfit interfacial dislocations, which 

demonstrate a partial loss in coherency for precipitates of this radius and larger.  The 

higher Zr concentration in the Al-0.07 Sc-0.019 Zr produces a higher precipitate volume 

fraction (0.0036) and a smaller precipitate radius [<r> = 23.3 ± 1.2 nm, Fig. 3.3(b)].  

Increasing the precipitate volume fraction to 0.0068 (Al-0.09 Sc-0.047 Zr) decreases the 

precipitate radius (<r> = 10.6 ± 0.5 nm), and produces a combination of spheroidal and 

cuboidal precipitates [Fig. 3.3(c)]; in contrast, Al-0.14 Sc-0.012 Zr (volume fraction of 

0.0072) produces spheroidal precipitates with <r> = 5.4 ± 0.3 nm [Fig. 3.3(d)].  
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Figure 3.2: A comparison of precipitate morphologies as observed from superlattice 

dark-field CTEM images (utilizing a 100 superlattice reflection near the 
[100] zone axis) of Al-0.07 Sc-0.019 Zr aged at: (a) 300°C for 288 h.; (b) 
300°C for 2412 h.; (c) 350°C for 288 h.; and (d) 375°C for 196 h. 
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Figure 3.3:  A comparison of precipitate morphologies as observed from superlattice 

dark-field CTEM images (utilizing a 100 superlattice reflection near the 
[100] zone axis) of alloys aged at 375°C for 196 h.: (a) Al-0.07 Sc-0.005 
Zr; (b)Al-0.07 Sc-0.019 Zr; (c) Al-0.09 Sc-0.047 Zr; and (d) Al-0.14 Sc-
0.012 Zr.  The dotted arrows in Fig. 3.3(a) indicates the presence of 
interfacial misfit dislocations. 
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Spheroidal and cuboidal precipitates occur in a uniform distribution throughout the 

matrix, while lobed cuboidal precipitates form as isolated precipitates and as lines of 

precipitates associated with dislocations, which indicates that the latter precipitates are 

heterogeneously nucleated. 

 

3.2.2 Precipitate size distributions 

Precipitate size distributions (PSDs) are produced from histograms of the 

precipitate size distribution function (g) plotted as a function of normalized radius (u = 

r/<r>).  PSDs are displayed for the Al-0.14 Sc-0.012 Zr alloy aged at: 300°C for 288 h. 

[Fig. 3.4(a)] and 2412 h. [Fig. 3.4(b)]; 350°C for 72 h. [Fig. 3.4(c)] and 2328 h. [Fig. 

3.4(d)]; and 375°C for 3 h. [Fig. 3.4(e)] and 192 h. [Fig. 3.4(f)].  Calculated PSDs, 

according to the theories of LSW and Brailsford and Wynblatt (BW, [90]), are 

superimposed on the experimental data.  The theory of BW includes a correction for 

precipitate volume fraction that lowers the peak height relative to the LSW theory, while 

LSW theory assumes a zero precipitate volume fraction.  The PSDs for aging at 300 and 

350°C have a similar broadness and an increased height relative to those predicted by the 

theories, while the 375°C PSDs are narrower and taller than predicted by the theories.  

Other coarsening theories contain precipitate volume fraction corrections [98], but at 

small volume fractions (< 0.01) the theories predict the same result, which is represented 

here by the BW. 
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Figure 3.4:  Examples of precipitate size distributions (PSDs), in which histograms of 

the distribution function, g, are plotted as a function of normalized radius, 
u=r/<r>.  These distributions are for an Al-0.14 Sc-0.012 Zr alloy aged at: 
300°C for (a) 288 hours and (b) 2412 hours; 350°C for (c) 72 hours and 
(d) 2328 hours; and 375°C for (e) 12 hours and (f) 192 hours.  The 
predictions of the LSW (solid line) [74, 75] and BW (dashed line) [90] 
theories are shown for comparison. 
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3.2.3 Time exponents for coarsening 

Coarsening data is displayed by plotting <r(t)> as a function of time on a double 

logarithmic plot, as predicted by Equation (1.1).  Figure 3.5 is a compilation of the 

coarsening behavior of Al-0.06 Sc-0.005 Zr, Al-0.07 Sc-0.019 Zr, Al-0.09 Sc-0.047 Zr, 

and Al-0.14 Sc-0.012 Zr alloys at aging temperatures between 300 and 375°C.  The 

slopes of Fig. 3.5 yields the time exponents for coarsening, which are equal to 0.1 or less, 

with the exception of 0.21 (see Table 3.2), and all are significantly smaller than the 1/3 

value predicted by Equation (1.1).  This is in distinct contrast to Al-0.18 at.% Sc, which 

yields a slope of 1/3 [Figs. 3.5(a) and 3.5(b)].  The time exponent for Equation (1.2) is 

determined from a double logarithmic plot of precipitate number density, NV(t), versus 

aging time, and are given in Fig. 3.6 and Table 3.3.  The exponents range from 0.00072 

to –0.38, which are all considerably smaller than the predicted value of –1.  Depletion of 

the matrix concentration as a function of aging time, as predicted by Equation (1.3), is 

plotted in Fig. 2.14; the resulting time exponents for coarsening at 300°C are –0.33 for 

Sc and -0.11 for Zr, compared to the predicted value of –1/3.  Chapter 2 also reports that 

the precipitate composition is changing with aging time, an indication that steady-state 

coarsening, as defined by the asymptotic solutions of LSW theory, has not been 

achieved.  The three measured time exponents for coarsening indicate that Al(Sc,Zr) 

alloys do not follow the temporal predictions of Kuehmann-Voorhees theory for a 

ternary alloy. 
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Figure 3.5: Double natural logarithmic plot of average precipitate radius versus aging 

time for indicated alloys at: (a) 300°C; (b) 350°C; and (c) 375°C.  The 
data for the binary Al-0.18 at.% Sc alloy is from reference [3]. 
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Figure 3.6:  Double natural logarithmic plot of precipitate number density versus 

aging time for indicated alloys at: (a) 300°C; (b) 350°C; and (c) 375°C.  
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Table 3.2.  Experimental time exponents for coarsening for the relation of <r(t)> vs. t 

as determined from Fig. 3.5. 
 Al-0.07 Sc-

0.005 Zr 
Al-0.07 Sc-

0.019 Zr 
Al-0.09 Sc-

0.047 Zr 
Al-0.14 Sc-

0.012 Zr 
300°C 0.04 ± 0.01 0.03 ± 0.02 0.05 ± 0.03 0.02 ± 0.01 
350°C 0.10 ± 0.01 0.08 ± 0.01 0.21 ± 0.01 0.07 ± 0.02 
375°C 0.06 ± 0.02 0.03 ± 0.01 0.07 ± 0.01 0.02 ± 0.01 

 
 
 
 
 
 
 
Table 3.3.  Experimental time exponents for coarsening for the relation of NV vs. t as 

determined from Fig. 3.6. 
 Al-0.07 Sc-

0.005 Zr 
Al-0.07 Sc-

0.019 Zr 
Al-0.09 Sc-

0.047 Zr 
Al-0.14 Sc- 

0.012 Zr 
300°C -0.04 ± 0.03 0.28 ± 0.01 0.32 ± 0.09 (7.2 ± 7.1) x 10-4

350°C -0.20 ± 0.04 -0.31 ± 0.03 -0.39 ± 0.06 -0.13 ± 0.08 
375°C -0.27 ± 0.05 -0.29 ± 0.02 -0.19 ± 0.05 -0.04 ± 0.03 
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3.3  Discussion 

3.3.1 Morphological evolution of Al3Sc1-XZrX precipitates 

The balance between isotropic interfacial and elastic energies of precipitates 

dictates the morphology of coherent precipitates [76].  When the ratio of precipitate 

surface-area-to-volume is large, as is the case for small precipitates, the morphology is 

determined by the minimization of the isotropic interfacial free energy, leading to 

approximately spheroidal precipitates as observed in Figs. 3.1, 3.2(a,b) and 3.3(d).  In 

contrast, when the ratio of precipitate surface-area-to-volume is small, it is the elastic 

strain energy that determines the morphology.  For the case when the precipitate is 

elastically stiffer than the matrix, that is, >>  (CeprecipitatC44
matrixC44 44 is the shear modulus), 

the cube morphology dominates [Figs. 3.2(c), 3.3(c)], while the plate morphology 

dominates when the matrix is elastically stiffer than the precipitate. 

The equilibrium shape of precipitates, when dictated by the anisotropy of 

interfacial free energy, can be deduced from Wulff plots [76], utilizing anisotropic 

interfacial free energy values from the literature, if available.  Utilizing HREM to 

investigate Al-0.18 at.% Sc aged at 300°C, Marquis and Seidman [3] determined that the 

equilibrium shape for Al3Sc precipitates is the Great Rhombicuboctahedron, which has 6 

{100}, 12 {110}, and 8 {111} facets.  In Fig. 3.3, Al3Sc1-XZrX precipitates are observed 

to have facets parallel to the {100} and {110} planes, which appear to be nearly equal in 

length to those observed in the Al-0.15 at.% Sc alloy, indicating that the anisotropy of 

interfacial free energy for Al3Sc and Al3Sc1-XZrX precipitates is similar. 
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HREM observations [3] demonstrate irregularly shaped precipitates with no 

facets in Al-0.07 at.% Sc aged at 300°C for 72 h.  The irregular shapes are attributed to 

growth instabilities caused by the low Sc supersaturation in the matrix, and 

supersaturation is directly proportional to precipitate volume fraction at constant aging 

temperature.  Additions of Zr to the Al-0.07 at.% Sc alloy stabilize the shape of Al3Sc1-

XZrX precipitates, such that clear facets parallel to the {100} and {110} planes are 

observed [Fig. 3.1(a,b)].  While the Al-0.06 Sc-0.005 Zr and Al-0.07 Sc-0.019 Zr alloys 

we investigated have slightly higher volume fractions (0.0031 and 0.0038, respectively) 

than the binary alloy presented in reference [3] (0.0026), we believe that the small 

change in volume fraction does not account for the lack of growth instabilities.  If growth 

instabilities are attributed solely to supersaturation, than increasing the volume fraction 

to 0.0046, which occurs in the Al-0.12 at.% Sc alloy aged at 350°C [4], should not 

produce the irregularly shaped precipitates that are observed by CTEM.  The presence of 

zirconium, therefore, appears to stabilize precipitates against growth instabilities. 

The NV value for Al-0.06 Sc-0.005 Zr aged at 300°C for 576 h. is measured to be 

(10 ± 3) x 1021 m-3, while the NV value for Al-0.07 at.% Sc is (5 ± 2) x 1020 m-3 [3]; 

therefore adding 0.005 at.% of Zr increases NV by more than a factor of 20.  This 

illustrates the fact that Zr additions are highly effective in increasing NV, which could be 

the result of heterogeneous nucleation of Al3Sc and/or Al3Sc1-XZrX precipitates on Sc-Sc, 

Zr-Zr, and/or Sc-Zr dimers. 

The lobed cuboids [Figs. 3.3(a,b)] are observed only in the Al-0.06 Sc-0.005 Zr 

and Al-0.07 Sc-0.019 Zr alloys.  Since the volume fraction of precipitates is small (< 
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0.004) in these alloys, there are minimal elastic and diffusion field interactions between 

neighboring precipitates; as a result, the precipitate morphology is due to the elastic self-

energy of isolated precipitates.  The morphology of isolated individual precipitates are 

rarely observed experimentally because of the presence of elastic and diffusional 

interactions between precipitates; however, isolated precipitate morphologies can be 

calculated utilizing the discrete atom method [99].  This method treats isolated two-

dimensional precipitates in a cubic matrix and finds them to have four-fold symmetry 

(they are elongated along the [11] and 11 [ ] directions), which is not due to the 

anisotropy of interfacial free energy.  This four-fold symmetry is attributed solely to 

elastic self-energy due to the lattice parameter mismatch and the different elastic 

anisotropies of the two phases.  Similar precipitate morphologies are observed in a binary 

alloy containing a similar volume fraction of precipitates (Al-0.07 at.% Sc) [3]. 

 

3.3.2 Precipitate size distributions (PSDs) 

PSDs provide an indication of how well coarsening experiments follow LSW 

theory.  In this study, PSDs were constructed from the results for the Al-0.14 Sc-0.012 Zr 

alloy, which provides a demonstration of the changes in PSDs as a function of both aging 

temperature and time.  LSW theory predicts that the PSD shape is time-invariant, while 

most current coarsening theories [77, 100-102] predict a broadening of the PSD and an 

increase in the rate constant, with a concomitant increase in volume fraction of 

precipitates.  Figure 3.6 demonstrates that the average experimental PSD width (full 
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width at half maximum) does not change significantly when Al-0.14 Sc-0.012 Zr is aged 

at 300 and 350°C. 

 

3.3.3 Coarsening in ternary alloys 

3.3.3.1 Time exponents for coarsening. There have been several theoretical 

investigations of the kinetics of coarsening systems utilizing Equation (1.1), which yield 

time exponents for coarsening [<r(t)> vs. t] with values other than 1/3 [103-105].  A 

cluster-diffusion-coagulation theory that applies to low temperatures has been developed 

[103, 104], where clusters represent order-parameter fluctuations, and where diffusion of 

atoms between precipitates is slow.  This theory proposes that coarsening may occur 

through the diffusion and coagulation of entire clusters due to solute-atom transport 

along interfaces, which is governed by how the local diffusional mechanism affects a 

shift in a precipitate’s center of gravity.  Since the time exponent for coarsening is shown 

to depend on the spinodal critical temperature (Tc), the theory [103, 104] yields 

exponents of 1/6 (at low temperatures, where T is much less than Tc), and 1/5 or 1/4 (at 

intermediate temperatures, where T is at or slightly above Tc).  Recent kinetic Monte 

Carlo simulations [105] demonstrate that coarsening kinetics are a function of the 

potentially different vacancy concentrations in the matrix and precipitate phases.  For 

these simulations, time exponents of coarsening were found to vary from 0.33 to 0.8, 

depending on where vacancies prefer to diffuse (in matrix or precipitate phases) and the 

number of time steps in the kinetic Monte Carlo simulation.  When vacancies prefer to 

diffuse inside precipitates, precipitate diffusion and coagulation is favored; conversely, 
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when vacancies prefer to diffuse in the matrix, the precipitate evaporation and 

condensation process is favored. 

Time exponents for coarsening are derived from the data plotted in Fig. 3.5 

utilizing Equation (1.1).  For this procedure to be reliable <r(0)> << kLSWt must be 

satisfied, which occurs physically when the increase in precipitate radius is large relative 

to <r(0)>.  Therefore, accurate time exponents for coarsening are difficult to calculate, 

for the Al(Sc,Zr) system, at 300°C, where precipitates do not significantly coarsen.  The 

significant deviations of the experimental coarsening time exponents from their expected 

values is evidence that the system has not reached steady-state coarsening and 

coarsening is therefore in the nonsteady-state regime, as defined by the asymptotic 

solutions of LSW theory.  The presence of a nonsteady-state regime is discussed in 

Chapter 2, where the composition of precipitates continues to evolve with aging time, 

which is in contradiction to the assumption of LSW theory.  

3.3.3.2 Coarsening in ternary systems. Precipitate coarsening is known to occur by 

diffusion-limited coarsening, interface-limited coarsening, or a combination of the two 

mechanisms [106], with interface-limited coarsening occurring at small <r(t)> and 

diffusion-limited coarsening occurring at larger <r(t)>.  At constant precipitate volume 

fraction, as is the case for the aging times in this article (Table 3.4), diffusion-limited 

coarsening is the most probable mechanism.  Analyses of the coarsening results indicate 

that diffusion-limited coarsening is occurring, which is strongly supported by the 
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Table 3.4.  Experimentally and theoretically determined coarsening rate constants 
(kexp and kKV, respectively) and volume fractions (VV) of Al3Sc1-XZrX 
precipitates for each alloy at indicated temperatures. 

Alloy (at.%)  300°C 350°C 375°C 

(8.27 ± 4.15)x10-30

kexp (m3 s-1) (5.13 ± 2.07)x10-33 (1.50 ± 0.22)x10-30
c(3.15 ± 0.54)x10-29

kKV (m3 s-1) 2.2 x 10-35 2.9 x 10-33 2.4 x 10-32

kexp/ kKV 229 522 344 

exp. VVª (2.7 ± 0.8) x 10-3 (2.9 ± 0.7) x 10-3 (2.9 ± 0.9) x 10-3

Al-0.07 Sc 

-0.005 Zr 

calc. VV
b 3.1 x 10-3 3.0 x 10-3 2.9 x 10-3

(4.12 ± 1.72)x10-30

kexp (m3 s-1) (1.86 ± 0.55)x10-33 (1.62 ± 0.24)x10-31
c(4.05 ± 0.75)x10-29

kKV (m3 s-1) 7.2 x 10-36 9.7 x 10-34 8.5 x 10-33

kexp/ kKV 259 166 484 

exp. VVª (3.3 ± 0.8) x 10-3 (3.6 ± 0.7) x 10-3 (3.3 ± 0.8) x 10-3

Al-0.07 Sc 

-0.019 Zr 

calc. VV
b 3.8 x 10-3 3.7 x 10-3 3.6 x 10-3

kexp (m3 s-1) (4.29 ± 2.58)x10-34 (6.75 ± 0.73)x10-32 (9.1 ± 1.5)x10-31

kKV (m3 s-1) 4.7 x 10-36 6.2 x 10-34 5.4 x 10-33

kexp/ kKV 91 109 170 

exp. VVª (6.8 ± 2.4) x 10-3 (6.8 ± 2.0) x 10-3 (6.8 ± 2.0) x 10-3

Al-0.09 Sc 

-0.047 Zr 

calc. VV
b 7.1 x 10-3 6.9 x 10-3 6.8 x 10-3

kexp (m3 s-1) (3.92 ± 3.37) x 10-34 (9.2 ± 9.1) x 10-34 (2.61 ± 0.79) x 10-32

kKV (m3 s-1) 2.2 x 10-35 2.9 x 10-33 2.4 x 10-32

kexp/ kKV 18 0.32 1.1 

exp. VVª (6.9 ± 2.1) x 10-3 (6.6 ± 2.0) x 10-3 (6.7 ± 2.0) x 10-3

Al-0.14 Sc 

-0.012 Zr 

calc. VV
b 7.4 x 10-3 7.3 x 10-3 7.2 x 10-3

ªCalculated from: VV=(4/3)<r>A’/H [107]; where A’ is precipitate areal fraction and H is 
the TEM foil thickness, which assumes that precipitates are present in an ideal thin foil. 
bCalculated from thermodynamic data of Joanne L. Murray [88]. 
cCoarsening rate constants where precipitates are partially semicoherent. 
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agreement of the activation energy values calculated in Section 3.3.3.2.2 with the 

corresponding literature values. 

3.3.3.2.1 Experimental coarsening kinetics The coarsening behaviors for each 

ternary alloy at 300, 350, and 375°C are displayed in Figs. 3.7 and 3.8.  As anticipated, 

the coarsening rate for each alloy increases with increasing temperature.  Figure 3.7 

demonstrates that increasing the Zr concentration [Al-0.06 Sc-0.005 Zr in Fig. 3.7(a) 

versus Al-0.07 Sc-0.019 Zr in Fig. 3.7(b)] decreases the coarsening rate (slope of the 

linear fit).  To calculate coarsening rates according to Equation (1.1), <r(t)>3 is plotted as 

a function of aging time (Fig. 3.9), where the slope of the linear regression line is the 

experimental coarsening rate, kexp (Table 3.4). 

The isotropic interfacial free energy of coherent precipitates is usually smaller 

than that of semicoherent precipitates, due to the absence of an energetic contribution of 

interfacial misfit dislocations.  Such a change in interfacial free energy has a profound 

impact on the coarsening kinetics of the alloy, as indicated by Equation (1.1).  A 

definitive change in the coarsening rate is observed for the Al-0.06 Sc-0.005 Zr and Al-

0.07 Sc-0.019 Zr alloys [Fig. 3.7(a) and (b) respectively] when aged at 375°C for time 

longer than 384 h.; note the change in slope from (8.27 ± 4.15) x 10-30 to (3.15 ± 0.54) x 

10-29 m3 s-1 for the Al-0.06 Sc-0.005 Zr alloy and (4.12 ± 1.72) x 10-30 to (4.05 ± 0.75) x 

10-29 m3 s-1 for the Al-0.07 Sc-0.019 Zr alloy (Table 3.4).  We believe that the increase in 

coarsening rate is due to a change in the interfacial free energy of the precipitates 

resulting from a partial loss in coherency, which is consistent with observations in Ni- 
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Figure 3.7: Coarsening data plotted as average precipitate radius versus aging 

(time)1/3 for: (a) Al-0.07 Sc-0.005 Zr and (b) Al-0.07 Sc-0.019 Zr alloys 
aged at indicated temperatures.  Numbers next to each curve are the 
coarsening rate constants (m3 s-1).  The sharp change in slope at 375°C is 
due to the precipitates losing their full coherency. 
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Figure 3.8:  Coarsening data plotted as average precipitate radius versus aging 

(time)1/3 for: (a) Al-0.09 Sc-0.047 Zr and (b) Al-0.14 Sc-0.012 Zr alloys 
aged at indicated temperatures.  Numbers next to each curve are the 
coarsening rate constants (m3 s-1). 
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Figure 3.9: Double logarithmic plots of average precipitate (radius)3 versus aging 

time for indicated alloys at: (a) 300°C; (b) 350°C; and (c) 375°C. 
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Figure 3.10: The presence of interfacial misfit dislocations as observed from: (a) 2-
beam bright-field with g = [200]; (b) superlattice dark-field with g = [200]; and (c) weak-
beam dark-field CTEM images where g = [200] is the imaging reflection and 3g is the 
excited reflection.  The micrographs are for an Al-0.07 Sc-0.005 Zr alloy aged at 375°C 
for 863.5 h. 
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base [34, 37], Fe-Cu [76], and Cu-Co [33] alloys.  Examples of precipitates and their  

associated misfit dislocations are displayed in Fig. 3.10, where Fig. 3.10(b) shows the 

only the locations of the precipitates and Fig. 3.10(c) shows the position of the misfit 

dislocation cores in relation to the precipitates.  We therefore calculated coarsening rates 

and activation energies only for precipitates with an average radius smaller than 30 nm, 

where full coherency is assured. 

For comparative purposes, Fig. 3.11 shows the coarsening behavior of the ternary 

alloys for each aging temperature, along with the binary Al-0.15 at.% Sc alloy aged at 

300 and 350°C [3].  Figure 3.11 (c) shows the effect of coherency on coarsening rates for 

the Al-0.06 Sc-0.005 Zr and Al-0.07 Sc-0.019 Zr alloys at 375°C, where an abrupt 

change in slope denotes the loss of full precipitate coherency, as determined by the 

presence of misfit dislocations.  Thus, partially coherent precipitates coarsen at a faster 

rate then fully coherent precipitates.  A comparison between the binary Al-0.15 at.% Sc 

and the volume fraction equivalent Al-0.14 Sc-0.012 Zr alloy demonstrates that Zr 

additions are effective in decreasing the coarsening rate. 

The effect of volume fraction on the coarsening kinetics of Al(Sc,Zr) alloys is 

examined with the Al-0.06 Sc-0.005 Zr and Al-0.14 Sc-0.012 Zr alloys, which have 

Sc/Zr ratios near one another (therefore sitting on the same tie-line, Fig. 2.2) and a 58% 

difference in volume fraction (Table 3.4).  As the precipitate volume fraction is increased 

from 0.0031 to 0.0074 (Al-0.06 Sc-0.005 Zr and Al-0.14 Sc-0.012 Zr alloys, 

respectively), the coarsening rate decreases.  An inverse relationship between the  
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Figure 3.11:  Coarsening data as given by average precipitate radius versus aging 

(time)1/3 for indicated alloys at: (a) 300°C; (b) 350°C; and (c) 375°C.  
Numbers next to each curve are the coarsening rate constants (m3 s-1).  
The data for the binary Al-0.18 at.% Sc alloy  is from reference [3]. 
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coarsening rate and precipitate volume fraction has been observed in alloys containing  

small precipitate volume fractions (<0.04) [82, 108, 109].  The coarsening rate is 

decreased because of an increase in diffusional and elastic interactions between 

precipitates, with an increase in precipitate volume fraction.  In the Al(Sc,Zr) system, the 

precipitate volume fraction is small enough that diffusional interactions between 

precipitates should be negligible.  The distance for diffusional interaction of precipitates 

is known as the screening distance, and is calculated to be ≈ 32<r> for the Al(Sc,Zr) 

alloys [110].  When the Al-0.14 Sc-0.012 Zr alloy contains precipitates with <r> =3.6 

nm, the screening distance is 115 nm, which is 48% larger than the calculated 

interprecipitate distance of 56 nm [111].  Precipitates will, therefore, diffusionally 

interact with each other.  The same calculation for the Al-0.06 Sc-0.005 Zr alloy, <r> = 

3.3 nm, produces a screening distance of 106 nm, which is 72% larger than the 

interprecipitate distance of 76 nm.  Comparing the percentages (48% for Al-0.14 Sc-

0.012 Zr versus 72% for Al-0.06 Sc-0.005 Zr), an increase in volume fraction 

corresponds to an increase in diffusional interactions between precipitates. 

 Ardell has independently determined the interfacial free energy and diffusivity of 

solute atoms, utilizing the asymptotic solutions of Equations (1.1) and (1.2) [81].  

Following the published method of Ardell [81], and applying to a ternary alloy, the data 

for the Al-0.09 Sc-0.047 Zr alloy in Chapter 2 (the variation in matrix Sc composition, 

the coarsening rate constant of 9.46 ± 3.53 x 10-3 s-1/3, and the distribution coefficient for 

Sc and Zr,) is combined with the corresponding coarsening rate constant at 300°C (kexp, 

Table 3.4) to determine an interfacial free energy of 59 mJ m-2, Equation (1.3).  This 
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value is smaller than the calculated interfacial free energies for the Al/Al3Sc interface of 

160 mJ m-2 for {100} and 185 mJ m-2 for {111} orientations at 300°C [96].  This method 

assumes the application of the asymptotic solutions to LSW theory, while coarsening of 

the Al-0.09 Sc-0.047 Zr alloy at 300°C is shown in Chapter 2 to be in the nonsteady-state 

regime.  The differences in interfacial free energies are therefore not unexpected. 

3.3.3.2.2 Activation energies for coarsening Temperature dependent factors in 

Equation (1.1) are present in the form of the equilibrium solute concentration in the 

matrix and precipitate phases.  Since Zr substitutes for Sc within the precipitate phase, 

the ternary Al-Sc-Zr system can be considered a pseudobinary system (Al3Sc-Zr system), 

where the coarsening rate is determined by the element with the smaller volume 

diffusivity.  This approach was utilized to determine the activation energies for diffusion-

limited coarsening in studies of ternary Ni-Al-Cr [67] and Al-V-Zr [112] alloys.  The 

activation energies for diffusion-limited coarsening with temperature dependency were 

calculated from the slope of an Arrhenius plot of kexp9RT(cβ-cα)2/8cα(1-cα)γVm versus 

inverse aging temperature [Fig. 3.12(a)], where Zr was assumed to be the rate limiting 

solute element.  The resulting temperature corrected activation energies are listed in 

Table 3.5 under QR. 

A comparison between the temperature corrected activation energies QR (Table 

3.5) and the activation energies for Sc and Zr in Al found in literature (Table 3.6) 

demonstrates that Al-0.06 Sc-0.005 Zr, Al-0.07 Sc-0.019 Zr, and Al-0.09 Sc-0.047 Zr 

have activation energies (258 ± 37, 240 ± 15, and 281 ± 17 kJ mol-1, respectively) near  
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Figure 3.12:  Arrhenius plots of coarsening rate constant (k) versus inverse aging 

temperature for: (a) experimental data, k = kexp and (b) Kuehmann-
Voorhess model, k = kKV.  Each slope yields the effective activation 
energy for diffusion-limited coarsening.  Data for the Al-0.18 at.% Sc 
alloy is from reference [3].  Figure 3.12 (b) displays the theoretical 
predictions of the alloys shown in (a).  
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Table 3.5.  Comparison of experimentally determined activation energies. 

Alloy 
QR

 (kJ mol-1)a

Qmodel

(kJ mol-1) b

Al-0.06 Sc-0.005 Zr 258 ± 37 242 
Al-0.07 Sc-0.011 Zr 240 ± 15 242 
Al-0.09 Sc-0.047 Zr 281 ± 17 242 
Al-0.14 Sc-0.012 Zr 134 ± 28 242 

aValues were calculated the slope of an Arrhenius plot of kexp9RT(cβ-cα)2/8cα(1-cα)γVm 
vs. 1/RT, where Zr was assumed to be the rate limiting solute element, Fig. 3.12(a).
bValues were calculated from Arrhenius plot of kKV9RT(cβ-cα)2/8cα(1-cα)γVm vs. 1/RT, 
where Zr was assumed to be the rate limiting solute element, Equation (3.1). 
 
 
 
 

 
Table 3.6. Literature values for the diffusivity of Sc and Zr in Al. 

Solute 
elements 

Method 
Do

(m2 s-1) 
Q 

(kJ mol-1) 
References 

Sc in Al Tracer diffusivity 5.31 x 10-4 174 [114] 
 First-principle 

calculations 
 154 [97] 

 Coarsening Measurements (1.9 ± 0.5) x 10-4 164 ± 9 [3] 
Zr in Al Tracer diffusivity 7.28 x 10-2 242 [46] 

 Coarsening Measurements 5.4 x 10-3 222 [113] 
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the literature values for Zr in Al (222 [113] and 242  kJ mol-1[46]).  In contrast, Al-0.14  

Sc-0.012 Zr has an activation energy (QR of 134 ± 28 kJ mol-1) near the literature values 

for Sc in Al (174 [114], 154 [97], and 164 ± 9 kJ mol-1 [3]).  Coarsening of Al-0.06 Sc-

0.005 Zr, Al-0.07 Sc-0.019 Zr, and Al-0.09 Sc-0.047 Zr is therefore controlled by 

volume diffusion of Zr and coarsening of Al-0.14 Sc-0.012 Zr is controlled by volume 

diffusion of Sc. 

3.3.3.2.3 Comparison to a ternary coarsening theory An illustration of the effects 

of Zr additions on the normalized Kuehmann-Voorhees coarsening rate constant, , 

can be seen in Fig. 3.13, where  is given by: 

˜ k KV

˜ k KV

˜ k KV =
kKV

8 γ Vm DSc

9 R T

.    (3.1) 

Figure 3.13 is for a temperature of 300°C, where the distribution coefficients for the Al-

0.06 Sc-0.005 Zr alloy are taken from the tie-line data displayed in Fig. 2.2; it does not, 

however, require the knowledge of γ and Vm.  Figure 3.13 demonstrates quantitatively 

that the addition of Zr at constant Sc concentration decreases the coarsening rate of 

Al3Sc precipitates. 

The tie-line data displayed in Fig. 2.2 and the best estimates from the literature 

for the interfacial energy (175 mJ m-2 [96]) and the molar volume of the precipitate 

(1.038 x 10-5 m3 mol-1), calculated from Vm = Naa3/4 (Na is Avogadro’s number and a = 

0.410 nm is the lattice parameter of Al3Sc0.9Zr0.1, [27]), were utilized to calculate the 

theoretical coarsening rates, kKV, for all the Al(Sc,Zr) alloys and aging temperatures.  
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The results are 
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Figure 3.13: Calculated normalized coarsening rate constant at 300°C versus Zr and Sc 

concentrations obtained utilizing Equation (3.1). 
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displayed in Fig. 3.12(b) and Table 3.4, which are compared to the experimental data 

(kexp) in Fig. 3.12(a) and Table 3.4.  The ratios of kexp/kKV (Table 3.4) indicate that the 

kexp values are significantly higher than kKV values for all alloys aged at 300, 350 and 

375°C, with the exception of Al-0.14 Sc-0.012 Zr at 350 and 375°C.  These calculations 

were then utilized to determine an effective theoretical activation energy for each alloy 

(Qmodel in Table 3.5) from the slope of an Arrhenius plot of kKV9RT(cβ-cα)2/8cα(1-cα)γVm 

versus inverse aging temperature [Fig. 3.12(b)]. 

The temperature compensated values of kKV fall onto a single line for all four of 

the Al(Sc,Zr) alloys, which, of course, produces equal values of Qmodel (242 kJ mol-1, 

Table 3.5).  It is not unexpected that the values of Qmodel are equal, since it is assumed 

that Zr is the rate limiting element and the activation energy calculated by tracer 

diffusion of Zr in Al is 242 kJ mol-1 [46] (Table 3.6).  The collapsing of the four alloys 

onto a single line demonstrates that the Kuehmann-Voorhees model does not account for 

precipitate volume fraction. 

 

3.4 Conclusions 

In a series of coarsening experiments, the temporal behavior of Al(Sc,Zr) alloys 

was studied by TEM and HREM, and compared to the results for Al(Sc) alloys [3].  

These experiments and their analyses result in the following findings: 

• Chapter 2 demonstrates that the precipitate chemical composition is changing during 

the process of coarsening, which must be considered in Chapter 3. 
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• The exact morphology of Al3Sc1-XZrX precipitates was examined for the first time, 

employing HREM, in Al(Sc,Zr) alloys aged at 300°C (Fig. 3.1).  Al3Sc1-XZrX 

precipitates in all ternary alloys are observed to have facets parallel to the {100} and 

{110} planes and therefore they are most likely Great Rhombicuboctahedra. 

• The effect of precipitate volume fraction and Zr additions on precipitate morphology 

was observed.  Alloys with < 0.004 volume fractions of Al3Sc1-XZrX precipitates 

contain precipitates that are initially spheroids, which evolve to cuboids, and finally 

lobed cuboids; in contrast, alloys with > 0.007 volume fractions of precipitates are 

not observed to contain lobed cuboids.  Precipitates in Al-0.07 at.% Sc alloys are 

known to be irregularly shaped [3], while additions of Zr produce faceted precipitates 

in a higher number density then the Al-0.07 at.% Sc alloy. 

• Al3Sc1-XZrX precipitates evolve morphologically from spheroids to cuboids to lobed 

cuboids (Figs. 3.2 and 3.3). 

• The effect of elastic anisotropy on the formation of lobed cuboids in Al-0.06 Sc-

0.005 Zr and Al-0.07 Sc-0.019 Zr alloys aged at 350 and 375°C is discussed, where 

small volume fractions (< 0.4 %) of precipitates permit coarsening to occur with 

negligible elastic and diffusional interactions among precipitates. 

• Time exponents for coarsening are determined from the slopes of double logarithmic 

plots of average precipitate radius, <r>, vs. aging time [Equation (1.1), Fig. 3.5] and 

precipitate number density, NV, vs. aging time [Equation (1.2), Fig. 3.6]; Chapter 2 

presents a determination utilizing the matrix supersaturation vs. aging time [Equation 
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(1.3)].  The calculated time exponents for coarsening range from 0.02 to 0.21 (<r> vs. 

t, Table 3.2) and 0.00072 to –0.38 (NV vs. t, Table 3.3), which are significantly less 

than the values of 1/3 and –1, respectively, predicted by LSW theory for diffusion-

limited coarsening.  From the matrix supersaturation vs. aging time, Chapter 2, time 

exponents for coarsening for Sc = –0.33 and Zr = –0.15 are calculated, compared to 

the predicted value of –1/3. 

• Agreement with the LSW theory is not reached for the following reasons: Chapter 2 

shows that the precipitate composition is evolving with increasing aging time (up to 

2412 h. at 300°C); accurate time exponents for coarsening are difficult to calculate 

when precipitates do not significantly coarsen, as is the case for Al(Sc,Zr) alloys; and 

coarsening of ternary alloys is a more complex process than that described by LSW 

theory. 

• Assuming diffusion-limited coarsening, experimental coarsening rates, kexp, are 

determined for Al(Sc,Zr) alloys aged at 300, 350, and 375°C (Table 3.4), and 

compared to the theoretical coarsening rates, kKV, obtained from Equation (1.1) [79]. 

Adding Zr was found to decrease the coarsening rate of Al3Sc1-XZrX precipitates 

compared to Al(Sc) alloys with the same volume fraction of precipitates [3] (Fig. 

3.11). 

• A change in the precipitate coherency is observed to have a dramatic effect on the 

coarsening rate, as observed by the discontinuity in slope of the two Al(Sc,Zr) alloys 

aged at 375°C, Fig. 3.11.  Once precipitates lose full coherency, the coarsening rate 
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increases due to an increase in the interfacial free energy of the precipitate. 

• Temperature-corrected effective activation energies for diffusion-limited coarsening 

are experimentally determined (Table 3.5) and compared to literature values for 

diffusion of Sc and Zr in Al (Table 3.6).  Al-0.07 Sc-0.019 Zr, Al-0.06 Sc-0.005 Zr, 

and Al-0.09 Sc-0.047 Zr alloys have temperature-corrected experimental activation 

energies of 258 ± 37, 240 ± 15, and 281 ± 17 kJ mol-1, respectively, and are, within 

experimental error for the Al-0.06 Sc-0.005 Zr and Al-0.07 Sc-0.019 Zr alloys, close 

to the literature values for diffusion of Zr in Al (222 [113] and 242 kJ mol-1 [46]).   

• In contrast, the Al-0.14 Sc-0.012 Zr alloy is found to have an experimental activation 

energy of 134 ± 28 kJ mol-1, which is, within experimental error, near the literature 

values for diffusion of Sc in Al (174 [114], 154 [97], and 164 ± 9 kJ mol-1 [3]).   

• The previous two points imply that coarsening of the Al-0.07 Sc-0.019 Zr, Al-0.06 

Sc-0.005 Zr, and Al-0.09 Sc-0.047 Zr alloys is controlled by volume diffusion of Zr 

in Al, and coarsening of the Al-0.14 Sc-0.012 Zr alloy is controlled by volume 

diffusion of Sc in Al. 

• From the above conclusions, LSW theory is not obeyed because Zr diffuses slower in 

Al than Sc, so obtaining a global equilibrium (between 300 and 375°C) is not 

possible within reasonable time periods. 
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Chapter Four 

Mechanical Properties of Al(Sc,Zr) Alloys at Ambient and Elevated Temperatures 

4.1 Introduction 

This Chapter reports on the effect of Zr additions to binary, hypoeutectic Al(Sc) 

alloys (Al-Sc-Zr phase diagram is shown in Chapter 2) by examining their ambient 

temperature mechanical properties (in the form of hardness), their elevated temperature 

mechanical properties (in the form of creep), and correlating these results to their 

microstructure (<r> and VV). 

The average compositions, Sc/Zr atomic ratios, and lattice parameter misfits (at 

24 and 300°C) of the Al(Sc,Zr) alloys investigated in Chapter 4 are listed in Table 4.1, 

using lattice parameters of 0.40448 nm for Al [115], 0.4103 nm for Al3Sc [27], change in 

lattice parameter with Zr additions in Al3(Sc,Zr) of 8.821 ± 2.951 x 10-5 nm at.% Zr-1 

[27], and coefficients of thermal expansion of 0.415 % for Al3Sc [48] and 0.699 % for Al 

[49].   

 

4.2  Results 

4.2.1 Transmission electron microscopy (TEM) 

Directional solidification produces a coarse as-cast grain size (0.7 ± 0.1 grain per mm-2), 

which minimizes grain-boundary strengthening at ambient-temperature and grain 

boundary creep at elevated-temperatures.  Due to the casting procedure, subgrain  
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Table 4.1:  Composition and lattice parameter misfit (δ) of alloys investigated. 

Sc/Zr ratio 
Lattice 

parameter 
misfit, δ (%) Alloy (at.%) Sc 

(wt.%)
Zr 

(wt.%)
(at.%/at.%) (wt.%/wt.%) 24°C 300°

C 
Al-0.06 Sc-0.005 Zr 0.10 0.018 12 5.5 1.30 1.01 
Al-0.07 Sc-0.011 Zr 0.10 0.036 6.4 2.8 1.26 0.98 
Al-0.07 Sc-0.019 Zr 0.11 0.060 3.7 1.8 1.22 0.94 
Al-0.09 Sc-0.047 Zr 0.15 0.16 1.9 0.94 1.15 0.87 
Al-0.14 Sc-0.012 Zr 0.24 0.040 12 6.0 1.30 1.01 
Al-0.16 Sc-0.010 Zr 0.27 0.030 16 9.0 1.31 1.02 

Al-0.18 Sc 0.3 -- -- -- 1.34 1.05 
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Figure 4.1: Comparison of Al3(Sc1-xZrx) precipitates as observed employing 

superlattice dark-field CTEM images (utilizing 100 superlattice 
reflections near the [100] zone axis) of: (a) a smaller VV alloy Al-0.07 Sc-
0.011 Zr aged at 300°C for 72 h. and (b) 320°C for 24 h.; and (c) a larger 
VV alloy Al-0.09 Sc-0.047 Zr aged at 350°C for 17 h. and (d) 375°C for 3 
h. 
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boundaries are not observed in undeformed Al(Sc,Zr) TEM specimens.  Figures 4.1(a-d) 

are representative TEM images of two Al(Sc,Zr) alloys, which show the fine, coherent 

Al3Sc1-XZrX precipitates that formed upon aging of the supersaturated Al(Sc,Zr) solid 

solution.  Figures 4.1(a, b) demonstrate the effect of aging time and temperature on the 

average precipitate radius, <r>, and number density, NV, for the smaller VV alloy Al-0.07 

Sc-0.011 Zr: aging at 300°C for 72 h. produces <r> = 2.7 ± 0.1 nm [Fig. 4.1(a)] and 

aging at 320°C for 24 h. [Fig. 4.1(b)] produces <r> = 7.6 ± 0.4 nm. 

Figures 4.1(c, d) exhibits similar trends, but for an Al-0.09 Sc-0.047 Zr alloy with 

a larger VV: aging at 350°C for 17 h. produces <r> = 2.7 ± 0.1 nm [Fig. 4.1(c)] and aging 

at 375°C for 3 h. produces <r> = 8.1 ± 0.4 nm [Fig 4.1(d)].  Increasing the aging 

temperature by 20-25 K for both alloys nearly triples <r> despite a strong decrease in 

aging time.  This increase in <r> is associated with a decrease in NV.  A doubling of VV, 

however, from 0.35% for Al-0.07 Sc-0.011 Zr to 0.69% for Al-0.09 Sc-0.047 Zr, 

increases NV by over a factor of 4 [from (9.0 ± 2.3) x 1021 m-3 to (4.0 ± 1.0) x 1022 m-3], 

as illustrated in Figs. 4.1(a) and 4.1(c). 

 

4.2.2 Microhardness 

Microhardness curves of four Al(Sc) and Al(Sc,Zr) alloys (Fig. 4.2) exhibit the 

expected four regions of precipitation-strengthened alloys: (1) incubation; (2) rapid 

increase in microhardness (under-aging); (3) plateau in microhardness (peak-aging); and 

(4) a decrease in microhardness (over-aging).  Figure 4.2 demonstrates the variation in 
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Figure 4.2:  Vickers microhardness (MPa) versus aging times at: (a) 300°C, (b) 

350°C, and (c) 375°C for two ternary Al(Sc,Zr) alloys and two 
corresponding binary Al(Sc) alloys.  Data from references [57, 
116] are used for Al(Sc) alloys in Fig. 4.2 (a) and (b). 
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Vickers microhardness as a function of aging temperature for two ternary alloys, Al-

0.14Sc-0.012 Zr (larger VV) and Al-0.06 Sc-0.005 Zr (smaller VV), and their equivalent 

binary alloys, Al-0.18 Sc and Al-0.07 Sc, [57, 116] respectively.  At constant aging 

temperature, the incubation and under-aging times increase, but the peak hardness 

decreases with decreasing VV. 

Aging at 300°C, Fig. 4.2(a), produces peak hardness values that remain constant 

for up to 144 h.  Thus, the mechanical properties of Al(Sc,Zr) alloys are not expected to 

significantly change during the creep experiments at 300°C, which were shorter than 120 

h.  The peak hardness of the ternary Al-0.06 Sc-0.005 Zr alloy is substantially higher 

than the binary Al-0.07 Sc alloy, while both alloys have similar precipitate volume 

fractions (0.31 % for Al-0.06 Sc-0.005 Zr and 0.23% for Al-0.7 Sc [57]).  This difference 

can be attributed to the ternary alloy containing smaller precipitates (<r> = 3.3 nm) than 

the binary alloy (<r> = 8.5 nm) [57] after aging at 300°C for 72 h. 

The microhardness curves of the larger VV alloys Al-0.14 Sc-0.012 Zr and Al-

0.18 Sc demonstrate that an increase in the aging temperature [from 300 to 350 and 

375°C, Figs. 4.2(a-c)] results in a decrease in the incubation time, duration of under-

aging, and peak microhardness value and duration.  Zirconium additions increase the 

duration of peak microhardness when alloys are aged at 350 and 375°C.  This is 

especially apparent at 375°C [Fig. 4.2(c)], where rapid overaging of the Al-0.18 Sc alloy 

is observed after less than 1h., while the Al-0.14 Sc-0.012 Zr alloy exhibits only a slight 

overaging at 384 h. 
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Aging at 350 and 375°C reduces dramatically the strength of the smaller VV 

alloys Al-0.06 Sc-0.005 Zr and Al-0.07 Sc as compared to aging at 300°C; this is due to 

the large precipitate radii (<r> larger than 10 nm [42]), which do not provide a 

significant contribution to alloy strengthening.  At all temperatures, the ternary alloy has 

higher microhardness values than the binary alloy, which is due to the ternary alloy 

containing smaller precipitates [42]. 

 

4.2.3 Creep properties 

Creep behavior at 300°C is shown in Fig. 4.3 for two smaller VV alloys (Al-0.06 

Sc-0.005 Zr and Al-0.07 Sc-0.019 Zr) and two larger VV alloys (Al-0.09 Sc-0.047 Zr and 

Al-0.14 Sc-0.012 Zr), all aged at 300°C for 72 h.  Creep resistance is observed to 

increase with increasing VV at approximately constant <r> (2.0 to 3.1 nm).  In addition, 

the stress exponents of the ternary alloys (slopes of lines, n = 25-33 in Fig. 4.3) are much 

greater than that of annealed Al (n = 4.4 [117]), indicating the presence of a threshold 

stress.  The threshold stress, σth, is found by plotting the strain rate raised to the power 

1/4.4 as a function of stress, following the procedure of reference [118].  Values for σth at 

300°C vary between 12 and 23 MPa (Table 4.2) for all of the tested Al(Sc,Zr) alloys. 

Creep testing of the larger VV Al-0.09 Sc-0.047 Zr alloy (Fig. 4.4) shows that an 

increase in creep resistance is caused by an increase in <r> from 2.0 to 8.1 nm at 

approximately constant VV.  The effect of Zr additions on the creep resistance of Al(Sc) 

alloys is further illustrated in Fig. 4.5, where the creep behaviors of the ternary Al-0.14 
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Figure 4.3:  Double logarithmic plot of minimum strain rate at 300°C versus 

applied stress, for Al(Sc,Zr) alloys with various precipitate volume 
fractions Vv (given in %) and approximately constant precipitate 
radius <r> (given in nm).  All alloys were aged at 300°C for 72 h. 
prior to the creep experiments. 
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Table 4.2:  Effect of composition and aging treatment upon precipitate volume 

fraction, VV, average precipitate radius, <r>, interprecipitate 
spacing, λ, experimental threshold stress, σth, calculated Orowan 
stress, σor, and shearing stress, σsh.  The error represents ± σ 
values. 

 

Alloy (at. %) Heat treatment 
aVV 
(%) 

b <r> 
(nm) 

cλ  
(nm) 

b σth 
(MPa) 

dσor 
(MPa) 

eσsh 
(MPa) 

Al-0.06 Sc-0.005 Zr 300°C, 72 h. 0.31 3.3 ± 0.2 76 ± 4 12 114 220 

“ 300°C, 5 h.+ 
350°C, 48 h. 0.27 5.9 ± 0.3 155 ± 8 18 68 248 

Al-0.07 Sc-0.011 Zr 300°C, 72 h. 0.345 2.7 ± 0.1 62 ± 3 13 132 215 
“ 320°C, 24 h. 0.34 7.6 ± 0.4 176 ± 9 20 64 298 

Al-0.07 Sc-0.019 Zr 300°C, 72 h. 0.38 2.3 ± 0.1 50 ± 3 14 153 213 
“ 350°C, 72 h. 0.37 8.7 ± 0.4 193 ± 10 20 60 320 

Al-0.09 Sc-0.047 Zr 300°C, 72 h. 0.71 2.0 ± 0.1 31 ± 2 15 234 273 
“ 350°C, 17 h. 0.69 2.7 ± 0.1 43 ± 2 18 192 296 
“ 350°C, 288 h. 0.69 4.8 ± 0.2 76 ± 4 20 130 344 
“ 375°C, 3 h. 0.68 8.1 ± 0.4 129 ± 6 23 89 415 

Al-0.14 Sc-0.012 Zr 300°C, 72 h. 0.74 2.4 ± 0.1 36 ± 2 17 214 307 

“ 300°C, 72 h.+ 
400°C, 4.75 h. 0.70 3.6 ± 0.2 56 ± 3 23 160 340 

Al-0.16 Sc-0.01 Zr 300°C, 72 h. 0.77 3.0 ± 0.2 45 ± 2 20 190 338 
aCalculated from thermodynamic data [88] at indicated temperature. 
bCalculated from experimental data at 300°C. 
cCalculated from Equation (4.5). 
dCalculated from Equation (4.4) at 300°C. 
eCalculated from Equations (4.1 – 4.3) at 300°C. 
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Figure 4.4:  Double logarithmic plot of minimum strain rate at 300°C versus 

applied stress for a larger Vv alloy, Al-0.09 Sc-0.047 Zr, with 
various precipitate radii <r> (given in nm). 
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Figure 4.5:  Double logarithmic plot of minimum strain rate at 300°C versus applied 

stress for the larger Vv alloys, Al-0.14 Sc-0.012 Zr and Al-0.16 Sc-0.01 
Zr, and the corresponding binary Al-0.18 Sc alloy [57] with various 
precipitate radii <r> (given in nm). 
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Sc-0.012 Zr and Al-0.16 Sc-0.01 Zr alloys are compared to the binary Al-0.18 Sc alloy 

[57]; all three alloys have similar VV values.  As shown for the Al-0.09 Sc-0.047 Zr alloy 

in Fig. 4.4, the Al-0.14 Sc-0.012 Zr and Al-0.18 Sc alloys exhibit an increase in creep 

resistance with increasing <r> from 2.4 to 3.6 nm for the ternary alloy and from 1.4 to 

4.8 nm for the binary alloy.  While the values of <r> are not exactly the same for the 

binary and ternary alloys, Fig. 4.5, they are close enough that a comparison of creep 

resistance among the three alloys can be made.  At the smallest precipitate radius, the 

creep resistance of the Al-0.18 Sc alloy (<r> = 1.4 ± 0.1 nm) is slightly smaller than that 

of the Al-0.14 Sc-0.012 Zr alloy (<r> = 2.4 ± 0.1 nm).  At the larger values of precipitate 

radii (<r> ≥ 3.0), the differences in stress sensitivity (different slopes) and precipitate 

radii makes comparison difficult, but the binary alloy has approximately the same 

threshold stress as the ternary alloys. 

 

4.3 Discussion 

4.3.1 Transmission electron microscopy 

Zirconium additions decrease the rate of precipitate coarsening as observed in 

Fig. 4.2 and reported in Chapters 2 and 3, such that creep tests at 300°C lasting over a 

week can be performed on ternary Al(Sc,Zr) alloys without significant precipitate 

coarsening.  High-resolution electron microscopy (HREM) of the Al(Sc,Zr) alloys aged 

at 300°C for 576 h. show Al3(Sc,Zr) precipitates to have facets parallel to the {100} and 

{110} planes [42, 43] around a majority of each precipitate, while the binary Al(Sc,Zr) 

alloys are faceted around the entire precipitate [3]. 
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Figure 4.6:  Microhardness stress increment versus average precipitate 

radius,<r>, for the smaller Vv alloys: Al-0.06 Sc-0.005 Zr (VV = 
0.27-0.31 %) and Al-0.07 Sc-0.019 Zr (VV = 0.37-0.38 %).  The 
lines represent predictions of Equations (4.1 – 4.5) for VV = 0.27 
and 0.38 %. 
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4.3.2 Microhardness 

Figure 4.6 compares the increment in yield strength as a function of <r> 

(measured in Chapter 3) for two smaller VV alloys (Al-0.06 Sc-0.005 Zr and Al-0.07 Sc-

0.019 Zr) with similar precipitate volume fractions, which does not significantly change 

between 300 and 375°C (Table 4.2).  The increment in yield strength was determined by 

subtracting the as-homogenized microhardness from the as-aged microhardness and 

dividing the result by 2.8, a conversion factor valid for Al alloys [119], but not for pure 

Al.  Compressive yield strength measurements of Al(Sc) alloys have shown this 

approximation to be accurate in predicting alloy strengthening [57].  Experimentally the 

maximum increment of strength (≈ 140 MPa) occurs at the lowest values of <r> (ca. 2.5 

nm) and decreases with increasing <r>, as expected if the Orowan dislocation looping 

mechanism is dominant.  The same trends are displayed in Fig. 4.7 for two of the larger 

VV alloys (Al-0.09 Sc-0.047 Zr and Al-0.14 Sc-0.012 Zr), which have similar precipitate 

volume fractions between 300 and 375°C (Table 4.2).  The precipitates in these two 

larger VV alloys coarsen at a slower rate than the precipitates in the smaller VV alloys 

shown in Fig. 4.6 [42], so the maximum values of <r> are smaller (10.5 versus 24 nm).  

A similar behavior was observed for the increment in yield strength of a binary Al-0.18 

at.% Sc alloy [57] with a maximum increment of strength ≈ 180 MPa at <r> = 2-3 nm, 

decreasing monotonically with increasing <r>, and therefore a similar discussion applies, 

as outlined below. 
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Figure 4.7:  Microhardness stress increment versus average precipitate 

radius,<r>, for the larger Vv alloys: Al-0.09 Sc-0.047 Zr (VV = 
0.68 - 0.71 %) and Al-0.14 Sc-0.12 Zr (VV = 0.70 - 0.74 %).  The 
lines represent predictions of Equations (4.1 – 4.5) for VV = 0.68 
and 0.74 %. 
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Precipitate shearing, precipitate by-pass by dislocation looping, or a combination 

of these two mechanisms generally explains ambient-temperature strength in coarse-

grained, non strain-hardened, precipitation-strengthened alloys [120].  Deformation by 

dislocation shearing is expected to occur at small <r> and several mechanisms have been 

postulated to explain this process: (i) modulus hardening; (ii) coherency strengthening; 

and (iii) order strengthening.  The strength increment due to modulus strengthening, 

∆σms, is caused by the mismatch between the shear moduli of the precipitate and matrix 

phases and is given by [120]: 
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where M = 3.06 is the matrix orientation factor [121], G is the temperature dependent 

shear modulus of Al (25.4 GPa at 24°C [117]), ∆G is the modulus mismatch between the 

Al3(Sc,Zr) precipitates (assumed to have the same stiffness, 68 GPa, as Al3Sc [122]) and 

Al at 24°C, b is the magnitude of the Burgers vector of Al (2.86 x 10-10 m [117]), and m 

= 0.85 is a constant [120]. 

Coherency strengthening is due to strain-field interactions between a coherent 

precipitate and a dislocation.  The strength increment due to coherency strengthening, 

∆σcs, is given by [120]: 
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where χ = 2.6 is a constant [120], ε is the lattice parameter misfit, ε ≈ (2/3) δ, with δ = 

∆a/a as the ambient-temperature lattice parameter misfit (Table 4.1). 

Finally, order strengthening is due to the formation of an antiphase boundary 

(APB), which occurs when a matrix dislocation shears an ordered precipitate. The 

strength increment due to order strengthening, ∆σos, is given by [120]: 

21
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b
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where γapb is the APB energy of the precipitate phase (assumed to be equal to the average 

value for Al3Sc, 0.5 J m-2 [29, 123]). 

Alternatively, precipitate bypass can occur through the Orowan mechanism by 

dislocation looping around the precipitates.  The corresponding Orowan stress,  ∆ σor, is 

[124]: 

( )
υλπ

σ
−

=∆
1
2ln4.0 brbGMor ;   (4.4) 

where ν = 0.345 is the Poisson’s ratio of Al [121], rr 32=  is the mean radius of a 

circular cross-section in a random plane for a spherical precipitate [124], and λ is the 

interprecipitate spacing.  The latter parameter is calculated assuming that spherical 

precipitates are arranged on a cubic grid (which is a valid simplification for the small VV 

values in this study) [125]: 
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Utilizing Equations (4.1 - 4.5) the ambient-temperature yield stress increment due to the 

presence of Al3(Sc,Zr) precipitates is calculated, as shown in Figs. 4.6 and 4.7.  The 

calculated predictions are compared to the experimental data for the ternary Al(Sc,Zr) 

alloys. 

As suggested in reference [57], the increment in strengthening due to shearing of 

precipitates is taken as the larger of (a) the sum of modulus strengthening and coherency 

strengthening (σms + σcs), or (b) the order strengthening, σos.  This is because these two 

mechanisms are sequential, the former occurring before the dislocation shears the 

precipitate and the latter during shearing.  Figure 4.6 thus predicts that ∆σos is dominant 

for <r> less than 0.5 nm, (∆ σms + ∆ σcs) for <r> between 0.5 and 2.0 nm, and ∆σor for 

<r> larger than 2.0 nm.  All alloys have <r> larger than 2.0 nm and their strength is thus 

predicted to be controlled by the Orowan mechanism.  Figure 4.6 shows good 

quantitative agreement between experimental data and the ∆σor value predicted by 

Equation (4.4) for the present range of VV values, as also observed for Al-0.18 at.% Sc in 

reference [57].  Figure 4.7 indicates that the same prediction (Orowan bypassing is the 

controlling mechanism for <r> larger than 2.0 nm) applies to the larger VV alloys (Al-

0.09 Sc-0.047 Zr and Al-0.14 Sc-0.012 Zr), and the experimental data is again in good 

quantitative agreement with this prediction.  Figures 4.6 and 4.7 indicate that significant 

increases in strength can be achieved by a small decrease in <r> to the optimal value of 

2.0 nm, which should be achievable through aging treatments below 300°C. 

Compared to the binary Al(Sc) alloy, ternary alloying additions can affect the 

lattice parameter misfit, the APB energy, and the elastic modulus, thus changing ∆σms, 
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∆σcs, and ∆σos.  Zirconium additions should slightly decrease ∆σcs by decreasing the 

lattice parameter misfit (Table 4.1).  Zirconium is, however, not expected to have a 

significant effect on the modulus of the precipitate phase, so the value of ∆σms should not 

change.  The value of ∆σos is expected to increase due to an increase in the APB energy 

of the precipitate phase, as indicated by an increase in the creep resistance of 

Al3(Sc0.74Zr0.26) with respect to Al3Sc [62].  Literature values for the APB energy of 

Al3(Sc,Zr) do not exist, however, so the degree of the increase in the ordering 

contribution cannot be assessed.  The combination of these three shearing mechanisms 

indicates that Zr additions should slightly increase the total increment of shearing, so the 

calculated curves shown in Figs. 4.6 and 4.7 should be considered as lower bounds.  

However, ∆σor is unaffected by Zr additions, and all of the experimental data is in the 

regime <r> > 2.0 nm, where the Orowan mechanism is controlling.  

 

4.3.3 Creep properties 

When deformation is controlled by dislocations, the creep behavior of 

precipitation- or dispersion-strengthened materials follows a power-law equation 

generally represented by: 
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where ε  is the strain rate, Aap is a dimensionless constant, σ is the applied stress, nap is 

the apparent stress exponent, Qap is the apparent activation energy, and R and T have 

their usual significance.  When the apparent stress exponent is much higher than that of 
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the matrix (i.e. nap >10), an athermal threshold stress, σth, is assumed, below which creep 

is not measurable in the laboratory [126].  This leads to a modified power-law equation: 
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QA n

th expσσε ;   (4.7) 

where A is a dimensionless constant, n is the matrix stress exponent, and Q is the matrix 

creep activation energy, which is usually equal to the activation energy for volume self-

diffusion.  The rationale for the existence of a threshold stress is that matrix dislocations 

require some minimum amount of applied force to by-pass the second-phase precipitates 

[127]. 

Large threshold stresses are typically associated with incoherent dispersoids or 

precipitates [126-130].  Threshold stress behavior has been, however, observed in two 

alloys containing coherent L12 precipitates as in the present Al(Sc,Zr) alloys: a rapidly 

solidified Al-V-Zr alloy tested at 425°C, containing Al3(Zr,V) precipitates (VV = 5.0 %, 

<r> ≤ 5 nm [112]), and in binary Al(Sc) alloys tested at 300°C, containing Al3Sc 

precipitates (VV = 0.24 - 0.71 %, <r> = 1.4 - 9.6 nm [57]). 

The threshold stress is due to dislocations by-passing precipitates by shearing 

them or climbing over them.  If shearing is the operating threshold stress mechanism in 

the Al(Sc,Zr) alloys, σth must equal to σsh, where σsh is taken as the larger of (σms + σcs) 

or σos, as discussed in Section 4.3.2.  Table 4.2 shows the calculated values of σsh at 

300°C to be much greater than the values of σth (by a factor 15 - 18), thus shearing 

cannot be the operating mechanism. 

 In climb-controlled bypass, the threshold stress is due to an increase in the line 
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length of dislocations during the climb process [127].  The accepted mechanism by 

which dislocations change their line length is general climb, σgen: 

σgen = 0.8κ σor ;     (4.8) 

where κ is a function of the particle volume fraction, as given by McLean [128].  In 

general climb, dislocations experience a small increase in dislocation length in order for 

the dislocation to climb over precipitates, which leads to small threshold stress values 

on the order of 0.02 σor. 

An increase in the creep resistance with an increase in VV, as shown in Fig. 4.3, is 

anticipated.  As VV increases, the interprecipitate distance decreases [Equation (4.5)], 

which produces an increase in the Orowan and threshold stresses [Equations (4.4, 4.8)].  

An increase in the creep resistance with an increase in <r> [Figs. (4.4 and 4.5)] is, 

however, contrary to the predictions of Equations (4.4, 4.8).  Such an increase was also 

observed for Al(Sc) alloys [57] and is discussed here along the same lines. 

 Determination of the operating climb mechanism is accomplished by utilizing 

Equations (4.4) and (4.5) to determine the interprecipitate spacing, λ, and σor (Table 4.2), 

which are compared to the measured σth displayed in Table 4.2.  From Table 4.2, a plot 
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Figure 4.8:  Threshold stress normalized by Orowan stress (σth/σor) versus 

average precipitate radius <r> for ternary Al(Sc,Zr) alloys (lattice 
misfit δ = 0.87-1.02 %) and binary Al-0.07 Sc, Al-0.12 Sc, and Al-
0.18 Sc alloys (δ = 1.05 %). [57] The lines represent predictions 
from a recently-proposed model [131]considering elastic 
interactions between dislocations and coherent precipitates (δ = 
0.9 and 1.1 %).  Also shown is the general climb model without 
elastic interactions (δ = 0). The symbols are same as those shown 
in Figs. 4.2 – 4.7. 

 
 

 

of σth /σor (normalized threshold stress) as a function of <r> is produced (Fig. 4.8).  The 

normalized threshold stress removes the dependency on VV, so the data for all ternary 

alloys can be plotted on the same graph.  For comparison, the creep threshold data for the 

binary Al-0.07 Sc, Al-0.12 Sc, and Al-0.18 Sc (at.%) alloys [57] are also plotted in Fig. 

4.8.  The experimental values of normalized threshold stress are observed to increase 
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with increasing <r>, which does not follow the radius-independent prediction of the 

general climb model, Equation (4.8).  The <r> dependence of the normalized threshold 

stress in Al(Sc,Zr) alloys can be compared to a model recently developed for creep of 

alloys containing coherent precipitates [131], whose predictions are shown by the solid 

curves in Fig. 4.8.  This model assumes that dislocations are subjected to elastic stresses 

from the modulus and lattice parameter misfits between the matrix and precipitate 

phases.  Both the present Al(Sc,Zr) alloys, and the previously investigated Al(Sc) alloys 

[57] follow the general trend of this model.  At small values of <r>, the Al(Sc) and 

Al(Sc,Zr) data overlap.  At values of <r> greater than 7 nm, the threshold stress values of 

the Al(Sc) and Al(Sc,Zr) alloys are within one standard deviation of each other, but the 

three data points for the ternary Al(Sc,Zr) alloys exhibit lower normalized threshold 

stresses than the three corresponding binary Al(Sc) data points.  This model indeed 

predicts the trend of smaller threshold stresses for ternary Al(Sc,Zr) alloys as compared 

to the binary alloy, illustrated by the two curves with different lattice parameter 

mismatches (Fig. 4.8).  With a smaller lattice parameter misfit, the elastic interaction 

between the precipitate and dislocation is reduced and the strengthening effect is 

decreased.  The effect of the lattice parameter misfit is enhanced at large <r>, since the 

interaction volume increases with <r>3. 

The chemical composition of Al3Sc precipitates is anticipated to change with Zr 

additions, due to Zr enrichment near the precipitate/matrix heterophase interface [43, 51], 

which could alter the precipitate/dislocation interaction, e.g. by further modifying the 

misfit.  Large differences were not, however, observed between the creep behavior of the 
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Al(Sc) and Al(Sc,Zr) alloys with the same precipitate volume fraction and average radius 

(Fig. 4.8), indicating that the above chemical effect has a small impact on creep 

resistance. Chapter 2 indicated that after aging Al-0.09 Zr-0.047 Zr alloy at 300°C for 

2412 h., the Al3Sc1-XZrX precipitates are not in global thermodynamic equilibrium.  

Chapters 2 and 3 proposed that Al(Sc,Zr) alloys will not reach a global equilibrium, 

within reasonable time periods, when aged between 300 and 375°C.  Therefore, a 

chemical effect upon the creep resistance of Al(Sc,Zr) alloys is more likely to occur at 

aging temperatures above 375°C, if it exists at all. 

The optimum <r> value depends on the intended use of an alloy.  At ambient 

temperature, as illustrated in Fig. 4.6 and 4.7, the optimal strength is achieved with <r> = 

2.0 nm.  At 300°C, however, Fig. 4.8 shows that optimal dislocation creep resistance 

occurs at the largest value of <r>, 8.7 nm.  However, as the Orowan stress decreases with 

increasing <r>, the magnitude of the threshold stress increases only modestly in the 

range <r>= 4- 9 nm (Table 4.2).  A compromise <r> value for an alloy needing strength 

both at ambient and elevated temperature is then ca. 4 nm. 
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4.4  Conclusions 

The following conclusions are drawn from this study of the ambient and elevated-

temperature mechanical properties of six Al(Sc,Zr) alloys: 

• Microhardness increases with increasing precipitate volume fraction (Fig. 4.2), and 

with decreasing average precipitate radius <r> (Figs. 4.6 and 4.7).  At 300°C, the Al-

0.14 Sc-0.012 Zr and Al-0.06 Sc-0.005 Zr alloys maintain their peak hardness for 

aging times as long as 144 h., Fig. 4.2(a).  Upon aging at 350°C and 375°C, the onset 

and speed of over-aging are delayed for the ternary Al-0.14 Sc-0.012 Zr alloy as 

compared to the binary Al-0.18 Sc [Figs. 4.2(b, c)], which is attributed to the slower 

coarsening kinetics of the Zr-containing alloy.  Microhardness and strength decreases 

with increasing <r> in good quantitative agreement with predictions assuming the 

Orowan dislocation looping mechanism (Figs. 4.6 and 4.7). 

• Creep resistance at 300°C increases with increasing volume fraction (Fig. 4.3) and 

precipitate radius (Figs. 4.4 and 4.5).  All alloys exhibit a threshold stress, which 

increases from 0.06 σor at <r> = 2.0 nm to 0.33 σor at <r> = 8.7 nm (Table 4.2), 

where σor is the Orowan stress.  These high relative values of the threshold stress can 

be qualitatively explained by a recently-proposed model [131], taking into account 

the elastic interactions occurring between dislocations and precipitates, Fig. 4.8.  At 

the largest values of  <r> (> 7 nm) Zr additions lead to a slight decrease in creep 

resistance as compared to binary Al(Sc) alloys, which can be explained by a decrease 

in the lattice misfit strain energy, thereby decreasing the dislocation-precipitate 

interaction. 
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• At ambient temperature, the maximum alloy strength is predicted at the transition 

from precipitate shearing to Orowan bypass at <r> ≈ 2.0 nm; while at an elevated 

temperature (300°C), the maximum creep resistance is reached at <r> ≈ 9 nm.  

Therefore, the optimum precipitate radius depends on the usage temperature, and is a 

compromise between these two values. 
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Chapter Five 

Sc and Zr Additions to a 5754 Aluminum Alloy 

5.1  Introduction 

While several researchers have shown that Zr and Sc additions increase the 

recrystallization resistance and yield strength of 5xxx alloys [12, 132, 133], little 

information exists on the fatigue properties of these alloys.  In a study by Wirtz et. al. 

[134], an Al- 4.4 Mg- 0.18 Sc (at.%) alloy was found to exhibit a higher resistance 

against fatigue crack nucleation than a 6013-T6 aluminum alloy.  The increased fatigue 

resistance of the Al-Mg-Sc alloy was attributed to its very fine grain structure, compared 

to the coarser-grained 6013-T6 alloy.  Since the combined additions of Zr and Sc have 

been shown to improve the yield strength and recrystallization resistance of aluminum 

alloys, they may also improve the fatigue properties.  The present research tests this 

hypothesis by investigating the variation of microstructural and mechanical properties 

when Zr and Sc additions are made to a 5754 aluminum alloy with the composition given 

in Table 5.1.  The as-rolled sheet was subjected to one of five heat-treatments: (1) aging 

at 288°C for 72 h.; (2) aging at 300°C for 72 h.; (3) annealing at 600°C for 45 min.; or (4 

and 5) a combination of the previous annealing treatment and one of the two above aging 

treatments.  All heat-treatments were terminated by quenching the samples into ice 

water. 
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5.2 Results and Discussion 

5.2.1 Microstructure  

5.2.1.1 Optical Microscopy 

The as-rolled material exhibits a dense pancake-shaped grain structure, which is 

typical of as-rolled material (Fig. 5.1).  Observation along the L-direction does not yield 

distinct demarcations among grains.  Isolated primary Al3Sc1-XZrX precipitates, which 

formed upon solidification, are observed to have a cuboidal shape and an edge length 

varying from 2 to 10 µm. 

Aging the alloy at 288°C for 72 h. produces little change in the grain structure, 

precipitate size, and distribution from the as-rolled condition.  The sample aged at 300°C 

for 72 h. exhibits, however, the first signs of recrystallization, as evidenced by regions 

consisting of several crystallographic orientations, as shown by the mixing of 

interference colors within each etched region (Fig. 5.2 (a), shown in grayscale).  Etching 

of the sample aged at 300°C with Keller's solution reveals a network of precipitates 

along the region’s boundary (Fig. 5.2 (b), arrow 1).  Also shown in Fig. 5.2 (b) is a 

primary Al3Sc1-XZrX precipitate (arrow 2), which is most likely formed during 

solidification of the ingot and a β−Al3Mg2 precipitate (arrow 3). 

The annealing treatment (600°C for 45 min.) causes recrystallization, which may 

be followed by some grain growth (Fig. 5.3), with a grain areal density of 1221±413 

grains mm-2. Etching of this sample with Keller's solution does not reveal a network of 

precipitates along the grain boundaries.  Further aging the 600°C annealed alloys at 
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Table 5.1:  Nominal chemical composition of modified 5754 alloy (in at. %). 

Mg Mn Sc Zr Al 
3.8 0.31 0.138 0.065 Balance 
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Figure 5.1:  Optical micrograph of the modified 5754 alloy in the as-rolled 

state showing the grain structure in the ST direction (Keller’s 
etch). 
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Figure 5.2: Optical micrograph of the modified 5754 alloy aged at 300°C for 

72 h. illustrating: (a) large grains (Barker’s etch); and (b) grain 
boundary precipitates (arrow 1) (Keller’s etch).  Also shown in (b) 
are a primary Al3Sc1-XZrX precipitate (arrow 2) and a β−Al3Mg2 
precipitate (arrow 3). 
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Figure 5.3: Optical micrograph of the modified 5754 alloy annealed at 600°C 

for 45 min. exhibiting a recrystallized grain structure (Barker’s 
etch). 
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288°C or 300°C for 72 h., (Fig. 5.4 (a) and 5.4 (b), respectively) may result in further 

grain growth (grain areal density of 178±27 grains mm-2) and produces more elongated 

grains in comparison to those of the annealing heat-treatment, (Fig. 5.3).  Both aging 

treatments lead to the presence of precipitate networks along the grain boundaries, as 

discussed below. 

 

5.2.1.2 Transmission Electron Microscopy 

Four specimens were observed by TEM with the following heat-treatments: (1) 

as-rolled; (2) aged at 288°C for 72 h.; (3) annealed at 600°C for 45 min.; or (4) annealed 

at 600°C for 45 min. followed by aging at 288°C for 72 h.  All four samples contained 

second-phase precipitates with Al6Mn and Al3Sc1-XZrX compositions.  The Al6Mn 

precipitates showed no change in size (1 µm x 0.7 µm) for all four heat-treatments.  

There was, however, a difference in the size and morphology of the Al3Sc1-XZrX 

precipitates for each specimen, as listed in Fig. 5.5 

The as-rolled sample exhibited Al3Sc1-XZrX precipitates in the form of incoherent 

rods (Fig. 5.5, arrow A) with a length of 172±16 nm, a diameter of 31±2 nm, and a 

corresponding length-to-diameter aspect ratio of about 6.  These rods were found to be 

oriented parallel to the L-direction of the alloy.  Also observed were smaller coherent, 

Al3Sc1-XZrX precipitates (Fig. 5.6, arrow B, 25±3 nm diameter), and a dense network of 

subgrains (Fig. 5.7), which formed during the hot-rolling process.  The presence of 

subgrain boundaries was confirmed by employing TEM analyses of crystal 
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Figure 5.4: Optical micrograph of elongated grains produced by annealing the 

modified 5754 alloy at 600°C for 45 min. and aging at: (a) 288°C 
for 72 h.; or (b) 300°C for 72 h. (both Barker’s etch). 
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Figure 5.5: Al3Sc1-XZrX precipitate evolution in modified 5754 alloys as a 
function of heat-treatment to the as-rolled alloy. Arrows illustrate 
how precipitates change during the indicated heat-treatment, (see 
text for full explanation).  The error ranges denote the errors in 
measurements of the precipitates (error associated with NIH 
image, 4% in this study) plus one standard deviation of the 
precipitate distribution divided by the square root of the number of 
precipitates in the distribution. The superscript plus sign (+) 
indicates that the precipitates are coherent and N.Obs. denotes that 
precipitates are not observed. 
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Figure 5.6: Centered superlattice dark-field TEM micrograph, [111] zone axis, 

of the modified 5754 alloy in the as-rolled state, illustrating the 
presence of Al3Sc1-XZrX precipitates as rod-shaped precipitates 
(arrow A) and finer spheroidal precipitates (arrow B). 
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Figure 5.7: Centered bright-field TEM micrograph, [113] zone axis, of the 

modified 5754 alloy in the as-rolled state, illustrating the presence 
of subgrain boundaries.  Points A and B mark the locations of the 
crystal disorientation analyses, performed to confirm the presence 
of subgrain boundaries. 
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disorientations as indicated by electron diffraction patterns; an example of a subgrain 

boundary is given in Fig. 5.7 where a small variation in disorientation, while remaining 

near the [113] zone axis, was detected while moving across this boundary from point A 

to B.  

Aging of the as-rolled material (at 288°C for 72 h.) resulted in three 

morphologies for the Al3Sc1-XZrX precipitates (Fig. 5.8).  Both Al3Sc1-XZrX morphologies 

present in the as-rolled alloy were found (Fig. 5.5); rod-shaped precipitates [Fig. 5.8 (b)], 

with an increased length and a diameter similar to the rods in the rolled alloy and 

incoherent spheroidal Al3Sc1-XZrX precipitates, with an increased diameter over the 

precipitates in the rolled alloy (and a attendant loss of coherency).  Third, a new 

population of fine coherent Al3Sc1-XZrX precipitates (8.7 ± 0.8 nm diameter) was present.  

The fine precipitates were found to be located primarily within small grains, as seen in 

Fig. 5.8 (a).  It is likely that the incoherent Al3Sc1-XZrX rods and large spheroids depleted 

the scandium and zirconium concentrations in their vicinity leaving a non-uniform 

distribution of the fine coherent Al3Sc1-XZrX precipitates. 

The main purpose of the 600°C annealing treatment was to utilize 

recrystallization to increase the as-rolled grain size and enable easier mechanical 

processing, which was achieved as Fig. 5.3 demonstrates.  A TEM examination of the 

recrystallized structure indicated that both subgrain and dislocation networks have been 

eliminated during the annealing heat-treatment, so that the strengthening of the annealed 

and aged sample can be primarily attributed to the small grain size and the presence of 

precipitates. Annealing produced incoherent spheroidal Al3Sc1-XZrX precipitates with a
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Figure 5.8: Centered superlattice dark-field TEM micrograph, [111] 

zone axis, of Al3Sc1-XZrX precipitates after aging at 288°C 
for 72 h. illustrating: (a) fine coherent Al3Sc1-XZrX 
precipitates and (b) incoherent rod Al3Sc1-XZrX precipitates. 
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 42 ± 3 nm diameter, some of which can be observed pinning grain boundaries (Fig. 5.9).  

Subsequent aging at 288°C produced two populations of Al3Sc1-XZrX precipitates (Fig. 

5.10), one with large diameters  (54±5 nm), probably formed initially during the 600°C 

anneal and somewhat grown in size during aging, and one with a smaller size (12.3±0.6 

nm diameter), which probably precipitated during the 288°C treatment.  The smaller 

precipitates are coherent, as indicated by the strain-field contrast (so-called Ashby-

Brown or coffee-bean contrast) associated with each precipitate. 

The evolution of the Al3Sc1-XZrX precipitate morphology is given in Fig. 5.5 and a 

possible explanation for this evolution is outlined here.  The large rod-like precipitates 

(172 ± 16 nm x 31 ± 2 nm) in the as-rolled alloy are most likely the result of a 

discontinuous precipitation mechanism (also known as cellular precipitation), which has 

been observed previously in the Al-Sc [1] and Al-Zr systems [135].  Cellular 

precipitation occurs when a supersaturated solid-solution decomposes into matrix and 

precipitate phases behind an advancing grain boundary [136].  The numerous short-term, 

intermediate 400°C aging treatments performed between rolling passes also produced the 

second population of smaller spheroidal precipitates (25 ± 3 nm diameter).  Long-term 

aging of this as-rolled structure at 288°C led to modest growth of these large incoherent 

rods and spheroids, while the fine coherent spheroids formed in solute-rich regions 

without prior incoherent precipitates.  Annealing of the as-rolled alloy at 600°C resulted 

in the disappearance of the fine coherent precipitates by dissolution, as the solid-

solubility of Sc and Zr increases with increasing temperature.  The spheroidal precipitates 
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are most 
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Figure 5.9: Two-beam, g = [200], bright-field TEM micrograph of incoherent 

spheroidal Al3Sc1-XZrX precipitates after annealing at 600°C for 72 
h.. 
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Figure 5.10: Two-beam, g = [200], superlattice dark-field TEM micrograph of 

Al3Sc1-XZrX precipitates present after annealing (600°C for 45 
minutes) and aging (288°C for 72 h.).  Both incoherent spheroidal 
precipitates and fine coherent precipitates are observed. 
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probably the result of splitting and spheroidizing of the rods with a high surface-to-

volume ratio, thus recovering a precipitate shape with higher stability than the rods.  A 

complete dissolution followed by precipitation is less likely, because a temperature of 

600°C is not high enough to dissolve completely the large Al3Sc1-XZrX precipitates [11]. 

The ratio of the volumes of the rods (in the as-rolled plus aged alloy) to spheroids (in the 

annealed alloy) gives a value of 4.5; that is each rod produces four to five spheroids.  

Long lines of spherical precipitates are thus not expected and are indeed not observed.  

Subsequent aging at 288°C for 72 h after annealing at 600°C for 45 min. resulted in 

growth of the incoherent spheroidal precipitates (from 42 ± 3 nm to 54 ± 5 nm diameter) 

formed during annealing, and precipitation of coherent precipitates (12.3 ± 0.6 nm 

diameter), similar in size to those observed upon aging of the as-rolled alloy (8.7 ± 0.8 

nm diameter). 

The goal of the aging treatments was to precipitate scandium and zirconium 

present in solid solution after rolling or annealing to increase the strength of the alloy.  

As is apparent, however, from the optical micrographs [Fig. 5.2 (b)], the aging treatments 

also resulted in precipitate networks at grain boundaries.  TEM examination of the grain 

boundaries revealed two types of grain boundary precipitates:  (i) large cuboidal Al6Mn 

precipitates (1 µm diameter); and (ii) small, Mn containing precipitates (100 nm 

diameter).  The large precipitates, which are present in all of the alloys we studied, are 

expected to form in 5754 alloys and are used for control of subgrain and grain structures 

during alloy processing [137].  The small Mn-containing precipitates result from the 

aging treatments and are not observed in the as-rolled and annealed alloys.  SEM 
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observations revealed decorated grain boundaries as shown in Fig. 5.2 (b), which consist 

of the Al6Mn phase mentioned above and a larger (3-26 µm in diameter) β-Al3Mg2 

phase.  The formation of a precipitate network along grain boundaries is expected to 

have a negative effect on the mechanical properties of the alloy, as discussed below. 

 
5.2.2 Mechanical Properties 

5.2.2.1 Microhardness 

Vickers microhardness measurements were used as an initial assessment of the 

effect of the different heat-treatments upon mechanical properties (Fig. 5.11).  The 

highest hardness was measured in the as-rolled material.  The lowest hardness was 

observed after the 45 min. anneal at 600°C, as expected since this treatment is effective 

in dissolving the fine precipitates (Fig. 5.5), recrystallizing the grain structure (Fig. 5.3), 

decreasing the dislocation density, and eliminating subgrains.  The increase in hardness 

of the alloys aged at 300°C or 288°C, after the 600°C annealing treatment, indicates that 

the fine Al3Sc1-XZrX precipitates make a large contribution to the strength of the alloy.  It 

is also noted that a 12°C difference (300°C versus 288°C) has a significant effect on the 

number density of precipitates formed, as observed by the differences in hardness and 

with TEM, and as previously reported by Hyland [2] and Marquis and Seidman [3] in 

other Al(Sc) alloys. 
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Figure 5.11: Hardness of modified 5754 alloy with indicated heat-treatments. 
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5.2.2.2 Tensile Properties 

The microstructures discussed above demonstrate that there are three 

contributions to strengthening.  First are the Al3Sc1-XZrX precipitates that exist in two 

different populations: large incoherent rods or spheroids, which provide Orowan 

strengthening, and small coherent spheroidal precipitates, which strengthen the alloy by 

the shearing or Orowan looping mechanisms.  The second contribution to strengthening 

is from both subgrain and grain boundaries, and the third contribution is from dislocation 

networks (forest dislocation hardening). 

The tensile properties of the unmodified 5754 alloy in the O-tempered state 

(343°C for 1 h.) and of the modified 5754 specimens with four different heat-treatments 

described above (as-rolled, aged at 288°C for 72 h., annealed at 600°C for 45 min., or a 

combination of the latter two treatments) are displayed in Fig. 5.12.  A comparison of the 

tensile properties with the hardness results indicates similar trends that can be correlated 

with the strengthening contributions as noted above.  The high strength of the as-rolled 

alloy stems from contributions from precipitates, a high density of grain and subgrain 

boundaries (due to extensive hot working and pinning by precipitates), and the presence 

of dislocation networks formed during hot-working.  Aging of the as-rolled alloy (288°C 

for 72 h.) leads to precipitation of the coherent fine Al3Sc1-XZrX precipitates, which 

increases the contribution of coherent precipitate strengthening.  Also, recrystallization 

has begun (Fig. 5.2), which decreases the contribution of grain structures to 

strengthening.  Furthermore, the aging time was sufficiently long to reduce the 
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Figure 5.12: Tensile properties of modified 5754 and baseline 5754-O alloys 

with indicated heat-treatments. 
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dislocation density present in the material.  Therefore, the diminution in tensile 

properties from the as-rolled to the aged state originates from a net decrease in all three 

contributions to strengthening. 

Annealing of the as-rolled alloy results in the dissolution of the fine Al3Sc1-XZrX 

precipitates (eliminating completely the coherent precipitate contribution) and a 

transformation of the rods into spheroids with smaller interprecipitate spacings, resulting 

in a modest increase of strengthening.  Grains have recrystallized (Fig. 5.3), while the 

subgrain and dislocation densities have been effectively eliminated, both of which 

contribute to a decrease in strengthening.  The net effect is a further decrease in strength, 

since the annealed alloy is the weakest of all the alloys studied.  Subsequent aging of the 

annealed alloy at 288°C for 72 h. leads to the formation of fine coherent Al3Sc1-XZrX 

precipitates and perhaps grain growth.  Thus, as seen in the improvement in tensile 

properties upon aging, the fine precipitate contribution to the strength of this alloy 

overcomes the strength decrease due to recrystallization and perhaps grain growth. 

An unexpected result was the reduction of ductility upon heat-treatment (Fig. 

5.12), since ductility generally increases when strength decreases.  This is evidence that 

embrittlement is occurring, which is a result of grain boundary precipitation.  

 

5.2.2.3 Fatigue Properties 

The fatigue behavior of modified 5754 specimens with three different heat-

treatments (as-rolled, 600°C for 45 min., or 600°C for 45 min. plus 288°C for 72 h.) are 
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Figure 5.13: A plot of the double logarithmic plot of strain amplitude versus 

number of cycles to failure for modified 5754 and unmodified 
5754-O alloys with indicated heat-treatments; arrows indicate 
samples that did not fracture. 
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compared with that of the 5754-O alloy in Fig. 5.13.  Fatigue resistance was the greatest 

for the as-rolled specimens and the lowest for the annealed specimens, with the annealed 

and aged specimens in an intermediate position.  As expected, the same ranking is 

observed in terms of static strength, which was justified previously in terms of 

strengthening mechanisms.  The fatigue life of the as-rolled alloy is 2 to 10 times longer 

than that of the control 5754-O alloy, the improvement increasing with decreasing strain 

amplitude. 

As shown in Fig. 5.11, all the heat-treatments of the modified 5754 alloy have a 

higher static strength than the 5754-O alloy.  However, the fatigue results in Fig. 5.13 

indicate that not all heat-treatments to the modified 5754 alloy are beneficial to fatigue 

resistance: the annealed modified alloy has a fatigue life 2 to 5 times lower than the 

control alloy.  Strain controlled fatigue is more sensitive to microstructural flaws (due to 

the localized effect of stress on the microstructure) than stress-controlled fatigue and 

static strength, which are affected by nominal stresses and strains [138].  Thus, strain-

controlled fatigue allows the separation of microstructural components that are effective 

in inhibiting fatigue and those that contribute to flaws.  In the case of the modified 5754 

alloys, strain-controlled fatigue can reveal local microstructural flaws that form as a 

result of heat-treatment of the as-rolled alloy.  The presence of these flaws is confirmed 

by the relatively high amount of scatter in the fatigue data presented in Fig. 5.13, 

especially for the annealed and aged specimens.  Fractography revealed that a majority of 

the failures were the result of cracks nucleating at, or near, large β-Al3Mg2 precipitates.  
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Figure 5.14: Backscattered electron SEM micrograph of the fracture surface of a 

fatigue tested modified 5754 alloy, which was annealed at 600°C 
for 45 min. and aged at 300°C 72 h. and tested at a strain amplitude 
of 4·10-3 after 6,669 cycles.  Circular region indicates the area of 
crack origin and the arrow denotes a β−Al3Mg2 precipitate, where 
crack was most likely nucleated. 
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An example of a crack nucleation region is shown in Fig. 5.14, where the crack 

origin (circled area) is clearly associated with a group of β-Al3Mg2 precipitates (arrow).  

The fatigue data scatter is minimal for the as-rolled alloy.  This indicates that attempting 

to improve the microstructure and grain-shape for easier mechanical processing of this 

material results in an alloy with localized flaws, which could enhance the nucleation of 

cracks; that is, at the surfaces of hard precipitates in a soft matrix, on voids present along 

grain boundaries, or along grain boundaries as a result of interconnecting grain boundary 

precipitates. 

On a microstructural basis, the high-cycle regime is most dependent on the 

strength of the matrix.  In the low-cycle regime, however, the material response is 

dependent on the ability of the material to withstand plastic deformation.  In the 

unmodified 5754 alloy, the matrix strength is dictated mainly by the Mg concentration 

and the grain and perhaps subgrain boundaries being pinned by the relatively coarse 

precipitates (at least 1 µm diameter).  Alternatively, in the modified alloys, Al3Sc1-XZrX 

precipitates further affect strength directly by interacting with dislocations, and 

indirectly, by affecting grain and subgrain size, thus explaining the strong effect of heat-

treatment upon fatigue behavior.  The relative effect of grain boundaries and fine 

precipitates is illustrated by comparing the annealed specimens to the more fatigue 

resistant, annealed and aged specimens.  The latter samples contain fine coherent Al3Sc1-

XZrX precipitates and have nearly a 2.6-fold larger grain size than the annealed samples, 

which have no fine precipitates.  Therefore, the positive effect of coherent Al3Sc1-XZrX 

precipitates in inhibiting fatigue more than compensates the negative effect due to the 
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increase in grain size, which is known to decrease fatigue resistance.  Overall, fine 

Al3Sc1-XZrX precipitates contribute more to fatigue resistance than does grain size.  

Subgrains, however, contribute more to fatigue resistance than the presence of fine 

Al3Sc1-XZrX precipitates. Therefore, the addition of Sc and Zr have both indirect and 

direct effects on the optimal fatigue strength of the as-rolled alloy. 

Cyclic hardening occurred in all of the alloys tested, regardless of heat-treatment.  

The initial stress response of each alloy is, however, proportional to the extent of 

strengthening in the alloys.  The high precipitate number density and small subgrain 

diameters observed in the as-rolled alloy resulted in a small amount of cyclic hardening, 

while the nearly obstacle-free structure of the annealed alloy exhibited a larger amount of 

cyclic hardening.  The existence of cyclic hardening can be attributed to the work-

hardening effects of obstacles, whereby dislocations are pinned and segments of mobile 

dislocations subsequently form dislocation pile-ups [139].  Cyclic hardening continues 

until the dislocation behavior is stabilized, at which time the alloys exhibit a constant 

stress response level until crack nucleation occurs.  Exceptions to this behavior are 

exhibited by Al-Li-Cu alloys [140], which soften cyclically after prolonged fatigue as a 

result of shearing of the ordered Al3Li (L12 structure) precipitates to such an extent that 

they no longer contribute to the inhibition of dislocation motion.  Such softening is not 

observed in the modified 5754 alloy studied here, indicating that the ordered Al3Sc1-XZrX 

precipitates (with the same L12 structure as Al3Li) are not sheared, thus maintaining a 

stable cyclic behavior throughout the fatigue life of the alloy.  The cyclic stress-strain 

responses of modified 5754 specimens with two different heat-treatments (as-rolled and 
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Figure 5.15: A plot of stress amplitude versus strain amplitude for modified 5754 and 

unmodified 5754-O alloys with indicated heat-treatments. 
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600°C for 45 min. plus 288°C for 72 h.) are compared with that of the control 5754-O 

alloy in Fig. 5.15, in which the stress amplitude is determined from the cyclic hysteresis 

loop recorded near the fatigue half-life of the specimen.  These curves demonstrate that 

the as-rolled alloy has the highest degree of hardening, while the 5754-O alloy has the 

lowest. 

 

5.3 Conclusions 

In this work, the evolution of microstructure and mechanical properties was 

studied as a function of heat-treatment in a Sc and Zr modified 5754 aluminum alloy, 

with a composition of Al- 3.8 Mg-0.31 Mn-0.138 Sc-0.065 Zr (in at %).   

• Two populations of Al3Sc1-XZrX precipitates were present: (i) large incoherent 

precipitates (in the form of rods and spheroids in the as-rolled plus aged alloy and rods in 

the as-rolled alloy; the rods break into spheroids in the annealed and annealed plus aged 

alloys); and (ii) fine coherent Al3Sc1-XZrX precipitates (observed in all but the annealed 

alloy).  Subgrain boundaries were present in the as-rolled and as-rolled plus aged alloys, 

but were eliminated upon annealing when recrystallization and perhaps grain growth 

occurred.  A side effect of the aging process is the production of two types of grain-

boundary precipitates, Al6Mn and β−Al3Mg2, which resulted in reduced fatigue 

resistance. 

• The tensile strength of the alloys was found to correlate with the evolution of the 

microstructure.  The highest measured tensile strength was for the as-rolled alloy, while 
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the lowest strength was for the annealed alloy, which was stronger than the Sc- and Zr-

free 5754-O alloy.   

• Fatigue resistance is the highest for the as-rolled alloy (with the highest static strength) 

due to the presence of fine Al3Sc1-XZrX precipitates and a high density of subgrains.  On 

the other hand, the lowest fatigue resistance is observed for the annealed alloy (with the 

lowest static strength), which has neither subgrains nor fine Al3Sc1-XZrX precipitates.  

Therefore, the order of importance for microstructural elements to inhibit fatigue is 

subgrain boundaries, precipitates, and grain boundaries. 

 



Chapter Six 

Summary 

The effect of Zr additions on the structure/property relationships of Al(Sc) alloys 

has been discussed utilizing experiments and correlations to known theories.  CTEM, 

HREM, and 3DAP were utilized to investigate the effect of Zr on the temporal evolution 

of Al3Sc precipitates.  Creep and ambient-temperature hardness measurements were 

performed to determine the effect of Zr on the mechanical properties of Al(Sc) alloys.  

Chapter 2 shows the chemical composition of the Al-0.09 Sc-0.047 Zr alloy to 

evolve as a function of aging time, as indicated by precipitate composition (Table 2.3) 

and partitioning ratios (atomic concentration in precipitate/ atomic concentration in 

matrix, Table 2.4).  The homogenization treatment was not effective in obtaining a 

homogenous distribution of solute atoms, as shown by the atomic binding energies.  The 

partitioning ratio for Sc was observed to not change significantly, but the Zr partitioning 

ratio increased with aging time (Table 2.4).  Aging at 300°C produced precipitates with 

clear segregation of Zr to the Al/ Al3Sc1-XZrX interface (Fig. 2.12), as quantified by the 

relative Gibbsian interfacial excess, ΓZr
Al  of ~1.4 atoms nm-2 (aging > 576 h., Table 2.4). 

Additions of Zr decreased the coarsening rate of precipitates in Al(Sc) alloys 

(Chapter 3), as a result of Zr decreasing the lattice parameter misfit and segregating to 

the Al/ Al3Sc1-XZrX heterophase interface.  Zirconium additions were noted to stabilize 

the precipitate morphology and produce smaller precipitates with a higher number 

density then binary Al(Sc) alloys.  Precipitate morphology was found to be dependent on 
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precipitate radius and volume fraction, and the morphology evolved from spheroids to 

cuboids to lobed cuboids. 

Calculations of the time exponents of coarsening (Chapters 2 and 3) determined 

that the experimental values were smaller than the expected values for diffusion-limited 

coarsening, which implies that the coarsening of Al(Sc,Zr) alloys, between 300 and 

375°C, may be within the transient coarsening regime.  Assuming a diffusion-limited 

mechanism, coarsening of the Al-0.07 Sc-0.019 Zr, Al-0.07 Sc-0.005 Zr, and Al-0.09 Sc-

0.047 Zr alloys is found to be controlled by volume diffusion of Zr in Al, while 

coarsening of the Al-0.14 Sc-0.012 Zr alloy is controlled by volume diffusion of Sc in 

Al. 

In addition, coarsening kinetics of the Al-0.09 Sc-0.047 Zr alloy (employing 

CTEM and 3DAP) are utilized to calculate a interfacial free energy of 56 mJ m-2 at 

300°C, a lower bounds for the interfacial free energy.  Segregation of Zr to the Al/ 

Al3Sc1-XZrX heterophase interface is found to decrease the interfacial free energy by 11 

mJ m-2, assuming the alloy is an ideal solution.  For all of the examined heat treatments, 

3DAP did not detect any precipitates with a Zr concentration above 1.5 at.% (Table 2.3); 

and TEM did not indicate the presence of a bimodal precipitate distribution.  Therefore, 

no precipitates of the Al3Zr1-xScx type are present in the alloys examined in this research, 

between 300 and 375°C. 

Zirconium additions were found to increase the strength (as measured by hardness) 

of Al(Sc) alloys when aged at temperatures ≥ 350°C for long times, up to 2358 h. for 

350°C and 384 h. for 375°C (Chapter 4).  This is a verification of the slow coarsening 
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kinetics of Al(Sc,Zr) alloys observed in Chapters 2 and 3.  Deformation at ambient 

temperatures is explained by classic precipitation-strengthening mechanisms, where a 

transition between precipitate shearing and Orowan looping occurs at <r> = 2-3 nm. 

Al(Sc,Zr) alloys crept at 300°C exhibit high stress exponents (27-50), which is indicative 

of a climb controlled threshold stress.  The threshold stress is shown to increase with 

average precipitate radius and precipitate volume fraction, in agreement with previous 

results in Al(Sc) alloys and a previous general climb model considering the interaction 

between dislocations and coherent misfitting precipitates.  Additions of Zr are shown to 

increase the usage time of Al(Sc) alloys above 300°C, but do not significantly increase 

the peak strength.  At ambient temperatures, the maximum alloy strength is reached at 

<r> ≈ 2-3 nm, while at elevated temperatures (300°C), the maximum alloy strength is 

reached at <r> ≈ 10 nm.  Therefore, the optimum <r> would depend on the usage 

temperature, and should be a compromise between these two values. 

Additions of Sc and Zr to a 5754 Al alloy (Al- 3.8 Mg-0.31 Mn-0.138 Sc-0.065 

Zr in at. %) increase the tensile strength of the alloys (in comparison to a 5754-O alloy), 

due to the presence of Al3Sc1-XZrX precipitates and grain- and subgrain boundaries 

(Chapter 5).  The fatigue resistance is the highest for the as-rolled alloy, while the lowest 

fatigue resistance is observed for the annealed alloy.  From these results, it was 

concluded that the order of importance for microstructural elements to inhibit fatigue is 

subgrain boundaries, precipitates, and grain boundaries.  Due to the temperatures 

required for annealing and aging of these alloys, two types of grain-boundary precipitates 

were formed, Al6Mn and β−Al3Mg2, which resulted in reduced fatigue resistance. 
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Chapter Seven 

Future Work 

This thesis has shown that ternary additions can change the temporal evolution of 

Al3Sc precipitates.  Continued investigation of the temporal evolution of Al(Sc) alloys 

should examine other ternary additions that would either decrease (Hf and Ti) or increase 

(Y) the lattice parameter misfit.  Equation (1.2) shows that the rate of precipitate 

coarsening decreases with a reduction in the interfacial free energy, a result of a smaller 

lattice parameter misfit, and the impurity diffusion coefficients in Al at 300°C are: 6.3 x 

10–24 m2 s-1 for Zr and 2.7 x 10-25 m2 s-1 for Ti [114]. Thus, ternary additions of Ti will 

decrease the coarsening rate of Al3Sc to a higher degree than was observed in this thesis.  

In contrast, increasing the lattice parameter misfit (Y), following the model presented in 

Chapter 4, would increase an alloy’s creep resistance. 

Examination of quaternary Al-Mg-Sc-Zr alloys would also be of interest.  These 

alloys would contain two contributions to alloy strength: Mg provides a solid-solution 

strengthening and Al3Sc1-XZrX precipitates provide precipitation strengthening.  The 

combination of these two strengthening contributions should increase the mechanical 

properties of the alloy, but it is unclear how Mg additions would effect the solute 

segregation, precipitate morphology, temporal evolution, and stability of Al3Sc1-XZrX 

precipitates at high temperatures. 
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Appendices 

Appendix A 

Alloy Production 

A.1 Cast Alloys 

Al(Sc,Zr) alloys were produced by a dilution casting of Al-1.2 at.% Sc and Al-5.0 

at.% Zr master alloys with 99.99 at.% pure Al in air.  Charges for casting were heated in 

a resistively heated furnace to 720°C, stirred to ensure complete mixing, and cast into a 

graphite mold.  To insure that all of the solute additions were added to the melt, the Al-

Sc and Al-Zr master alloys were wrapped in 99.99 at.% Al foil and added to the molten 

99.99 at.% Al.  Two graphite molds were used to produce ingots for this research.  The 

first mold was a hollow graphite cylinder with a capped bottom, which produced a 

cylindrical ingot (3 mm diameter x 8 mm high) that was sliced into four wedges to 

produce four creep samples.  The machining of each of the four wedges into creep 

specimens was time consuming and produced a considerable amount of ingot waste.  A 

second mold (shown open in Fig. A.1) was designed to minimize the amount of waste for 

machining and to maximize the solidification rate.  The reservoir on the top of the mold 

provided enough material for the microstructural investigations, while the four ingot bars 

were easily machined into creep specimens. 

To prevent early freezing of the melt during the casting process and to remove 

any water vapor, the mold was heated to 150°C for several hours.  The surface oxide 

layer on the casting charge was removed prior to casting to ensure proper flow of the 
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molten Al.  Alumina insulation was wrapped around the mold to encourage directional 

solidification of the melt, and the formation of coarse grains (0.7 ± 0.1 grains mm-2).  

The insulation forced most of the heat to be removed through the bottom of the mold by 

a large copper plate, producing a solidification rate of ~25°C s-1.  The solidification rate 

was determined from the average value of two thermocouples resting 2.5 cm from the 

bottom and 2.5 cm from the top of two neighboring channels in the mold.  A coating of 

boron nitride on the graphite mold prevented interactions of the aluminum ingot with the 

graphite mold.  All compositions were determined utilizing chemical mass emission 

analysis (Galbraith Laboratories, Knoxville, TN and Luvak, Boylston, MA) from 

samples located near the center of the ingot.  All ingot mass densities were measured to 

be 99.8 ± 0.1% of the theoretical density by Archimedes’ method and pycnometry. 

Heat treatments were performed in air in resistively heated furnaces, with sample 

temperatures determined by non-controlling thermocouples located near the sample.  

Homogenizations in the single-phase region were preformed for the ternary alloys at 

648°C for 72 h., and for the binary alloys at 640°C for 24 h.  After homogenization, 

samples were water quenched to 24°C and aged, within the two-phase region, at 300, 

320, 350, or 375°C for times between 0.03 to 2412 h. to produce Al3Sc1-XZrX 

precipitates.  To prevent precipitation from occurring during storage, the wire specimens 

for 3DAP microscopy were stored in liquid nitrogen between the homogenization and 

aging heat treatments. 
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Figure A.1: Photograph of the mold (opened) employed in the production of 

cast Al(Sc,Zr) alloys.  Arrows show the locations of the creep 
(Ingot bars for Creep Specimens) and microstructural specimens 
(Ingot Reservoir). 
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A.2 Modified 5754 Alloy 

The alloy was fabricated by Canmet (Ottawa, Ontario, Canada) in 6.3 mm thick 

sheets.  The following thermo-mechanical treatments were reported by the supplier.  The 

cast alloy was homogenized for one hour at 400°C, hot rolled on an MTL single-stand 

reversing mill operating at a roller speed of 45 rpm with a lubricant, using a series of 

reductions no greater than 24% per pass.  Anneals at 400°C were performed after every 

third pass to restore ductility, after which the alloy was air-cooled to ambient 

temperature.  Rolling was performed until a final reduction of 1030% was achieved.  

Sample directions are given as L for the long direction (the rolling direction), ST for the 

short transverse direction (the thickness of the plate), and LT for the long transverse (the 

width of the plate), see Fig.A.2. 

The as-rolled sheet was subjected to one of five heat-treatments: (1) aging at 

288°C for 72 h.; (2) aging at 300°C for 72 h.; (3) annealing at 600°C for 45 min.; or (4 

and 5) a combination of the previous annealing treatment and one of the two above aging 

treatments.  All heat-treatments were terminated by quenching the samples into ice 

water. 
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Figure A.2: Schematic showing the orientation of the modified 5754 Al alloy. 
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Appendix B 

Sample preparation 

B.1 Transmission Electron Microscopy Samples 

Production of TEM samples began with 1 x 1 x 0.1 cm3 pieces of Al(Sc,Zr) 

alloys, which had been heat treated according to the procedure described in Appendix 

A.1.  Upon the completion of the heat-treatment, 120-200 µm thick foils were produced 

by mechanical thinning, and 3 mm diameter discs were punched from the foils to form 

the TEM specimens.  This procedure was designed to minimize the amount of 

deformation induced prior to the heat treatment, which minimized the number of 

precipitates nucleated heterogeneously on dislocations.  The 3 mm diameter discs were 

jet-electropolished (utilizing a Struers Tenupole-5) employing a solution of 5 vol.% 

perchloric acid in methanol at -30°C.  Jet-electropolishing could be performed at ≤ -

15°C, but above this temperature, as the sample quality was poor.  For the 5754 alloy, 

TEM specimens were cut with their foil normals perpendicular to the rolling direction, 

mechanically thinned to 150 microns, and then jet-electropolished as stated above.  The 

early stages of this research utilized an alternative electrolyte (33 vol.% nitric acid in 

methanol at -30°C), which produced inconsistent TEM samples. 

CTEM was performed utilizing Hitachi-H8100 (Northwestern University) or 

JEOL 2000 FX (Ford Motor Co.) microscopes operating at 200 kV.  Imaging of TEM 

samples was performed with the samples oriented along the [100] or [110] directions, 

utilizing two-beam diffraction conditions.  Dark-field images of the Al3Sc1-XZrX 
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precipitates were formed using 100 superlattice reflections.  Foil thicknesses were 

determined by a combination of the convergent two-beam electron diffraction (CBED) 

and thickness-extinction contour fringe methods.  Identification of other phases in the 

modified 5754 alloy (Al6Mn and β−Al3Mg2) was performed by a combination of energy 

dispersive x-ray spectroscopy (EDS) and selected area electron diffraction patterns. 

HREM was conducted utilizing a JEOL 4000 EXII (at Argonne National 

Laboratories) operating at 200 kV.  HREM samples were oriented along the [100] zone 

axis and precipitates were imaged with an aperture around the incident beam and the 

eight lowest order superlattice reflections. This technique results in the imaging of the 

lattice planes in the Al3Sc1-XZrX precipitates but not in the Al matrix, thereby yielding 

distinct Al/ Al3Sc1-XZrX heterophase interfaces. 

 

B.2 Three-Dimensional Atom-Probe Microscopy Samples 

Wires for 3DAP were produced from a 1 x 1 x 1 cm3 piece of Al-0.09 Sc-0.047 

Zr, which was cold rolled into a 1 mm diameter rod.  The rod was then drawn through 

swaging dies of decreasing size to produce a wire with a final diameter of 250 µm.  

Wires were then cut into 5 cm lengths and heat treated according to the procedure in 

Appendix A.1.  After the heat treatments, 3DAP blanks were electropolished in two 

electrolytes at room temperature, to yield the sharp needle geometry necessary for 3DAP.  

First, a solution of nitric acid with a few drops of water was utilized to form a needle and 

a neck.  Formation of the needle occurred by a “tip-flip” procedure where the 250 µm 

diameter blank was held by a pair of tweezers and briefly polished at 9 V dc.  The 
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polished end was then crimped into a Ni tube, and held in tweezers while the unpolished 

end was electropolished at 9 V dc, thus flipping the tip.  This procedure was necessary 

due to the thickness of the blank, and would not have been necessary if the blank was ≤ 

100 µm diameter.  Formation of a neck in the center of the needle occurred by loop-

polishing the needle in a droplet of the nitric acid-based electrolyte at 3 V dc.  Loop 

polishing is accomplished by holding an electrolyte in a wire loop (Pd loop in this case) 

by the surface tension of the liquid.  3DAP samples are then formed from the necked 

sample by polishing at 1 V dc in a solution of 2 vol.% perchloric acid in beautoxy 

ethanol.  In the final polishing stage, the necked needle is polished until the weight of the 

lower half of the specimen is too great to be supported by the neck.  Polishing is stopped 

as soon as the bottom detaches, thus forming an 3DAP tip. 

Development of the samples within the 3DAP vacuum chamber occurred at 65 K 

in an atmosphere of 1 x 10-5 torr Ar.  In this environment, the tip voltage was slowly 

increased to remove the oxide layer.  With the oxide layer removed, the tip development 

is continued by the slow evaporation of ions from the tip surface until a full FIM image 

was observed, which signaled the completion of tip development.  The Ar gas was then 

removed from the vacuum chamber and the sample temperature was increased to 100 K 

to remove any residual gases within the chamber.  When the chamber pressure 

equilibrated the sample was cooled to the analysis temperature, 30 K.  Imaging of the tip, 

at the analysis temperature, was performed in an atmosphere of 1 x 10-5 torr Ne and/or 

He.  3DAP analyses were performed in a background vacuum of 10-9 torr, a pulse 
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fraction (pulse voltage divided by steady-state dc voltage on the tip) of 18-20%, a pulse 

frequency of 1,500 Hz, and a detection rate (ions per pulse) between 0.006 and 0.03 

 

B.3 Optical Microscopy and Microhardness Samples 

Samples for optical microscopy, SEM, and hardness measurements were cold 

mounted.  The modified 5754 alloy was mounted such that the L or ST direction was 

parallel to the observed plane.  Polishing of samples was performed with SiC paper and 

alumina slurries to obtain a surface finish of 0.03 µm.  Polished samples were etched 

with Keller's solution (3 vol.% hydrofluoric acid and 2 vol.% nitric acid in water) or 

electrolytically etched with Barker's solution (5 vol.% fluoroboric acid in water) and 

observed under cross-polarized light.  These samples were also examined with a 

scanning electron microscope (SEM), operating at 12 kV, to identify large precipitates. 

Vickers microhardness measurements were performed on 1 x 1 x 0.3 cm3 samples 

from each alloy, which were aged simultaneously to ensure consistent results.  A 

minimum of twenty hardness measurements were performed on each sample, and their 

statistical scatter determined the measurement error. 

 

B.4 Mechanical Property Samples 

Creep specimens were machined from heat-treated (homogenized at 648°C for 72 

h. and aged at 300°C for 72 h.) ingots into dog-bone tensile bars with a gauge length of 

18 mm and a gauge radius of 2 mm.  Prior to testing, creep specimens were re-

homogenized and aged (according to the schedule in Table 4.2) to eliminate any 
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undesired microstructural elements that formed during the machining process.  Tensile 

creep testing was performed in accordance with ASTM #E-139 specifications.  

Specimens were tested at 300˚C employing constant loads (10-35 MPa) in air in a three-

zone resistively heated furnace, with a temperature stability of ±1˚C after an 85 min. 

soak at the test temperature.  The specimen displacement was recorded through a linear 

voltage displacement transducer (2.5 µm resolution) connected to an extensometer, 

which was attached to the gauge length.  During creep tests, the strain and strain rate 

were continuously monitored.  At any given stress value, sufficient time was allowed to 

establish a minimum creep rate.  After the minimum creep rate was found, the load was 

changed (in most cases to a higher value) and the primary and secondary creep rates 

were again measured at the new stress value.  The range of stresses (10-35 MPa) and 

strain rates (2 x 10-9 to 1 x 10-4 s-1) was selected to ensure that creep deformation 

occurred by dislocation glide and climb (power-law creep regime). 

Tensile and fatigue testing of the modified 5754 alloy was performed at room 

temperature with the loading axis parallel to the rolling direction (L). Electro-discharge 

machining (EDM) was used to create tensile samples with a gauge length of 84.2 mm, a 

width of 12.8 mm, and a thickness of 6.3 mm.  Two samples for each heat-treatment 

were tested using an extensometer, in accordance with ASTM #E-8 specifications.  Flat-

sheet fatigue specimens with a minimum rectangular cross-section of 6.3 mm by 6.3 mm 

were cut by EDM and were tested with an extensometer in accordance with ASTM #E-

606 specifications.  Fatigue tests were performed with a closed loop, servo-hydraulic 

testing machine.  Samples were tested with fully reversed (R = -1), constant strain cycles, 
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which employed sinusoidal wave-forms at a frequency of 0.1-10 Hz, depending on the 

strain amplitude. 



Appendix C 

Data Analysis 

C.1 Three-dimensional Atom-Probe Data Analysis 

Small volumes of the alloy are reconstructed from 3DAP data employing ADAM 

1.5, a visualization and analytical software developed at Northwestern University [141]. 

Employing ADAM 1.5, reconstructed data is scaled laterally assuming a 60 % detection 

efficiency for the average atomic density of the matrix (60 atoms nm-3 for Al), while 

depth scaling is performed according to the interplanar atomic spacing for known 

crystallographic directions.  To determine the error in concentration, standard counting 

statistics were utilized to find the standard deviation, σ: 

σ =
Ci 1− Ci( )

Natoms
;    (C.1) 

where Ci is the measured atomic concentration of species i and Natoms is the total number 

of atoms within each bin.  

A proximity histogram (or proxigram for short [93, 141, 142]) is constructed to 

calculate atomic concentrations relative to a defined isoconcentration surface, in three-

dimensional reconstructions of 3DAP microscope data.  The proxigram is a profile of 

local atomic concentrations as a function of proximity to an isoconcentration surface, 

which can be calculated for any complex topological shape.  In this Thesis, an 

isoconcentration surface with a threshold value of 18 at.% Sc is utilized to define the 

location of all matrix/ precipitate interfaces for each aging treatment.  With the interfaces 

174 
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defined, the atomic concentration of each atomic species is calculated as a function of 

distance from the interface, for all of the interfaces present in the analysis volume in 

parallel.  Proxigrams, therefore, produce spatially averaged concentration profiles that 

are independent of an isoconcentration surface’s topological shape [93]. 

A correction was performed to account for the background noise in the mass 

spectra of 3DAP analyses.  First, the relative amount of noise contained within the width 

of each solute element peak of the mass spectrum was determined by calculating the ratio 

of the counts contained within each solute atom peak to the counts associated with the 

background level.  A percentage of noise for each solute element within the matrix and 

precipitate phases is then determined from the peak-to-background ratio.  The corrected 

solute concentration is then calculated by multiplying the solute concentration by 1 

minus the percentage of noise for each solute element; e.g., for the 18% isoconcentration 

surface, (18% Sc)(1 - 0.33) = 12% Sc. 

 

C.2 Transmission Electron Microscopy Data Analysis 

 All quantitative microscopy calculations were performed on superlattice dark-

field TEM images with known foil thicknesses.  Images were obtained from a minimum 

of three different areas of the TEM sample to eliminate any local variation in 

composition.  Images utilized for analysis were scanned at a resolution of 1600 to 2000 

dpi.  Adobe Photoshop was utilized to crop images and to highlight the precipitates, 

which was accomplished by placing a layer over the image, and tracing the outline of 

each precipitate.  When all of the precipitates had been traced, the original picture was 
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deleted and a clean trace of each precipitate remained, which was saved as a tiff file.  

From the clean picture, NIH Image determined the dimensions (precipitate area, 

perimeter length, major axis length, and minor axis length) of each precipitate.  The 

resulting measurements were then copied into Microsoft Excel for final data analysis. 

To ensure accurate statistics, a minimum of 400 precipitates were used for each 

coarsening data point.  For all morphologies, the dimensions of precipitates were 

calculated by determining the diameter of an area-equivalent circle, which yielded an 

effective diameter [38]. Determination of precipitate number densities employed Kelly’s 

procedure [107] for projected precipitates without overlap or truncation effects (ideal 

thin film), as shown below. 

 The average precipitate radius was determined from direct measurements of the 

TEM images, i.e. no stereological corrections are included in the determination of <r>, 

according to the assumption of an ideal thin film (which is accurate in this study due to 

small <r> and VV of precipitates).  The projected areal fraction, precipitate volume 

fraction, and precipitate number density were calculated utilizing the values of <r>.  

Projected areal fraction, A’, was obtained for each image by dividing the sum of the 

areas of each precipitate by the area of the entire image.  VV was calculated with the 

relation [107]: 

VV =
4
3

⎛ 
⎝ ⎜ 

⎞ 
⎠ ⎟ 

r ′ A 
H

⎛ 
⎝ 
⎜ 

⎞ 
⎠ 
⎟ ,    (C.2)  

while NV was calculate with the relation [107]: 
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NV =
′ N A

H
;     (C.3) 

where NA’ is the projected precipitate area density determined by dividing the total 

number of precipitates by the image area.   

Both Equations (C.2 and C.3) include a foil thickness term (H), which can only 

be accurately calculated to 1/4 of a thickness-extinction contour fringe.  Therefore, the 

best calculation of VV and NV has an inherent error of 25-30%.  

The error in <r> is determined from the sum of the error in the calculation of the 

precipitate radius with NIH Image (estimated to be 4%) plus the standard deviation of the 

mean precipitate diameter (σsd) as given by: 

σsd = σ d N −1 2 ;    (C.4) 

where σd is the width of the precipitate radius distribution and N is the number of 

precipitates measured. 

 

C.3 Calculation of g  for nearest-neighbor dimers i − j
b

Table C.1 contains the nearest-neighbor coordination numbers, ξnn, and distances 

that were employed in the calculation of Equation (2.4), shown in Table 2.5, and Fig. 

2.11.  Calculation of Ci-j follows a procedure describe by reference [143], where a 

computer program determines the average concentration of i-j atom pairs <Ci-j (r/rnn)> in 

nearest neighbor shells (r/rnn) centered on an atom of type i: 
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( )
( )

( )

total

iall
nnj

nnji N

rrN
rrC

∑
=− ;   (C.5) 

where Ntotal is the total number of atoms in the evaluated data set and Nj is the number of 

j atoms residing in nearest neighbor shells centered on each atom of type i.  The size of 

the nearest-neighbor shell is determined as the midpoint distance between two 

consecutive shells, i.e. the end of shell one occurred at the midpoint distance between 

shells one and two.  The g  was calculated utilizing Equation (2.4) and the matrix 

concentration of the evaluated data set for Ci and Cj.  To eliminate double counting of 

like atom dimers, a factor of 0.5 is included in the pre-exponential factor of Equation 

(2.4) when i = j. 

i − j
b
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Table C.1 Nearest-neighbor, nn, coordination numbers, ξnn, and distances employed 

in the calculation of Fig. 2.11 and Table 2.5. 

Nearest-neighbor Coordination 
number, ξnn

nn distance† 

1 12 ao 21/2 2-1 
2 6 ao
3 24 ao  (3/2)1/2 
4 12 ao 21/2 
5 24 ao  (5/2)1/2 
6 8 ao 31/2 
7 48 ao  (7/2)1/2 
8 6 2 ao

† Where ao is the lattice parameter of Al. 


