This article appeared in a journal published by Elsevier. The attached
copy is furnished to the author for internal non-commercial research
and education use, including for instruction at the authors institution
and sharing with colleagues.
Other uses, including reproduction and distribution, or selling or
licensing copies, or posting to personal, institutional or third party
websites are prohibited.
In most cases authors are permitted to post their version of the
article (e.g. in Word or Tex form) to their personal website or
institutional repository. Authors requiring further information
regarding Elsevier’s archiving and manuscript policies are
encouraged to visit:
http://www.elsevier.com/copyright

Author's personal copy

Available online at www.sciencedirect.com

Acta Materialia 59 (2011) 1700–1715
www.elsevier.com/locate/actamat

Eﬀects of Li additions on precipitation-strengthened Al–Sc and
Al–Sc–Yb alloys
M.E. Krug a, D.C. Dunand a, D.N. Seidman a,b,⇑
a
b

Department of Materials Science and Engineering, Northwestern University, 2220 Campus Drive, Evanston, IL 60208, USA
Northwestern University Center for Atom-Probe Tomography (NUCAPT), 2220 Campus Drive, Evanston, IL 60208, USA
Received 15 October 2010; received in revised form 11 November 2010; accepted 15 November 2010
Available online 17 December 2010

Abstract
Two Al–Sc-based alloys (Al–0.12Sc and Al–0.042Sc–0.009Yb, at.%) and their counterparts with Li additions (Al–2.9Li–0.11Sc and
Al–5.53Li–0.048Sc–0.009Yb, at.%) are aged at 325 °C. For both base alloys, the addition of Li results in greater peak hardness from
incorporation of Li in the L12-structured a0 -Al3(Sc,Li) and a0 -Al3(Sc,Li,Yb) precipitates, and a concomitant increase in number density
and volume fraction of the precipitates and a reduction in their mean radius. These changes result from a combination of: (i) an increase
in the driving force for precipitate nucleation due to Li; (ii) a decrease in the elastic energy of the coherent misﬁtting precipitates from a
decrease in their lattice parameter mismatch due to their Li content; and (iii) a decrease in the interfacial free energy, as determined from
measurements of the relative Gibbsian interfacial excess of Li. In Al–2.9Li–0.11Sc (at.%), the Li concentration of the precipitates
decreases from 9.1 at.% in the peak-aged state (8 h) to 5.7 at.% in the over-aged state (1536 h). As a result, the precipitate volume fraction
decreases from 0.56% at peak aging time to 0.45% at 1536 h. In Al–5.53Li–0.048Sc–0.009Yb (at.%), the relatively limited Li concentration produces only a small increase in Vickers microhardness from precipitation of metastable d0 -Al3Li upon a second aging at 170 °C
following the primary aging at 325 °C.
Ó 2010 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Aluminum alloys containing dilute additions of Sc and
rare-earth (RE) elements are of interest for structural applications, where high-strength at ambient and elevated temperature is important [1,2]. On a per-atom basis Sc oﬀers
the greatest improvement of all strengthening alloying
additions to Al [3], owing to the precipitation of a high
number density of spheroidal nanometer–diameter L12structured Al3Sc precipitates, which are coherent with the
a-Al matrix [2,4–8].
Additions of RE elements reduce the cost of binary
Al–Sc-based alloys [9] by replacing more-expensive Sc on
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its sublattice in Al3Sc [10–14] and thereby improving
the creep resistance [14,15], without compromising the
ambient-temperature strength of the age-hardened alloys
[16,17]. Additions of transition elements Ti and Zr, which
also substitute for Sc, have also been made to Al–Sc alloys,
improving their coarsening resistance [18–24]. While Zr segregates strongly at the a-Al matrix/precipitate interface
[20,22], RE elements partition to the precipitate cores, yielding a RE-rich core and a Sc-rich shell [16,17]. Additions of
Mg [25–31] and Li [32–37] have also been made to binary
Al–Sc alloys. While both Li and Mg additions provide
solid-solution strengthening, only Li partitions signiﬁcantly
to the precipitate phase formed during aging at temperatures
near 300 °C, resulting in a0 -Al3(Sc,Li) precipitates [36–38].
Two quaternary Al–Li–Sc–X alloys were also investigated previously: Al–6.30Li–0.36Sc–0.13Zr [39] and
Al–6.3Li–0.07Sc–0.02Yb [40,41] (here and in the following,
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all concentrations are in atomic per cent, unless otherwise
indicated). For Al–6.30Li–0.36Sc–0.13Zr [39], a two-step
heat treatment was applied: (i) aging at 450 °C produced
Sc-rich a0 -Al3(Sc,Li) precipitates with Zr segregated at the
precipitate/matrix interface; and (ii) further aging at
190 °C resulted in precipitation of an Al0.8Li0.2 shell upon
the Sc-rich precipitates, forming a core/shell precipitate.
For Al–6.3Li–0.07Sc–0.02Yb [40,41], a two-step heat treatment was also applied: (i) aging at 325 °C produced a ﬁrst
microhardness increase due to core/shell a0 -Al3(Sc,Li,Yb)
precipitates with a Yb-rich core and a Sc-rich shell (a high
and uniform concentration of Li was present in both core
and shell); and (ii) further aging at 170 °C resulted in precipitation of a Li-rich shell (with approximate Al3Li composition) on some of the Sc- and Yb-rich precipitates,
resulting in a second population of precipitates with a
core/double-shell structure, and a further large increase
in microhardness [40,41]. Owing to Li-incorporation in
the a0 -Al3(Sc,Li,Yb) precipitates formed at 325 °C, the precipitate volume fraction was increased to 0.33%, from
0.25% achievable in the same alloy without Li. Also, for
isothermal aging at 325 °C a plateau in the peak microhardness was measured, which resisted over-aging to 336 h
[40,41], while a similar Li-free alloy began to over-age after
only 100 h of isothermal aging at 300 °C [16]. Li additions,
therefore, promote resistance to over-aging.
The present work builds on previous ﬁndings [40,41] by
investigating quantitatively the eﬀect of Li additions on an
Al–Sc and an Al–Sc–Yb alloy: ﬁrst, how a Li addition aﬀects
the strengthening behavior and resistance to over-aging of
isothermally aged Al–Sc(–Yb) alloys; second, the eﬀect of
a Li-addition on the physical characteristics (number
density, average radius and volume fraction) and chemical
compositions of a0 -Al3(Sc,Li(,Yb)) precipitates in peak-aged
Al–Li–Sc(–Yb); third, the time evolution of a0 -Al3(Sc,Li)
precipitates during isothermal aging of Al–Li–Sc; and,
ﬁnally, the issue of how to optimize the strength of an
Al–Li–Sc–Yb alloy for ambient-temperature strength
through double-aging [40,41], while also maintaining creep
and coarsening resistance at elevated-temperatures. This
entails reducing the solute concentrations from those in
Ref. [40,41], to avoid grain-reﬁning primary precipitates,
while still retaining a signiﬁcant strengthening eﬀect due to
both a0 -Al3(Sc,Li,Yb) and metastable d0 -Al3Li precipitates.
2. Experimental
Two Al–Sc-based alloys with measured compositions of
Al–0.12Sc and Al–0.042Sc–0.0088Yb (at.%) and their
counterparts with Li additions (measured compositions:
Al–2.9Li–0.11Sc and Al–5.53Li–0.048Sc–0.0092Yb, at.%)
were studied; they are hereafter denoted by Al–Sc and
Al–Sc–Yb, and Al–Li–Sc and Al–Li–Sc–Yb, respectively.
All four alloys contained silicon at levels typical of commercially cast alloys (0.01–0.02 at.%). The two Li-containing alloys were cast by heating 99.999% pure Al to 800 °C
in an induction furnace under an Ar-overpressure of 3 atm.
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Small pieces of Al–0.82 at.% Sc and Al–3.7 at.% Yb master
alloys prepared by arc-melting of pure elements, and 99.9%
pure Li were added to the melt, which was stirred inductively. The melt was then cast into a SiC crucible, resulting
in a billet 4.5 cm in diameter and 17 cm long. For these
Li-containing alloys, the SiC crucible material introduced a
measurable concentration of Si into the melt (Table 1). The
two Li-free alloys were cast by heating 99.999% pure Al to
750 °C in a zirconia-coated alumina crucible, placed in a
resistively heated furnace in an atmosphere of air. Pieces
from the same Al–Sc and Al–Yb master alloys and from
an Al–12.3 at.% Si master alloy (prepared by arc-melting)
were added to the melt. In the Li-free alloys, Si was intentionally added to the melt to ensure that its concentration
was similar to their Li-containing counterparts. The melt
was stirred mechanically before casting into a graphite
mold, which was placed on an ice-chilled copper platen
to encourage directional solidiﬁcation. The casting consisted of four cylinders, 1 cm in diameter and 10 cm long.
Chemical compositions of arc-melted master alloys and
homogenized ﬁnal alloys were measured by direct-current
plasma mass-spectroscopy (DCP-MS) by ATI Wah Chang.
In some cases, the compositions of the homogenized ﬁnal
alloys were veriﬁed by Exova using DCP-MS.
The cast alloy billets were homogenized at 640 °C for
24 h under an atmosphere of air or ﬂowing Ar (for the
Li-free and Li-containing alloys, respectively), and
quenched into ambient temperature water. The billets were
then cut into 10  10  4 mm3 specimens, which were
homogenized for 20 min as described above, and then
quenched into iced brine at a temperature of 12 °C. These
specimens were either aged immediately or stored in liquid
nitrogen to avoid ambient-temperature aging.
The two Li-bearing alloys were aged isochronally to
determine an appropriate aging temperature for isothermal
aging studies. The specimens were placed in a furnace in a
ﬂowing Ar atmosphere, and the temperature was increased
hourly in increments of 25 °C, from 100 to 450 °C. For
example, a specimen whose last isochronal aging temperature was at 125 °C was homogenized, quenched, aged at
100 °C for 1 h, aged for 125 °C for 1 h, then quenched in
to iced brine at 12 °C. Subsequently, isothermal aging heat
treatments were performed on another series of homogenized specimens, which were aged in ﬂowing Ar at 325 °C,
for time increments between 10 s and 64 days. Aging treatments of 20 min and shorter were performed in a molten
saltbath (NaNO2–NaNO3–KNO3). For both isochronal
and isothermal treatments, the aged specimens were
mounted in cold-curing epoxy (maximum curing temperature 27 °C) before being ground and polished to a 1 lm surface ﬁnish. At least 1 mm was ground from the surface at
which hardness was measured, to remove the Li-depleted
surface layer produced during heat treatment. Vickers
microhardness (HV) measurements were performed at
ambient temperature using a 200 g load applied for 5 s. At
least 10 indentations per specimen were made including several grains, and all measurements are reported with two
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Table 1
Composition of four Al(–Li)–Sc (–Yb) alloys, as determined by DCP-MS and by LEAP tomographic spectrometry.a
Alloy

Technique

Li (at.%)

Sc (at.ppm)

Si (at.ppm)

Yb (at.ppm)

Al–Sc

DCP-MS
LEAP
DCP-MS
LEAP
DCP-MS
LEAP
DCP-MS
LEAP

–

1240 ± 30
1450 ± 18
1060 ± 73
1138 ± 13
423 ± 5
412 ± 7
480 ± 10
510 ± 10

130 ± 10
52 ± 5
180 ± 11
56 ± 4
130 ± 3
118 ± 3
116 ± 5
76 ± 4

–

Al–Li–Sc
Al–Sc–Yb
Al–Li–Sc–Yb
a

2.9 ± 0.1
2.614 ± 0.006
–
5.53 ± 0.05
5.612 ± 0.009

–
88 ± 1
60 ± 12
92 ± 2
76 ± 5

Uncertainty corresponds to two standard deviations from the mean.

standard deviations (SD), such that the reported values are
HV ± 2SD. Electrical conductivity was measured at ambient temperature on the same specimens using an eddy-current instrument (Sigmatest 2.069, Foerster Instruments
Inc.) at operating frequencies of 120, 240, 480 and 960 kHz.
A Cameca (formerly Imago Scientiﬁc Instruments)
local-electrode atom-probe (LEAP) 4000X-Si tomograph
was employed for studying the alloys at the sub-nanometer
scale [42–45]. LEAP tomographic specimens were prepared
from the aged specimens by ﬁrst cutting square parallelepipeds, 0.4  0.4  10 mm3, which were electropolished at 8–
24 VDC, using an electrolyte of 10% perchloric acid in acetic acid, followed by a ﬁnal electropolish in 2% perchloric
acid in butoxyethanol. UV (355 nm) laser light was pulsed
at a repetition rate of 500 kHz and at 0.075 nJ pulse1, to
evaporate individual atoms. The specimen temperature
was maintained at 35 K, and steady-state DC voltages
between 3.5 and 9 kV were applied. Analysis of LEAP data
was performed on 3-dimensional (3-D) reconstructions of
the specimens using IVAS version 3.4.1 (Cameca). The
z-dimension (specimen axis) of each reconstructed data
set was calibrated by matching interplanar distances in
the reconstruction against their literature values at lowindex poles. The x- and y- dimensions (perpendicular to
the specimen axis) were calibrated by ensuring that the
atomic density of each reconstruction matched the literature value for pure Al. For both calibrations, agreement
with the literature values was met to within 5%.
Aged alloys were studied by transmission electron microscopy (TEM), using a Hitachi 8100 microscope at 200 kV.
Wafers 150–200 lm thick were cut from aged material using
a low-speed diamond saw, and 3-mm-diameter disks were
punched from the wafers, which were thinned using a
Struers Tenupol 5 electropolisher, with a one part nitric acid
to two parts methanol electrolyte. The operating temperature and voltage were 35 °C (dry ice in methanol) and
20 VDC.

nized and quenched specimens, are reported in Table 1.
Optical and scanning electron microscopy revealed large
grains (1–5 mm), and no large primary precipitates were
detected. Hence, the solute concentrations measured for
the bulk specimens by DCP-MS are expected to be representative of the composition of the matrix as measured
by LEAP tomography. There is relatively good agreement
between the two measuring techniques, except sometimes
in the case of Si and Yb, for which smaller concentrations
are measured by LEAP tomography compared with DCPMS. For Si, this is partly due to an artifact in the spatial
detection of Si atoms, which segregate at low-index crystallographic poles (Section 3.4 and Fig. 1). This phenomenon
is due to surface migration of the Si solute atoms on the tip
during pulsed evaporation, and their preferential retention
with respect to Al solute atoms until the atomic terraces
evaporate completely. This eﬀect, which is due not to thermally activated diﬀusion, but rather to species-to-species
diﬀerences in evaporation ﬁelds, has been observed by
ﬁeld-ion microscope imaging of a binary Fe–Si alloy [46].
For Si and Yb, an incorrect detected concentration of solute by LEAP tomography is related to diﬃculties in making quantitative measurements from the mass spectra for
these dilute solutes. For the LEAP tomography operating
conditions employed, Si evaporates mainly as 28Si2+, whose
peak in a mass spectrum can lie in the decay tail of the

3. Results
3.1. Chemical composition
The chemical compositions of the four alloys, as measured by DCP-MS and by LEAP tomography on homoge-

Fig. 1. Three-dimensional LEAP tomographic reconstructions of Al–Sc–
Yb aged for 2 h at 325 °C. Only Sc atoms are shown in the left-most
reconstruction, only Si atoms are shown in the center, and only Yb atoms
are shown at the right.
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(a)

(b)

Fig. 2. Mass spectra for (a) Al–Li–Sc aged 8 h at 325 °C and (b) Al–Sc–
Yb aged 2 h at 325 °C. In (a) the 28Si2+ and 29Si2+ peaks lie in the tail of
the 27Al2+ peak (30Si2+ peak is not resolved). In (b) the main Yb peaks are
resolved, but the S/N ratio is low (3–4).
27

2+

Al peak (as illustrated in Fig. 2a for Al–Li–Sc), reducing the accuracy of the concentration measurement. For
Yb at 90 at.ppm, quantitative concentration measurements are diﬃcult because four Yb isotopes (171–174) have
signiﬁcant natural abundances. Hence, the signal-to-noise
(S/N) ratio for the peaks due to each Yb isotope is small,
at 3–4 (Fig. 2b).
3.2. Isochronal aging
The Vickers microhardness values are displayed in
Fig. 3a as a function of the last aging temperature for the
two Li-bearing alloys. At ﬁnal aging temperatures
<200 °C, microhardness for both alloys is unchanged from
the unaged value, indicating an incubation stage. The average microhardness value of Al–Li–Sc in this incubation
stage is 270 ± 16 MPa, while for Al–Li–Sc–Yb it is
338 ± 56 MPa, as expected from solid-solution strengthening by Li (homogenized Al–Sc–RE alloys without Li additions typically exhibit microhardness values of 220 MPa).
Al–Li–Sc reaches a peak microhardness value of
780 ± 30 MPa at a ﬁnal aging temperature of 325 °C,
whereas Al–Li–Sc–Yb reaches a peak microhardness value
of 670 ± 50 MPa at a ﬁnal aging temperature of 350 °C.
For higher ﬁnal aging temperatures the microhardness values of both alloys decrease, but even at the highest mea-

(a)

(b)

Fig. 3. (a) Vickers microhardness vs. ﬁnal aging temperature for isochronally aged Al–Li–Sc and Al–Li–Sc–Yb. Aging temperatures are in
increments of 25 °C for a dwell time of 1 h. Error bars correspond to
2SD (i.e., error range is 4SD).

sured temperature of 450 °C, they remain higher than the
as-homogenized and quenched values. Because the maxima
in microhardness occur at 325 and 350 °C for Al–Li–Sc and
for Al–Li–Sc–Yb, respectively, the former temperature was
chosen for isothermal aging studies of all alloys, to obtain
the maximum precipitation hardening eﬀect at a reasonable
timescale, while avoiding rapid coarsening or dissolution of
a0 -Al3(Sc,Li,Yb) precipitates responsible for the drop in
microhardness.The electrical conductivities of the two Libearing alloys are displayed in Fig. 3b. For temperatures
up to 200 °C, the conductivities of Al–Li–Sc and Al–Li–
Sc–Yb remain unchanged from the as-homogenized and
quenched values. The initial conductivity values of Al–
Li–Sc are greater than those of Al–Li–Sc–Yb, due to the
larger concentration of Li in solid solution in the latter
alloy. A decrease in conductivity occurs at 225 °C for Al–
Li–Sc and at 275 °C for Al–Li–Sc–Yb. For both alloys, this
corresponds to the ﬁrst temperature at which the microhardness increases above the measurement uncertainty from
the as-quenched value, indicating that it is related to the
onset of a nucleation or precipitation event. The conductivity of Al–Li–Sc increases from 17.9 ± 0.1 MS m1 to
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19.06 ± 0.03 MS m1 during the aging treatment, achieving its upper plateau value at 375 °C. By contrast for Al–
Li–Sc–Yb, excepting the sharp decrease centered at
275 °C, the conductivities change little during isochronal
aging: from 12.6 ± 0.4 MS m1 for N6250 °C and to
12.8 ± 0.4 MS m1 for TP 325 °C.
3.3. Isothermal aging
The Vickers microhardness is displayed in Fig. 4a as a
function of aging time at 325 °C for Al–Sc and the corresponding Al–Li–Sc alloy. Both alloys exhibit an incubation
period during which no change in microhardness occurs,
lasting up to 2 min for Al–Li–Sc, and up to 10 min for
Al–Sc. The plateau’s maximum microhardness has a smaller value and duration in Al–Sc (704 ± 51 MPa, 1–24 h)
compared with Al–Li–Sc (806 ± 49 MPa, 20 min–96 h).
The conductivities of Al–Sc and Al–Li–Sc are plotted in
Fig. 4b as a function of aging time at 325 °C. Similar to the
microhardness evolution, both alloys exhibit an initial
incubation period, lasting up to 5 min for Al–Sc and up
to 2 min for Al–Li–Sc. Thereafter, both alloys exhibit a
rapid increase in conductivity followed by a slower

Fig. 4. (a) Vickers microhardness vs. aging time and (b) electrical
conductivity vs. aging time for Al–Sc and Al–Li–Sc aged isothermally at
325 °C. Error bars correspond to 2SD (i.e., error range is 4SD).

increase, and ﬁnally a plateau for aging times of 432 h
and longer. For Al–Sc, the conductivity increases from
31.84 ± 0.06 MS m1 as-homogenized to a plateau value
of 36.44 ± 0.08 MS m1. For Al–Li–Sc, conductivity
similarly increases from 18.0 ± 0.1 MS m1 to 19.33 ±
0.05 MS m1. Also for Al–Li–Sc, a sharp decrease in conductivity to 17.0 ± 0.1 MS m1 was observed at 60 s. This
measurement was repeated on another aged specimen, but
for the second measurement the decrease in conductivity
was not observed. This is discussed in Section 4.1.
The Vickers microhardness values are displayed in
Fig. 5a as a function of time at 325 °C of Al–Sc–Yb and
the corresponding Al–Li–Sc–Yb alloy. For Al–Li–Sc–Yb,
some specimens were double-aged, with a ﬁrst heat treatment to peak microhardness at 325 °C for 2 h, followed
by a second heat treatment at 170 °C for times from 24
to 1536 h. These double heat-treatments were used to
induce precipitation of the a0 -Al3(Sc,Li,Yb) phase at
325 °C followed by precipitation of the metastable d0 -Al3Li
phase at 170 °C for a double-strengthening eﬀect. Compared with the Yb-free alloys, these alloys exhibit much
shorter incubation periods of <1 min. Both alloys exhibit

Fig. 5. (a) Vickers microhardness vs. aging time and (b) electrical
conductivity vs. aging time for Al–Sc–Yb and Al–Li–Sc–Yb aged
isothermally at 325 °C, and for Al–Li–Sc–Yb aged isothermally for 2 h
at 325 °C, then aged isothermally at 170 °C. Error bars correspond to 2SD
(i.e., error range is 4SD).
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trends in microhardness evolution similar to the Yb-free
alloys (Fig. 4a). For Al–Sc–Yb, the plateau value of maximum microhardness is 376 ± 43 MPa, which is maintained
between 20 min and 96 h, while for Al–Li–Sc–Yb the plateau value is larger: 688 ± 40 MPa, occurring between 0.5
and 24 h.
The electrical conductivities of Al–Sc–Yb and Al–Li–
Sc–Yb are displayed in Fig. 5b as a function of aging time
at 325 °C. Two diﬀerent behaviors are observed. For
Al–Sc–Yb, the homogenized and 10-s-aged specimens have
the same conductivity, 34.4 ± 0.3 MS m1, whereafter the
conductivity increases to its maximum value of 36.7 ±
0.3 MS m1 for > 192 h. The electrical conductivity of
Al–Li–Sc–Yb does not evolve temporally during aging at
325 °C. The average conductivity during aging was
12.7 ± 0.4 MS m1. In general, conductivity measurements
for this alloy were characterized by a high degree of scatter,
both for measurements made on an individual specimen
and from specimen-to-specimen. As explained, specimens
of the Al–Li–Sc–Yb alloy were doubly-aged at 325 °C for
2 h, then for diﬀerent durations at 170 °C. During aging
at 170 °C, the conductivity decreases sharply after 48 h,
recovers after 96 h, and then increases to a maximum value
of 13.5 ± 0.1 MS m1 at 1536 h.
3.4. LEAP analysis of aged alloys
LEAP tomographic analyses were performed to investigate the aging microhardness responses. Analyses were
performed on all alloys after aging at 325 °C to their
peak-aged states: 2 h for the Yb-containing alloys, and
8 h for the Yb-free alloys. In addition, a series of analyses
were performed on Al–Li–Sc for aging times of 0.16, 8, 24,
280 and 1536 h (Section 4.2.3). Fig. 1 shows a 3-D reconstruction of the Al–Sc–Yb alloy. Twenty a0 -Al3(Sc,Yb)
precipitates, some of which are cut by the edge of the
reconstructed volume, are visible in the data set. These
are most visible in the reconstruction of Sc atoms, which
partition strongly from the a-Al matrix to the a0 -Al3
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(Sc,Yb) precipitates. Si and Yb atoms also partition to
the a0 -Al3(Sc,Yb) precipitates, but the eﬀect is less clear
owing to their smaller concentrations, and also to the
smaller S/N ratios for their peaks in a mass spectrum
(Section 3.1), which makes it diﬃcult to distinguish these
ions from the background. Si and Yb also partition to linear features in the data set parallel to the tip axis. This is
due to surface migration of these solutes to low-index poles
(Section 3.1) and is an artifact of the LEAP tomographic
technique for these alloys [46].
Phase compositions can be quantitatively measured by
the proximity histogram (proxigram) technique [47]. A
proxigram consists of ﬁrst deﬁning a surface of constant
concentration (isoconcentration surface) in the reconstructed volume, which encloses the precipitated phase.
The isoconcentration surfaces were deﬁned as the surfaces
of inﬂection of the Al concentration. Starting at an isoconcentration surface and moving into the a-Al matrix, the
concentration of Al increases and assumes a far-ﬁeld value.
Starting at the isoconcentration surface and moving
toward the center of the precipitate, the Al concentration
decreases, and the solute concentrations increase. Using
proxigram analyses, a0 -Al3(Sc,Li,Yb) and d0 -Al3Li precipitates as well as a-Al matrix compositions were measured
for the aged alloys (Table 2). Matrix concentrations are
determined by summing atoms of each species in proxigram bins far from the isoconcentration surface (typically
5 nm), in a region where the concentrations reach a stable
far-ﬁeld value. Precipitate concentrations are similarly
determined by summing all atoms in bins interior to the
isoconcentration surface.
Proxigrams are displayed in Fig. 6a and b for peak-aged
(8 h at 325 °C) Al–Sc and Al–Li–Sc, respectively, and in
Fig. 7a and b for peak-aged (2 h at 325 °C) Al–Sc–Yb
and Al–Li–Sc–Yb, respectively. Concentrations were measured at distance increments of 0.1 nm. Phase compositions
for the four alloys at aging times of interest are reported in
Table 2. For the four alloys, all the solutes partition
strongly from the a-Al matrix to the a0 -Al3(Sc,Li,Yb)

Table 2
Compositions of a0 -Al3(Sc,Li,Yb) precipitates (unshaded cells) and a d0 -Al3Li precipitate (shaded cell) and the surrounding a-Al matrix in four Al(–Li)–
Sc(–Yb) alloys after various heat treatments.

Values were determined by LEAP analysis of the aged alloys.
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(a)

(b)

Fig. 6. Proximity histograms of precipitates in (a) Al–Sc and (b) Al–Li–Sc peak-aged at 325 °C for 8 h. Error bars correspond to 2SD (i.e., error range is
4SD).

(a)

(b)

Fig. 7. Proximity histograms of precipitates in (a) Al–Sc–Yb and (b) Al–Li–Sc–Yb peak-aged at 325 °C for 2 h. Error bars correspond to 2SD (i.e., error
range is 4SD).

precipitates. Li and Sc proxigrams from Al–Li–Sc aged at
325 °C for 0.16, 8, 24, 280 and 1536 h are displayed in
Fig. 8 for Sc, Li and Sc + Li. As Al–Li–Sc aging
progresses, the concentration of Sc increases, and the
concentration of Li decreases in the a0 -Al3(Sc,Li) precipitates. These trends are displayed in Fig. 9, in which the
concentrations of Sc and Li in the a0 -Al3(Sc,Li) precipitates
are calculated using the proxigrams. Solute concentrations
in the a-Al matrix for Al–Li–Sc aged for the times
listed above, and for Al–Sc aged for 8 h, are displayed
in Fig. 10.
Analysis of the 325 °C-aged alloys by LEAP tomography additionally allows measurement of several important
characteristics of the a0 -Al3(Sc,Li,Yb) precipitates, which
sheds light on the eﬀect of Li additions on the microhardness response of the Al–Sc(–Yb) alloys. The number

density, average radius and volume fraction, for a0 -Al3
(Sc,Li,Yb) precipitates in the aged alloys are given in
Table 3. The volume fraction is calculated by isolating
atoms in a0 -Al3(Sc,Li,Yb) precipitates using a modiﬁed
envelope method [48], and dividing the number of
a0 -Al3(Sc,Li,Yb) precipitate atoms by the total number of
atoms in the reconstructed volume. The small diﬀerence
in lattice parameters of the phases is accounted for by
approximating the lattice parameter of the a0 -Al3(Sc,Li,Yb)
precipitates to be that of a0 -Al3Sc (4.103 Å [49]), and the
lattice parameter of the a-Al matrix to be that of Al–Li
[50]. The number density is calculated by counting the
number of a0 -Al3(Sc,Li,Yb) precipitates in the analyzed
volume (precipitates cut by the boundary of the analysis
volume are counted as half a precipitate), and dividing by
the volume of material, which is inferred from the total
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(a)

Fig. 10. Concentrations of Li, Sc and Si in the a-Al matrix as a function of
aging time at 325 °C for Al–Li–Sc (a single point for 8 h aging is also
shown for Al–Sc).

(b)

(c)

Fig. 8. Proximity histograms of precipitates in Al–Li–Sc aged at 325 °C
for 0.16–1536 h for (a) Sc, (b) Li and (c) the sum of Sc and Li.

Fig. 9. Sc and Li concentrations in precipitates, and Sc and Li partitioning
ratios in Al–Li–Sc aged at 325 °C.

number of atoms. The average radius is calculated from a
precipitate size distribution (excluding precipitates cut by

the boundary of the data set), obtained by applying a
modiﬁed envelope method to the data sets [48], and
approximating the a0 -Al3(Sc,Li,Yb) precipitates as volume-equivalent spheres. Standard methods for propagation of errors were employed for the quantities in Table 3
[51]. For Al–Li–Sc, these values are plotted as a function
of aging time in Fig. 11.
Fig. 12 shows a LEAP reconstruction of Al–Li–Sc–Yb
doubly-aged by ﬁrst aging to peak hardness at 325 °C for
2 h, then at 170 °C for 8 days. This aging treatment was
performed to induce precipitation of d0 -Al3Li, which
provides an additional strengthening increment [52–58].
Al–Li–Sc–Yb aged at 170 °C is the only alloy and aging
treatment for which the Li concentration is anticipated
to exceed its solubility for precipitation of metastable
d0 -Al3Li [59]; a similar heat treatment was not performed
for Al–Li–Sc, because the Li concentration in that alloy
(2.9 ± 0.1 at.%) is signiﬁcantly smaller than the solvus for
aging temperatures that would yield reasonable precipitation kinetics [60]. In Fig. 12, a 12 at.% Li isoconcentration
surface delineates the a-Al/d0 -Al3Li interface and Sc atoms
are indicated by blue points (Al and Li atoms are omitted
for clarity). Yb atoms, which partition to the cores of Scrich precipitates as seen in singly-aged Al–Li–Sc–Yb
(Fig. 7b), are also omitted for clarity because they appear
to be nearly homogeneously distributed throughout the
reconstructed volume due to the small S/N ratio (Section 3.1 and Fig. 2b). The metastable d0 -Al3Li precipitate
is elongated along the tip axis (vertical direction in
Fig. 12), which is an artifact due to an inverse magniﬁcation of the d0 -Al3Li precipitate [40,41]. The d0 -Al3Li phase
has a smaller evaporation ﬁeld than the surrounding a-Al
matrix, leading to depressions in the specimen surface at
the d0 -Al3Li precipitates during evaporation [61]. Also visible in Fig. 12 are six Sc-rich a0 -Al3(Sc,Li,Yb) precipitates,
which are enclosed within a single metastable d0 -Al3Li
precipitate.
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Table 3
Number density NV, volume fraction u and average radius hRi in four Al(–Li)–Sc(–Yb) alloys after various heat treatments.
Alloy

Al–Sc
Al–Li–Sc

Al–Sc–Yb
Al–Li–Sc–Yb

Aging time at 325 °C (h)

8
0.16
8
24
280
1536
2
2
2 + 8 days at 170 °C

Precipitate statistics
Nv (1022 m3)

u (%)

hRi (nm)

5.0 ± 0.5
19.4 ± 0.1
13.1 ± 0.1
8.2 ± 0.7
2.3 ± 0.3
0.6 ± 0.1
1.5 ± 0.2
12.1 ± 0.7
10.4 ± 0.8

0.430 ± 0.003
0.292 ± 0.002
0.557 ± 0.003
0.478 ± 0.003
0.433 ± 0.003
0.451 ± 0.002
0.092 ± 0.001
0.401 ± 0.002
0.403 ± 0.002

2.7 ± 0.3
1.4 ± 0.3
1.9 ± 0.4
2.3 ± 0.4
3.7 ± 0.7
5.2 ± 1.5
2.7 ± 0.4
1.8 ± 0.4
1.5 ± 0.4

Values were determined by LEAP analysis of the aged alloys.

Fig. 11. The volume fraction (u), number density (Nv) and average radius
(hRi) of precipitates in Al–Li–Sc during aging at 325 °C. Also shown in the
top plot is u, the volume fraction that would be present in a binary Al–Sc
alloy if the precipitates contained no Li (see text for a complete
description).

3.5. 5 Dark-ﬁeld TEM of doubly-aged Al–Li–Sc–Yb
Owing to the small number density of metastable d0 Al3Li precipitates in doubly-aged Al–Li–Sc–Yb, very few
were imaged by LEAP tomography. To access a larger ﬁeld
of view, the metastable d0 -Al3Li precipitates produced by
aging at 170 °C for 8 days after prior aging at 325 °C for
2 h, were imaged by centered dark-ﬁeld TEM (DFTEM)
(Fig. 13). Superlattice reﬂections in the selected-area diffraction patterns indicated that the metastable d0 -Al3Li precipitates have an L12 structure. The micrograph in Fig. 13
was taken along a [2 1 0] zone axis and imaged using a 0 0 1
superlattice reﬂection. Precipitate radii were measured
using the particle analysis feature in Image J, after thresholding the images to select the precipitated phase. By
adjusting the threshold values for pixel inclusion in the precipitates, the value found for average precipitate radius
also changes. Across the range of threshold values that

Fig. 12. LEAP reconstruction of Al–Li–Sc–Yb aged for 2 h at 325 °C,
then for 8 days at 170 °C. Sc atoms are shown as blue points, regions
where Sc atoms are concentrated correspond to a-Al3(Sc,Li,Yb) precipitates. Shown in orange is a 12 at.% Li isoconcentration surface
corresponding to a d0 -Al3Li precipitate containing six a0 -Al3(Sc,Li,Yb)
precipitates. (For interpretation of the references to colour in this ﬁgure
legend, the reader is referred to the web version of this article.)

clearly separate precipitates from the matrix, the value
found for the average radius varies by ±0.6 nm. Using
the center of the threshold range thus determined, the average radius for 304 metastable d0 -Al3Li precipitates imaged
by this method is 16.8 ± 5.7 nm. Here the value 5.7 nm is
a measure of the breadth of the precipitate size distribution, rather than an experimental error, which is about
±0.6 nm as described above.
4. Discussion
4.1. Evolution of the a-Al matrix compositions
The electrical conductivities of Al–Li–Sc and Al–Li–Sc–
Yb decrease signiﬁcantly at or near the onset of microhardness increases in both isochronal (Fig. 3b) and isothermal
aging (Figs. 4b and 5b), including during isothermal aging
of Al–Li–Sc–Yb at 170 °C. The decrease in conductivity is
especially strong in Al–Li–Sc–Yb, which has a higher Li
concentration than Al–Li–Sc. These observations suggest
that this decrease is related to a nucleation event in
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Fig. 13. Centered DFTEM micrograph showing metastable d0 -Al3Li
precipitates in Al–Li–Sc–Yb aged for 2 h at 325 °C, then for 8 days at
170 °C. The image is taken along [2 1 0] zone axis using the 0 0 1
superlattice reﬂection.

Li-containing alloys. This eﬀect has been demonstrated in
studies on binary Al–Li alloys by low-temperature isothermal aging experiments (40–130 °C) [59,62–65], and was
shown to be due to ordering of the alloy into Li-rich,
L12-ordered domains, or metastable d0 -Al3Li precipitates.
A decrease in conductivity at early aging times and low
temperatures has been similarly observed in a number of
other binary Al alloys as well as in Al–Li [66], and is generally attributed to a large number density of solute atom
clusters. Furthermore, it has been shown analytically that
the mechanism of conductivity decrease in the early stages
of aging in a binary alloy can be attributed to Bragg
scattering from Guinier–Preston (G–P) zones, which are
present at a large number density [67].
The electrical conductivity of the 99.999% pure source Al
is 37.3 ± 0.1 MS m1. Conductivities of homogenized Al–
Li–Sc and Al–Li–Sc–Yb are smaller (18.0 ± 0.1 MS m1
and 12.7 ± 0.4 MS m1, respectively; Figs. 4 and 5), primarily due to the presence of solute atoms that scatter electrons.
To understand the eﬀects of solutes on alloy conductivity, it
is necessary to quantify the contribution of solute atoms to
electron scattering. Normalized to solute concentration, this
is the speciﬁc resistivity of a solute dissolved in the matrix.
The speciﬁc resistivity of Li dissolved in Al was reported
to be 9.2 n O m at.%1 [62] or 8.4 n O m at.%1 [63]. The
speciﬁc resistivity of Sc in Al was given in the literature as
34 n O m at.%1 [68] or 35 n O m at.%1 [69]. These values
permit the increases in conductivity (Figs. 3b, 4b and 5b)
to be interpreted in terms of depletion of the matrix solute
concentrations, as demonstrated below.
The average conductivity of Al–Li–Sc–Yb during isothermal aging at 325 °C is 12.6 ± 0.1 MS m1. Accounting
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only for the LEAP tomographic measurements of Li concentration in this alloy, and taking the contributions in
resistivity from solute additions to the pure Al matrix to
be linearly additive (Mathiessen’s rule [70]), the conductivity of the alloy would be 13.1 MS m1. Similarly, the conductivity of a hypothetical Al–Sc solid solution with the Sc
concentration of Al–Li–Sc–Yb (0.0506 at.%) would be
35.0 MS m1. An Al–5.612Li–0.0506Sc (at.%) solid solution should have a conductivity value of 12.8 MS m1, in
good agreement with the measured value. Although the
speciﬁc resistivity of Sc atoms in Al solid solution is greater
than that of Li atoms, the electrical conductivity behavior
is controlled by the Li concentration in solid solution,
because the Li concentrations and concentration changes
during aging of these alloys are much greater than those
of Sc. For isothermally aged Al–Li–Sc–Yb, the only aging
treatment for which the conductivity response is larger
than the measurement uncertainty is for the second aging
treatment at 170 °C. This is because the change in Li concentration in the matrix during aging at 325 °C is small
compared with the total Li concentration of 5.53 at.%:
for example, the change in Li concentration, estimated
from measurements of the precipitate number density and
Li concentration of a0 -Al3(Sc,Yb,Li) after aging for 2 h is
0.03 at.%. The sharp decrease in conductivity after aging
at 170 °C for 2 days is most likely due to the early stages of
metastable d0 -Al3Li formation, as reported for various Al–
Li alloys aged at 40–400 °C, depending on Li concentration
[59,62,65]. With further aging, the conductivity recovers
and increases, indicating that the metastable d0 -Al3Li precursor domains have become metastable d0 -Al3Li precipitates at a smaller number density, and the matrix is
becoming depleted in Li. In this manner, the conductivities
of the aged alloys can be correlated with precipitate nucleation, and with the evolution of the matrix’s solute concentration, as measured by LEAP.
Similar calculations on the other alloys yield the following results: the conductivity of Al–Sc is calculated to increase
from 31.4 MS m1 as-homogenized to 37.2 MS m1 at long
aging times (31.84 ± 0.06–36.44 ± 0.08 MS m1 was measured); the conductivity of Al–Li–Sc is calculated to increase
from 18.6 to 20.6 MS m1 (18.0 ± 0.1 to 19.33 ± 0.05
MSm1 was measured); and the conductivity of Al–Sc–
Yb is calculated to increase from 35.0 to 37.2 MS m1
(34.4 ± 0.3 to 36.7 ± 0.3 MS m1 was measured).
One study was performed on phase equilibria in the Al–
Li–Sc system (0–41 at.% Li and 0–53 at.% Sc) [71,72], but
it is of limited relevance to our research, since the concentration range of interest was not explored in detail. Otherwise, ternary and higher phase diagrams are unavailable
for this system. At 170 °C, the solubility of Li in a-Al is
5.39 at.% [59]. The concentration of Li in solution in the
a-Al matrix decreases from 5.31 ± 0.01 at.% after aging
for 2 h at 325 °C, to 5.01 ± 0.02 at.% after additional aging
for 8 days at 170 °C (Table 2), demonstrating that the
addition of Sc, Si, and Yb decreases the solubility of Li
in Al.
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The electrical conductivity of Al–Li–Sc is constant for
aging times of 384 h (16 days) and longer, suggesting that
a-Al and a0 -Al3(Sc,Li) precipitates are close to equilibrium
for these solute concentrations at 325 °C. In Al–Li–Sc, the
equilibrium solubility of Sc in a-Al (36 ± 7 at. ppm) is
therefore close to the equilibrium solubility of Sc in binary
Al–Sc, determined by a linear ﬁt to the data in Ref. [49] to
be 14 at.ppm. The a-Al’s Li concentration after 1536 h is
2.449 ± 0.005 at.%; hence this Li concentration does not
appear to decrease the solubility of Sc in a-Al.
The presence of Si impurity atoms in a-Al has been
shown to aﬀect the temporal evolution of the microstructure, resulting in a signiﬁcant increase in strength in aged
commercial-purity (Si-containing) Al–Sc alloys relative to
aged high-purity Al–Sc alloys [73]. In Al–Li–Sc, the concentration of Si in the a-Al matrix decreases during aging
at 325 °C (Table 2 and Fig. 10). Although the measurement
of Si concentration is subject to a degree of error, as noted
above, this decreasing trend corresponds to partitioning of
Si to the precipitates as discussed in the following section.
4.2. Strengthening precipitates in the aged alloys
4.2.1. Precipitate compositions in peak-aged alloys
The compositions of a0 -Al3(Sc,Li) precipitates in Al–Li–
Sc and Al–Sc aged 8 h at 325 °C were measured using proxigrams (Fig. 6), and are reported in Table 2. The a0 -Al3Sc
precipitates in Al–Sc have approximately the Al3Sc stoichiometry, 27.2 ± 0.3 at.% Sc. A Sc concentration greater
than the 25 at.% stoichiometric value at early aging times
is consistent with prior measurements on similar alloys
[16–17,20–21,73].
The
precipitates
also
contain
0.64 ± 0.06 at.% Si. The presence of 20–30 at.% Sc and
6 at.% Si was reported in the centers of precipitates
observed in Al–0.096Sc–0.048Si (at.%) aged at 300 °C
[74]. Results of a ﬁrst-principles study [74] on the site occupancy of a Si atom in Al3Sc demonstrate that Si resides on
the Al-sublattice, resulting in an (Al,Si)3Sc phase. The
proxigrams (Figs. 6 and 7) demonstrate that Si partitions
strongly to the precipitate in which the distribution of Si
is uniform, following the same concentration proﬁle as
Sc. The precipitates in Al–Li–Sc aged for 8 h at 325 °C contain 17.0 ± 0.3Sc, 9.1 ± 0.2Li and 0.25 ± 0.04Si (at.%). The
combined Sc + Li concentration is 26.1 ± 0.4 at.%, which
is similar to the Sc concentration in peak-aged Al–Sc
(27.2 ± 0.3 at.%). This suggests that Li substitutes for Sc
in Al3Sc, resulting in a precipitate with the stoichiometry
(Al,Si)3(Sc,Li). That result is counter to the results of a
study of the phase equilibria in Al–Li–Sc, where no ternary
compounds were reported [71,72]. However, for two alloys
(Al–8.0Li–0.3Sc and Al–7.3Li–2.3 Mg–0.3Sc (at.%)), which
were cast and rolled at 500 °C, primary precipitates measuring several micrometers were found to have the L12
structure, and approximately the same lattice parameter
as the a-Al matrix [37,38]. Auger spectroscopy showed that
these precipitates, which formed on solidiﬁcation from the
melt, have a composition Al3(LixSc1x), where x P 0.5

[37]. This is in agreement with the nanometer-sized precipitates formed through solid-state precipitation in the present research and in studies on Al–Li–Sc and Al–Li–Sc–X
alloys [36,39–41].
Similar analyses were performed for precipitates in Al–
Li–Sc and Al–Li–Sc–Yb aged to peak microhardness for
2 h at 325 °C (Fig. 7 and Table 2). All solute elements in
both alloys partition strongly to the a0 -Al3(Sc,Li,Yb) precipitates, and Yb is found at the highest concentrations
toward the center of the precipitates, with the Sc concentration peaking toward the a-Al matrix/a0 -Al3(Sc,Li,Yb) precipitate interface, corresponding to the core/shell structure
for Al–Sc–RE [16–17,75] and Al–Li–Sc–Yb alloys [40,41].
In both alloys, Si partitions to the a0 -Al3(Sc,Li,Yb)
precipitates.
Because of the diﬃculties described earlier in measuring
Si concentrations (migration of Si atoms over the specimen
surface during LEAP analysis, and small Si concentrations), only qualitative statements can be made regarding
Li additions and Si partitioning. For all four alloys in the
peak-aged state, the degree of partitioning of Si to the
a0 -Al3(Sc,Li,Yb) precipitates decreases with the Li addition. For Al–Sc–Yb, the partitioning ratio of Si (deﬁned
as the ratio of Si concentration in the a0 -phase to that of
Si in the a-Al matrix) decreases from 240 ± 100 to
56 ± 11 with Li addition; for Al–Sc it similarly decreases
from 86 ± 16 to 57 ± 13. Since Li replaces Sc in the precipitated phase, it is unclear whether the incorporation of Li
into a0 -Al3(Sc,Li,Yb) impedes Si partitioning or whether
Si partitioning depends on the presence of Sc, whose concentration is reduced with the Li addition. The partitioning
coeﬃcients of Sc in the peak-aged alloys are also somewhat
reduced due to Li additions: for peak-aged Al–Sc, the partitioning coeﬃcient of Sc decreases with Li addition from
2090 ± 480 to 1550 ± 280; and similarly for Al–Sc–Yb it
decreases from 1600 ± 300 to 1350 ± 180. This is in agreement with the observation that Li displaces Sc in the
a0 -Al3(Sc,Li,Yb) precipitates. Although the precipitation
reaction is faster in Al–Li–Sc than in Al–Sc, the partitioning ratio of Sc is reduced by Li addition.
4.2.2. a0 -Al3(Sc,Li,Yb) precipitate statistics in the peakaged state
Statistics to characterize the a0 -Al3(Sc,Li,Yb) precipitates in the aged alloys, as measured by analyzing reconstructed LEAP volumes, are reported in Table 3. The
addition of Li to Al–Sc and to Al–Sc–Yb induces changes
in the distribution of a0 -Al3(Sc,Li,Yb) precipitates during
aging at 325 °C. After aging for 8 h, the a0 -Al3(Sc,Li) precipitates in Al–Li–Sc are smaller than those in Al–Sc
(1.9 ± 0.4 nm vs. 2.7 ± 0.3 nm), and have a higher number
density (13.1 ± 0.1  1022 m3 vs. 5.0 ± 0.5  1022 m3).
These values suggest a greater nucleation current and a
smaller energy barrier for nucleation, although the nucleation event has not been directly observed by microscopy.
The volume fraction is somewhat smaller in Al–Sc
(0.430 ± 0.003%) than in Al–Li–Sc (0.557 ± 0.003%),
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owing to the presence of Li in the Al3(Sc,Li) precipitates.
An Al–Sc alloy with the Sc concentration of an Al–Li–Sc
alloy aged for 8 h (0.1138 ± 0.0013 at.%) should exhibit
an equilibrium volume fraction of 0.467 ± 0.005%, based
on the lever rule. The addition of 2.9 at.% Li to
Al–0.11 at.% Sc alloy increases the volume fraction of
a0 -Al3(Sc,Li) precipitates in the peak-aged alloy by 30%.
Based on LEAP tomographic analyses, neither Al–Sc
nor Al–Li–Sc was observed to be in thermodynamic equilibrium after aging for 8 h at 325 °C. The solid solubility
of Sc in Al at 325 °C is 0.0014 at.% [49], and for a Sc concentration of 0.1450 ± 0.0018 at.% (LEAP tomography
value, Table 1), an equilibrium volume fraction of
0.597 ± 0.007% is anticipated in a binary Al–Sc alloy at
equilibrium at 325 °C. Hence, the precipitation reaction is
70% complete after 8 h and, although the strength of
Al–Sc decreases for longer aging durations, the growth period of the decomposition reaction remains incomplete, and
a larger volume fraction of a0 -Al3Sc is anticipated at later
aging times. Al–Li–Sc also continues to evolve signiﬁcantly
between 1/3 and 64 days, as described in Section 4.2.3.
Li additions to Al–Sc–Yb similarly aﬀect the
a0 -Al3(Sc,Li,Yb) precipitate population in the alloy peakaged for 2 h at 325 °C. Compared with Al–Sc–Yb,
a0 -Al3(Sc,Li,Yb) precipitates in Al–Li–Sc–Yb are smaller
(1.8 ± 0.4 vs. 2.7 ± 0.4 nm) and the number density is
almost one order of magnitude larger (12.1 ± 0.7 
1022 m3 vs. 1.5 ± 0.2  1022 m3). Similarly to the Yb-free
alloys, a Li addition increases the volume fraction in the
peak-aged alloys from 0.092 ± 0.001% to 0.401 ± 0.002%.
Although the Al–Sc–Yb phase diagram has not been determined, if all the Sc and Yb in Al–0.048Sc–0.0092Yb (at.%)
were to precipitate as a0 -Al3(Sc,Yb) precipitates, the maximum achievable volume fraction would be 0.24%. The
addition of 5.53 at.% Li to Al–0.048Sc–0.0092Yb (at.%),
therefore, increases the volume fraction in the peak-aged
alloy by 70% over the maximum value achievable in a
Li-free alloy.
4.2.3. Evolution of a0 -Al3(Sc,Li) precipitates in Al–Li–Sc
A striking feature of the Al–Li–Sc proxigrams (Fig. 8b)
is the marked interfacial segregation of Li that develops for
long aging times at the a-Al/a0 -Al3(Sc,Li) interface, in particular at 1536 h. Solute segregation at a heterophase interface in a ternary alloy is quantiﬁable using the Gibbs
adsorption isotherm [19,20,76–81]. The Gibbsian interfacial excess of Li relative to Sc and Al is expressed by
[82,83]:
0

CAl–Sc
¼ CLi  CSc
Li

¼

@c
@lLi



0

0
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phase), c is the interfacial free energy of the a-Al matrix/
a0 -Al3(Sc,Li) interface, and li is the chemical potential of
component i. The excess concentration of the ith component Ci , determined from the proxigrams analysis, is given
by [84]
Ci ¼ qDx

p
X

ðcmi  cki Þ

ð2Þ

m¼1

where q is the atomic density, Dx is the distance between p
layers in the proxigram, and cki is the concentration of component i in phase k, where k indicates the phase in which
the proxigram is considered for each of its data points. ValAl–Sc
ues of CLi
for each aging time are displayed in Fig. 14. Its
value is positive for all aging times (indicating an excess of
Li), and it is largest at 1536 h, indicating that the relative
interfacial excess is most likely an equilibrium condition,
validating this approach [76,82,83]. The diﬀerential form
of the Gibbs adsorption isotherm, at constant temperature
and pressure, yields a relationship between the relative
interfacial excesses and the interfacial energies. Starting
from Eq. (1), employing only the ﬁrst-order dependence
on concentration, one obtains for the change in interfacial
free energy, Dc [76,79,82,83]:


@lLi
DcjT ;P ¼ CAl–Sc
ð3Þ
cLi
Li
@cLi
The diﬀerential of chemical potential with respect to concentration,@lLi =@cLi is evaluated by two methods: (i) making the ideal solution approximation; and (ii) using
Thermo-Calc Classic version R (TCCR, Thermo-Calc
Software) with the TTAL7 database (Thermotech Ltd.,
Guildford, UK). For Al–2.9Li–0.106Sc (at.%) at 325 °C,
the molar fractions and compositions of the a-Al matrix
and a0 -Al3(Sc,Li) precipitates calculated by Thermocalc
with the TTAL7 database are relatively close to the measurements made at 1536 h (Table 2), implying that the thermodynamic properties at long aging times are reasonably
well described. After aging for 1536 h, CAlSc
=2.60 ± 0.01
Li
atom nm2, the decrease in the interfacial free energy due

0

caAl caLi  caAl caLi
caLi caSc  caLi caSc

C
Al
0
0
0
0
caAl caSc  caAl caSc
caAl caSc  caAl caSc
ð1Þ
T ;P ;lAl ;lSc

where the cji are the concentrations of component i in phase
j (in this notation, the superscript a indicates the a-Al matrix phase, and a0 indicates the a0 -Al3(Sc,Li) precipitate

Fig. 14. Relative Gibbsian interfacial excess of Li (CAl–Sc
) at the a-Al
Li
matrix/a0 -Al3(Li,Sc) precipitate interface in Al–Li–Sc aged at 325 °C.
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to segregation is Dc = 22.7 ± 0.1 mJ m2 using the ideal
solution approximation, or Dc = 24.4 ± 0.1 mJ m2
using results from Thermocalc. For reference, the interfaAlSc
cial excesses compare to CMg
=1.9 ± 0.5 atom nm2 in
an Al–2.2 Mg–0.12Sc (at.%) alloy aged at 300 °C [28].
The values for the reduction in interfacial free energy are
large compared with the a-Al/Al3Sc interfacial free energy
in the binary Al–Sc system, found from coarsening studies
to be between 20 and 300 mJ m2 [68,85–90]. Because the
rate constant for precipitate coarsening in ternary alloys
varies linearly with the interfacial free energy [91], using
the larger value, 300 mJ m2, the interfacial excess reduces
the rate of increase in hRi3 by 8% for an averaged value of
Dc = 23.5 mJ m2.
A signiﬁcant concentration of Li in a0 -Al3(Sc,Li) is produced during aging at 325 °C (6–9 at.%, depending on
aging time; Table 2), although in the binary Al–Li system
at this same temperature, a Li concentration of 2.9 at.%
is insuﬃcient to produce d0 -Al3Li precipitates [59]. To
understand the mechanisms for this behavior, Mao et al.
performed ﬁrst-principles calculations on the Al–Li–Sc system [92], which yield insights into its precipitation behavior. They show that Li and Sc share the same sublattice
site in the L12 structure and that it is energetically favorable for Li in solution in a-Al to partition to Al3Sc and
substitute for Sc. The inverse reaction, partitioning of Sc
from a-Al substituting for Li in Al3Li, is also energetically
possible. Furthermore, the energetics are favorable if the
substituted element forms additional trialuminide phase
(rather than being rejected into the a-Al), thereby increasing the volume fraction. These results suggest that the presence of a mixed ternary Al3(Sc,Li) trialuminide phase is a
snapshot of the Al–Li–Sc system evolving temporally
toward equilibrium as opposed to a transient, kinetically
favored state only.
The temporal evolution of precipitate volume fraction,
number density and average radius of Al–Li–Sc at 325 °C
are displayed in Fig. 11. For comparison, a parameter u
is also shown in the plot of volume fraction, where u is
deﬁned as the volume fraction of precipitates that would
be present if the precipitates did not contain Li atoms. In
other words, the quantity u is calculated by counting all
Sc atoms that partition to a0 -Al3(Sc,Li) precipitates, then
computing the corresponding volume of stoichiometric
a0 -Al3Sc, assuming a lattice parameter of 4.103 Å [49].
Therefore, although additions of both Li and Mg lead to
solid-solution strengthening of the a-Al matrix, only Li,
due to its high solubility in a0 -Al3Sc (not exhibited by Mg
[29]) produces the additional beneﬁt of increasing the volume fraction of precipitates and hence also increasing the
strengthening increment of the peak-aged alloy [30].
Although the number density decreases, and the average
radius increases with time, as anticipated for a system
approaching equilibrium, the volume fraction evolves in
an unexpected manner, increasing initially to a maximum
value of 0.557 ± 0.003% at 24 h, followed by a decrease
at longer aging times to a value of 0.451 ± 0.002% at

1536 h. This behavior may be understood by considering
the concentration of Li in the a0 -Al3(Sc,Li) precipitates
(Table 2 and Figs. 8 and 9). Excluding the earliest aging
time of 0.16 h, the concentration of Li in the a0 -Al3(Sc,Li)
precipitates is continuously decreasing during aging. The
large volume fraction at 8 h is due to a high level of incorporation of Li in a0 -Al3(Sc,Li), forming precipitates with
the approximate composition Al0.739(Sc0.170Li0.091) at early
aging times. The degree of elevated Li concentration is a
transient condition as the concentration of Li in the a0 Al3(Sc,Li) precipitates decreases during aging to
Al0.728(Sc0.235Li0.056) at 1536 h, with a concomitant
decrease in volume fraction and partitioning ratio of Li.
An explanation for the large concentration of Li in the
a0 -Al3(Sc,Li) precipitates at early aging times is that a positive Gibbsian relative excess of Li at the a-Al/a0 -Al3(Sc,Li)
interface is measured. Interfacial segregation of Li
decreases the Gibbs free energy of the a-Al/a0 -Al3(Sc,Li)
interface. The net reversible work to form a nucleus of critical radius R = 2c/(DFch  DFel) is given by W  (16pc3)/
[3(DFch  DFel)2] [93,94], where DFch is the chemical component of the Helmholtz free energy per unit volume due
to a solute supersaturation at 325 °C, and DFel is the elastic
strain energy expended for nucleation of precipitates having a lattice parameter misﬁt with the matrix. Using Thermocalc and the TTAL7 database, which provide a
qualitative comparison of the chemical driving force for
precipitation, DFch at 325 °C is 4.715 kJ mol1, compared
with 4.108 kJ mol1 for Al–Sc with the same Sc concentration. Because the lattice parameter mismatch of a0 -Al3Sc
with a-Al is 1.32% [49,95], and the lattice parameter mismatch of d0 -Al3Li with a-Al is 0.99% [95,96], it is anticipated that Li-incorporation in the a0 -Al3Sc precipitates
results in a reduction in the lattice parameter mismatch,
and hence a reduction in the elastic strain energy of a
nucleus. Since the nucleation current is proportional to
exp(W/kBT) [93,94], three factors may be identiﬁed that
lead to a decrease in the critical radius and an increase in
the nucleation current with addition of Li to binary Al–
Sc: (i) the decrease in the interfacial free energy due to segregation of Li at the a-Al/a0 -Al3(Sc,Li) interface; (ii) the
increase in the chemical driving force for nucleation due
to Li; and (iii) a decrease in the elastic strain energy of
forming a nucleus. As a consequence, the incubation time
for the microhardness response is reduced with the Li addition from 10 min in Al–Sc to 2 min in Al–Li–Sc. The average radius is smaller and the number density is larger in
peak-aged (8 h) Al–Li–Sc compared with Al–Sc (Table 3).
Because a small decrease in interfacial free energy c results
in a large decrease in the net reversible work to for a critical
radius (proportional to c3), nuclei with a positive excess of
Li are strongly favored.
At longer aging times, when nucleation is complete, the
conditions leading to smaller radii of the critical nucleus
(smaller interfacial energy, larger chemical driving force
for nucleation, smaller lattice parameter mismatch) no
longer control the concentration of solutes in the
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precipitates, which evolve temporally toward their equilibrium chemical composition. Hence, for long aging times,
the Li concentration decreases (from 9 at.% at early aging
times to 6 at.% at long aging times), leading to a concomitant decrease in the volume fraction, as described above
and demonstrated by Table 3 and Fig. 11.
4.2.4. Metastable d0 -Al3Li in double-aged Al–Li–Sc–Yb
For Al–Li–Sc–Yb, the second aging step of 8 days at
170 °C has little eﬀect on the precipitates formed during
aging for 2 h at 325 °C, in terms of both the statistical
metrics (Table 3) and their compositions (Table 2). The
additional microhardness increment at 170 °C, from
719 ± 9 MPa to 773 ± 16 MPa is due to the formation
of metastable d0 -Al3Li, which nucleated heterogeneously
on the a0 -Al3(Sc,Li,Yb) precipitates formed at 325 °C, as
illustrated in Fig. 12. As described above, a d0 -Al3Li precipitate has enveloped six Sc-rich a0 -Al3(Sc,Li,Yb) precipitates. A similar observation was made in Ref. [41] for an
Al–6.3Li–0.069Sc–0.018Yb (at.%) alloy aged at 325 °C for
8 h, followed by quenching to 170 °C and aging for
1 week, which reported an instance where two a0 Al3(Sc,Li,Yb) precipitates were enveloped by a single
metastable d0 -Al3Li precipitate. The composition of the
d0 -Al3Li precipitate is 23.1 ± 0.7 at.% Li and 70 ± 50 at.
ppm Sc, which compares to a Li concentration in d0 -Al3Li
of 22.5 at.% at 170 °C, based on a Calphad-type study of
the Al–Li system [97].
The concentration of Li in the alloy, 5.53 at.%, which
was reduced from 6.3 at.% in an Al–6.3Li–0.069Sc–
0.018Yb (at.%) alloy in Refs [40,41], is small enough to
avoid grain-reﬁning primary precipitates, which were
observed in that alloy. However, owing to the large concentration of Li that can be dissolved in a-Al (5.38 at.% in
a binary Al–Li alloy at 170 °C [59]) a Li concentration of
5.53 at.% is too small to yield signiﬁcant strengthening
due to metastable d0 -Al3Li precipitation: the volume fraction of d0 -Al3Li precipitates is estimated to be 1.4 ± 0.1%
based on the decrease in the a-Al matrix concentration of
Li during aging 192 h at 170 °C (Table 2). This establishes
a rather narrow range of acceptable Li concentrations to
achieve: (i) high-strength at ambient temperature for a
doubly-aged alloy containing both a0 -Al3(Sc,Yb,Li) precipitates from aging at 325 °C and metastable d0 -Al3Li
precipitates from aging at 170 °C; and (ii) creep resistance
for a coarse-grained alloy containing only a0 -Al3(Sc,Yb,Li) precipitates after a single-temperature aging at
325 °C.
5. Summary and conclusions
Two Al–Sc-based alloys (Al–0.12Sc and Al–0.042Sc–
0.009Yb, all compositions below are in at.%) and their
counterparts with Li-additions (Al–2.9Li–0.11Sc and Al–
5.5Li–0.048Sc–0.009Yb) were cast, homogenized at
640 °C, and aged at 325 °C. The following conclusions
were reached:

1713

1. For isothermal aging at 325 °C, addition of 2.9 at.% Li
to Al–0.12Sc results in a modest increase in peak hardness and a large increase in time to over-aging: from
704 ± 51 MPa over 1–24 h aging, to 806 ± 49 MPa over
0.3–96 h. The increase in microhardness is due to Li,
which both provides solid-solution strengthening and
creates a larger volume fraction of precipitates at a
greater number density and with a smaller mean radius
(Table 3). A larger addition of 5.53 at.% Li to the more
dilute alloy Al–0.042Sc–0.0088Yb results in a large
increase in peak hardness according to the same mechanism: from 376 ± 43 MPa over 0.3–96 h to
688 ± 40 MPa over 0.5–24 h.
2. A second aging treatment at 170 °C of Al–5.53Li–
0.048Sc–0.0092Yb, previously peak-aged at 325 °C for
2 h, adds a small hardness increment, from 688 ± 40
to 773 ± 16 MPa. For an Al–Li–Sc–RE-based alloy,
which would have high ambient-temperature strength
in the doubly-aged state, and still remain coarse-grained
and hence creep-resistant, the concentration of Li is
restricted to 5.5 < CLi < 6.3 at.%.
3. For all alloys peak-aged at 325 °C, all solutes (Li, Sc, Si
and Yb) partition strongly to the a0 -Al3(Sc,Li,Yb) precipitates. Yb partitions to the precipitate cores, while
Li, Sc and Si are evenly distributed throughout the precipitates. For Al–5.53Li–0.048Sc–0.0092Yb doublyaged at 325 °C and then at 170 °C, larger metastable
d0 -Al3Li precipitates envelop multiple ﬁner a0 Al3(Sc,Li,Yb) precipitates formed at 325 °C.
4. The Li and Sc concentrations of a0 -Al3(Sc,Li) precipitates in Al–2.9Li–0.11Sc evolve temporally during aging
at 325 °C. The Li concentration decreases from
9.1 ± 0.2 at.% at 8 h to 5.66 ± 0.06 at.% at 1536 h, while
the Sc concentration increases from 17.3 ± 0.3 at.% at
8 h to 21.5 ± 0.1 at.% at 1536 h. A lithium addition to
Al–Sc reduces energetic barriers to precipitate nucleation, leading to the following observations in Al–
2.9Li–0.11Sc compared with Al–0.12Sc aged at 325 °C:
(i) a ﬁvefold reduction in the incubation time to a hardness increase; (ii) a fourfold increase in the time to overaging; (iii) a larger number density of smaller precipitates in the peak-aged state.
5. Throughout the entire aging treatment of Al–2.9Li–
0.11Sc at 325 °C, the mean radius of the a0 -Al3(Sc,Li)
precipitates increases and the number density decreases.
The precipitate volume fraction peaks at 0.557 ±
0.003% at 8 h, then decreases to 0.451 ± 0.002% at
1536 h, owing to a decrease in Li concentration in the
a0 -Al3(Sc,Li) precipitates from 9.1 ± 0.2 to 5.66 ±
0.06 at.%.
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