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Abstract
With the ability to locate and identify atoms in three dimensions, atom-probe

tomography (APT) has revolutionized our understanding of structure-property
relationships in materials used for structural applications. The atomic-scale details of
clusters, second phases, and microstructural defects that control alloy properties have
been investigated, providing an unprecedented level of detail on the origins of aging
behavior, strength, creep, fracture toughness, corrosion, and irradiation resistance.
Moreover, atomic-scale microscopy combined with atomistic simulation and theoretical
modeling of material behavior can guide new alloy design. In this article, selected
examples highlight how APT has led to a deeper understanding of materials structures
and therefore properties, starting with the phase transformations controlling the aging
and strengthening behavior of complex Al-, Fe-, and Ni-based alloys systems. The
chemistry of interfaces and structural defects that play a crucial role in high-temperature
strengthening, fracture, and corrosion resistance are also discussed, with particular
reference to Zr- and Al-alloys and FeAl intermetallics.
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ples include the unique contribution of
APT to the 3D imaging and analysis of
spinodal decomposition in Fe-Cr alloys.1,2

These examples also demonstrate some of
the challenges associated with atomic-
scale data analysis. Quantifying phenom-
ena such as atomic clustering from the 3D
direct space data provided by APT repre-
sents a nontrivial analytical problem with
sophisticated computational require-
ments. For instance, the absence of a uni-
versal concept concerning “clustering”
requires a rigorous assignment of parame-
ters and efficient algorithms.3–7

Clustering Phenomena in Al Alloys
The burgeoning markets for light-

weight structures with high specific
strength will continue to drive develop-
ments in the physical metallurgical sci-
ence and engineering of the light alloys
(alloys of Al, Ti, or Mg), and some remark-
able property combinations are becoming
available. Of these, the Al-based system is
the most mature, and structural Al alloys
are widely used in transport technologies
for the aerospace, marine, and auto indus-
tries, as well as in architectural, packag-
ing, and building technologies. The very
complex evolution of microstructures in
these systems has been the subject of
numerous studies, with a significant focus
on determining the nanoscale precipitate
stoichiometries.8–13 Focusing on even
smaller feature sizes, APT has provided
path-finding insights into the significance
of atomic clustering reactions and
processes that occur during the earliest
stages of aging and precede precipitation.

Cluster strengthening is a term that is
used to describe the case where an alloy is
strengthened by a dispersion of solute-
solute-vacancy clusters.14 These clusters
represent a highly efficient utilization of
solutes and can provide true strengthening
without significant dislocation pileups,
thereby diminished toughness. Although
previous resistivity and thermal analysis
work is noteworthy (e.g., Reference 15),
cluster strengthening has remained rela-
tively little studied due to the difficulties in
making direct experimental observations.
APT16–20 has provided the first experimen-
tally based links between direct micro-
scopic imaging of individual atomic
clusters and their dispersions in alloys and
alloy hardening. An atom map of Cu-Mg
co-clusters that form in number densities
of order ~1015 cm−3 in an Al-Cu-Mg alloy
and to which the cluster hardening phe-
nomena is attributed is shown in Figure 1a.

Pre-precipitate atomic clustering pro -
cesses can govern the transformation
pathways toward precipitate nucleation.
This cluster-assisted nucleation22 involves

Introduction
The increasing economic and environ-

mental costs of energy are driving the
design and development of new and
improved structural alloys with remark-
able combinations of physical properties.
The notion of new structural alloys that
are merely stronger or harder than con-
temporary systems may well be a signifi-
cant basis for new alloy development but,
increasingly, it is a novelty in the balance
of various structural properties that is pre-
senting the greatest opportunities. New
combinations of properties that are usu-
ally in conflict with each other, such as
strength and ductility, or enhanced static
and dynamic mechanical properties in
combination with enhanced recyclability,
corrosion resistance, and thermal proper-
ties are of great interest. The capacity of
materials scientists and engineers to
understand and control phase transforma-

tions and related phenomena at the
nanoscale is a key enabler of these tech-
nologies, and thus the challenges in mate-
rials characterization are acute. As
demonstrated in the following selected
examples, atom-probe tomography (APT)
is providing unparalleled insights into the
three-dimensional nanoscale structure,
which is creating new ideas in alloy
design and development.

Phase Transformations
The following three examples illustrate

how APT provided unique insights into
atomistic phenomena of stages of phase
transformation that could not be studied
otherwise: clustering as the precursor to
precipitation in Al, accelerated precipita-
tion during irradiation of Cu-containing
steels, and kinetic pathways in phase
decomposition of Ni alloys. Other exam-



Figure 1. (a) A 3D reconstruction from an Al-1.1Mg-0.5Cu alloy aged at 150°C for 60 s
showing Cu-Mg co-clusters21 and (b) an atom map from an Al-1.7Cu-0.01Sn (at.%) alloy
after solution treatment and aging for 200°C for 3 min. with a θ' plate-like precipitate
nucleating on a β-Sn precipitate. α is the matrix.21
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solute atom and vacancy clusters that pro-
vide appropriate strain and/or chemical
environments to reduce the barrier to
nucleation for particular precipitate
phases. An example, which is of relevance
to the 2XXX series Al alloys that are
widely used in structural engineering and
strengthened by the precipitation of plate-
shaped θ’ (Al2Cu), is provided in Figure
1b. The 3D image reveals a spheroidal pre-
cipitate of β-Sn at the edge of a θ’ precipi-
tate in a model Al-1.7Cu-0.01Sn (at.%)
alloy. In this alloy, very rapid clustering of
Sn atoms leads to precipitation of β-Sn in
a low-energy orientation in the matrix
(e.g., Reference 24). These β-Sn precipi-
tates then serve as highly potent nucle-
ation sites for θ’-precipitates, and the
resulting dispersion of θ’-precipitates is
considerably finer and more uniform than
that for equivalent Sn-free alloys, resulting
in higher strength. This concept has been
extended to many other aluminum alloy
systems, including 2194 and 2024.24,25

Cu Precipitation During Irradiation
of Reactor Pressure Vessel Steels

The embrittlement of the pressure vessel
in a nuclear reactor during service is a
safety concern that also has serious eco-
nomic implications if a reactor must be
removed from service before its planned
end-of-life. Unfortunately, the pressure
vessels of most nuclear reactors have been
found to exhibit a significant deleterious
shift in the ductile-brittle transition tem-
perature during service. This problem
arose due to the use of copper-coated
welding rods during the fabrication of the
reactor vessel, and APT revealed that
 ultrafine copper-enriched precipitates
formed in the matrix during neutron irra-
diation.26 An example of a 2-nm-diameter
copper-enriched precipitate in a neutron-
 irradiated model pressure vessel steel 
(Fe with 0.56%Cu, 1.66%Ni, 1.36%Mn,
0.4%Mo, and 0.4%Si all in wt%) irradiated
to a total dose (fluence) of 1.6 × 1023 neutron
m−2 (with energy E > 1 MeV) at 288°C is
displayed in Figure 2. For such small pre-
cipitates, APT uniquely provides a com-
plete characterization: their size, absolute
composition, and  number density may be
estimated by cluster-finding algorithms
such as the friends-of-friends method.3–7 In
this high copper concentration alloy, the
precipitate size was quantified through
their radius of gyration, which was esti-
mated to be 0.93 nm, and the number den-
sity was 1.9 × 1024 m−3. It is evident from the
atom map that nickel, manganese, and sil-
icon atoms are enriched, and that the pre-
cipitates exhibit a core-shell distribution.27

Detailed analyses of the relative atomic
positions reveal that the solute levels reach

~10 at.% Ni and ~8 at.% Mn at the precipi-
tate-matrix interface.28 It was also estab-
lished that the precipitates coarsen
sufficiently to recover most of the mechan-
ical properties after annealing the reactor
vessel for 168 h at 454°C.29 Sufficient cop-
per remains, however, in solid solution
so that a fresh distribution of copper-
enriched precipitates will form during re-
irradiation, which is important for reactor
life extension.30 To overcome the copper
effect, it is desirable to limit the level of
copper in the steel. Even copper-free or low
copper pressure vessel steels suffer embrit-
tlement, particularly if they contain signifi-
cant levels of nickel and manganese, as
revealed by APT, with high number densi-
ties of ~2-nm-diameter Ni-, Si-, and Mn-
enriched nanoclusters.30 From a correlation
of the changes in mechanical properties
and the progression of the size and num-
ber density with fluence, the condition of

the reactor vessel at its planned end-of-life
and the possibility of plant life extension
can be predicted.

Kinetics Pathways in Ni-Based
Superalloys

The ability to control microstructure
stability of complex alloy systems requires
a deep understanding of the fundamen-
tal aspects of precipitate evolution.
Determining the diffusion pathways in
these complex systems is not a trivial task,
but selecting model systems allows the
experimental and theoretical analyses of
the atomistic phenomena controlling the
temporal evolution of microstructure. In
this context, the Ni-Al-Cr system is partic-
ularly attractive because it is the ternary
alloy system that fundamentally under-
pins commercial Ni-based superalloys
used in both land-based and aeronautical
engines, and its thermodynamic and

Figure 2. A 3D atom map reconstruction of a volume containing a single 2-nm-diameter
copper-enriched cluster in neutron-irradiated pressure vessel steel. The levels of nickel,
manganese, and  silicon are also enriched.28
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kinetic parameters are well-characterized.
The high temperature strength in these
alloys is a direct consequence of the elasti-
cally hard γ ' precipitates of Ni3(AlxCr1–x)
in an fcc chromium-rich γ solid solution.

A high number density (~1024 m−3) of
L12-ordered Ni3(AlxCr1–x) precipitates 
can be formed via a first-order phase
transformation, and APT can follow their
evolution. The γ ' precipitate temporal evo-
lution, as illustrated in Figure 3a, proceeds
in three stages via: (1) nucleation, (2) con-
comitant nucleation and growth, and (3)
concomitant growth and coarsening.31

The γ/γ ' precipitate/matrix interfaces are
visualized using 9 at.% Al isoconcentration
surfaces, Figure 3a. Interestingly, the γ-
morphology is a mixture of individual
spheroidal precipitates and interconnected
precipitates in different stages of coagula-
tion and coalescence.31 Lattice kinetic
Monte Carlo (LKMC) studies, in which
atomistic modeling simulates the evolu-
tion and precipitation of a random solid
solution by a vacancy exchange model,33

demonstrated that this necking phenome-
non of the interconnected precipitates
results from nonequilibrium solute
 diffusion fields of neighboring precipi-
tates. The observed diffusion fields extend
to  distances greater than the  interfacial
width and originate from  long-range
vacancy–solute-binding interactions out to
the fourth nearest-neighbor distance.33

APT analyses also demonstrated that
contrary to classical models for nucleation
and growth, the γ '-precipitates are not at
their equilibrium composition. The time-
dependent concentration profiles are
shown in Figure 3b. Solute (Al,Cr) enrich-

ments decrease continuously with aging.
Detailed thermodynamic analyses34 estab-
lished that the observed Al enrichment
results from the Gibbs-Thomson effect that
relates chemical potential and thereby
interfacial chemistry to interfacial curva-
ture. These were the first detailed APT
observations of this phenomenon for
solid-state precipitates. Alternatively, the
observed Cr enrichment within the precip-
itates is believed to result from kinetic
trapping.35 Within the γ-matrix, a depletion
of Al and an accumulation of Cr adjacent
to the γ/γ ' interface is present and clearly
time-dependent. At 0.25 h, the concentra-
tion gradients extend nearly 3 nm from the
γ/γ ' interface; this is a kinetic effect that
cannot be described by thermodynamics
arguments, and, indeed, the transient Al-
depletion and Cr-accumulation disappear
completely after 16 h, when the system
attains a quasi-stationary state.

Chemistry of Structural Defects
Segregation of alloy elements, trace

additions, and impurities at grain bound-
aries and other interfaces often have
 profound effects on the properties of struc-
tural materials. Many of the effects are
deleterious, for example, an increase in the
ductile-to-brittle transition temperature,
decrease in ductility, increased susceptibil-
ity to intergranular failure, increased sus-
ceptibility to corrosion and stress corrosion
cracking, and loss of creep strength due to
premature cavity formation at the bound-
aries. In some cases, however, the effects of
segregation may be beneficial, for exam-
ple, by improving the bonding across
interfaces or by retarding grain boundary

migration, thus  stabilizing fine-scale
microstructures. Quantitative measure-
ment of the nature and extent of segrega-
tion is extremely difficult by most
experimental techniques because of the
need for very high spatial resolution in the
analysis. Auger electron spectroscopy
(AES) has been widely applied to speci-
mens fractured along the interface to
expose the segregated region for analysis.37

However, AES lacks lateral spatial resolu-
tion, and its depth resolution is limited by
the complexity of the associated ion sput-
tering process and the range of electron
penetration and escape depths.

APT has made major contributions 
to the understanding of segregation
processes, both because of its high spatial
and chemical resolution and single-atom
detection capability, and because it does
not require the specimen to be fractured
prior to examination. This means that non-
embrittling segregants can be studied
directly at the atomic level for the first time,
and the distribution of segregants both in
the plane of the interface and normal to it
can be observed simultaneously. A major
step forward came with the realization that
a concentration profile, taken normal to the
interface, can be used to directly measure
the relative Gibbsian interfacial excess for
any given solute species, either at a grain
boundary38 or at a heterophase interface.39

The Gibbsian excess is a true thermody-
namic quantity relating the excess of solute
atoms at an interface as compared to a bulk
level. This unique measurement method
permits the absolute determination of the
thermodynamic parameters of segregation
and is thus key to obtaining a fundamental
understanding of segregation processes.

As illustrated in the introductory article
in this issue, progress in laser pulse repeti-
tion rate, laser technology, and sample
preparation using dual-beam focused ion-
beam microscope techniques40–42 permits
the routine observations of preselected
grain boundaries, metal/oxide interfaces,
and essential microstructural features con-
trolling fracture strength and corrosion
resistance.

Grain Boundary Segregation
Some examples of grain boundary phe-

nomena that have been studied by APT
include the beneficial segregation of boron
at grain boundaries in nickel-based
alloys43,44 and of zirconium in molybde-
num;45 the stabilization of nanocrystalline
grain structures in nickel46 and cobalt47 by
the segregation of phosphorus; the stabi-
lization of fine grain sizes in ultralow car-
bon steels by the addition of boron,48

niobium,49 or molybdenum;50 the segrega-
tion of boron in Ni-based superalloys51,52 of

Figure 3. (a) Nanostructural evolution in Ni-5.2Al-14.2Cr (at.%) at 873 K is revealed within
10 × 10 × 25 nm3 subsets of the atom-probe tomography reconstructions using 9 at.% Al
isoconcentration surfaces. (b) A proximity histogram36 is used for calculating the average
alloy composition in 0.25-nm-thick shells as a function of distance from the γ/γ ' interfaces.
For these concentration profiles (at select times), the shaded regions emphasize a time-
dependent accumulation of Cr or a depletion of Al into the matrix, adjacent to the γ/γ '
interfaces. Dashed lines denote the plateau concentrations in the precipitate core (left) and
in the matrix far field (right).35
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chromium and tungsten at interfaces in
titanium aluminides;53 the redistribution
of alloy elements at carbide-matrix inter-
faces in steels;54 and the interfacial segrega-
tion of silver at MgO/Cu(Ag) heterophase
interfaces.39 See Reference 55 for a detailed
review of some of these studies.

As an example of grain boundary analy-
sis, atom maps of a grain boundary region
in ZIRLO, a Zr-0.96Nb-0.76Sn-0.18Fe
(at.%) alloy, after a recrystallization heat
treatment, are shown in Figure 4.56 Iron
and niobium segregation are seen in
Figure 4b and 4c. The corresponding
cumulative profiles across the grain
boundary are shown in Figure 4d. Iron,
which is known to be a deleterious impu-
rity in zirconium with respect to corrosion
resistance, is strongly enriched in the
boundary region. The total amount segre-
gated is equivalent to approximately one-
third of a monolayer. The enrichment of
other trace elements and impurities such
as carbon and nitrogen can also be seen,
but no significant segregation of tin occurs.
These results demonstrate the power of
APT to quantify grain boundary segrega-
tion, even in highly complex systems.

Precipitate Interfacial Chemistry
APT has not only transformed the field

of grain boundary studies but also the
approach for studying the local chemistry
of any interface. An example of such 3D
interfacial analysis is found in Al-Sc alloys
that are of interest for high-temperature
applications with the formation of high-
number densities of Al3Sc (L12) precipitates
during thermal aging.57 These precipitates
formed by homogeneous nucleation
exhibit a rhombocubooctahedron mor-
phology with facets on the {100}, {110}, and
{111} planes, as shown in Figure 5a.57 In ter-
nary Al-Mg-Sc alloys, Mg is insoluble in
the Al3Sc phase and remains in solid solu-
tion in the α-Al matrix. High-resolution
electron microscopy revealed a change in
precipitate morphology from faceted to
spheroidal,57 as shown in Figure 5b, while
APT analyses showed that Mg segregates
at the α-Al/Al3Sc interface.58 APT measure-
ments of interfacial segregation were
obtained using the proximity histogram
that averages interfacial properties over a
predefined surface irrespective of its con-
vexity.36 The Mg enhancement at the α-
Al/Al3Sc interface was also modeled
employing first principles,59 as illustrated
in Figure 5d, and the resulting Gibbsian
interfacial excesses from both the experi-
mental and theoretical studies measured as
the area under the peak, are in very good
agreement. A more detailed analysis of
strain energy effects as well as Mg-Mg and
Mg-Sc pair interactions indicated that Mg

Figure 4. 3D reconstructions from a Zr-0.96%Nb-0.76Sn-0.18Fe (at.%) alloy (ZIRLO)
showing (a) all atoms, (b) Fe, and (c) Nb; (d) integral profiles through the grain 
boundary.56

Figure 5. High-resolution transmission electron microscopy images from an Al3Sc
precipitate in (a) Al3Sc (wt%) and (b) Al2Mg-0.2Sc (wt%) alloys.57 The proximity 
histogram from the atom-probe tomography data is shown in (c).58 The measured Mg
segregation at the Al/Al3Sc interface can be compared to the first-principles predictions
displayed in (d).59
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segregation is driven by chemical (elec-
tronic) interactions.59 The combination of
the 3D atomic-scale measurements
obtained by APT with the structural infor-
mation from high-resolution electron
microscopy and the atomistic insight from
first-principles calculations provided a
complete understanding of the atomic phe-
nomena responsible for the behavior of Mg
in the Al-Sc system. More importantly,
coarsening behavior of second phases that
control the thermal stability of the material
is a crucial issue in high-temperature struc-
tural materials. Coarsening could be con-
trolled through two main routes: (1) by
decreasing the driving force for coarsening
by decreasing the precipitate/matrix inter-
facial free energy and/or (2) by decelerat-
ing the kinetics of coarsening by utilizing
slowly diffusing elements partitioning to
the precipitate phase as illustrated in the
APT studies in References 60 and 61.

Segregation of Impurities to
Dislocations

The concept of “solute atmospheres”
was introduced by Cottrell and Bilby in
194962 to explain the role of impurities in
the plastic deformation of alloys. These
Cottrell atmospheres are tiny clouds of
impurity atoms surrounding dislocations
in crystals. Edge dislocations give rise to
an elastic stress field that surrounds the
dislocation line, and solute atoms interact
primarily with the hydrostatic component
of their stress field.

APT investigations of Cottrell atmos-
pheres were made in iron,63 NiAl,64 as well
as in boron-doped FeAl.65 Boron is added to
these alloys to strengthen grain bound-
aries.66 The work on FeAl constitutes the
first experiment using APT where atomic
planes were imaged and dislocations iden-
tified unambiguously. The 3D reconstruc-
tion shown in Figure 6 reveals the presence
of an edge dislocation that is boron
enriched. The Cottrell atmosphere is
aligned along the 〈100〉 crystallographic
direction of the dislocation line. The high
spatial resolution of APT makes it possible
to image the stacking sequence of the super-
lattice (001) planes of this ordered material.
By counting the number of imaged planes
(Burgers circuit construction), an extra half-
plane (dislocation) is found. It is illustrated
in Figure 6 by an extra row of yellow atoms
in the back portion of the selected slice
through the dataset.

The stress field created by dislocations
is the driving force for the migration of
solutes toward dislocations. Interstitial
impurities such as boron generally segre-
gate in the dilated part of edge disloca-
tions (positive size effect), namely below
the dislocation line, whereas undersized

Figure 6. 3D reconstruction of a Cottrell atmosphere in a boron-doped FeAl alloy. A single
layer of Al atoms (Fe atoms are not represented for clarity) is projected to show atomic
planes. The presence of an edge dislocation is indicated by the extra half-plane in the
Burgers circuit. Boron segregates along the line defect, whereas Al is depleted in this region.
(Image courtesy of Dr. E. Cadel).

substitutional atoms (negative size effect)
are likely to migrate toward the com-
pressed regions where the extra half-plane
is located. Experiments indicated that
boron segregated in both the compressed
and dilated regions. This suggests that
boron is partly in substitution sites, there-
fore indicating a negative size effect
(boron atoms are smaller than Fe or Al).
The substitution of boron for Al in FeAl is
supported by the observation of Al deple-
tion along the boron-enriched dislocation
line and in agreement with recent ab initio
calculations.67

Summary and Conclusions
Atom-probe tomography (APT) has not

only revolutionized our approach to alloy
design by revealing phenomena that could
only be hypothesized, such as clustering
phenomena, grain boundary segregation,
nanostructural evolution, and the chem-
istry of buried interfaces, but has also cre-
ated a renaissance in physical metallurgy
by allowing the observations of atoms and
defects in 3D with accuracy never achieved
heretofore. It has thereby permitted the
confirmation of phenomenologically based
theories (e.g., Cottrell atmospheres) and
opened new paths beyond the classical
theories of phase transformations. The
direct comparison of APT data to atomistic
simulations also offers a new approach for
alloy development that is no longer based

on the trial and error technique but
through rigorous design employing
knowledge of atomic interactions.

Acknowledgments
The research reviewed in this article was

originally sponsored, in part, by the UK
Engineering Physical Science and Research
Council, the Australian Research Council,
the U.S. National Science Foundation,
Division of Materials Re search, the U.S.
Department of Energy, Division of
Materials Sciences and Engineering, and
the Scientific User Facilities Division,
Office of Basic Energy Sciences, U.S.
Department of Energy for the Oak Ridge
National Laboratory SHaRE User Facility.

References
1. M.K. Miller, J.M. Hyde, M.G. Hetherington,
A. Cerezo, G.D.W. Smith, C.M. Elliott, 
Acta Metall. Mater. 43, 3385 (1995); J.M. Hyde,
M.K. Miller, M.G. Hetherington, A. Cerezo, 
G.D.W. Smith, C.M. Elliott, Acta Metall. Mater.
43, 3415 (1995); 43, 3403 (1995).
2. F. Danoix, P. Auger, Mat. Charact. 44, 177 (2000).
3. J.M. Hyde, C.A. English, in Proceedings of
MRS 2000 Fall Meeting, Symposium R:
Microstructural Processes in Irradiated Materials,
Boston, MA, 27–30 November 2000, G.E. Lucas,
L. Snead, M.A. Kirk, Jr., R.G. Elliman, Eds., 650,
R6.6.1. (Materials Research Society, Pittsburgh,
PA, 2001).
4. M.K. Miller, E.A. Kenik, Microsc. Microanal.
10, 336 (2002).



Structural Materials: Understanding Atomic-Scale Microstructures

730 MRS BULLETIN • VOLUME 34 • OCTOBER 2009 • www.mrs.org/bulletin

5. D. Vaumousse, A. Cerezo, P.J. Warren,
Ultramicroscopy 95, 215 (2003).
6. L.T. Stephenson, M.P. Moody, P.V. Liddicoat,
S.P. Ringe, Microsc. Microanal. 13, 448 (2007).
7. M.P. Moody, L.T. Stephenson, A.V. Ceguerra,
S.P. Ringer, Microsc. Res. Technol. 71, 542 (2008).
8. M. Murayama, K. Hono, Acta Mater. 47, 1537
(1999).
9. I. Dutta, S.M. Allen, J. Mater. Sci. Lett. 10, 323
(1991).
10. G.A. Edwards, K. Stiller, G.L. Dunlop, M.J.
Couper, Acta Mater. 46, 389 (1998).
11. D.J. Chakrabarti, D.E. Laughlin, Progr.
Mater. Sci. 49, 389 (2004).
12. R.A. Karnesky, M.E. Van Dalen, D.C.
Dunand, D.N. Seidman, Scripta Mater. 55, 437
(2006).
13. C.B. Fuller, D.N. Seidman, Acta Mater. 54,
119 (2006).
14. J.C. Fisher, Acta Metall. 2, 9 (1954).
15. I. Kovacs, J. Lendvai, E. Nagy, Acta Metall.
20, 975 (1972).
16. S.P. Ringer, T. Sakurai, I.J. Polmear, Acta
Mater. 45, 3731 (1997).
17. S.K. Maloney, I.J. Polmear, S.P. Ringer,
Mater. Sci. Forum 331–337, 1055 (2000).
18. E.V. Pereloma, A. Shekhter, M.K. Miller, S.P.
Ringer, Acta Mater. 52, 5589 (2004).
19. M. Murayama, K. Hono, W.F. Miao, D.E.
Laughlin, Metal. Mat. Trans. 32A, 239 (2001).
20. S. Esmaeili, D.J. Lloyd, Scripta Mater. 50, 155
(2004).
21. R.K.W. Marceau, R. Ferragut, A.
Dupasquier, M.M. Iglesias, S.P. Ringer. Mater.
Sci. Forum 519–521, 197 (2006).
22. S.P. Ringer, K. Raviprasad, Mater. Forum 24,
59 (2000).
23. T. Honma, D.W. Saxey, S.P. Ringer, Mater.
Sci. Forum 519–521, 203 (2006).
24. D.J. Lloyd, in Proc. ICAA-9, Brisbane,
Australia, 2004, J.F. Nie, A.J. Morton, B.C.
Muddle, Eds. (Institute of Materials Engineering
Australasia Ltd, Melbourne), p. 107.
25. M. Starink, N. Gao, L. Davin, J. Yan, A.
Cerezo, Philos. Mag. 85, 1395 (2005).
26. M.K. Miller, S.S. Brenner, Res. Mech. 10, 161
(1984).
27. J.T. Buswell, C.A. English, M.G.
Hetherington, W.J. Phythian, G.D.W. Smith,
G.M. Worral, Effects of Radiations on Materials:

14th International Symposium, ASTM STP 1046,
N.H. Packan, R.E. Stoller, A.S. Kumar, Eds., 127
(American Society for Testing and Materials,
Philadelphia, 1990).
28. M.K. Miller, K.F. Russell, J. Nucl. Mater. 371,
145 (2007).
29. M.K. Miller, K.F. Russell, M.A. Sokolov,
R.K. Nanstad, J. Nucl. Mater. 361, 248 (2007).
30. M.K. Miller, A.A. Chernobaeva, Y.I.
Shtrombakh, K.F. Russell, R.K. Nanstad, D.Y.
Erak, O.O. Zabusov, J. Nucl. Mater. 385, 615
(2009).
31. C.K. Sudbrack, K.E. Yoon, R.D. Noebe, D.N.
Seidman, Acta Mater. 54, 3199 (2006).
32. R.A. Karnesky, C.K. Sudbrack, D.N.
Seidman, Scripta Mater. 57, 353 (2007).
33. Z. Mao, C.K. Sudbrack, K.E. Yoon, 
G. Martin, D.N. Seidman, Nat. Mater. 6, 210
(2007).
34. C.K. Sudbrack, R.D. Noebe, D.N. Seidman,
Acta Mater. 55, 119 (2007).
35. C.K. Sudbrack, R.D. Noebe, D.N. Seidman,
in Solid-Solid Phase Transformations in Inorganic
Materials 2005, J.M. Howe, D.E. Laughlin, J.K.
Lee, U. Dahmen, W.A. Soffa, Eds. (TMS, 2005),
vol. 2, p. 543.
36. O.C. Hellman, J.A. Vandenbroucke,
J. Rusing, D. Isheim, D.N. Seidman, Mater. Res.
Soc. Symp. Proc. 578, 395 (2000).
37. P. Lejcek, Surf. Interface Anal. 30, 312 (2000).
38. B.W. Krakauer, D.N. Seidman, Phys. Rev. B
49, 6724 (1993).
39. D.A. Shaskov, M.F. Chisholm, D.N.
Seidman, Acta Mater. 47, 3939 (1999).
40. A.R. Waugh, S.M. Payne, G.M. Worrall,
G.D.W. Smith, J. Phys. 45-C9, 207 (1984).
41. D.J. Larson, D.T. Foord, A.K. Petford-Long,
T.C. Anthony, I.M. Rozdilsky, A. Cerezo,
G.W.D. Smith, Ultramicroscopy 79, 287 (1999).
42. M.K. Miller, K.F. Russell, G.B. Thompson,
Ultramicroscopy 102, 287 (2005).
43. L. Letellier, A. Bostel, D. Blavette, Scripta
Metall. Mater. 30, 1503 (1994).
44. M. Thuvander, M.K. Miller, K. Stiller, Mater.
Sci. Eng. A 270, 38 (1999).
45. M.K. Miller, E.A. Kenik, M.S. Mousa, K.F.
Russell, A.J. Bryhan, Scripta Mater. 46, 299 (2002).
46. M. Abraham, M. Thuvander, M.H. Lane, A.
Cerezo, G.D.W. Smith, in Nanophase and
Nanocomposite MaterialsIII, S. Komarneni, J.C.

Parker, H. Hahn, Eds. (Materials Research
Society Symposium Proc., 2000) 581, 517.
47. P. Choi, M. da Silva, U. Klement, U.
Klement, T. Al-Kassab, R. Kirchheim, Acta
Mater. 53, 4473 (2005).
48. K. Seto, D.J. Larson, P.J. Warren, G.D.W.
Smith, Scripta Mater. 40, 1029 (1999).
49. N. Maruyama, G.D.W. Smith, A. Cerezo,
Mater. Sci. Eng. A 353, 126 (2003).
50. N. Maruyama, G.D.W. Smith, Mater. Sci.
Forum 467– 470, 949 (2004).
51. K. Stiller, J. Phys. C8 (Supp. 50), 329 (1989).
52. D. Lemarchand, E. Cadel, S. Chambreland,
D. Blavette, Philos. Mag. A 82, 1651 (2002).
53. D.J. Larson, M.K. Miller, Mater. Sci. Eng. A
250, 65 (1998).
54. C. Zhu, X.Y. Xiong, A. Cerezo, R.
Hardwicke, G. Krauss, G.D.W. Smith,
Ultramicroscopy 107, 808 (2007).
55. D.N. Seidman, Ann. Rev. Mater. Sci. 32, 235
(2002).
56. D. Hudson, G.D.W. Smith, Scripta Mater.
(2009), in press.
57. E.A. Marquis, D.N. Seidman, Acta Mater.
49, 1909 (2001).
58. E.A. Marquis, D.N. Seidman, M. Asta, C.M.
Woodward, V. Ozolins, Phys. Rev. Lett. 91, 36101
(2003).
59. E.A. Marquis, D.N. Seidman, M. Asta, C.
Woodward, Acta Mater. 54, 119 (2006).
60. C.B. Fuller, D.N. Seidman, Acta Mater. 53,
5415 (2005).
61. M.E. Van Dalen, D.C. Dunand, D.N.
Seidman, Acta Mater. 56, 4369 (2008).
62. A.H. Cottrell, B.A. Bilby, Proc. Phys. Soc.
London A 62, 49 (1949).
63. L. Chang, S.J. Barnard, G.D.W. Smith, in
Fundamentals of Aging and Tempering in 
Bainitic and Martensitic Steel Products 
(Speich Symposium), G. Krauss, P.E. Repas, 
Eds. (Iron and Steel Society, Warrendale, PA, 
1992), p. 19.
64. R. Jayaram, M.K. Miller, Scripta Metall.
Mater. 33, 19 (1995).
65. D. Blavette, E. Cadel, A. Fraczkiewicz, A.
Menand, Science 286, 2317 (1999).
66. M.A. Crimp, K. Vedula, Mater. Sci. Eng. 78,
193 (1986).
67. R. Besson, A. Legris, J. Morillo, Phys. Rev. B
74, 094103 (2006). ■■




