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Abstract

Microstructural Evolution and Strengthening Mechanisms
in Al-Sc and Al-Mg-Sc alloys
Emmanuelle A. Marquis

Al-Sc alloys are potential candidates for structural industrial applications
because of their excellent mechanical properties due to the presence of small, coherent
Al3Sc (L12 structure) precipitates that are formed during aging. Additional Mg alloying
not only enhances the mechanical properties by solid-solution hardening but also
provides corrosion resistance and better weldability. Understanding and controlling the
microstructure, i.e. the temporal evolution of the Al3Sc precipitate morphologies and
the effects of other alloying elements such as Mg, are critical for optimizing
mechanical properties.
First, this research aims at describing the microstructural evolution of the Al3Sc
precipitates during aging using transmission electron microscopies. The effects of Mg
additions on precipitation are described using high-resolution transmission electron
microscopy observations and three-dimensional atom-probe microscopy analyses.
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Results on Mg segregation, on the nanoscale level, at the coherent Al / Al3Sc interface
are presented.
A second goal of this research is to understand the precipitation-strengthening
parameters controlling optimal yield strength at room temperature and creep resistance
at elevated temperature (0.6 Tm), the effects of precipitate size and volume fraction
upon yield and creep strengths of dilute Al-Sc and Al-Mg-Sc alloys are studied. Room
temperature strength is described in terms of precipitate shearing and Orowan
dislocation looping. Creep threshold stresses are found to be about ten times lower than
the yield stresses at 300qC, indicative of a climb-controlled bypass mechanism, which
is modeled by extending existing dislocation-particle interaction models.
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Introduction
To reduce cost and improve energy efficiency, the aerospace and transportation
industries have pushed for the development of lightweight low-cost aluminum alloys
with high strength and good technological properties, such as high corrosion resistance
and good weldability. Finding new alloying elements, to combine different hardening
effects in order to optimize the mechanical properties of aluminum alloys is still an
open field of research. Lithium, for instance, discovered relatively recently as a
promising alloying element for aluminum, motivated numerous industrial as well as
theoretical studies [1]. Scandium, first introduced in the Russian and American
literatures in the 1970s [2], is now being investigated as a potential strengthening
element for aluminum.
Despite its very low solubility in aluminum, scandium contributes significantly
to improving the strength of Al alloys [3]. Scandium also remains in solid-solution
beyond the maximum solid-solubility [4] even at the slow solidification rates involved
in conventional casting. If present in sufficient concentrations, scandium is not only a
potent strengthener, but also a grain refiner and a recrystallization inhibitor [5]. The
microstructures of conventional 2xxx and 6xxx series age-hardenable alloys coarsen
very rapidly, which limits their use temperatures to below 220qC. In contrast, Al3Sc
precipitates are stable against coarsening up to temperatures as high as 300qC, a
significant enhancement in comparison to commercial age-hardening alloys [6].
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The possible further improvement of the mechanical properties of Al-Sc alloys
can be achieved by different methods. Elements with wide ranges of solid solubilities
in aluminum, such as Mg, Li, Zn and Ag, are expected to provide solid-solution
hardening. Additions of other transition elements, such as Zr or Y, that substitute
partially in Al3Sc modify the precipitation, coarsening, and strength of the Al3(Sc,X)
phase [7]. Alternatively, Cu or Li are used to form bimodal distributions of Al3Sc and
Al2Cu or Al3Li [8,9]. High-temperature resistant aluminum alloys, containing
submicron ceramics particles such as oxides or carbides, have very high strengths at
both room and high temperatures [10-12]. However, mechanical alloying or powder
metallurgy processing, used to produce these alloys, increases the cost of the material
significantly.
This study focuses on solid-solution hardening in conjunction with Al3Sc
precipitation strengthening. Magnesium has been chosen for its high solid-solution
strengthening effect and because Al-Mg alloys are widely used as non- aging, ductile,
weldable, and highly corrosion-resistant materials [13]. This research is a fundamental
study of Al-Sc and Al-Sc-Mg alloys in terms of microstructural stability of the Al3Sc
(L12 structure) precipitates, segregation of a ternary addition (Mg) in the matrix near
the precipitates, and high temperature deformation mechanisms. A short background
explaining motivation and objectives for this project is given in Chapter 1. Materials
and experimental techniques are presented in Chapter 2. Results obtained on the
microstructure of the binary Al-Sc alloys are described and discussed in Chapter 3.
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Chapter 4 presents an analysis of the effects of Mg additions on the Al3Sc precipitation.
A model developed for threshold stress in coherent precipitation strengthened alloys is
described in Chapter 5. Mechanical properties of the binary alloys and the changes
induced by Mg additions are presented in Chapters 6 and 7 respectively. Finally,
Chapter 8 summarizes results and conclusions obtained in this study, and possible
future research is suggested.

Chapter 1
Background

1. Precipitation in Al-(Mg)-Sc alloys

1.1. The binary Al-Sc system
The Al-rich primary solid-solution of the Al-Sc binary phase diagram exhibits a
very narrow solid-solubility in equilibrium with the Al3Sc (L12) phase (Figure 1.1)
[14,15]. The maximum solid-solubility of Sc in Al, 0.38 wt.% (0.23 at.%), occurs at the
eutectic temperature (660.0-660.1˚C), which is less than 1˚C below the melting point of
pure aluminum [15]. The Al-Sc supersaturated solid solution decomposes into fine
coherent Al3Sc precipitates with an ordered L12 structure [16]. The relative
crystallographic orientation of the two phases corresponds to the cube-on-cube
relationship, i.e. (100)ppt//(100)matrix, and [010]ppt//[010]matrix. The lattice misfit between
the matrix phase and the precipitate phase at room temperature is 1.36 %. It is defined
as
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where ap = 0.4105 nm is the Al3Sc lattice parameter at room temperature [17], am =
0.40496 nm is the lattice parameter of aluminum at room temperature [6].
In alloys with Sc concentrations greater than 0.55 wt.% Sc, grain refinement
can be obtained through the formation of primary Al3Sc precipitates during
solidification [18]. The morphology of these primary precipitates depends strongly on
the cooling rate and is characterized by faceted growth at low cooling rates and
unstable dendritic growth at high cooling rates [19]. Both continuous and
discontinuous precipitation have been reported: arrays of Al3Sc rod-like precipitates
behind moving grain boundaries and high densities of spherical Al3Sc precipitates
within grains were observed [18,20].

Figure 1.1: Al rich side of the binary Al-Sc phase diagram [15]
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1.2. The Al-Mg-Sc system
In the Al-Mg-Sc ternary system, the mutual solid-solubilities of magnesium and
scandium are reduced when the temperature decreases. The maximum solid solubility
of Mg in Al is 16.8 wt.% (18.6 at.%) at 450qC in a binary Al-Mg alloy [21]; it
decreases to 10.5 wt.% (11.6 at.%) with 0.007 at.% Sc at 447qC [4,22,23]. No complete
and reliable experimental data could be found for the Al-rich corner of the ternary alloy
phase diagram. Toporova [4] calculated the solid-solubility of Sc and Mg in the Al-rich
corner, as shown in Figure 1.2 (a). Pisch et al. recalculated the entire Al-Mg-Sc phase
diagram and found more limited mutual Mg and Sc solid-solubility limits, as shown in
(b). Murray [24] also calculated the Al-Mg-Sc ternary diagram, and pseudo-binary
phase diagrams relevant to this research are presented in Figure 1.3.

(a)

(b)

Figure 1.2: Isotherms of the solvus surface in the Al-Mg-Sc phase diagram: (a) [4] (b)
[25]
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The addition of Mg in solid solution reduces the lattice parameter misfit
between the matrix and precipitates, so that precipitates remain coherent to larger sizes.
For instance, in an Al-6.5 wt.% Mg -0.32 wt.% Sc alloy, the misfit is reduced to G =
0.54%, compared to G = 1.36 % for a pure Al matrix, and coherency loss occurs at sizes
of 62 to 65 nm [4].

(a)

(b)

Figure 1.3: Pseudo binary phase diagrams (a) Al-0.2 wt.% Sc-Mg (b) Al-2 wt.%
Mg-Sc [24]. The dashed lines represent the Al-Sc phase diagram [15,26].

2. Coarsening kinetics
Previous studies of Al alloys containing between 0.2 and 0.5 wt.% Sc have
shown that very fine, coherent, and homogeneously distributed Al3Sc precipitates can
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be formed below 350qC [14,16]. The decomposition of the solid solution follows the
sequence of an initial incubation stage and nucleation, a rapid growth of second-phase
particles, and then a gradual coarsening by Ostwald ripening [16,27,28]. No G-P zones
or metastable precipitates are observed [16]. The coarsening kinetics of the coherent
precipitates obey a Lifschitz-Slyozov-Wagner (LSW) law [29]. The dimensions of the
Al3Sc precipitates depend on the aging temperature, the scandium concentration, and
the aging time. At temperatures below 350qC and for aging times up to 100 hours,
these precipitates are very stable with respect to aging time and their radius the range 4
to 13 nm. The activation energy for scandium diffusion in aluminum was calculated
from coarsening measurements to be 103 kJ.mol-1 [4]. The slow coarsening rate of the
Al3Sc precipitates is partially explained by the very low solid-solubility of scandium in
Al (Figure 1.1). Aging of an Al-0.5 wt.% Sc alloy above 400qC results in rapid
coarsening of the precipitates, which lose coherency when their size exceeds about 20
to 30 nm. After loss of coherency, their shape is reported to be spherical [3]. Through
differential scanning calorimetry analysis, it has been found that Mg has no significant
effect on the precipitation kinetics and volume fraction in an Al-4 wt.% Mg-0.5 wt.%
Sc alloy [30].
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3. Precipitation strengthening in Al-Sc alloys
The strength of aluminum is increased significantly by the addition of
scandium, which forms ordered Al3Sc precipitates interacting with the moving
dislocations. Moreover, the Al3Sc precipitates are known to prevent recrystallization
through the Zener drag mechanism, like Mn or Zn, which produce Al6Mn and Al3Zr
precipitates, respectively; Sc alloying stabilizes small grain sizes and increases the
strength of the material at low temperatures by the Hall-Petch strengthening
mechanism [5].
In the case of the binary Al-Sc alloy, the maximum strength has been found
after an aging treatment in the range 250 to 350qC. Scandium up to 0.4 wt.% increases
the yield strength of the alloy to 250 MPa [2]. The effect of a scandium addition is also
important for Al-Mg alloys, since 0.25 wt.% of scandium increases the yield stress of
Al-5 wt.% Mg from 130 to 240 MPa and the ultimate tensile stress from 290 to 380
MPa [31].
The second-phase particles introduce an increase in yield strength increment for
dislocation glide due to the Friedel-cutting or Orowan-bypassing mechanisms. Cutting
or shearing occurs for small and coherent precipitates. Dislocation bowing between the
precipitates and loop forming occurs when either the precipitates exceed a critical size
or after they lose coherency. Relatively little information exists in the literature on the
deformation mechanisms of Al(Sc) alloys. Taking into account both lattice parameter
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mismatch strains and the anti-phase boundary (APB) energy, Parker [32] concluded
that the experimental room-temperature yield strength of Al(Sc) alloys, containing low
volume fractions of Al3Sc precipitates, is well described by the sum of the theoretical
coherency and order strengthening contributions, i.e., precipitate shearing is the
operational mechanism. Miura et al. [8] proposed that the tensile deformation
properties between 25 and 250qC of an overaged Al-0.23 wt.% Sc alloy, containing
coherent precipitates with an average radius of 7.9 nm, occurs by Orowan dislocation
looping and/or dislocation climb at the particles. Torma et al. [33] concluded that the
Orowan dislocation mechanism operates at room temperature in Al-0.18 and 0.31 wt.%
Sc alloys containing coherent precipitates with radii larger than 4.3 nm.

4. Creep behavior of Al alloys

4.1. Creep of Al-Mg solid-solution alloys
Al-Mg alloys have a higher creep resistance than pure aluminum due to
dislocation-solute atom interactions. Creep of Al-Mg alloys exhibit three distinct
regions of deformation: the low-stress region or region I, the intermediate-stress region
or region II, and the high-stress region or region III, as shown in Figure 1.4 [34]. At
low stresses, the formation of sub-grains and a stress exponent of 5, which suggests a
dislocation climb mechanism, characterize the creep behavior. At intermediate stresses,
creep occurs by viscous glide of dislocations with a stress exponent of 3. The glide
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force is mainly due to Cottrell-Jaswon interactions with solute atoms. The introduction
of an impurity atom necessitates a work directly proportional to the misfit ratio
(solute/solvent size difference), and an atmosphere of solute atoms exerts an elastic
force on dislocations [35]. At high stresses, the mechanism of creep deformation is not
clearly defined. Some authors suggest a dislocation climb mechanism since stress
exponents of 5 are measured [36]. The transition from region II to region III is also
explained by the breakaway of dislocations from their solute-atom atmospheres [34].

Figure 1.4 : Creep behavior of an Al-Mg solid solution [34].
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4.2. Threshold stress
The creep behavior of most particle-reinforced materials exhibits a threshold
stress below which creep deformation for a given deformation mechanism (e.g.
dislocation climb) is not measurable. This threshold stress for dislocation creep, which
is less than the Orowan stress, arises from the interaction between dislocations and
particles. The addition of a second phase hinders dislocation movement under the
assumption that particles are stable with respect to temperature and time and that the
creep resistance of the particles is significantly higher than that of the matrix. Four
possible mechanisms have been considered to explain the presence of threshold
stresses in precipitation- or dispersion-strengthened metals: [37] (a) precipitate
shearing; (b) Orowan dislocation looping; (c) dislocations climbing over precipitates;
and (d) dislocation detachment from precipitates. The classical steady-state creep
equation has therefore been modified, introducing a new parameter, the so-called
threshold stress, Vth, which describes the particle-dislocation interaction [37]:

H

D Gb § V  V th · n
A
¨
¸
kT © G ¹

1. 2

where H is the creep strain rate, G is the matrix shear modulus, b is the magnitude of
the matrix Burgers vector, D is a diffusion coefficient, A is a constant, and V is the
1/ n
applied stress. The threshold stress Vth is defined on a graph of H vs. V , by the
1n
intercept between the creep curve and H

0.
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Particle-hardened aluminum alloys are one of two types: dispersion
strengthened alloys (typically formed by mechanical alloying or powder metallurgy)
and precipitation-strengthened alloys. The different types of particles can lead to
different creep behavior. An alloy containing shearable Al3Li precipitates exhibits the
expected behavior of a pure metal at T = 150qC, with the development of sub-grains
and a stress exponent of 4 to 5 at all applied stresses, explained by shearing of the
precipitates [38]. The presence of precipitates would therefore directly affect the
dislocation velocity rather than stress. Aluminum alloys containing non-shearable
particles exhibit a creep behavior characterized by very high apparent stress exponents,
with values ranging from 18 to 35, and high values of the activation energy, e.g.
coarse-grained Al containing 25 vol.% of 0.3 Pm diameter alumina particles exhibits
high stress exponent of 9 to 12 with values of the threshold stress between 27 and 35
MPa at temperatures between 335 and 450qC [39].
The addition of small oxide particles to a solid-solution alloy was shown to
have no effect on the mechanisms controlling the creep deformation of the solidsolution [40,41]. The role of the particles is to introduce a threshold stress and the
creep behavior becomes a function of an effective stress, which is the applied stress
minus the threshold stress (Eq. 1.4). No thorough study on the creep behavior of
precipitation-strengthened alloys with coherent, nanometer-size particles without
concurrent coarsening exists to date.
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4.3. Are Al-Sc alloys high-temperature alloys?
Most studies involving Al-Sc alloys address fine-grained materials for their
superplastic properties. Very fine-grained Al-Mg-Sc alloys have been tested to tensile
elongation values of 1000% [30,42], and many results have been published on high
strain-rate superplasticity of Al-Mg-Sc alloys with fine grains produced by equalangular channel pressing (ECAP) [43,44]. The presence of Al3Sc precipitates, pinning
the subgrain structure, favors the stability of the microstructure, necessary to obtain
such high elongations [45].
Several authors have tried to incorporate Sc additions to conventional Al alloys
to increase the room-temperature mechanical properties by the presence of Al3Sc
precipitates [5,46,47]. Others have studied the effects of Sc additions on reducing the
coarsening kinetics of the microstructure [4]. Duplex precipitation structures
containing Al3Sc and Al3Li in Al-Li alloys or AlCu in Al-Cu based alloys would
provide both room and high temperatures strengths. The additional effect is the slower
coarsening kinetics of Al3Li by the presence of Sc [48]. The use of scandium has,
however, not been really studied for high-temperature applications. Only one study
concerned itself with coarse-grained Al(Sc) alloys, where the creep behavior of two
Al(Sc) alloys containing low volume fractions of Al3Sc precipitates was investigated
and threshold stresses for creep at 300qC were measured [49].
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This research aims at defining the operational deformation mechanisms in AlSc alloys both at room temperature and high temperatures. A careful examination of
the

microstructural

evolution

of

the

alloys

is

necessary

to

establish

microstructure/properties relationships. The detailed description of the Al-Sc system is
a reference point for more complex multi-component Al-Sc based alloys. Within this
framework, Mg alloying is studied for both microstructural and property changes. The
following chart (Figure 1.5) outlines the accomplished research.
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Figure 1.5: Outline of the research performed

Chapter 2
Experimental procedures and alloys

1. Casting

1.1. Al-Sc alloys
Master alloys, 99.9 % pure Al and Al-0.58 wt.% Sc in amounts corresponding
to a final composition of 0.10, 0.20 or 0.30 (±0.01) wt.% Sc were placed in an alumina
crucible and heated up to about 700qC in air. The Al-0.58 wt.% Sc alloy had been
prepared by dilution of a master Al-1.2 wt.% Sc alloy supplied by Ashurst Inc.. The
melt was stirred several times with an alumina rod to ensure proper mixing and was left
at high temperature for about 2 hours to allow for the dissolution of the Al3Sc phase.
Before pouring into a graphite mold, the liquid was skimmed from the oxide layer. The
mold that had been previously baked in air at 250qC for several hours was placed on a
copper plate at room temperature just before casting to initiate a thermal gradient and
therefore enhance directional solidification of the melt. The chemical composition was
checked for each cast ingot using inductively coupled plasma optical emission
spectroscopy (Galbraith, TN or Luvak, MA).
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1.2. Al-Mg-Sc alloys
The Al-Mg-Sc alloys containing 0.20 (±0.01) wt.% Sc and 2.0 (±0.1) wt.% Mg
(0.12 at.% Sc- 2.2 at.% Mg) were prepared in a very similar way. Pure 99.9% Al and
the Al-0.58 wt.% Sc master alloy were first melted and mixed as above. Pure 99.99%
Mg, wrapped in Al foil (99.9 % purity) was introduced in the melt while stirring.
Casting was then pursued as described above. A level of porosity of 3-5 % was
observed due to either gas evolution upon freezing and/or lack of feeding of
solidification shrinkage. During freezing, a small network of channels forms in
between the dendrite arms. When the liquid freezes in the narrow channels, its flow is
restricted because of the complex geometry of the dendrites and shrinkage occurs.
Addition of magnesium increases the hydrogen solubility in liquid aluminum, which
may also result in porosity during solidification. The last liquid enriched in hydrogen to
solidify is trapped between the dendrites, where gas pores may nucleate. Optical
microscopic observations (Figure 2.1) showed porosity patterns with very fine and
irregularly shaped pores between the dendrites.
Bubbling of dry argon gas in the melt for half hour to remove hydrogen was
attempted. The hydrogen transfers to the bubble, where the partial pressure is initially
zero; it is transported to the surface melt and released. This technique did not lead to
any reduction in the amount of porosity. It was concluded that the observed porosity
was due to volume shrinkage and could be reduced by directional solidification. The
Al-Mg-Sc ingots were re-melted in a steel crucible coated with graphite and directional
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solidification was obtained by the way of a copper rod placed at the bottom of the
furnace in contact with the crucible during solidification. This copper rod, extending
outside the heated zone acted as a heat extractor. Solidification was performed under a
1.5 atm. of argon pressure. The amount of porosity was reduced to less than 0.5 %.

Figure 2.1: Porosity and dendrite structure at the center of a cast Al-2 wt.% Mg-0.2
wt.% Sc ingot

2. Heat-treatments
The Al-0.10-0.30 wt.% Sc alloys were solutionized at 648±1 qC in air for 24
hours, quenched into room-temperature water and aged between 300 and 450qC for
various times to precipitate the Al3Sc phase (Figure 2.2).
Homogenization of the Al-2 wt.% Mg-0.2 wt.% Sc alloys was performed at
618±1 qC for 24 hours (Figure 2.3) to ensure uniformity of the Mg concentration
through the material and erase dendrite structure obtained after solidification. The
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possibility of homogenizing the alloy composition with respect to Mg without
precipitating out the Al3Sc phase comes from the small single-phase region that exists
between 610 and 620qC for the studied composition.
Because of the wide freezing range (about 25qC, Figure 1.3b), Mg segregation
between the dendrites during solidification of the alloy is significant. For complete
segregation disappearance, the homogenization time should be greater than about d2/D,
where d is the dendrite spacing and D the diffusion coefficient of the segregating
species [50]. Considering the average arm dendrite spacing is d=10-4m (Figure 2.4) and
the diffusion coefficient of Mg in Al at 616qC is D=2.6.10-12 m2/s [51], the annealing
time should be longer than about two hour. The samples were quenched into roomtemperature water, and aged in air at temperatures ranging from 300qC to 400qC
(Figure 2.3) and for times between 20 minutes to 1040 hours.

Figure 2.2: Al rich corner of Al-Sc phase diagram [15,26] showing compositions and
heat-treatments used.
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Figure 2.3: Al rich corner of the Al-2 wt.% Mg-Sc pseudo binary phase diagram [24]
and heat-treatments used for the Al-2 wt.% Mg-.0.2 wt.% Sc alloy.

3. Metallography
Samples were polished with diamond paste down to 0.3 Pm and etched with
Keller’s etchant (25 ml HNO3, 1.5 ml HCl, 1.0 ml HF, 95 ml water) to reveal the grain
structure. The absence of primary precipitates was checked by scanning electron
microscopy on polished cross sections. The typical as-cast grain size is 0.5-2 mm
(Figure 2.5). In the case of Al-Mg-Sc alloys, the average dendrite arm spacing before
homogenization is about 100 Pm (Figure 2.4). After homogenization at 617qC, the
dendritic structure is no longer observed. After directional solidification, the ternary
alloy exhibits elongated large grains in the direction of the solidification front (Figure
2.6).
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Figure 2.4: Dendrite structure in an as-cast Al-2 wt.% Mg -0.2 wt.% Sc alloy without
directional solidification

1 mm

Figure 2.5: Grains in an Al-0.2 wt.% Sc alloy

5 mm

Figure 2.6: Grains in a directionally re-solidified Al-2 wt.% Mg -0.2 wt.% Sc alloy;
The direction of solidification is vertical.
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4. Transmission Electron microscopy
Samples were prepared by cutting the alloy into foils with a thickness of 350
Pm. Discs of 3 mm diameter were punched from the foil, mechanically ground to 200
Pm, and then jet electro-polished (Struers Tenupol) with a solution of 5% perchloric
acid in methanol at –30qC, achieved using a bath of dry ice in methanol. Conventional
TEM (CTEM) was performed utilizing a Hitachi 8100 (Northwestern University)
operated at 200 kV; high-resolution TEM (HREM) was performed Hitachi HF2000FEG microscope (Northwestern University) operated at 200 kV and on a Jeol 400EXII
(Argonne National Laboratory) operated at 160 or 200 kV. A relatively low
accelerating voltage (160 kV) was used for the samples oriented in the [110] direction
to minimize radiation damage.
The precipitates are imaged either using centered dark-field with a low-index
superlattice reflection of the Al3Sc phase or indirectly by strain-field contrast using a
centered dark-field image by selecting a fundamental reflection. The number density is
calculated from the number of precipitates per unit area divided by the thickness of the
foil. The number of precipitates per unit area is evaluated with image-analysis software
(NIH Image). The local thickness is calculated from the spacing of the KosselMöllenstadt fringes, which are produced within the disc of a convergent two-beam
electron diffraction reflection (CBED).
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Each average value of the precipitate radius is deduced from a measurement of
more than 200 precipitates. The sizes of the smallest precipitates are determined by
HREM. The accuracy for the precipitate size measurement is 0.4 nm, the interface
being atomically sharp. Some of the HREM images are obtained by using a small
objective aperture and selecting only the eight low-index superlattice reflections of the
Al3Sc phase. This technique allows a clearer view of the shape of the Al3Sc/Al
interface.
In situ straining experiments were conducted using a Gatan single-tilt heating
and straining stage. Specimens with thickness less than 100 Pm were electro-discharge
machined (EDM) and mechanically ground according to the geometry shown in Figure
2.7. A thin central area was obtained by electro-polishing as explained above.

Electron-transparent
area

2.5 mm
 = 1.32 mm

9 mm
11.5 mm

Figure 2.7: Sketch of TEM specimen geometry for in-situ heating and straining
experiments
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5. Field ion microscopy
The atom-probe tips were obtained by a two-step electropolishing sequence of
small cut rods of heat-treated material (10 mm long with a 250u250 Pm cross-section).
Initial polishing using a solution of 30% nitric acid in methanol at room temperature
was performed to shape the rods into long needles with a small taper angle. A solution
of 2% perchloric acid in butoxyethanol at room temperature was used for necking and
final polishing to produce a sharply pointed tip, with a radius of curvature of less than
50 nm (Figure 2.8-8). The voltage was gradually decreased from about 7V to 2V. A
three-dimensional atom probe microscope (Northwestern University) described in [52],
was used for all analyses. Analyses were performed at temperatures below 30 K, with a
chamber pressure of 10-5 torr consisting of a mixture of about 80% Ne and 20% He for
FIM analysis, and ultrahigh vacuum conditions (10-10 torr) for pulsed field-evaporation,
which was performed with a pulse fraction (pulse voltage/steady state dc voltage) of
20% at a pulse frequency of 1500 Hz.

Figure 2.8: Optical micrograph of the 3DAP tip
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Figure 2.9: TEM micrograph of a tip showing the coherency contrast of the Al3Sc
precipitates after aging at 300qC for 5 hours

6. Mechanical testing
Vickers microhardness was measured on polished samples using the average
value of twenty independent measurements made on several grains. Room-temperature
compression tests were performed on the Al-0.3 wt.% Sc alloy to measure its yield
strength. The 4u4u8 mm3 parallelepiped specimens were deformed in a compression
cage at constant cross-head speeds corresponding to strain rates of about 0.03 s-1.
Strains were obtained from the cross-head displacements. Tensile tests were performed
in air at 300qC on the Al-0.15 wt.% Sc alloy at a deformation rate of 0.03 s-1, using a
water-cooled extensometer placed on the gauge length. Tensile creep specimens with a
cylindrical gauge diameter of 4 mm and length of 20 mm were machined from the cast
Al-Sc alloys (Figure 2.10). Cylindrical compression creep specimens, with a diameter to
length ratio of 1:2.2 and a diameter of 10 mm, were machined with their axis parallel to
the solidification direction of the Al-Mg-Sc alloys. Creep tests were performed in air
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under constant load corresponding to stresses in the range 5-70 MPa, and at constant
temperature (225-300qC). For tensile tests, gauge length elongation was measured
utilizing a high-temperature extensometer connected to a linear variable differential
transducer. For compression tests, a superalloy compression cage was used with
platens, lubricated with boron nitride to limit friction at the extremities of the sample.
Connecting rods were also boron nitride lubricated to limit friction in the cage itself.
Displacements of the platens were transmitted to a linear variable differential
transducer using an extensometer. After steady-state deformation was achieved, the
load was increased, resulting in three to five data points for each specimen.

Max 61
Between 7.62
and 10.16
2.54
Between 19.05
and 24.13

I7.95
R- 3.962
External Threads:
5/16-24,
both ends

Diameter between
4.0 +/-0.013

2.29

0.03

Groove:
Depth ~ 1.02

Figure 2.10: Tensile creep specimen (all dimensions in mm)

Chapter 3
Microstructure of Al-Sc alloys

1. Introduction
This chapter presents a study of the nanoscale structural evolution of small
Al3Sc precipitates in three aluminum alloys containing 0.1, 0.2 or 0.3 wt.% Sc (0.06,
0.12, 0.18 at.%) in the temperature range 300 to 450˚C. This study contributes to an
understanding of the governing mechanisms for the evolution of the Al3Sc morphology
during coarsening. HREM observations on Al3Sc precipitates clarify the respective
roles of the elastic strain and interfacial energies for small precipitate sizes.
The equilibrium shape of a coherent precipitate is determined by minimizing
the sum of the interfacial and elastic energies at constant volume. The interfacial
energy, which scales with the surface area of a precipitate, dominates the shape of the
smaller precipitates. The elastic energy, due to the lattice mismatch accommodation
across the coherent interface, scales with the volume of a precipitate and is dominant
for larger-sized precipitate. Precipitates in aluminum alloys exhibit different shapes due
to the anisotropy of the elastic constants and/or interfacial energies. For instance,
platelets are observed in Al(Cu) alloys, and spheres in Al(Li) and Al(Zr) alloys; cubic
28
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precipitates, however, have not yet been reported in aluminum alloys except for the
study on Al(Sc) by Novotny and Ardell [53].
The Al-Sc system can also be compared to the well-studied Ni-Al system, as
the phases have similar crystallographic structures. In both systems, the matrix is FCC
and the precipitates have the L12 structure. The coarsening sequence of the Ni-Al
system has undergone extensive observations showing that the Ni3Al precipitate
morphology evolves from spheres, to cubes, to arrays of cubes, to octets splitting into
smaller precipitates. [54-56] Different attempts to model the strain energy effect
reproduced the spherical to cubic shape evolution and predicted splitting of precipitates
[57-59]. In the Ni-Al system, it is now well established that the morphology of the
precipitates depends on the elastic strain self-energy and elastic interactions among
precipitates, because of the high volume fraction of the Ni3Al phase. The Al(Sc)
system is interesting because the volume fraction of Al3Sc precipitates, compared to
the Ni-Al alloys, is small, but the elastic mismatch is fairly important. The effects of
elastic interactions among precipitates should, therefore, be negligible in the Al-Sc
system, while the elastic strain energy may play a role in the shape evolution of the
Al3Sc precipitates.
A recent CTEM study, investigating the effect of precipitate volume fraction on
the coarsening kinetics, showed that, at low scandium concentration (0.2 wt.% or 0.12
at.%), the Al3Sc precipitates are cauliflower-shaped and evolve to spheres for long
aging times at 350qC [53]. Studies of the Al-Li system have shown a significant effect

30
of the supersaturation on the Al3Li precipitate morphology and evolution [60]. For low
supersaturations, growth instabilities develop resulting in non-spherical morphologies.
A more detailed study of the precipitation of the Al3Sc phase should address the
following questions. What is the exact shape of the smaller 5 to 10 nm Al3Sc
precipitates? How does the precipitate morphology evolve with time and temperature?
What is the effect of Sc concentration on the precipitate morphology? What are the
influences of temperature and Sc supersaturation on precipitation?

2. Results

2.1. Morphology of Al3Sc precipitates in an Al-0.3 wt.% Sc alloy
The shape of an Al3Sc precipitate is a function of size, and therefore of solute
concentration, temperature, and aging time. By aging the Al-0.3 wt.% Sc alloy at
300qC, precipitates with a very small size, that is less than 7 nm in diameter, are
obtained. As seen in the HREM images in Figure 3.1, faceted precipitates are observed
for different aging times. After 6 hours (Figure 3.1.a), faceting is not completely clear
due to the small precipitate size (2 nm diameter). After 72 hours (Figure 3.1.b), facets
on the {100} and {110} planes are more visible. Increasing the aging temperature to
350qC increases the average precipitate size to 6 nm diameter. After 350 hours (Figure
3.1.c), faceting on the {100} and {110} planes is unambiguous. Figure 3.1.c was taken
using a small aperture to select the superlattice reflections of the Al3Sc phase. When
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aged at 350qC for 24 hours, Figure 3.2, the same alloy exhibits slightly larger
precipitates, that is more than 9 nm in diameter. These precipitates are also clearly
faceted on the {100}, {110} and {111} planes. The [100] projection shows {100} and
possibly {110} facets (Figure 3.2.a), while the [110] projection shows {100}, {110},
and {111} facets (Figure 3.2.b).
When the temperature is increased to 400qC, the main faceting on the {100}
planes tends to disappear at the expense of {110} planes, as shown in the HREM
micrograph displayed in Figure 3. 4. The mean precipitate radius is 5 nm. At this same
aging temperature, i.e. 400qC, larger precipitates (40 nm diameter), obtained after long
aging times, form cuboids with the main facets on the {100} planes, as observed by
CTEM in Figure 3.3. No interfacial misfit dislocations could be observed, thereby
supporting the hypothesis of perfect coherency between the Al and Al3Sc phases for
small precipitates.
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(a)

(b)

2 nm

2 nm
{110}

(c)

{100}

2 nm
Figure 3.1: HREM images of Al3Sc precipitates after aging the Al-0.3 wt.% Sc alloy at
300qC: (a) 6 hours, (b) 72 hours, and (c) 350 hours. All the images were taken along
the [100] zone axis.
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(a)

2 d022 = 0.286 nm

d002 = 0.203 nm
d111 = 0.24 nm

(b)

Figure 3.2: HREM images of Al3Sc precipitates obtained by aging the Al-0.3 wt.% Sc
alloy at 350qC for 24 hours: (a) [100] zone axis, and (b) [110] zone axis
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g = 100

200 nm

Figure 3.3: Dark-field image of Al3Sc precipitates in the Al-0.3 wt.% Sc aged at 400qC
for 120 hours: [001] projection

4 nm
Figure 3. 4: HREM image of an Al3Sc precipitate obtained by aging the Al-0.3 wt.%
Sc at 400qC for 1 hour: taken along the [100] zone axis.
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2.2. Morphology of Al3Sc precipitates in an Al-0.1 wt.% Sc alloy
HREM observations of this alloy revealed completely different morphological
features. In the Al-0.1 wt.% Sc alloy aged at 300qC for 72 hours, the observed irregular
shapes suggest an unstable growth of the precipitates. As seen in Figure 3.5, the
precipitate shape exhibits lobes and cusps without an obviously favored
crystallographic orientation. Nucleation in this alloy mainly occurs heterogeneously at
dislocations. After aging at 350qC, the precipitate spatial distribution is highly nonuniform, with both isolated precipitates and arrays of precipitates. At short aging times,
some of the isolated precipitates have cusps with an overall cubic shape. Their sizes
range from 10 to 55 nm. After aging for more than 24 hours at 350qC, the shape of the
isolated precipitates tends to be even more concave. For some of these precipitates, the
cusps are more pronounced indicating splitting of the precipitate (Figure 3.7 and 7).
The precipitates, however, which are organized in arrays, are cuboidal (Figure 3.8). For
long aging times (130 hours at 350˚C), rod-like precipitates can also be seen as shown
in Figure 3.8. The Al3Sc rods appear to be connected to larger cuboidal precipitates.
The rod-like shape in opposition to plate-like shape was confirmed by tilting
experiments.
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10 nm
Figure 3.5: High-resolution image of Al3Sc precipitates in the Al-0.1 wt.% Sc aged at
300qC for 72 hours; taken along the [100] zone axis

100 nm
Figure 3.6: Al3Sc precipitate in the Al-0.1 wt.% Sc alloy aged at 350qC for 145 hours:
[100] projection.
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24 hours

72 hours

250 hours

100 nm
Figure 3.7: Evolution of Al3Sc precipitates in the Al-0.1 wt.% Sc alloy aged at 350qC
for 24, 72, and 250 hours: all pictures are taken along the [100] zone axis. The scale
bars represent 100 nm.
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010

100

100 nm

Figure 3.8: Rod-like Al3Sc precipitate and array of cuboidal precipitates in the Al-0.1
wt.% Sc aged at 350qC for 130 hours: [100] zone axis.

2.3. Coarsening behavior of Al3Sc precipitates
Because of the complexity of the morphologies in the Al-0.1 wt.% Sc alloy
(Figures 3.5 to 3.8), the coarsening kinetics of the Al3Sc precipitates are only
determined in the Al-0.3 wt.% Sc alloy, where the precipitate morphology is more
uniform. The change in the mean value of the precipitate radius, <r>, is measured for
four different aging temperatures, 300qC, 350qC, 400qC and 450qC. For a given aging
temperature, the mean precipitate radius increases with increasing aging time. The
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results are presented in Figure 3.9, where the mean precipitate radius is plotted versus
the cube root of the aging time. As the mean precipitate radius increases, the number
density of precipitates also decreases.
The slopes of the fitted lines for each temperature demonstrate an accelerating
coarsening kinetics with increasing temperature. Loss of coherency, detected from the
presence of interfacial dislocations (Figure 3.10), is also observed when the precipitate
size reaches about 40 nm in diameter.
Aging at high temperatures (above 350qC), and therefore small Sc
supersaturations, produces heterogeneously nucleated precipitates. Arrays of Al3Sc
precipitates, nucleated along dislocation lines, are observed in the Al-0.3 wt.% Sc alloy
when aged above 350qC. The weak-beam dark-field image (Figure 3.11) shows clearly
the dislocations on which the precipitates had been heterogeneously nucleated. In
Figure 3.11.b, a bright-field image shows arrays of precipitates with coherency
contrast.
An increasing Sc concentration leads to smaller precipitate sizes and to larger
number densities, as shown in Table 3.1. After aging at 300qC for 72 hours, the number
density varies from (5±2)u1020 to (4±2)u1022 ppts/m3 for the three Al(Sc) alloys (Table
3.1), which is in good agreement with Hyland’s previous results on the homogeneous
nucleation of Al3Sc precipitates at 288 and 343˚C in an Al-0.25 wt.% Sc alloy. The
effect of scandium concentration on the coarsening kinetics is, however, not reported in
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his article [14]. Assuming a cubic shape, the volume fraction of the Al3Sc phase is
obtained by multiplying the mean precipitate volume by the number density (Table 3.1)
and is 3x10-3 , which is less than the value calculated from the lever law, 7.06 x10-3
(Table 3.3); the latter calculation requires an extrapolation of the extant solvus curve

Average precipitate radius (nm)

data from 375˚C to 300˚C.

300oC
350oC
400oC
450oC

40

30

20

10

0
0

20

40
60
80
1/3 1/3
Aging time (s )

100

120

Figure 3.9: Average precipitate radius (nm) as function of the cube root of the aging
time and temperature.
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Figure 3.10: Two-beam bright-field TEM micrograph of interfacial dislocations at
Al3Sc precipitates in Al-0.3 wt.% Sc alloy aged at 400°C for 120 hours: g = [200]

Dislocation

Precipitates along
dislocation line

(a)

g

(b)

200 nm
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Figure 3.11: Weak-beam dark-field (a) and bright field (b) images of Al-0.3 wt.% Sc
alloy aged at 350qC for 120 hours: g = [200]
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Table 3.1: Mean precipitate radius, <r(t)>, and number density after aging three
different Al-Sc alloys at 300qC for 72 hours.
Alloy

Al-0.1 wt.% Sc

Al-0.2 wt.% Sc

Al-0.3 wt.% Sc

Mean precipitate radius
(nm), <r(t)>

8.8 r 0.5

3.0 r 0.4

2 r 0.4

Number density (ppt/m3)

(5 r 2)u1020

(9 r 2) u1021

(4 r 2) u1022

3. Discussion

3.1. Morphology of the precipitates in an Al-0.3 wt.% Sc alloy
The equilibrium shape of a precipitate is determined by minimizing the sum of
the interfacial and the elastic energies at constant volume. The relative importance of
the interfacial and elastic strain energies can be evaluated, however, through the L
parameter introduced by Thompson et al. [57], which is used to represent the energy
state of a precipitate at equilibrium. It is given by,

L

H 2 C 44 l
J

;

3. 1

where H = 0.0125 is the misfit strain, C44 = 28.5 GPa is an elastic constant of
the matrix, and l = 5 nm is the measured precipitate dimension. The Thompson et al.
model [57] assumes that the matrix and precipitate have the same elastic constants,
which is not the case for the Al/Al3Sc system (see Table 3.2). Nevertheless, using these
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values, L is of the order of 10-1, suggesting that the interfacial energy alone controls the
precipitate morphology.
The equilibrium shape of the Al3Sc precipitates dictated by values of interfacial
energies can be deduced from Wulff plots [61] using values found in the literature.
Hyland et al. [62] calculated, using Embedded Atom Method (EAM) potentials, 33, 51,
and 78 mJ/m2 for the energies at 0 K of the {100}, {110}, and {111} interfaces,
respectively. Using these interfacial energies, a Wulff construction shows that the small
Al3Sc precipitates should be cubic with {100} facets. More recently, Asta at al. [63],
using first-principles calculations, obtained larger values of the interfacial energies;
they are 192 mJ/m2 for the {100} planes and 226 mJ/m2 for the {111} planes at 0 K.
They also concluded that the temperature dependence of the {111} interfacial energy is
important, while the {100} interfacial energy varies weakly with temperature.
According to these results, the Al3Sc precipitates should exhibit facets on the {100},
{110}, and {111} planes and these facets should become less distinct as temperature
increases. Using their values at 0 K and 226 mJ/m2 for the energy of the {110}
interface [64], Wulff plots (Figure 3.12) are constructed to visualize the observed
morphologies. The equilibrium Wulff shape consists of 6 {100} planes (cube), 12
{110} planes (rhombic dodecahedron), and 8 {111} planes (octahedron). This shape is
one of the regular Archimedean solids and is called a Great Rhombicuboctahedron.
Both the [100] and [110] projections of the precipitates reproduce the
experimentally observed shape of the Al3Sc precipitates (Figure 3.12 (b) and (c)). The
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{100} facets are the dominant ones in both the [100] and [110] views. The [110]
projections exhibits similar {111} facets and the small {110} facets can be
distinguished in both orientations (Fig. 3). Our HREM observations of the precipitate
morphology and the ratio of the interfacial energies calculated by Asta et al. [64]
therefore concur. The effect of temperature on precipitate morphology shown in Fig. 4
also agrees qualitatively with their conclusions. The morphology changes observed by
comparing Figs. 1, 3 and 4 also suggest an effect of the precipitate size.
The difficulty in seeing the facets with HREM on the smaller precipitates
(Figure 3.1.a) may correspond to an intermediate stage before the equilibrium
morphology is achieved. The relatively low aging temperature, 300qC, and therefore
the low diffusivity of Sc in Al3Sc could explain why equilibrium has not been achieved
for the shortest aging times; faceting is however clearly apparent after longer aging
times (Figure 3.1 (c) and 4).

3.2. Morphology of the precipitates in an Al-0.1 wt.% Sc alloy
The smaller supersaturation in the Al-0.1 wt.% Sc alloy causes growth
instabilities during the growth of the Al3Sc precipitates. The number density of
nucleated precipitates may be low enough for the precipitates to grow in a
supersaturated matrix before their diffusion fields commence overlapping. The
morphology is then determined by the growth conditions rather than the equilibrium
conditions. Similar observations were made for Al-Li alloys aged at small
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supersaturations [60]. The further evolution of the shape of the large Al3Sc precipitates
exhibits a preferred orientation on the {100} planes, which can be related to the elastic
anisotropy of the matrix (Table 3.2). The <100> directions are the soft directions of the
aluminum matrix, while the <110> directions are the soft directions of the Al3Sc
precipitates [65]. This phenomenon has been discussed by Lee [66]. His twodimensional Monte Carlo simulations demonstrates that the inverse anisotropy of the
elastic constants of the matrix and the precipitate phase leads to a two or four-fold
symmetrical shape of precipitates, with possible splitting along the {100} planes as
shown in Figure 3.13. These results are in qualitative agreement with the observed
Al3Sc shapes exhibited in Figures. 3.6 and 3.7. The morphologies obtained in this alloy
are clearly complicated. The evolution from the shapes observed in Figure 3.5 to the
rod-like shapes (Figure 3.8) or to the splitting shapes (Figures 3.6 and 3.7) remains to
be explained in detail. The arrays of precipitates do not seem to undergo the splitting
transformation, which also suggests that elastic interactions between these closelyspaced precipitates are playing a role.
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(a)

(b)

(c)

Figure 3.12: Wulff’s construction of the Al3Sc precipitate morphology at 0 K based on
first principles values of the {100}, {110} and {111} interfacial energies: (a) three
dimensional precipitate; (b) [100] projection; and (c) [110] projection.

Table 3.2: Elastic constants for pure aluminum and Al3Sc phase [65].
C11a

C12 a

C44 a

Eb

Gc

Ad

Al

108

61.3

28.5

70.7

26.3

1.21

Al3Sc

189

43

66

164

68

0.9

a Elastic constants (GPa)
b Young modulus (GPa)
c Shear modulus (GPa)
d Zener anisotropy factor (dimensionless)
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Figure 3.13: Splitting ([66]): A* and A are the Zener anisotropy factors of the
precipitate and the matrix, K is the ratio of the precipitate bulk modulus to that of the
matrix, H is the misfit parameter, and T is the absolute temperature. The numbers 2M,
10M, etc., refer to the number of Monte Carlo steps.

3.3. Coarsening kinetics
According to Hyland’s results on nucleation of Al3Sc precipitates in an Al-0.25
wt.% Sc alloy [14], the precipitate number density decreases as early as approximately
1000 seconds at 288qC, and after 8000 seconds at 343qC. Therefore, it is reasonable to
assume that the Al3Sc precipitates in our Al-0.3 wt.% Sc alloy are in the coarsening
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stage when aged between 300 and 450qC for times greater than one to two hours.
Assuming that the precipitate shape can be approximated by a sphere and the mean
precipitate radius follows the Lifshitz-Slyozov-Wagner theory then the relevant
equation is given by [29,67]:
3

r ( t )  r0 ( t )

3

kt

;

3. 2

where k is a constant, and <r(t)> is the mean precipitate radius at time t.
A theoretical value of k, for an ideal solid-solution, is given by the following
equation [68]:

k

8c D 1  c D JDVm
2
9RT cE - c D

;

3. 3

where cD is the solid solubility of Sc in Al deduced from solvus measurements
obtained by Jo and Fujikawa [26,27]; cE = 0.25 at. fr. is the solubility of Sc in the
stoichiometric Al3Sc phase; Vm = 1.035u10-5 m3/mol is the average atomic volume per
mol (Vm) of the Al3Sc phase, deduced from Vm = Naa3/4 (Na is Avogadro’s number, a
= 0.4196 nm is the lattice parameter of Al3Sc); D = 5.31u10-4exp(-173 kJ mol-1/RT)
m2s-1 is the tracer diffusion coefficient of Sc in Al [69]; J | 200 mJ/m2 is an
approximate average interfacial energy for the {100}, {110}, and {111} planes [63].
Experimental values of k are determined from a plot of the cube of the
precipitate radius versus the aging time. For plotting purposes, Figure 3.9 shows the
precipitate radius versus the cube root of the aging time; the exponent of t is 1/3 in
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agreement with LSW theory. Table 3.3 gives the scandium solubility for each
temperature and compares the experimental values with the calculated values of k,
showing a reasonably good agreement between the two sets of values (see ]values in
Table 3.3). The value of k obtained at 350qC also agrees with the results obtained by
Novotny and Ardell [53]. Jo and Fujikawa were probably the first persons to conclude
that the coarsening behavior was consistent with LSW theory [27]; however, the
different data analyses do not permit a straightforward comparison of our results with
their k values. The activation energy for diffusion, deduced from Figure 3.14 using
Equation 3, 164±9 kJ/mol, and the activation energy for tracer diffusion of scandium in
aluminum, 173 kJ/mol [69], agree within the experimental uncertainties. The activation
energy for Sc diffusion in Al calculated from first principles is 154 kJ/mol [70], which
is also in agreement with our experimental value (see Table 3.4). The average value of
the pre-exponential factor Do (1.9±0.5u10-4 m2/s) is in reasonable agreement with the
tracer value, 5.31u10-4 m2/s [69].
Even though the mean radius of the Al3Sc precipitates is proportional to the
cube root of the aging time, proving agreement with the LSW theory in detail is
complex. The theoretical distributions of precipitate size are obtained from the LSW
theory and a modified LSW equation taking into account the precipitate volume
fraction [70]. They are compared to our experimental size distributions in Figure 3.15,
which exhibit a reasonable fit between the LSW distributions and our experimental
results. The effect of volume fraction on the coarsening kinetics is negligible in the Al-
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0.3 wt.% Sc alloy [71,72]. Although the Al(Sc) system is almost theoretically a model
system to study precipitate coarsening (low volume fraction of the Al3Sc phase and
small solid-solubility of Sc in the D primary solid-solution), a complete study of
coarsening behavior in this system remains a complicated and challenging problem.
The decreasing number density of precipitates with increasing aging
temperature reflects the decreasing nucleation current with decreasing supersaturation.
From classical nucleation theory, the nucleation current J (number of nuclei per unit
time per unit volume) is [73]
§ 'G
J v ND exp¨ 
¨ RT
©

·
¸
¸
¹

;

3. 4

where N is the number of atomic nucleation sites per unit volume for
homogeneous nucleation (or the number of sites at dislocation lines per unit volume for
heterogeneous nucleation), 'G* is the nucleation barrier (which is inversely
proportional to the square of the volume free energy change 'GV). Assuming an ideal
solution, 'GV is proportional to the logarithm of supersaturation. The supersaturation is
equal to the difference between the overall Sc concentration and the solid-solubility, cD,
at each aging temperature; values are given in Table 3 for the Al-0.3 wt.% Sc alloy.
Reducing the Sc supersaturation by increasing the aging temperature at constant
scandium concentration, appears to favor heterogeneous nucleation of precipitates at
dislocations in the Al(Sc) system. In the case of coherent precipitation, dislocations can
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reduce the contribution of the lattice strain energy and, therefore, lower the activation
energy barrier for nucleation [74,75]. The reversible work for heterogeneous nucleation
at dislocations is to a first approximation given by the contribution of the interfacial
energy of the Al3Sc precipitate and its volume free energy change; the strain energy
being released by the destruction of dislocation line [75,76]. The Al/Al3Sc lattice misfit
being positive, the precipitates are expected to nucleate in the tensile regions of an edge
dislocation.
Coherency loss usually occurs when the precipitate size is large enough so that
its scale is of the order of

n

1
G

;

3. 5

where n is the number of atomic planes in the aluminum phase coming into the
Al/Al3Sc interface, and G, the lattice parameter misfit is equal to 0.0125. Equation (5)
yields n = 80 planes. The spacing between {200} planes is approximately 0.2 nm, so
that the spacing between the misfit dislocations is approximately 16 nm. This value is
in agreement with the observed misfit dislocations for a precipitate radius greater than
20 nm, while 5 nm size precipitates are coherent (HREM).

3.882u10-3
6.96u10-3

1.3564u10-3
7.06u10-3
0.179

Solid-solubility (cD) (at.% Sc)a

Volume fraction of Al3Sc phaseb

Sc supersaturation (at.%)

0.171

6.74u10-3

9.552u10-3

400qC

0.159

6.39u10-3

2.075u10-2

450qC

Calculated k
7.6u10-33
3.7u10-31
1.0u10-29
1.7u10-28
(m3/s)
Measured k
(2.0r0.4)u10-32
(6.89r1.1)u10-31
(1.56r0.12)u10-29
(3.19r0.34)u10-28
(m3/s)
measured k
9
2.65
1.86
1.55
1.85
calculated k
Measured pre-exponential factor,
1.7u10-4
1.6u10-4
2.1u10-4
2.0u10-4
Do, (m2/s)
a
Calculated from the measured solid-solubility equation for Sc in the primary D-solid solution: cD = exp('S/R)exp(-'H/RT),
where 'S is the entropy change of solution ('S/R = 6.57) and 'H is the enthalpy change (62.8 kJ mol-1) for dissolving Sc in
the D-phase [27].
b
Calculated from the Al-Sc phase diagram using the lever rule.

0.176

350qC

300qC

Table 3.3: Solid-solubility of Sc in primary D-phase (cD), volume fraction of the Al3Sc phase, Sc supersaturation,
calculated and measured coarsening factors (k) for the Al-0.3 wt.% Sc alloy for four different temperatures, and the
measured pre-exponential factor, Do, of the Sc diffusivity
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Table 3.4: Pertinent values for the diffusivity of scandium in aluminum

Activation energy for
Sc diffusion in Al
(kJ/mol)
Pre-exponential factor
(m2/s)

Values

Techniques

References

174
154
164r9
5.31u10-4
(1.8r0.5)u10-4

Tracer diffusivity
First Principles calculations
Precipitate coarsening
Tracer diffusivity
Precipitate coarsening

[69]
[64]
This work
[69]
This work

-35

164r9 kJ/mol
-40

-45
0.16

0.17

0.18

0.19

0.2

0.21

0.22

1000/RT

Figure 3.14: Equation 3 is used to obtain the activation energy for coarsening in the Al0.3 wt.% Sc alloy.
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Figure 3.15: Precipitate size distribution functions, g, as measured and as predicted
(LSW and modified LSW theory, full and dashed lines respectively) versus normalized
particle radius, u (ratio of precipitate radius to the mean precipitate radius), after aging
at 300qC for 6, 72, and 350 hours (HREM analysis) and at 400qC for 1 and 5 hours
(CTEM analysis).

Chapter 4
Morphology and coarsening behavior of Al3Sc
precipitates in an Al-Mg-Sc alloy

1. Introduction
Aluminum alloys containing Sc are promising materials for high-temperature
structural applications due to the high strengthening effect of the Al3Sc (L12)
precipitates [4]. Strength improvements and the nanostructural stability of Al-Sc base
alloys are achieved by adding alloying elements, such as Zr, thereby decreasing the
precipitates’ coarsening kinetics [4], and Mg as a solid-solution strengthener [4]. The
effects of Mg, in particular, are important to understand in order to control not only the
specific contribution of Mg to the properties of Al-Sc alloys (strengthening effect and
creep resistance) but also how it changes the nanostructure.
The combined Mg and Sc solid solubilities in Al are reduced compared to the
respective binary Al-Mg and Al-Sc systems. The Al-rich corner of the pseudo-binary
Al-2.2 at.% Mg-Sc phase diagram, calculated by J. L. Murray [24], is shown in Figure
1; note that it exhibits a very narrow solid-solubility range of Sc in Al containing 2.2
56
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at.% Mg, that is, 7.2u10-4 at.% at 300qC. Pisch et al. measured even smaller Sc solidsolubility values, 8u10-5 at.% at 300qC for 2.2 at.% Mg [25].
First principles calculations predict the absence of Mg in the Al3Sc phase [77].
Magnesium was, however, found at up to 5 at.% in the Al3Sc phase after annealing at
350qC for 60 days [78]. J. L. Murray calculated an equilibrium concentration of either 0
at.% Mg or 3.5 at.% Mg substituting for Sc at 300qC for an Al-2.2 at.% Mg-0.12 at.%
Sc alloy [24].
The coarsening kinetics of Al3Sc precipitates between 300 and 450qC in a
binary Al-0.18 at.% Sc alloy are described in detail in references [79,80], and they obey
the (time)1/3 kinetic law of the Lifshitz-Slyozov-Wagner (LSW) theory [29,67], yielding
an activation energy for Sc diffusion in Al of 164±9 kJ mol-1, which is in agreement
with the values obtained from tracer diffusion measurements [26] and first principles
calculations [63]. Through differential scanning calorimetry analysis, it was also shown
that Mg has no significant effect on the precipitation kinetics and volume fraction of
Al3Sc precipitates in an Al-4.4 at.% Mg-0.3 at.% Sc alloy [30]. Similarly, Toporova et
al. [4] studying Al alloys containing 0.24 at.% Sc and 2.77 to 7.2 at.% Mg, by
microhardness measurements, concluded that the precipitation kinetics are not
modified by the presence of Mg, however no coarsening kinetics results, with
precipitate radii measurements, were presented.
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There are a limited number of quantitative experimental studies of the
coarsening kinetics of a second phase in ternary systems [81,82]. Several workers have,
however, developed models describing coarsening kinetics in multi-component
systems. Umantsev and Olson derived a general analytical formulation of the
coarsening kinetics in multi-component systems in the absence of capillarity effects
[83], while Kuehmann and Voorhees [84] solved the problem taking into account the

capillarity effects for ternary alloys with low precipitate volume fractions, and
depending on the partitioning behavior and the diffusivities of the alloying elements,
the coarsening behavior of the second phase can be strongly modified compared to the
binary alloy. The effects of Mg on precipitation and the coarsening behavior of Al3Sc
precipitates in an Al-Mg-Sc alloy needs to be addressed in detail, in light of these
coarsening theories for ternary alloys.
Building on our previous research reporting on the precipitation behavior of
Al3Sc in dilute Al-Sc alloys (Chapter 3), specifically focusing on precipitate
morphologies and coarsening kinetics [79,80], this study focuses on the changes
induced by the presence of Mg on the morphologies and the coarsening kinetics of
Al3Sc precipitates in an Al-22. at.% Mg-0.12 at.% Sc alloy. Observations by
transmission electron (TEM) and high resolution electron (HREM) microscopies, as
well as three-dimensional atom-probe (3DAP) microscopy analyses were performed in
parallel in order to describe the nanostructures and compositions of both D-Al matrix
and Al3Sc precipitate phases as a function of aging time and temperature. A
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complementary article [85] based entirely on 3DAP microscopy analyses of the same
Al-22. at.% Mg-0.12 at.% Sc alloy describes the behavior of Mg during Al3Sc
precipitation; that is, the partitioning behavior between the two phases and segregation
at the coherent D-Al/Al3Sc interface.

2. Results

2.1. Transmission electron microscopy observations
2.1.1. Precipitate morphology
After aging at 300qC, spheroidal Al3Sc precipitates, uniformly distributed
throughout the matrix, are present at a high number density of (4r2)u1022 precipitate
m-3, measured from TEM micrographs (Figure 4. 1). The evolution of the precipitate
morphology viewed along the [100] direction, after aging from 0.5 hr. to 1040 hr. was
observed using HREM. After 0.5 hr, the small precipitates appear cuboidal (Figure 4.
2a). While after 5 hr., the Al3Sc precipitates are more spheroidal and atomic steps can
be discerned along the D-Al matrix/Al3Sc heterophase interface (Figure 4. 2b). Longer
aging times, 1040 hr., lead to larger spheroidal precipitates (Figure 4. 2c). The interface
between the Al3Sc precipitates and the D-Al matrix remains coherent even for the
precipitates with the larger radii (r = 4.2 nm) obtained after aging for 1040 hr.. To
illustrate the effect of Mg additions, the faceted morphology of an Al3Sc precipitate
obtained in an Al-0.18 at.% Sc alloy after aging at 300qC for 350 hours is displayed in

60
Figure 4. 2(d). The coherency state is ascertained by the so-called Ashby-Brown strain
contrast (Figure 4. 1), and no interfacial misfit dislocations could be detected in the
HREM micrographs, which implies that the precipitates are coherent.
When aging is performed at 350qC, the precipitate morphology is also
spheroidal (Figure 4. 3a). After aging at 400qC, the Al3Sc precipitates exhibit more
irregular shapes, illustrated by the small protrusions in precipitates, Figure 4. 3b. Rodlike Al3Sc precipitates, aligned along the [100] or [110] crystallographic directions, are
also observed. These rods are semi-coherent with regularly spaced interfacial misfit
dislocations, at an average dislocation spacing of 30 nm (Figure 4. 3c). When a preaging treatment at 300qC for 24 hr. was performed, before aging at 400qC, the resulting
precipitate morphology appears cuboidal with facets parallel to the {100} planes
(Figure 4. 3d). The D-Al/Al3Sc interface remains coherent for precipitate radii up to
about 15 nm.
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g = [200]

100 nm
Figure 4. 1: CTEM micrograph showing high number densities of Al3Sc precipitates in
an Al-2.2 at.% Mg-0.12 at.% Sc alloy after aging at 300qC for 24 hours: dark-field
image obtained with a 200 reflection exhibiting Ashby-Brown strain coherency
contrast.
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(a)

2 nm

(c)

4 nm

(b)

2 nm

(d)

2 nm

Figure 4. 2: High-resolution electron microscope images ([100] zone axis) of Al3Sc
precipitates in an Al-2.2 at.%Mg-0.12 at.% Sc alloy after aging at 300 °C for: (a) 1800
seconds; (b) 18000 seconds; and (c) 3744000 seconds; (d) Al3Sc precipitate obtained
in an Al-0.18 at.% Sc alloy after aging at 300qC for 350 hours [79].
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(a)

(b)

(c)

(d)

Figure 4. 3: CTEM micrograph of Al3Sc precipitates after aging at: (a) 350qC for 24
hours; (b) 400qC for 2 hours; (c) dark-field weak-beam CTEM micrograph of an Al3Sc
rod-like precipitate showing the interfacial dislocations 400qC for 240 hours; (d) 300qC
for 24 hours; and 400qC for 24 hours. The micrographs a, c, and d are dark-field
images using the 100 superlattice reflection.

2.1.2. Nucleation and coarsening behaviors
Vickers microhardness curves obtained after aging at 300qC or 350qC exhibit
the typical behavior of age-hardening alloys (Figure 4. 4). After an incubation time,
where the microhardness values are constant, the microhardness level increases rapidly
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to a plateau level, and then decreases with increasing aging time. This evolution of
microhardness as a function of aging time is indicative of a precipitation sequence: the
sharp increase of the microhardness values corresponds to the start of nucleation and
growth of the Al3Sc strengthening phase. Peak aging is achieved after about 5 hr.
(18000) at 300qC and 2 hr. (7200 seconds) at 350qC, and the microhardness level is
lower at 350qC than it is at 300qC. The decrease of microhardness level at long aging
times is indicative of precipitate coarsening, when the strengthening mechanism is
controlled by Orowan dislocation looping. Microhardness measurements only allow for
an approximate estimation of the precipitation sequence, as it is an indirect
measurement through strength changes, which depend on both precipitate size and
number density. Average precipitate radii were obtained using both CTEM and HREM,
and Figure 4. 5 and 4.6 display the increasing precipitate radius with increasing aging
time at 300, 350 and 400qC. A pre-aging treatment at 300qC was performed before
aging at 400qC to produce high number densities of precipitates with more regular
morphologies, which allows for the comparison and accurate measurement of
precipitate radii. After aging at 300qC, the average precipitate radius, <r(t)>, increases
with aging time, from 1.1 nm after 0.5 hr. aging to 4.1 nm after 1040 hr., as shown by
representative HREM micrographs in Figure 4. 2. For the same aging times, the
precipitate radius increases, while the precipitate number density decreases when the
aging temperature is increased from 300 to 400qC.
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Figure 4. 4: Microhardness versus aging time at (a) 300qC, and (b) 350qC for an Al-2.2
at.% Mg-0.12 at.% Sc alloy (filled symbols) and an Al-0.12 at.% Sc alloy (open
symbols).
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Figure 4. 5: Mean precipitate radius (<r(t)>) versus (aging time)1/3 (t1/3) at 300qC,
350qC and 400qC (the samples were pre-aged at 300qC for 24 hours), comparing the
coarsening behavior of an Al-0.12 at.% Sc alloy (open symbols) with an Al-2.2 at.%
Mg-0.12 at.% Sc alloy (filled symbols).

2.1.3. Three-dimensional atom-probe microscope measurements
A detailed 3DAP microscopy study of the nanostructural evolution of Al3Sc
precipitates is presented in reference [85]. With respect to the coarsening behavior,
measurements of Sc concentrations in the D-matrix can be obtained from 3DAP
microscopy analyses. The composition of the D-Al matrix was analyzed in tips in the
as-quenched state after homogenization and after aging at 300qC for 0.33 hr. to 1040
hr. The measured concentration values were corrected by subtracting an average value
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of the background white noise (30-100 counts per a.m.u. depending on the analysis).
The Mg concentration in the D-Al matrix is independent of the aging time and is equal
to 2.1 r0.4 at.%, which is very close to the nominal composition of the alloy, i.e. 2.2
at.%. Small fluctuations of the Mg concentration throughout the D-Al matrix were,
however, observed as was expected. The Sc concentration decreases with increasing
aging time from 0.166 r0.005 at.% after homogenization to 0.014 r0.001at.% after
1040 hr., as listed in Table 1.

Table 4. 1: Average composition of the D-Al matrix as function of aging time
Time (s)

Total number
of ions (106)

Al
(at.%)

Mg
(at.%)

Sc
(at.%)

Nominal

-

97.68

2.2

0.12

As quenched

0.8

97.4 r 0.02

2.41 r 0.02

0.166 r 0.005

1200

2.2

97.4 r 0.01

2.46 r 0.01

0.119 r 0.002

1800

1.7

97.6 r 0.01

2.29 r 0.01

0.105 r 0.003

7200

0.66

98.3 r 0.02

1.66 r 0.02

0.045 r 0.003

18000

1.4

97.7 r 0.01

2.26 r 0.01

0.042 r 0.002

86400

0.044

98.4 r 0.06

1.56 r 0.06

0.029 r 0.008

360000

0.55

98.3 r 0.02

1.68 r 0.02

0.016 r 0.002

3744000

0.69

97.6 r 0.02

2.35 r 0.02

0.014 r 0.001
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3. Discussion

3.1. Precipitate morphologies
3.1.1. Morphology after aging at 300qC
The equilibrium morphology of the Al3Sc precipitates observed in the dilute AlSc system after aging at 300qC for 250 hours exhibits facets on the {100}, {110} and
{111} planes [79]. The HREM micrographs of Al3Sc precipitates obtained after aging
the Al-Mg-Sc alloy at 300qC for 1040 hr., however, did not show the same faceted
morphology. The equilibrium shape of a precipitate is determined by minimizing the
sum of the interfacial and the elastic energies at constant volume. The relative
contribution of each term is evaluated using the following parameter [57]:

L

C 44H 2l
;
J

4.1

where J is an average value of the interfacial free energy, C44 is an elastic
constant, H is the lattice parameter misfit, and l is the characteristic size of the
precipitates. It was shown, via Eq. 4.1, that the shape of the Al3Sc precipitates in the
binary Al-Sc system is controlled by the interfacial energy of the system [79,80]. The
addition of Mg increases the lattice parameter of Al [6] and therefore decreases the
lattice parameter mismatch to H = 0.0062 at 300qC; the elastic constants are essentially
constant with Mg additions [86], and the shear modulus is C44 = 28.5 GPa [87]; the
interfacial free energy is also reduced by Mg segregation [85], and an experimental
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value is calculated in Section 4.4, J = 140 mJ m-2. The ratio of the elastic energy to the
interfacial free energy, L, is then equal to 0.06 for a precipitate diameter of 8 nm, and
the morphology of the Al3Sc precipitates in the presence of Mg is therefore also
controlled by the interfacial free energy.
The change in morphology of the Al3Sc precipitates with a Mg addition from
faceted to spheroidal is associated with a change in the value of interfacial free
energies. In particular, the spheroidal morphology observed after aging at 300qC for
1040 hrs. indicates that the dependence of the interfacial free energies on
crystallographic orientation is reduced. In particular, as suggested by a Wulff plot, the
reduction of the {100} facet lengths would correspond to a smaller decrease of {100}
energy relative to the interfacial energies for the {110} and {111} facets, leading to a
more rounded or spheroidal morphology. The decrease of an average value of the
interfacial free energy is demonstrated by the segregation of Mg at the D-Al/Al3Sc
heterophase interface, as described in reference [85].
The surprising faceted morphology, as observed by HREM, of the smaller
precipitates (r = 1.1 nm) can be explained by the discrete crystallographic lattice
observed by HREM, where any small “spherical” object appears faceted. This
geometry also suggests that classical nucleation theory, which assumes that small
nuclei of the precipitating second phase are spherical may not be valid in this system
when considering the earliest stages of decomposition.
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3.1.2. Morphology after aging at 400qC
Growth instabilities have previously been observed in the dilute binary Al-Sc
system, as the Sc supersaturation decreases [53,79,80], and the shapes observed in this
Al-Mg Sc alloy are comparable to the shapes that we observed in the binary Al-0.12
at.% Sc alloy aged at 350qC [53,79,80]. The hypothesis of shape instability is confirmed
by the more regular shapes obtained after an initial aging at 300qC followed by a
second aging at 400qC. The development of growth instabilities is most likely due to
the lower number density of precipitates and concomitant decreased diffusion fields at
early times, so that the precipitate morphology is controlled by growth conditions. The
decreasing number density of precipitates with increasing aging temperature reflects a
decreasing nucleation current with decreasing supersaturation. Aging at 300qC
increases the Sc supersaturation and therefore increases the driving force for
nucleation, thereby producing a higher number density of precipitates because of a
higher nucleation current than that formed by a direct treatment at 400qC.
The development of rod-like Al3Sc precipitates, about 300-500 nm in length,
with irregular widths suggests formation by coalescence of existing precipitates, as
suggested in references [88,89]. Coherency loss may occur when the precipitate size is
large enough and the spacing between the misfit dislocations is of the order of a H ,
where H | 0.83% is the lattice parameter misfit at 300qC between the D-Al matrix
containing 2.2 at.% Mg and the Al3Sc phase [6,90], and a | 0.2 nm is the spacing
between {200} planes. The calculated equilibrium dislocation spacing is then 32 nm, in
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good agreement with the experimental interfacial dislocation spacing observed for the
rod-like precipitates (Figure 4. 3).

3.2. Nucleation
Figure 5 compares the time dependencies of microhardness of the Al-2.2 at.%
Mg-0.12 at.% Sc alloy with a binary Al-0.12 at.% Sc alloy. The increase in
microhardness occurs at slightly earlier times in the ternary alloy than in the binary
alloy, at both 300 and 350qC; the time difference being about 500 seconds (0.139 hr).
This is possibly due to heterogeneous nucleation of Al3Sc precipitates on
homogeneously distributed Mg-Sc dimers, as discussed in reference [85].

3.3. Coarsening behavior
3.3.1. Assumptions of the LSW theory
The theory developed by Kuehmann and Voorhees (KV) [84] to describe
Ostwald ripening of second-phase spherical precipitates in a ternary system employs
several assumptions that need to be discussed for the case of the Al3Sc precipitates in
the Al-Mg-Sc system. First, the coarsening behavior of the Al3Sc phase is studied for
precipitates with close to spherical morphologies, that is, precipitates obtained after
aging at 300, 350, and 400qC, with a pre-aging treatment at 300qC for 24 hr. for the
latter aging temperature.
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Second, it is assumed that no competing mechanisms contribute to the overall
increase of the precipitate dimensions. In particular, nucleation and growth of the
precipitates are terminated and coarsening occurs by diffusional mass transfer from
small precipitates with high interfacial curvatures to larger precipitates with lower
interfacial curvatures. According to reference [14], the number density of Al3Sc
precipitates in a binary Al-0.12 at.% Sc alloy commences decreasing for an aging time
longer than about 104 seconds (2.78 hr.) at 288qC and 2u103 seconds (0.56 hr.) at
343qC, which indicates that nucleation of new Al3Sc precipitates is complete and the
system has reached the coarsening regime. In considering the coarsening behavior,
experimental data are therefore recorded for aging times longer than about 3600
seconds (1 hr.).
The composition of the coarsening Al3Sc phase is assumed to have reached its
equilibrium bulk value, c Ee f

as given by the phase diagram. The measured

compositions (3DAP microscopy) of all the Al3Sc precipitates is indeed close to the
stoichiometric composition, even at the shortest aging times, and the variations with
aging times of the Sc concentration in the Al3Sc phase, as reported by Sano et al. [16]
employing

one-dimensional atom-probe microscopy, are not confirmed. The

composition of the Al3Sc precipitates is also uniform within the precipitate volume
[79,80]. No Sc precipitates with non-stoichiometric composition were ever observed.

The off-diagonal terms of the diffusion tensor are neglected, which implies that
diffusional interactions between Sc and Mg are neglected. The similar behavior of the
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coarsening kinetics measured in the binary Al-Sc and ternary Al-Mg-Sc systems
confirms this assumption.
In the mathematical treatment of coarsening, the system is considered to be in
steady-state, that is, t of, and in this asymptotic time limit, the time dependencies of
the mean precipitate radius, <r(t)>, and the Sc concentration in the matrix, CeD(t), are
given by [29,67,91]:
rt

n

 r to

D
D
f
c Sc
t  c Sc

n

k KV t  t o ;
N KV t m

;

4.2
4.3

D
f is the solid-solubility of Sc in the D-Al phase at the
where n = 3 and m = -1/3; c Sc

aging temperature; and kLSW and NLSW are rate constants, which are dependent on the
detailed thermodynamics of the system, the average interfacial free energy, and the
diffusion coefficients of Mg and Sc in Al. Equations (4.2) and (4.3) exhibit the same
time dependencies for both binary and ternary systems, albeit with different kinetic rate
constants. The agreement between the experimental data and the theoretical predictions
is discussed in the following paragraphs.
3.3.2. Time evolution of the precipitate radius
The form of Eq. (4.2) implies two variables, n and <r(to)>. To analyze this
system for the experimental data points, <r(to)>3 is neglected and therefore Eq. (4.3)
becomes r t

n

# k KV t , which implies that a log-log plot of the average precipitate
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radius versus aging time yields a slope of 1/n. The experimental slopes are somewhat
lower than the value 1/3, anticipated for the coarsening regime obeying the LSW-KV
theory (Figure 4. 6). In both the Al-Sc and Al-Mg-Sc alloys, the coarsening constant
increases with increasing aging temperature (Table 4.2). A few authors have also
reported lower values of the coarsening exponents, in particular for the coarsening
behavior of Ni-Al alloys [92], where Ti additions affect the coarsening rate. This also
occurs in dilute Al-Sc-Zr alloys [93], where local thermodynamic equilibrium has not
been achieved due to the small diffusivity of Zr in Al at 300qC, as shown by the
evolving compositions of the Al3(Sc1-x,Zrx) precipitates. Slopes smaller than 1/3, as
determined from Figure 4. 6, could be an indication that the system is in a transient
coarsening regime or that the exact diffusion mechanisms (that is, the off-diagonal
terms in the diffusion tensor may be significant) by which coarsening takes place need
to be taken into account to explain the coarsening kinetics. In particular, Monte Carlo
simulations with a vacancy diffusion mechanism accounting for possible asymmetries
in the vacancy mobility and concentrations between precipitate and matrix phases
predict smaller time exponents [94]. A possible explanation for the fact that the slopes
are closer to 1/3 at 350 and 400qC than at 300qC is that the assumption of steady-state
is not achieved for the lower temperatures due to slower diffusion, but is obtained
when aging at 350 and 400qC. This ternary system is, however, assumed to follow the
assumption of steady-state coarsening described in reference [84] for all aging
temperatures.
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The coarsening kinetics increase as the aging temperature increases, as shown
by the increasing slopes of the fitted curves in Figure 4. 5. The average precipitate size
is larger for the Al-2.2 at.% Mg-0.12 at.% Sc alloy at 300 and 350qC than for the
binary Al-0.3 wt.% Sc alloy. The inverse trend at 400qC may arise from the different
initial conditions; the binary alloy was directly aged at 400qC, whereas the ternary
alloy underwent a pre-aging treatment at 300qC. The smaller Sc supersaturation in the
ternary alloy associated with a smaller driving force (Fig. 1.3) leads to a smaller
number density of Al3Sc precipitates and larger precipitates.
Table 4.3 presents the measured values of the kinetic rate constants and a
comparison between the coarsening kinetics of the binary Al-0.18 at.% Sc [79] and the
ternary Al-2.2 at.% Mg 0.12 at.% Sc alloys; no significant changes in the kinetic
constants at 300, 350 and 400qC are observed. Better agreement with the asymptotic
solution of the LSW-KV theory is, however, found for the binary Al-Sc alloy than for
the ternary Al-Sc-Mg.

Table 4. 2: : Coarsening exponents measured from the plots displayed in Fig. 6 for
the Al-0.18 at.% Sc and Al-2.2 at.% Mg-0.12 at.% Sc alloys at three different aging
temperatures.
300qC

350qC

400qC

Al-0.18 at.% Sc

0.18 r0.01

0.3 r0.02

0.27 r0.01

Al-2.2 at.% Mg-0.12 at.% Sc

0.16 r0.02

0.19 r0.03

0.26 r0.06
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Figure 4. 6 Log-log plot of the average precipitate radius (<r(t)>) as function of aging
time at 300, 350 and 400qC in the Al-2.2 at.% Mg-0.12 at.% Sc (filled symbols) and
the Al-0.18 at.% Sc alloys [79] (open symbols) versus aging time, illustrating the value
of the coarsening exponent.

3.3.3. Temporal evolution of the Sc matrix concentration
As the Al3Sc precipitates coarsen, the Sc concentration in the matrix
systematically decreases, as observed by 3DAP microscopy (Table 4.1). The Sc
concentration in the D-Al matrix first exhibits a steep decrease between 0.33 and 0.5
hours (1200 and 1800 seconds). (Figure 4. 7), corresponding to nucleation and growth
of Al3Sc precipitates. It also corresponds to the sharp increase in microhardness
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displayed in Figure 4. 4(a). After 0.5 hours (1800 seconds), the Sc concentration slowly
decreases. The data are plotted in Figure 4. 8 according to Eq. (4.3). To check the
agreement between the experimental data and the LSW theory, m is first taken equal to
D
f , which is
-1/3 to calculate a value of the equilibrium Sc concentration in D-Al, c Sc

the intercept of the fitted line and the solid-solubility axis in Figure 4. 7, this
corresponds to t = . The extrapolated value of the solid solubility is (8.9 r3)×10-3
at.% Sc, and the rate constant țKV is (7.6 r1)×10-3 at.fr. s1/3. Previous data obtained by
Sano et al. [16] on an Al-0.25 wt.% Sc alloy aged at 300qC, using a one-dimensional
atom-probe microscope, lead to a higher value, that is, 1.5×10-2 at.% Sc, even though
their data do not agree with the present measurements. The two atom-probe
microscopy measurements of the Sc solid-solubility are higher, however, than the value
calculated from thermodynamic data or resistivity data; that is, the Sc solid-solubility
in Al-2 wt.% Mg at 300qC is 7.2×10-4 at.% assuming no solubility of Mg in Al3Sc and
4.8×10-4 at.% if the Mg solubility in the Al3Sc phase is finite. according to Murray [24].
In binary Al-Sc alloys, the solid-solubility at 300qC is 1.7×10-3 at.% Sc according to
Fujikawa [26]. The advantage of 3DAP microscopy over resistivity measurements is
the direct determination of concentration values, which do not require a calibration

>

@

D
D
f versus aging time, and
t  c Sc
procedure. Figure 9 displays a log-log plot of c Sc

the slope of the fitted straight line, –0.35 r0.05, is very close to the theoretical value of
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–1/3, predicted by the Kuehmann-Voorhees theory for a ternary alloy. The measured
value of the coarsening constant is then țKV = (8.8 r1)×10-3 at.fr. s1/3.

Figure 4. 7: Scandium concentration in the D-matrix (cScD(t)) as function of (aging
time)-1/3 at 300qC.
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Figure 4. 8: Log-log plot of the scandium concentration in the D-matrix (cScD(t)) versus
aging time (t)

3.3.4. Interfacial free energy and diffusion coefficient
The coarsening rate constant, kKV, for the precipitate radius evolution in a
ternary alloy is given by [84]:

k KV

8JVm
9/

;

4.4

where Vm = 1.035u10-5 m3 mol-1 is the average atomic volume per mol of the
Al3Sc phase, deduced from Vm = Naa3/4 (Na is Avogadro’s number, a = 0.4196 nm is
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the lattice parameter of Al3Sc [90]), J is an average interfacial free energy at 300qC,
and the coefficient / is given by:

/

'c Mg
'c Sc
''
''
''
'
'c Sc G ScSc
 'c Mg G ScMg

'c Sc G ScMg
 'c Mg G 'MgMg
D Sc
D Mg

;4.5

where 'c i cEi r  c iD r | cEi f  c iD f ; c iD / E r are the concentrations in the D and E
phases near the precipitate interface; and c iD / E f are the concentrations far from the DAl/Al3Sc interfaces. This approximation implies that a possible enhancement of solute
concentration at the curved precipitate interface, due to the Gibbs-Thompson effect or
segregation phenomena, are negligible in the evaluation of the 'c i . The Sc
concentration in the D-Al matrix, at any aging time, is negligible compared to the Sc
concentration in the precipitates, c ESc = 27.4 r1.5 at.% , which is invariant with time,
within the experimental error, from the earliest time (0.33 hr. or 1200 s) to the latest
coarsening time (1040 hr. or 374400 s) as measured by 3DAP microscopy [85], and
'c Sc

Al 2.2 Mg
| c ESc . The Mg concentration in the D-Al matrix is also a
c ESc  c Sc

constant; the Mg concentration in the precipitates is, however, evolving as shown in
reference [85], but for simplicity purposes it is taken to be equal to c EMg = 0 at.%. The
G ij'' are the second derivatives of the Gibbs free energy with respect to the

concentrations of i and j, with i,j = Sc, Mg; the Dis are the diffusion coefficients of Sc
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and Mg in Al-2.2 at.% Mg. Assuming the D-Al phase is described by dilute ideal solidsolution theory, the derivatives of the Gibbs free energy are given by:
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The kinetic rate constant NKV describing the Sc concentration in the matrix is
given by [84]:

N KV
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From measurements of both precipitate radius and matrix solute concentration
evolution as a function of aging time, it is possible to calculate an average value of the
interfacial free energy and a value of the diffusion coefficient at 300qC, independently
of one another, as first shown by Ardell for a binary alloy [95]. Using Eqs. 4.4-4.9, the
relationship for the interfacial free energy is given by:
1
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and the diffusion coefficient DSc in the ternary alloy is obtained from:
''
''
D
D ''
D
D
D ''
D
4 N KV 'c Sc 'c Sc G ScSc  'c Mg G ScMg  'c Mg 'c Sc G ScMg  'c Mg G MgMg
2
D
9 'c Sc
3 'c D
k KV
Sc
D
'c Sc

D Sc

D ''
''
'c Sc
G ScSc  'c D
Mg G ScMg 

'c D
Mg
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4.11

D ''
''
'c Sc
G ScMg  'c D
Mg G MgMg

Since 'cSc # 0.25 >> 'cMg # 0.022 , and DSc<<DMg at 300qC (Table 4.1), Eq.
4.11 simplifies to:
2

D Sc
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D
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D
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D
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Mg G ScMg  'c Mg 'c Sc G ScMg  'c Mg G MgMg
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D
f
The experimental values of the equilibrium Sc solid-solubility, c Sc

=

8.9×10-5 at.fr., the kinetic constant for the time dependence of the Sc concentration in
the matrix, NKV = 7.6·10-3 at.fr. s1/3 (Figure 4. 7), and the coarsening constant for the
time dependence of the precipitate radius, kKV= 1.69·10-32 m3 s-1 (Figure 4. 5), yield a
diffusion coefficient of (1.4 r0.6)u10-20 m2 s-1 and an interfacial free energy of 135 r36
mJ m-2. Assuming a lower Sc solid-solubility value, for instance, the values given by
the thermodynamic assessments, 7.2×10-6 at.fr. [24], the interfacial free energy
becomes extremely high, 1.68 J m-2, which lends credence to the high experimental
values of the Sc solubility at 300qC, as compared to the value calculated from
assessments of the thermodynamic data.
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Our calculated value of the Sc diffusion coefficient at 300qC is reasonable,
since the diffusion coefficient for Sc in pure Al at 300qC is 8.8·10-20 m2 s-1 [69], which
differs only by a factor 6.
The value of the interfacial energy, 135 r36 mJ m-2, is high, characteristic of
the Al-Sc system [79,80]. It is also comparable to the value obtained from firstprinciples calculations [63]. And taking into account the effect of Mg segregation at the
D-Al matrix/Al3Sc interface [85], a decrease in the interfacial free energy in the ternary
Al-Mg-Sc system is anticipated. The decrease in interfacial free energy can be
estimated using [96]:

rel
*Mg

§ wJ
¨
¨ wP Mg
©

·
¸ ;
¸
¹ T, P

4.13

rel
where *Mg
is the relative Gibbsian excess of Mg with respect to Al and Sc, and PMg is

the chemical potential of Mg. Assuming an ideal solid-solution, the chemical potential
is P Mg

P o  k BT ln c Mg , and it yields the following expression:
§ wJ
¨
¨ wc Mg
©
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¸
¸
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At 300qC, the measured relative Gibbsian excess of Mg with respect to Al and
rel
= 1.9 atom nm-2 [85], and the average Mg concentration in the matrix is cMg
Sc is *Mg

= 2.2 at.%. The concentration dependence is then -70 mJ at.fr-1 m-2, and the decrease in
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interfacial free energy due to the presence of 2.2 at.% Mg in the matrix is 15 mJ m-2,
yielding an overall interfacial free energy of 160 mJ m-2, when taking J = 175 mJ mol-1
at 300qC in an Al-Sc alloy [63].
The smaller calculated values of the diffusion coefficient of Sc in Al and of the
interfacial free energy as compared to the binary Al-Sc system should lead to slower
coarsening kinetics according to Eq. 4.3. The experimental data do not, however,
exhibit any significant differences between the binary and ternary data, the reason
being the small number of data points and the shorter aging times employed in this
study.
The calculated coarsening constants obtained using Eqs. (4.4-4.8) and the
values of J and DSc are presented in Table 4.3, and they show relatively good
agreement with the measured values. The calculated value of NKV at 300qC is 1.6×10-3
at.fr. s1/3, and the measured value is 7.6×10-3 at.fr s1/3, which implies a factor 4.3
greater than the calculated value. This is because the second derivative of the free
energy is most likely overestimated by employing an ideal solid-solution model.
Equation (4.3) therefore implies that the value of the interfacial free energy derived
above is also an upper bound, whereas the value of the diffusion coefficient of Sc in Al
at 300qC obtained from Eq. (4.13) is a lower bound.
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Table 4. 3: Solid-solubility of Sc in primary D-phase (CeD(f)) and in the Al3Sc
phase (CeE(f)); solid-solubility of Mg in primary D-phase and in the Al3Sc phase;
diffusion coefficient of Mg and Sc in Al; calculated and measured coarsening
factors (k) for the Al-2.2 at.% Mg-0.12 at.% Sc alloy for three different
temperatures.
300qC

350qC

400qC

8.9 r3 u10-5

-

-

7.20 u10-6

2.28u10-5

6.00u10-5

0.274 r0.016

-

-

0.25

0.25

0.25

0

-

-

8.84 u10-20

1.63 u10-18

1.95 u10-17

1.62 u10-16

1.46 u10-15

9.44 u10-15

1.6 r0.7 u10-

1.3 r0.1 u10-

8.3 r0.2 u10-

Calculated kKV (m3 s-1) e

3.4 u10-33

2.0 u10-31

5.9 u10-30

Measured k Calculated k

4.7

6.5

1.4

2.0r0.4 u10-32

6.9r1.1 u10-31

1.6r0.12 u10-29

0.8

1.9

0.5

7.6 r1 ×10-3

-

-

1.4 ×10-3

-

-

Measured solid-solubility of Sc in
Al-2.2at.% Mg (this work)
Calculated solid-solubility of Sc in
Al a
Measured solid-solubility of Sc in
Al3Sc b
Calculated solid-solubility of Sc in
Al3Sc a
Calculated solid-solubility of Mg
in Al3Sc a
Diffusion coefficient of Sc in Al
(m2 s-1) c
Diffusion coefficient of Mg in Al
(m2 s-1) d
Measured k (m3 s-1) (this work)

32

30

30

3 -1

Measured k (m s ) in the binary
Al-0.3 wt.% Sc alloy f
Measured ternary k Calculated binary k

Measured NKV (at. fr. s-3) (this
work)
Calculated NKV (at. fr. s-3) g

a Murray [24]
b [85]
c Fujikawa [69]
d Rothman et al. [51]
e
Using Eqs. (4.4)-(4.8), and the calculated solid-solubility of Sc
f Marquis and Seidman [79]
g
Using Eqs. (4.5)-(4.9), and the calculated solid-solubility of Sc

Chapter 5
Effects of Mg on the nanoscale evolution of Al3Sc
precipitates

1. Introduction
Despite its very low solid-solubility in aluminum, scandium contributes
significantly to improving the strength of Al alloys, having the highest strengthening
effect, on a per atom basis, of all the elements that can be dissolved in Al [4]. Even
though the slow coarsening kinetics of the Al3Sc (L12) precipitates makes these alloys
potential candidates for high-temperature applications [97], the strength of the binary
Al-Sc alloys is, however, not sufficient for structural applications, and magnesium
alloying not only provides additional solid-solution hardening but also corrosion
resistance [6]. Studying the effects of Mg additions on Al3Sc precipitation in Al-Sc
alloys is therefore important for optimizing the mechanical properties of these multicomponent alloys. From a fundamental viewpoint, addition of Mg to the D-Al/Al3Sc
system, where Mg is in solid solution in the D-Al matrix, constitutes a simple and welldefined system for studying heterophase segregation. Very few detailed and
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quantitative results on heterophase segregation phenomena in the solid-state have been
obtained, [98,99] and the Al-Mg-Sc system brings new insights concerning the driving
force for segregation of a solute species at a coherent heterophase interface, as ab initio
calculations show that it is mainly of electronic nature and not elastic [100].
Atom-probe field-ion microscopy (APFIM) provides quantitative chemical
information of an analyzed specimen on an atom-by-atom basis, and is complementary
to high-resolution electron microscopy (HREM) and small angle x-rays scattering
(SAXS) experiments, for the study of complex precipitation processes in aluminum
alloys. The atomic scale resolution of this technique makes it uniquely suited to
examine the effects of microalloying and of solute interactions, as demonstrated by the
results obtained by Ringer et al. employing three-dimensional atom-probe (3DAP)
microscopy, on precipitation processes in aluminum alloys [101].
This research builds on our initial results obtained by HREM (Chapter 4),
showing that Mg additions alter the morphology of Al3Sc precipitates, i.e., the {100}
and {110} facets disappear and the precipitates become spheroidal [102]. Asta et al.
recently published first-principles calculations demonstrating significant Mg
segregation at coherent {100} D-Al/Al3Sc coherent interfaces [77]. The effects of Mg
alloying on the precipitation of Al3Sc precipitates are investigated, with this study
focusing on the nanostructural temporal evolution during isothermal aging at 300qC.
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2. Data analysis

2.1. Mass spectra
With respect to the mass-to-charge state (m/n) spectrum, displayed in Figure 5.
1, the three isotopes of Mg are doubly charged at 12, 12.5 and 13 a.m.u. with no
hydride formation. The measured isotopic abundances are 78.4 r0.3 % for 24Mg2+, 10.5
r0.3 % for

25

Mg2+ and 11.1 r0.3 %

26

Mg2+, which compares very well with the

handbook values of 79%, 10% and 11%. Scandium is also doubly charged with
multiple hydrides, showing a possible overlap between Sc and singly-charged Mg at
m/ne values of 24, 25 and 26 a.m.u.. In some cases, peaks at 24, 25 or 26 a.m.u. were
detected, but the correct mass ratio of the isotope 24Mg to the other two isotopes, 25Mg,
and

26

Mg, was not found; the corresponding ions were therefore considered to be Sc

hydrides. One of the objectives of this study being the measurement of Mg
concentrations, this choice implies possibly overestimating the Mg concentrations, in
particular in the proximity of the Al3Sc precipitates.

2.2. Depth scaling
Most of the analyses were performed near a low-index crystallographic pole,
and depth scaling of data sets was performed using the appropriate crystallographic
interplanar spacing. Lateral scaling was deduced from an estimated detection efficiency
of 70% of the theoretical number density of atoms (60 atoms nm-3 for Al). The
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spheroidal shape of the precipitates observed by TEM [102] was also used as a
consistency check for scaling of the data set analyzed near the apex of the tips. Some of
the specimens exhibited an elliptical shape in the (x,y) plane, resulting in a nonuniform magnification of the image, which was deduced from the elliptical FIM
images of the crystallographic poles. A simple rescaling method was used to correct for
this effect. Figure 5. 2 displays an FIM image of an elliptical tip with distorted
crystallographic poles. Figure 5. 3 displays a 3D reconstruction of a precipitate
analyzed from the same tip before and after correcting for the distortion.

2.3. Data visualization and proximity histograms
Data visualization and analysis of data sets were performed using a software
code ADAM 1.5, which is described in reference [103]. Values of composition are
obtained employing proximity histograms (or proxigrams for short), by reference to an
interface, which display average concentrations in shells of thickness 0.4 nm at a given
distance from an interface [104].

2.4. Atom neighboring and cluster search algorithm
In solid-solid phase transformations, the earliest stages of decomposition
involve atomic rearrangements leading to atomic ordering and/or phase separation, and
it is necessary to resolve atomic positions to understand the mechanisms for
transformation. Experimental techniques, such as x-ray diffuse scattering or small
angle neutron scattering provide information on number densities, sizes of clusters of
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atoms with a major limitation lying in the form of the experimental data, which average
over the specimen volume and are described in the reciprocal Fourier space. Atomistic
simulations are generally used to complement and to provide additional details on the
mechanisms of decomposition. In this respect, Monte-Carlo simulations are an ideal
tool in studying phase separation for it provides exact atomic and chemical positioning.
From the experimental point of view, three-dimensional atom-probe (3DAP)
microscopy is now a unique technique that also provides both atom per atom spatial
and chemical resolutions, which is needed to compare with Monte Carlo simulations,
or any atomistic simulations. The major advantage of 3DAP microscopy is the real
space description of the data set, i.e. each detected atom is described by real space
coordinates and a ratio of atomic mass to charge.
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Figure 5. 1: Mass-to-charge state spectra from a tip of an Al-2.2 at.% Mg –0.12 at.% Sc
alloy aged at 300qC for 5 hours.
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110
100

111

110

Figure 5. 2: FIM image obtained at 30 K with 10-5 torr of helium and neon showing the
elliptical shape of the crystallographic poles. The brightest area corresponds to an
Al3Sc precipitate.

(a)
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(b)

Figure 5. 3: 3D reconstruction of an analyzed volume containing an Al3Sc precipitate
obtained after aging at 300qC for 1040 hours (a) before correction (b) after correction.
The box is 17 nm × 18 nm × 8 nm. This precipitate corresponds to the bright area
shown in the FIM image (Figure 5.12)

The limiting factor in using 3DAP, however, comes from the uncertainty on the
scaling parameters if no lattice planes can be resolved, the relatively poorer spatial
resolution in the transverse plane and the different evaporation fields of alloying
elements. Several authors mention various tools to statistically analyze data, but do not
describe the exact protocol. Frequency distributions and contingency tables divide the
data set into blocks of atoms and the concentration distribution are compared to
binomial distribution describing random solid-solution by means of statistical tests
[105]. These two techniques imply that the composition variations are significant, i.e.

the tests provide an answer to whether or not the experimental distribution is a
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binomial distribution within 99% confidence. Any subtle composition variation would
lead to uncertainty in the use of the statistical tests and moreover the atomic
positioning is somewhat lost in these two techniques by the division of the real space
into cubic blocks. Auto-correlation function and power spectra [106] analysis of 3DAP
data are directly comparable to SANS or x-ray scattering experiments. Miller et al.
started to develop further 3DAP data analysis with the use of a cluster search algorithm
and the envelop method [107] that are particularly powerful to obtain local composition
and describe small features such as atomic clustering in irradiated steels for instance
[108]. Pushing further the analysis, local atomic arrangements, as measured by 3DAP

microscopy, have not been presented in the literature and in this article, we discuss the
use of several tools in the analysis of short-range order and phase decomposition in
atom-probe data set, with particular examples of the Al-Mg-Sc system isothermally
aged at 300qC.

2.4.1. Cluster search algorithm
When studying precipitation, the first stages of decomposition involve small
clusters of atoms of various shape and composition. Guinier-Preston zones in Al alloys
would be a particular example of the complexity of the decomposition of second
phases. The cluster search algorithm need not to assume any particular geometry for
the clusters, and the maximum separation distance as described by Miller et al. is a
very effective method in this respect. The algorithm should be able to detect any
groups of atoms where each atom of the group has a neighbor atom also part of the
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group at a distance less than the maximum separation distance. A spherical cluster or a
chain of atoms are both considered clusters. The choice of the maximum distance is
critical. It should be smaller than the mean separation distance between atoms in a
random solid-solution, which is function of the concentration and the detection
efficiency. One should also take into account fluctuations within a random solidsolution by comparing any results to a simulated data set.
The algorithm used to detect clusters within a 3DAP data set is based on a
given type, i, of atoms in the 3DAP reconstruction. Each atom i is sampled. When a
first atom i is found as reading through the data file, the sphere of radius ro centered on
this atom is analyzed for the presence of other atoms of the same type i. Each of these
atoms, including the center atom is assigned a same “flag” number. If one of the atoms
already has a flag, all the atoms of the sphere will be given the smallest flag number
found in the sphere (Figure 5. 4). Using the algorithm and the “flag” numbers, each
cluster can individually be analyzed, by calculating the aspect ratio, center of mass,
equivalent radius, composition, etc as mentioned by Miller et al.
As for any atom-probe data analysis, artifacts from evaporation should be taken
into account by estimating preferential evaporation of the different atomic species, and
local magnification effects.
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2.4.2. Radial distribution functions
To study local ordering, average radial concentrations distributions around a
given type of atoms can be useful. These distributions are equivalent to proximity
histogram by reference to an atom type instead of an iso-surface. For a given type of
atom i, the average number of atoms of type j in a shell of radius rk is given by

N ij (rk )

¦ Nij (rk )
i

5.1

Ni

where Ni is the total number of atoms i. The average coordination number, in the data
set, around the atoms i at the distance rk is defined by:

¦ N(rk )
Zi (rk )

i

5.2

Ni

Theoretically, <Zi(rk)> should be equal to the theoretical coordination number
defined by the crystal structure multiplied by the detection efficiency, E. The average
number of atoms j then becomes:

N ij (rk )

Zi (rk )

¦ N ij (rk )
i
¦ N(rk )

Zi (rk ) c ij (rk )

5.3

i

In a perfectly random solid solution, the number of atoms j is given by
N ij (rk )

Z(rk )c j

5.4
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where cj is the concentration of atoms j of the overall data set. The ratio R, which is a
measure of clustering at the distance rk, is defined by:

R

N ij rk

Zij rk

c ij rk

N ij rk

Z rk

cj

E

c ij rk
cj

5.5

The main drawback of this quantity is the averaging procedure which, in the
case of dilute system, reduces the fine structure of local order.
The use of this tool relies on the assumption that spatial scaling has been
performed appropriately so that the directions x, y, and z are equivalent. It is a useful
technique to evaluate average precipitate size in case of high number density of
precipitates, or the dimension of the channel in the case of a percolated structure.
2.4.3. Pair correlation functions
Due to the small concentration of Sc in the studied alloy, these distributions are
not accurate enough, and an analysis of pair correlations was developed. Counting the
number of Sc-Mg pairs, for instance, requires counting the number Mg atoms around
each Sc atom and binning this number according to the distance between the Sc and
Mg atoms, and the number of pairs is given by:
N pair i  j (rk )

N ij (rk ) N i

5.6
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In particular, distinction between first, second, third, etc. nearest neighbors in
the fcc crystal structure can be made by taking shells of appropriate radii. The number
of pairs can then be compared to the expected number in a random solution given by:
N pair i  j (rk )

Z(rk )c i c j N total

5.7

where Z (rk ) is the coordination number depending on the inter-atomic distance; Z =
12, 6, 24 for first, second, and third nearest neighbors respectively in a fcc structure.
Again, preferential evaporation, scaling parameters would strongly influence
the results of this analysis tool. In the case of data sets obtained by evaporation at low
voltages, one has to consider edge effects that occur when the sampling spheres
intercept the edge of the analyzed volume.
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Flag #j

Flag #i
Figure 5. 4: Schematic of the cluster search algorithm

Figure 5. 5: Schematic of the radial concentration functions
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3. 3. Results
3DAP microscopy observations were obtained for the as-quenched state, and
after aging at 300qC for 0.33, 0.5, 5 and 1040 hours. These aging times correspond to
critical stages of the precipitation process, as measured by Vickers microhardness
measurements (Figure 4. 4a).

3.1. As-quenched
In the as-quenched state, the average composition is 2.26 at.% Mg and 0.17
at.% Sc. The standard statistical F2 test [107], which compares solute concentration
distributions with binomial distributions of a perfectly random solid-solution, does not
rule out whether or not Mg or Sc atoms are homogeneously distributed in the D-Al
matrix. Magnesium radial concentration distributions around Mg atoms do not show
any clustering effect (Figure 5. 6(a)). On the other hand, Sc radial concentration
distributions around Sc atoms show a small enhancement for distances smaller than 0.8
nm (Figure 5. 6(b)), which corresponds to a significant number of pairs of Sc atoms
detected using the cluster search algorithm with a maximum separation distance of 0.5
nm. No strong correlations between positions of Mg and Sc atoms could be established.
The experimental number of Mg-Sc dimers, however, defined by a maximum
separation distance between the Mg and Sc atoms of 0.5 nm, is 1082 for a total number
of ions, N, equal to 1.154u106; this yields a concentration of Mg-Sc dimers equal to
0.0937 at.%. This number is higher than the expected number of first and second
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nearest-neighbor dimers, 18cMgcSc = 0.0693 at.%, in a random solid-solution of Mg and
Sc atoms.1

FIGURE 5

Figure 5. 6: Partial radial concentration distributions around Sc and Sc atoms in the asquenched state; (a) Mg – Mg normalized with respect to the Mg concentration in the
matrix;(b) Mg – Sc normalized with respect to the Mg concentration in the matrix; (c)
Sc – Sc normalized with respect to the Sc concentration in the matrix;
1

The number of first and second nearest neighbours is 12 and 6 respectively for a fcc crystal. Therefore
the possible number of pairs for each atomic position is 12+6 = 18.
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3.2. 300qC, 0.33 hour
After aging for 20 minutes, a small increase in microhardness is measured
(Figure 4. 4a) and small precipitates with radii between 0.8 and 1.4 nm are observed by
3DAP microscopy (Figure 4. 2a) [109]. Using the cluster search algorithm with a
maximum separation distance of 0.7 nm, these groups were identify as individual
precipitates, as composition is close to the thermodynamic equilibrium composition.
The composition analysis of these precipitates was performed after defining the center
of mass of the Sc atoms as

&

¦ XSc

0 . Assuming a spherical morphology, as suggested

by the reconstruction, the composition was analyzed by calculating concentration in
spherical shell centered on the center of mass of each precipitate. Eight precipitates
were analyzed with an average composition of 22.4 ±2.8 at.% Sc which is very close to
the stoichometric composition predicted by thermodynamic equilibrium. Magnesium
atoms are also present in the precipitates at a level, 4.3 at.%, which is approximately a
factor of 2 greater than the average Mg concentration in the D-Al matrix. The radius of
these Al3Sc precipitates is between 0.8 and 1.4 nm, calculated from the positions of Sc
atoms using the radius of gyration calculated from the position of the Sc atoms. No
clusters, other than Sc pairs, with sizes smaller than 0.8 nm or of different
compositions were detected using the cluster search algorithm employing a critical
maximum distance of 0.7 nm [109].
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3.3. 300qC, 0.5 to 5 hours
After aging for 0.5 hour, the estimated number density of precipitates,
calculated from TEM micrographs, increased to 4x1022 precipitate m-3 and the average
precipitate radius is about 1 nm (Figure 4. 2b). The composition of the precipitates is
25.8 at.% Sc (Table 1,Figure 5. 8). Magnesium is found inside the precipitates at a
concentration of 4.1 r 1.5 at.%. After aging for 5 hours, the average precipitate radius
increases to 2 nm, as seen from both TEM [102] and 3DAP microscopy (Figure 5. 8).
The Sc concentration remains constant, within the experimental errors, as compared to
the previous aging times. The magnesium concentration inside the precipitate decreases
slightly (Table 1), while a distinct Mg concentration enhancement at the D-Al/Al3Sc
precipitate interface appears, as shown by the proximity histogram displayed in Figure
5. 9 .

Table 5.1: Precipitate composition as function of aging time at 300qC
Time (s)

Number of
precipitates

Al
(at.%)

Mg
(at.%)

Sc
(at.%)

As quenched

0

-

-

-

1200

8

73.3 r 3.5

4.3 r 2.6

22.4 r 2.8

1800

4

68.8 r 5.2

4.09 r 1.5

28.5 r 1.4

7200

10

71.2 r 1.4

2.3 r 0.6

26.5 r 1.4

18000

3

68.9 r 2.1

3.1 r 1.1

28.1 r 2.5

108000

2

71.0 r 2.8

2.5 r 0.8

26.5 r 2.3

3744000

15

69.4 r 2.8

0.9 r 0.3

29.2 r 2.4

104
3.4. Coarsening stage, 300qC, 1040 hours
After further aging, precipitate radii continue to increase to 4.2 nm at 1040
hours (Figure 5. 10). Analyses of compositions by the proximity histogram method
show that the width of the D-Al/Al3Sc interface is about 1 nm (Figure 5. 11). Similarly
to the observations obtained for shorter aging times, an enhancement of the Mg
concentration is observed at the D-Al/Al3Sc interface, with peak values between 4.3
and 6.5 at.% Mg. Magnesium atoms are also detected at the core of the precipitates
(Figure 5. 11).
The average number of detected Sc atoms per Al3Sc precipitates is listed in
Table 2. From HREM observations, assuming a stochiometric composition for the
Al3Sc phase, an approximate value of the number of Sc atoms in the Al3Sc precipitates
is deduced from:

Number of Sc atoms

4S § r ·
¨ ¸
3 ©a¹

3

5. 8

where a is the lattice parameter of the Al3Sc phase. The unit cell contains one scandium
atom. For long aging times, the precipitates are not fully contained in the reconstructed
volume, and a comparison between the number of Sc atoms per precipitate from
HREM and APFIM is not possible. Table 2 shows that APFIM analyses are performed
with a detection efficiency of about 50% for the Al3Sc phase. However, the measured
local atomic density of the D-Al matrix is higher than that of the precipitate phase, with
an experimental density ratio equal to about 1.4. This implies that the detection
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efficiency for the D-Al matrix is about 70%. Since the D-Al matrix is denser than the
precipitate phase, it exhibits a protrusion effect, due to its higher evaporation field,
which agrees with the bright imaging of this phase (Figure 5. 12) in the FIM image.
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(b)

(a)

100 nm

70 nm
15 nm

13 nm

27 nm

(c)

24 nm

25 nm

Figure 5. 7: Three-dimensional reconstruction of an analyzed volume from a specimen
aged at: (a) 300°C for 0.33 hour displaying only the Sc atoms; (b) 300°C for 0.5 hour;
and (c) 300°C for 5 hours.
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Figure 5. 8: Proximity histogram for the data in Fig. 5.7b.
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Figure 5. 9: Proximity histogram for the data in Fig. 5.7c.
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18 nm
17 nm

8 nm

Figure 5. 10: Three-dimensional reconstruction of an Al3Sc precipitate after aging at
300°C for 1040 hours, displaying all atoms and revealing Mg atoms at the center of the
Al3Sc precipitate. Al atoms are in blue, Mg atoms in green and Sc atoms in red.
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Figure 5. 11: Proximity histogram for the data in Fig. 5.10
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(a)
110

100

111
110

(b)

Figure 5. 12: Field-ion microscope (FIM) images obtained at 30 K of a tip after aging
at 300°C for 1040 hours. An Al3Sc precipitate is imaging brightly very close to the 111
crystallographic pole: (a) FIM image of the entire surface; and (b) Primary detector
image (selected area) centered on the Al3Sc precipitate, showing the 111 lattice planes.

Table 5.2: Number of Sc atoms per precipitates as measured by HREM and 3DAP
microscopy
30 minutes 5 hours
HREM

90 atoms

500 atoms

3DAP

45 atoms

252 atoms
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4. Discussion

4.1. Al3Sc precipitates
The composition of all the Al3Sc precipitates is close to the stoichiometric
composition, even at the shortest aging times, and the variations in Sc concentration
reported by Sano et al. [16] are not confirmed. However, no Sc clusters with a nonstoichiometric composition were observed, in agreement with Sano et al’s results.
The increase in Sc solid-solubility due to the curvature of the precipitate
interface is negligible for the precipitate sizes considered here. The solute solubility,
c(r), near an interface with a radius of curvature, r, is given by the classical
thermodynamic Thomson-Freundlich equation [110]:
c( r )
co

§ 2 J: ·
exp¨
¸;
© rkT ¹

5. 9

where : is the atomic volume of the solute atoms, J = 175 mJ m-2 is the average
interfacial free energy [63], r is the precipitate radius, and co is the solute concentration
in the D-Al matrix far from the interface. For the smallest precipitate radius, r = 1.1 nm,
the solute solid-solubility at the D-Al/Al3Sc interface would be twice the solubility in
the D-Al matrix. Considering the small concentration of Sc in the matrix, this effect is
not sufficient to explain the measured value of the D-Al/Al3Sc interface width. The
wide interface may alternatively be explained by the artificially higher magnification of
the Al3Sc precipitate. The exact shape of the precipitates observed by 3DAP
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microscopy needs to be considered carefully, since it depends strongly on the field
evaporation conditions and may be subject to significant experimental artifacts, e.g.,
asymmetry of the tip, misalignment of the analysis direction, or different field
evaporation behaviors of the D-Al matrix and the Al3Sc precipitate resulting in a
smaller radius of curvature of the precipitate and thereby an artificially larger
magnification of a precipitate with respect to the surrounding matrix, as suggested by
the lower local atomic density of the Al3Sc phase and its bright imaging behavior in a
field-ion microscope image [111]. The approximately spheroidal shape observed by
HREM is, however, reproduced.

4.2. Mg segregation at the Al/Al3Sc interface
The level of Mg segregation is quantified through the Gibbsian interfacial
excess of Mg at the D-Al/Al2Sc3 heterophase interface [112]. This thermodynamic
quantity is defined as:

*Mg

n excess
Mg
si

;

5.10

is the excess number of Mg atoms associated with the interface and si is
where n excess
Mg
the interfacial area. The quantity *Mg in a ternary system, depends, however, on the
position of the dividing surface. This dependence is eliminated by utilizing the relative
relative
Gibbsian interfacial excess of Mg with respect to Al and Sc ( *Mg
) defined as [113]:
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relative
*Mg

*Mg  *Sc

c DAl cEMg  cEAl c DMg
E
D
 cEAl cSc
c DAlcSc

 *Al

E
D
c DMg cSc
 cEMg c Sc
E
D
 cEAl cSc
c DAl cSc

;

5.11

where *Mg, *Sc and *Al are the Gibbsian interfacial excesses of Mg, Sc, and Al, and the
c ij are the concentrations of component j (j = Al, Sc or Mg) in phase D = Al or E =

Al3Sc. Figure 5.10 illustrates the Gibbsian excess quantities for Al (negative value),
Mg and Sc (positive values) as the areas under the concentration curves in the
proximity histogram [114]. The relative Gibbsian excesses of Mg with respect to Al and
Sc are listed in Table 5.3 for the different aging times. The variations observed are
within the experimental errors. The root-mean-square diffusion distance of Mg in Al is
given by 6Dt , where the factor 6 is for diffusion in 3-dimensions; D = 1.6 10-16 m2 s-1
is the diffusion coefficient of Mg in Al [51] and t is the aging time; the values are about
1.3 Pm after 0.5 hours aging at 300qC and 60 Pm after 1040 hours. The precipitate
spacing is evaluated using the square lattice spacing approximation, which is given by
r 3 4S 3f , where r is the mean precipitate radius and f = 0.53 vol.% is the calculated

volume fraction of Al3Sc precipitates at 300qC. The precipitate spacing is 10 nm for a
mean precipitate radius of 1.1 nm (0.5 hour aging), and 39 nm for a mean precipitate
radius of 4.2 nm (1040 hours aging). The root-mean-square diffusion distance of Mg is
therefore significantly greater than the average inter-precipitate spacing and the system
is at least in local thermodynamic equilibrium with respect to Mg segregation at the DAl/Al3Sc heterophase interface. The equilibrium state explains the similar values of the
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Gibbsian excess of Mg relative to Al and Sc for all aging times. The maximum value of
concentration of Mg at the interface decreases after 0.5 hours and remains constant for
longer aging times (Table 5.3). The local solute concentration at the curved interface
due to capillarity (Eq. 5.9) should be multiplied by 2 for a precipitate of radius 1.1 nm
and by 1.2 for the larger precipitates with a radius of 4.2 nm. As the experimental
measurements show a constant level of Mg concentration at the interface with aging
time, the capillary effect cannot explain the observed Mg segregation behavior. A
discussion of driving forces is presented in Ref. [100], showing that the Mg segregation
is driven by the electronic interactions rather than strain relaxation at the D-Al/Al3Sc
interface.
A particularly interesting aspect of our results comes from the coherency state
of the D-Al/Al3Sc heterophase interface. Several previous 3DAP studies reported
segregation behaviors of solute atoms at partially semi-coherent or semi-coherent
heterophase interfaces, [98] but no experimental work has been reported on perfectly
coherent heterophase interfaces. In the present study, the coherency state of the DAl/Al3Sc interface is known from HREM observations, and was determined to be
perfectly coherent for all cases presented. Coherency loss may occur when the
precipitate size is large enough, and the spacing between the misfit dislocations is
estimated using a G , where G | 0.62% is the lattice parameter misfit at 300qC between
the Al matrix containing 2 wt.% Mg and the Al3Sc phase, and a | 0.2 nm is the spacing
between {200} planes. Based on this simple calculation the critical precipitate diameter
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for coherency loss is approximately 30 nm, which is much larger than the precipitate
diameter measured after aging at 300qC for less than 1040 hours.
A consequence of Mg segregation at the D-Al/Al3Sc heterophase interface is the
change in morphology observed for faceted Al3Sc precipitates, parallel to the {100}
and {110} planes in a binary Al-0.3 wt.% Sc alloy [79], to spheroidal precipitates in the
presence of ternary Mg additions. The segregation behavior indicates a change in
interfacial free energy. In particular, as suggested by a Wulff plot, the reduction of the
{100} facet length would correspond to a smaller decrease of {100} energy relative to
an energy decrease of the {110} and {111} crystallographic facets, leading to a more
“rounded” or spheroidal morphology.
The proximity histogram represents concentration averages over all the
crystallographic facets; therefore, a possible orientation dependence of the Mg
segregation behavior is not taken into account in this analysis. As the aging time
increases from 0.33 to 1040 hours, the Mg segregation peak observed at early time
splits into two peaks, one at the interface separated from a peak at the center of the
precipitates (Fig. 5.12).
The presence of a Mg-rich Al3Sc precipitate core after a long aging time (1040
hours, Fig. 5.13)) indicates a very small diffusivity of Mg in the Al3Sc phase. An
estimated value of the diffusivity of Mg in Al3Sc at 300qC is obtained using
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x2

6Dt , where x is the precipitate diameter. The estimated diffusivity is then

given by:

Al Sc
D Mg3

x2
#

6t

.

5.12

With t = 1040 hours, it yields a value of 2x10-23 m2 s-1, which is approximately
seven orders of magnitude smaller than the diffusivity of Mg in Al at 300qC (1.62 u1016

m2s-1) [51].

Table 5.3: Precipitate radius, Gibbs Thompson effect, Maximum Mg enhancement,
relative Gibbsian interfacial excess of Mg as function of aging time at 300qC
Aging time
0.5 hour
2 hours
5 hours
300 hours
1040 hours
Radius (nm)
Gibbs-Thompson
effect a
relative
b
*
Mg
cMg
a
b

max

/cMg

Matrix

1

-

2

-

4.2

2

-

1.4

-

1.2

1.5 r 0.7

1.7 r 0.4

1.7 r 0.3

2.22 r 0.45

1.85 r 0.38

2.8 r 0.3

2.7 r 0.2

2.0 r 0.2

2.3 r 0.5

1.9 r 0.5

Calculated using Eq. (2)
Calculated using Eq. (4)

4.3. Driving forces for segregation
In this section we briefly discuss the question of the driving force for
segregation, which is considered in greater detail elsewhere [100]. Magnesium atoms
are oversized with respect to aluminum atoms; on an atomic volume basis Mg is 40.8
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% larger than an Al atom, which on an atomic diameter basis it is 12.1% larger than an
Al atom [115]; this is equivalent to a positive deviation of 0.58% from Vegard’s law.
Since Mg is highly oversized with respect to Al the canonical explanation would be
that its excess elastic strain energy is dissipated, to some degree, at the coherent DAl/Al3Sc interface. The total elastic strain energy, calculated for the case where the
solute and solvent atoms have different elastic moduli, is given by [116]:

E

3
H 2 KG
24Srsolute
3K  4G

5.13

Where K is the bulk modulus of the solute (Mg), G is the shear modulus of the solvent
(Al), and rsolute is the radius of the solute atom. The quantity H, the volume size misfit
between the atoms, is defined as:

H

3
3
 rsolvent
rsolute
3
rsolvent

5.14

Where rsolvent is the radius of the solvent atom. For calculating H, the Seitz radii are
used, as they are determined from atomic volumes [115]. The shear modulus of Al at
573.2 K is 21 GPa and the bulk modulus of Mg at 298K is 35 GPa. Using the value of
0.16 nm for the atomic radius of Mg, this calculation leads to a value of Eelastic of 1.2
eV. If the excess elastic energy of Mg is the driving force for segregation we require
that a significant fraction of this energy can be relaxed at the D-Al/Al3Sc interface.
The calculation of the fraction is considered elsewhere [100] , where it is shown,
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utilizing ab initio calculations, that it is mainly of electronic nature and not elastic
[100].
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Figure 5. 13: Mg concentration normalized by the average Mg concentration in the DAl matrix for four different aging times at 300qC
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Figure 5. 14: Mg concentration normalized by the average Mg concentration in the DAl matrix for 15 Al3Sc precipitates analyzed from an Al-2.2at.% Mg –0.12 at.% Sc
alloy, after aging at 300qC for 1040 hours

4.4. Binding energy between Mg and Sc atoms
Beside the peak of Mg concentration at the interface, an enrichment of Mg
atoms at the core of the Al3Sc precipitates is observed after 1040 hours aging, as shown
by the reconstruction displayed in Figure 5. 13. This Mg behavior was systematically
observed for all analyzed precipitates and an average of the proximity histograms of 15
precipitates is presented in Figure 5. 14, after normalizing Mg concentrations with
respect to matrix concentrations. The precipitate cores contain 15 to 42 Mg atoms, even
though the equilibrium phase diagram does not predict any solid-solubility of Mg in the
Al3Sc phase.
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From an analysis of the early stages of decomposition, the experimental number
of Mg-Sc dimers in the reconstruction is somewhat greater than the expected number
of pairs in the case of a perfectly random solid-solution with a Gibbs binding free
energy of zero for the Mg-Sc dimer. The theoretical concentration of dimers (first
nearest and second nearest-neighbors), cMg-Sc, defined by the number of dimers divided
by the total number of atoms, is given by:

c Mg Sc

§ g bMg Sc
18c Mg c Sc exp¨
¨ k T
b
©

·
¸
¸
¹

5.15

where cMg and cSc are the average concentrations of Mg and Sc atoms, and gbMg-Sc is an
average binding Gibbs free energy between Mg and Sc atoms for first and second
nearest-neighbors. The measured concentration of dimers is 60% of the actual value,
assuming an atomic detection efficiency of 60%. An estimate of the average binding
free energy in the as-quenched state is then calculated to be 0.040 eV. After 20 minutes
aging, the measured concentration of dimers is 0.0617 at.%, compared to the random
solution concentration of 0.0484 at.%, which yields an average binding energy of 0.037
eV. A positive value of gbMg-Sc indicates an attractive interaction between atoms. Al3Sc
precipitation occurs as a result of interactions between Mg and Sc atoms with
vacancies, which lead to a faster nucleation rate than in the binary Al-Sc alloy, as
demonstrated by the microhardness measurements (Figure 4. 4). The high number of
quenched-in vacancies and their high mobility, even at room-temperature, can explain
the fairly high number of Mg-Sc dimers measured in the as-quenched state. During the
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formation of a stable nucleus, involving the Mg-Sc dimers, Mg atoms may get trapped
within the small growing Al3Sc precipitates, as Sc diffuses to the precipitates. No data
on diffusion of any element in Al3Sc could be found in the literature. It most likely the
magnesium is not able to diffuse through the Al3Sc phase to the matrix, which would
explain the shape of the Mg concentration profile observed in Figure 5. 13, even
though the equilibrium ternary Al-Mg-Sc phase diagram does not predict any Mg
solubility in the Al3Sc phase [24].

Chapter 6
Dislocation creep model

1. Introduction
Creep threshold stresses observed in precipitation- or dispersion-strengthened
alloys are explained by mechanisms based on particle shearing, bypass by climb, or
detachment, the latter mechanism being operative only for incoherent particles [37].
For the case of climb bypass, two climb processes are possible [37]. The local climb
model assumes a sharp bend of the dislocation at the particle-matrix interface [117];
since this bend is expected to relax by diffusion, the general climb model considering
an equilibrium dislocation configuration was developed and predicts smaller threshold
stresses [118]. However, the effects of lattice and stiffness mismatches between matrix
and particles are not considered in these models and can be important in precipitationstrengthened alloys with coherent particles. The present paper expands the general
climb model developed by Rösler and Arzt [118] to consider these effects applicable to
coherent precipitates.
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2. Model
We consider Figure 6. 1), rather than the cubic shape employed in the original
general climb model [118]. In this manner, the ramp angle, E, (defined by the glide
plane and the plane tangent to the surface of the particle at the point where the
dislocation contacts the particle) is defined by geometrical considerations rather than
being arbitrarily chosen. The cylindrical shape is a reasonable approximation of the
spherical shape of the particles, which is too complex to be introduced in the present
model. By symmetry of the elastic forces, only a positive edge dislocation is
considered. The glide plane of the dislocation intercepts the particle at height h above
its center; the height of the dislocation segment, above its glide plane upon climb over
the particle is zo and the unraveling distance is xo (Figure 6. 1). Interactions between
individual dislocations or between segments of a dislocation are neglected. By
symmetry, it is also sufficient to consider a dislocation segment AD of length O/2,
where O=r[ 3S 4f -1.64] is the mean-square lattice particle spacing (with f the volume
fraction of particles) [119]. The segment AD consists of a straight dislocation segment
AB in contact with the particle and a curved segment BD in the matrix. The segment
CD is entirely contained in the glide plane, whereas the segments AB and BC climb
out of the glide plane. Under the action of an applied shear stress, W, the dislocation line
BD in the matrix lies on a cylinder of radius of curvature, R:
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R

Gb
2W

6.1

where G is the shear modulus and b is the Burgers vector of the matrix. The segment
AB is placed at a standoff distance corresponding to the point where the glide forces
due to modulus mismatch ( FgP ) and lattice mismatch ( FgH ) balance the force due to the
applied stress, given by:
WbO  FgP  FgH

0

6.2

The standoff distance cannot be smaller than a distance set arbitrarily to b/2.
The first effect considered is the elastic interaction due to the modulus
mismatch effect, arising between the coherent particle and the segment AB (interaction
with the segment BD is neglected). The elastic strain energy associated with a
dislocation is altered by the presence of particles with a different shear modulus and the
resulting interaction energy depends on the modulus mismatch and the size of the
particle. In most precipitation-strengthened alloys, the precipitate is stiffer than the
matrix, so the dislocation is repelled by the particles. Because no simple exact solution
exists for spherical particles, the solution derived by Dundurs [120] for an infinitely
long cylindrical particle interacting with a straight edge dislocation is used to describe
the modulus mismatch effect. The interaction energy E for a unit length of dislocation
is given by:
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6.3
where y and z+h give the dislocation position with respect to the center of the particle,
and the parameters D and Eҏ are given by:

D

E

* km 1  kp 1
* km 1  kp 1
* km 1  kp 1
.
* km 1  kp 1

6.4a

6.4b

The modulus mismatch parameter is defined as *=Gm/Gp and the Poisson
parameter is km/p=3-4Qm/p, where Q is the Poisson’s ratio, and the subscripts m and p
refer to the matrix and particle, respectively. The glide and climb forces acting on the
dislocation are then obtained by differentiating the energy expression (Eq. 6.3):
ªF P , F P º
«¬ g c »¼

ª § wE · § wE ·º
« r¨¨ ¸¸,r¨ ¸»
¬ © wy ¹ © wz ¹¼

6.5

The glide and climb forces are repulsive when *<1 and attractive when *>1. A
repulsive glide force opposes the forward glide motion of the dislocation during
particle bypass, while a repulsive climb force can help or hinder the climb bypass, as
discussed later.
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The second source of elastic interaction originates from the constrained lattice
parameter mismatch H between the coherent particle and the matrix, which creates a
stress field around the particle interacting with the dislocation [119]. The glide and
climb forces acting on the dislocation segment AB are obtained using the PeachKoehler equation for the strain field around a spherical coherent precipitate acting on
an edge dislocation [119]:
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6.6

These equations assume isotropic elastic properties of the two phases. As
before, the elastic interaction between the particle and the segment BD is ignored.

Figure 6. 1: Geometry of general climb model, showing an edge dislocation with
segment CD in the glide plane and segment AC climbing over a particle. This is the
same geometry as in Ref. [118], except for the cylindrical shape of the particle.

Following Rösler and Arzt [118], the kinetics of the climb process is
determined by considering the flux of vacancies required for the dislocation to climb
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over the particle. The glide time between particles is thus assumed to be negligible as
compared to the climb time tc for the dislocation to climb over or under the particle,
and the strain rate H for creep deformation is then given by the Orowan equation:
H Ub

O
1
W
t
1
c
W*Or

6.7

To account for the fact that some particles are bypassed instantaneously by the
Orowan looping mechanism, the Orowan equation (Eq. (6.7)) contains a correction
factor (1-W/WOr*)-1 [121], where WOr* is the effective Orowan stress given below. In Eq.
(6.7), the density of mobile dislocations, U, is estimated from [122]:
§ W ·
U ¨
¸
© Gb ¹

2

6.8

The dislocation climb bypass time is determined assuming a vacancy
mechanism as:

tc
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6.9

where Dv is the vacancy diffusivity, kb is the Boltzmann constant and T is the absolute
temperature. The change in area below the dislocation line, dAABD, is calculated using
the geometry of the climbing segment [118]. The sign of the chemical potential and the
change in area depends on the direction of the dislocation movement: vacancies will be
emitted or annihilated at the dislocation length whether the dislocation movement is
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upwards or downwards. Equation 6.9 is obtained by estimating the amount of
vacancies transported to the dislocation segment through the cylindrical area with
radius b (dislocation core size) and length r (particle size):
dy
dt

a v dn
dA

dt

dt

a v SrbJ
dA
dt

6.10

where av | b2 is the cross sectional area of a vacancy and J is the diffusional flux of
vacancies given by the first Fick law:

J

Dv
gradC v
:

6.11

where Cv is the vacancy concentration and : # b3 is the atomic volume. To obtain a
solution to the problem, steady-state diffusion ( D v 'C v

wC v
wt

0 ) is assumed and a

vacancy concentration at the particle interface is given by:

Ci

§ P ·
¸¸
C o exp¨¨
© k BT ¹

6.12

where Co is the equilibrium vacancy concentration and P is the chemical potential for
vacancy. The concentration of vacancies, C at a distance r’tb from the particle
interface is then
C  Co

b
Ci  C o
r'

The concentration gradient at the interface is:

6.13
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gradC v

CoP
bk BT

6.14

The chemical potential is assumed to be negligible compared to kBT. The selfdiffusion coefficient is related to the vacancy diffusion coefficient by D*=DvCo and the
dislocation velocity then becomes:
dy
dt

SrD* P
bk BT dA
dy

6.15

The equilibrium shape of the dislocation line (xo,zo) is found by setting the
chemical potential along the dislocation line to be constant. When xo o (O/2)-r, climb
becomes restricted and a new set of equations, which are derived as above, must be
considered, as explained in Ref. [118]. The chemical potential PABD along the
dislocation line is set constant, i.e., PABD = PAB = PBD. The chemical potential at the
particle interface corresponds to the driving force for adding vacancies to the
dislocation segment [118]:
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6.16

av

Following Rösler and Arzt [118], the line length increase, wl/wy, is calculated
for a small displacement Gy, with the condition that the area, ABD, under the
unraveling segment BD remains constant.
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Figure 6. 2: Calculated average dislocation velocity O/tc at 300˚C as a function of
normalized applied stress W/WOr*at different glide plane heights, h, for an Al-0.3 wt.%
Sc alloy with 5.9 nm radius precipitates. Parameters used in the model are listed in
Table 6.1.

The model is implemented numerically, the input being materials constants,
geometrical parameters and the normalized applied stress, W/WOr*. The model output is
the average dislocation velocity O/tc where the climbing time, tc, is obtained through
Eq. (6.9). Forces, chemical potentials and dislocation geometry are calculated at every
increment of the movement of the dislocation in the glide plane, Gy.
Figure 6. 2 shows the average dislocation velocity at 300˚C, calculated using
the materials parameters listed in Table 6.1 for an Al-0.3 wt.% Sc alloy consisting of
an Al matrix containing coherent Al3Sc precipitates 5.9 nm in radius. Figure 6. 2
illustrates the different behavior of the dislocation depending on whether the glide
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plane is above or below the particle center (i.e., h>0 and h<0). For one half of the
particle (h>0), the sum of the work done by the elastic forces is positive, so that the
dislocation is helped in its climb bypass motion. Once it reaches the top of the particle,
the dislocation glides away from the particle, since the net glide force is positive (when
*<1, as for Al-Sc alloys), so that the threshold stress is negligibly small. For the other
half of the particle (h<0), the total work done by the elastic forces is negative, so the
dislocation is repelled from the particle interface and bypass can occur only when the
applied stress is larger than a threshold value. An average curve is then obtained by
taking an average on the stress at constant velocity over several heights h in increment
of r/16 for the particle half with non-zero threshold stresses (h<0 in Figure 6. 2).
However, the average velocity of a dislocation is twice that calculated above, because
half the particles are intersected on average on their attractive half side (h>0) and
bypassed immediately. The average distance between repulsive obstacles then becomes
2O, so the Orowan stress used to normalized the experimental and calculated creep data
is:
W*Or

Gb
2O

.

6.17

The asymmetry of the climb force due to lattice mismatch (Figure 6. 2) is
responsible for the presence of a threshold stress. The modulus mismatch alone would
not lead to significant threshold stress, because of the climb force that always helps the
dislocation climb movement.
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Finally, we note that the main effect of the elastic interactions is to modify the
chemical potential of vacancies at the climbing section of the dislocation, so that both
threshold stress and climb velocity are altered. This model predicts true threshold
stresses for the dislocations, because the climb process cannot occur when the chemical
potential for vacancies becomes positive. In that case, thermal activation, as used to
modify detachment threshold stress for dislocations at the departure side of incoherent
particles [123], does not come into play.

3. Results and Discussion
Under creep conditions at 300˚C, the Al-0.3 wt.% Sc alloys exhibit threshold
stress behavior, as shown by the very high and variable apparent stress exponents in
Figure 6. 3. The threshold stress, as found by plotting H 1/n vs. Vѽ increases
monotonically from 0.04VOr* to 0.57VOr* for the three precipitate radii of 1.4, 5.9 and
9.6 nm, where VOr* =MWOr*, with M=3.06 the mean matrix orientation factor for
aluminum [124]. In contrast, as shown in Figure 6. 3, the original general climb model
predictions without elastic interactions (calculated as described above by setting H =0
and *=1 and using a cylindrical particle) predicts threshold stresses of about 0.02VOr*,
independent of the precipitate radius. This threshold stress is slightly lower than the
value 0.06VOr*, predicted by Rösler and Arzt [118] for cubic particles. A previous
model based on dissociation of dislocations at particle incoherent interfaces also gives
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rise to a particle size dependence of the threshold stress [125]. However, these models
based on attractive interactions at the departure side do not apply to the present case.
As illustrated in Figure 6. 3 for precipitate radii of 1.4, 5.9 and 9.6 nm, a small effect of
particle size on strain rate is visible at stresses higher than the threshold value, because
the concentration of vacancies requires for climb increases with increasing particle
size. In contrast, taking into account the elastic interactions between the dislocations
and the particles associated with the elastic modulus and lattice parameter mismatches
(H ҏ= -0.0062 and 'G ҏ= 0.33, Table 6.1), the present, modified model predicts vastly
different creep curves for different particles sizes (Figure 6. 3). The general trend of the
creep data (i.e., increasing threshold stress with increasing precipitate radius) is
successfully captured. Furthermore, the general shape of the stress-strain rate curves is
reasonably well reproduced, considering the many assumptions in the model and the
errors associated with the creep measurements and the values of the materials
parameters. In particular, the strain rate in Eq. (5.7) is sensitive to the value of the
dislocation density given by Eq. (5.8), which has been shown to be a poor
approximation in dispersion-strengthened metals [118]. The calculated curves in Figure
6. 2 can thus be translated by many orders of magnitude along the y-axis, and their
shape is more important than the exact value of the creep rate predicted. A major
assumption is the trajectory of the climbing dislocation, taken as a circle. More
thorough calculations would be required to take into account the forces acting on the
dislocation and to determine the real trajectory by minimizing its energy. Another large
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source of error is the average stress calculated from the climb rates for various plane
heights (Figure 6. 2). Finally, the alloy strength is likely overestimated by the choice of
the mean square lattice spacing for the interparticle distance, O, because of the random
distribution of precipitates. Despite these qualifications, the present model provides a
plausible explanation for the very high threshold stresses measured in Al-0.3 wt.% Sc
alloys [79] and also reported in Al-0.2 wt.% Sc in an earlier publication [49].
At high strain rates where the Orowan mechanism is operational, the alloy with
the smallest particles is expected to have the highest creep resistance. On the other
hand, the present model shows that at low strain rates where climb-bypass is active,
large precipitate sizes are beneficial provided coherency is maintained. For an alloy
where precipitates remain coherent to large radii, an optimum precipitate size should
thus exist at intermediate radii, since the threshold stress is a trade-off between the
Orowan stress (decreasing with precipitate size) and the repulsion due to modulus and
lattice mismatches (increasing with precipitate size).
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Figure 6. 3: Steady-state strain rate at 300qC versus normalized applied stress V/VOr* for
an Al-0.3 wt.% Sc alloy containing coherent precipitates of various radii r. Filled and
empty symbols are for measured and calculated data.

Table 6.1: Constants used in the calculations of strain rates for Al-0.3 wt.% at 300˚C
Gm
(GPa)

Gp
(GPa)

Qm

Qp

b (nm)

f

H

Dv (m2/s)

Values

21.1

63.0

0.34

0.2

0.286

0.0068

-0.0068

8.62u10-12
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Chapter 7
Mechanical properties of precipitation-strengthened Al-Sc
alloys

1. Introduction
This chapter reports on a systematic study of the yield and creep behavior, as
well as the corresponding dislocation mechanisms, in aluminum alloys containing low
volume-fractions of Al3Sc precipitates (less than 0.74 vol.%) at room temperature and
between 225 and 300qC, i.e., at homologous temperatures, T/Tm, between 0.50 and
0.64 (where Tm is the absolute melting temperature of aluminum). The alloys studied
are coarse-grained, so that creep is controlled by dislocation mechanisms, rather than
by grain-boundary sliding, as in fine-grained superplastic alloys [30,42].
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2. Results

2.1. Initial microstructure
The cast and annealed alloys are coarse-grained, with an equiaxed grain size of
1 to 2 mm, independent of scandium concentration (Figure 2.5). No subgrains were
observed by TEM in the microstructure of the alloys before creep deformation. A high
number density of nearly spherical Al3Sc precipitates was formed as a result of all the
aging treatments. These precipitates are coherent with the Al matrix, as coherency
strain (Ashby-Brown contrast) was visible and no interfacial dislocations were
observed. Representative TEM micrographs (Figure 7. 1) show the effect of
temperature on the precipitate number density and size for the Al-0.3 wt.% Sc alloy.
For a constant aging time, as the aging temperature increases, the average precipitate
radius increases and the number density of precipitates decreases. The effect of
composition is illustrated by Figure 7. 1(a) and (c), which demonstrate a decreasing
number density (by a factor of about 200) and increasing precipitate radius (from 1.4
nm to 9 nm), when the scandium concentration is decreased from 0.3 to 0.1 wt.% Sc
for the same aging conditions. The strain-field contrast due to coherent interfaces is
illustrated in Figure 7. 1(d). Figure 7. 2 shows precipitate size distribution functions for
the Al-0.3 wt.% Sc alloy, after various heat-treatments, which are reasonably close to
predictions given by the Lifshitz-Slyozov-Wagner (LSW) theory, as modified by
Ardell [29,67,70].
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When aging the Al-0.3 wt.% Sc alloy at 400qC, precipitate-free zones (PFZs)
were observed near grain boundaries on which large incoherent precipitates form, as
shown in Figure 7. 3. Because these PFZs are detrimental to the mechanical properties
of Al alloys [128], double-aging treatments, (e.g., 300qC for 5 h followed by 3 to 10 h
at 400qC), were used to limit the amount of grain boundary precipitation in creep
samples. Precipitates nucleate within the grains during the first aging treatment at
300qC and coarsen during the subsequent aging treatment at 400qC.
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(a)

(b)

(c)

(d)

Figure 7. 1: Dark-field TEM micrographs: (a) Al-0.3 wt.% Sc alloy aged at 300qC for
72 h; (b) Al-0.3 wt.% Sc alloy aged at 400qC for 5 h; (c) Al-0.1 wt.% Sc alloy aged at
300qC for 72 h; and (d) coherency strain contrast in the Al-0.2 wt.% Sc alloy aged at
300qC for 72 h (a-c) using the (100) reflection and (d) employs a two-beam condition
using the (200) reflection.
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heat-treatments. The theoretical LSW distribution function, as modified by Ardell [70]
to correct for the volume fraction, is shown as a solid line for comparison.
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Figure 7. 3: Dark-field TEM image of a precipitate-free zone (PFZ) at a grain boundary
(GB) in an Al-0.3 wt.% Sc alloy aged at 400qC for 5 h. A large incoherent precipitate
is also visible at the grain boundary.

2.2. Room-temperature mechanical properties
The aging response of the alloys, measured from changes in Vickers
microhardness, exhibits four different regions (Figure 7. 4 and 6.5): (a) an incubation
period; (b) a short transient period with a rapid increase in hardness values; (c) a
plateau at high hardness values (peak aging); and (d) a slow decrease of the hardness.
The temperature dependence of hardness evolution is shown in Figure 7. 4 for an Al0.3 wt.% Sc alloy. As the aging temperature increases from 275 to 400qC, the
incubation time decreases, the time to reach peak hardness decreases, and the rate of
hardness drops after peak aging increases (as observed at 350 and 400qC). The
dependence of hardness on scandium concentration was measured by aging Al-0.1, 0.2
and 0.3 wt.% Sc alloys at 300qC, as shown inFigure 7. 4. As the scandium
concentration increases, the incubation time decreases and the value of peak hardness
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increases. As seen from the hardness curves of Figure 7. 5, the time span of the peak
hardness plateau for aging at 300qC is longer than that of a creep experiment, so the
creep tests performed at 300qC and below can safely be considered to not alter the
precipitate size distribution of the alloys.
The yield strength at room temperature of an Al-0.3 wt.% Sc alloy aged at
300qC for 5 h is 209r10 MPa (average value for two tests). After a subsequent anneal
at 400qC for 7 h, the yield strength decreases to 140r10 MPa. These values constitute a
significant improvement when compared to 99.6% pure Al in the O-temper (annealed)
state, which has a tensile yield strength of 30 MPa [6].
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Figure 7. 4: Vickers micro-hardness versus aging time for an Al-0.3 wt.% Sc alloy as a
function of aging temperatures (275, 300, 350 and 400qC).
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Figure 7. 5: Vickers micro-hardness versus aging time at 300qC as a function of Sc
concentration (0.1, 0.2 and 0.3 wt.%).

2.3. High-temperature mechanical properties
At 300qC and a deformation rate of 0.03 s-1, a yield strength of 101 MPa is
measured for an Al-0.15 wt.% Sc alloy aged at 300qC for 5 h and 400qC for 1 h. When
the second anneal at 400qC was increased to 3 and 7 h, the yield strength at 300qC
decreases to 70 and 57 MPa, respectively.
A normal primary creep region, where the strain rate decreases continuously,
always precedes the steady-state creep regime. All specimens that were deformed to
fracture, at different stress levels exhibited more than 10% strain, with the exception of
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the Al-0.3 wt.% Sc alloy directly aged at 400qC after quenching from the
homogenization temperature, which showed only 4% plastic deformation and brittlelike fracture along grain boundaries. Despite the low scandium concentration levels, all
alloys exhibit significant improvements in creep resistance at 300qC as compared to
pure aluminum (Figure 7. 3). In the experimental range of strain rates (3x10-9 to 3x10-4
s-1), high stress exponents were measured, decreasing from n = 24-30 at strain rates
below 10-7s-1, to n = 9-14 at higher strain rates (Figure 7. 6). At even higher strain rates,
which were not investigated in this study, it is anticipated that the behavior of the
precipitation-strengthened alloy should converge towards the behavior of the pure
material and the stress exponents should decrease to values of 4-5. Two of the alloys
(Al-0.3 wt.% Sc and Al-0.2 wt.% Sc) were tested at various temperatures between 225
and 300qC, as displayed in Figure 7. 4. The same peak aging treatment (300qC for 6 h)
was used for all specimens. Both the stress exponents and activation energies are high,
the latter varying from 230 to 320 kJ mol-1 from 22 to 45 MPa. Finally, the Al-0.3
wt.% Sc alloy was creep-tested at 300qC after various heat-treatments between 300 and
400qC, providing a range of precipitate radii at constant volume fraction. As shown in
Figure 7. 5, the creep resistance increases with increasing precipitate radius in the
range 1.4 to 7.8 nm.
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2.4. Deformed microstructure
Figure 7. 9 (a,b) show dislocation structures for an Al-0.3 wt.% Sc alloy
deformed to 20% in compression at room temperature. For an average precipitate
radius of 1.4 nm resulting from aging at 300qC for 5 h, pairs of dislocations are
observed (Figure 7. 9 (b) shows the dislocation structure present in the same alloy,
aged at 400qC for 3 h following the above 300qC treatment, where the average
precipitate radius is 5.9 nm. Dislocation loops are observed around some Al3Sc
precipitates and no dislocation pairs are visible.
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In all deformed creep specimens, dislocations pinned at Al3Sc precipitates
could be seen by TEM, suggesting strong dislocation-precipitate interactions. Different
crept microstructures were observed depending on the average precipitate size. As seen
in Figure 7. 10(a), dislocation walls separate subgrains with a low dislocation density
for small precipitates of average radius 1.4 nm. No subgrains are observed but a
uniform distribution of tangled dislocations and dislocations pinned at precipitates are
present for larger precipitates of average radius 7.8 nm (Figure 7. 10 (b)).

Figure 7. 9: TEM micrographs of: (a) dislocation structure after ambient temperature
compression to 20% strain for an Al-0.3 wt.% Sc alloy aged at 300qC for 5 h with fine
precipitates (r = 1.4 nm) -- pairs of dislocations are marked with arrows; and (b) same
alloy aged at 300qC for 5 h and at 400qC for 3 h with coarser precipitates (r = 5.9 nm) - dislocation loops around precipitates are marked with arrows.
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Figure 7. 10: TEM micrographs of post-creep dislocation structures: (a) Al-0.3 wt.% Sc
alloy aged at 300qC for 5 h, crept at 300qC under 22 MPa showing subgrain walls; and
(b) Al-0.3 wt.% Sc alloy aged at 300qC for 5 h and 400qC for 7 h and then crept at
300qC under 36 MPa, exhibiting no subgrain structure.

3. Discussion

3.1. Microstructure
The aging treatments produce Al3Sc precipitates by decomposition of the
supersaturated Al(Sc) solid-solutions (Chapter 3, [4]). The precipitates have the L12
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structure as reported by Ref. [3] and the state of coherency of the precipitate/matrix
interface (Figure 7. 1 (d)) is explained by the low lattice parameter mismatch between
the Al3Sc precipitates and the matrix (Chapter 3). The faceting of the Al3Sc
precipitates, as previously observed by high-resolution TEM (Figure 3.1), is modest
enough that the precipitate shapes in the present study are well approximated by
spheroids. Whereas the Al3Sc precipitates remain coherent for the heat-treatments used,
the presence of PFZs after aging at 400qC indicates that heterogeneous nucleation at
grain boundaries becomes more important as the aging temperature increases at
constant Sc concentration, because the homogeneous nucleation current decreases due
to the lower Sc supersaturation at higher temperature. As observed in Al(Li) alloys
[129], heterogeneous nucleation at grain boundaries is then favored and PFZs are

formed near grain boundaries as solute atoms diffuse to the grain boundary
precipitates.
After deformation at room temperature, two different dislocation structures are
observed. The dislocation pairs present in the alloy containing the smallest precipitate
radii (Figure 7. 9 (a)) suggest a shearing mechanism. As observed in Al(Li) alloys with
coherent L12 Al3Li precipitates [130], dislocations tend to travel in pairs because
shearing of the L12 precipitates by a pair of matrix dislocations with a Burgers vector
a

of the type

2

110

restores perfect order of the precipitate on {111}-type slip planes.

Specifically, the dislocation spacing, l, in the pairs given by the following equation is
in agreement with the estimated value of the APB energy of 0.5 J.m-2 [29]:
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8. 1

where Q is the Poisson ratio, M is the mean matrix orientation factor, 'Vl is given by
Eq.6.3.
For an average precipitate radius of 1.4 nm, the dislocation spacing is 12 nm.
The dislocation loops present around the precipitates of larger radius (Figure 7. 9 (b))
indicate operation of the Orowan dislocation bypass mechanism.
After creep deformation, formation of subgrains is observed for the Al-0.3
wt.% Sc alloys containing small precipitates of radius 1.4 nm, after aging at 300qC for
6 h, as shown in Figure 7. 10(a). Dislocation climb over nanometer-size precipitates is
expected to be rapid, so the deformed microstructure is very similar to that observed in
crept pure Al samples [131], where the subgrain size Z can be related to the applied
stress, V, through [132]:
Z 28b

G
V;

8. 2

Equation (1) predicts Z | 8.5 Pm for an applied stress of 20 MPa at 300qC, in
agreement with the present observations where Z is about 7 Pm (Figure 7. 10(a)). For
larger precipitates with a mean radius of 7.8 nm (Figure 7. 10(b)), the dislocations are
pinned more efficiently by Al3Sc precipitates as climbing becomes slower and no
dislocation network is observed when the minimum creep rate is reached. The absence
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of substructure has previously been observed in other coherent precipitationstrengthened alloys, such as Ni-based superalloys [133] or ferritic alloys [134].

3.2. Deformation mechanisms at room temperature
The hardness curves (Figure 7. 4 and 8.5) reflect the precipitation process
occurring during aging in the two-phase region of the Al(Sc) phase diagram. Our
results are comparable with previously published hardness curves for Al(Sc) alloys
[4,16]. The average hardness value of our specimens after homogenization and
quenching (but before aging) is 215r8 MPa, which is slightly higher than the hardness
of pure Al (about 180 MPa [135]), as expected from the presence of scandium in solid
solution. Using the hardness values shown in Figure 7. 4, and the results presented in
Chapter 3 of precipitate growth during aging of Al-0.3 wt.% Sc alloy, Figure 7. 11
shows the increase in hardness due to Al3Sc precipitation as a function of precipitate
radius (using as a reference the alloy in its homogenized and quenched state). Because
the volume fraction is approximately constant (i.e., ranging from 0.72% at 275qC to
0.67% at 400qC [27]), direct comparison is possible between data points in Fig. 11.
Hyland [14] also showed that for an Al-0.25 wt.% Sc alloy, the number density of
precipitates starts to decrease at aging times greater than 10,000 s. at 288qC and after
2,000 s. at 343qC. Therefore, to insure that the measurements were performed in the
coarsening stage, the data points used in Figure 7. 11 correspond to aging treatments
between 300 and 450qC performed for times longer than 9,000 seconds.
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Figure 7. 11: Increase in ambient temperature microhardness versus precipitate radius
for an Al-0.3 wt.% Sc alloy aged at different temperatures.

Figure 7. 11 shows a maximum in hardness increase for radii between 1.5 and
2.0 nm. This result suggests a transition from a shearing mechanism to an Orowan
dislocation bypass mechanism, as observed in other systems with shearable, coherent
precipitates [136]. The corresponding critical radius can be evaluated using theoretical
models [137-139]. For the shearing mechanism, the increase in yield strength results
from the contributions of order strengthening ('V1), coherency strengthening ('V2),
and modulus mismatch strengthening ('V3) [138]. At peak strength, the first
contribution is given by:
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where M = 3.06 is the mean matrix orientation factor for aluminum [124], b = 0.286 nm
is the magnitude of the matrix Burgers vector [87], f is the volume fraction of Al3Sc
precipitates and Japb | 0.5 J/m2 is an average value of the Al3Sc APB energy for the
(111) plane taken from several reported values [17,140,141]. The contribution to the
yield strength due to coherency strengthening is expressed by:
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where DH = 2.6 is a constant [138], r is the mean precipitate radius, G = 25.4 GPa [87]
is the shear modulus of Al at room temperature, H | (2/3)('a/a) is the constrained
lattice parameter mismatch, with 'a/a = 0.0125 as the lattice parameter mismatch at
room temperature [90]. Finally, strengthening by modulus mismatch is as follows:
3m
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where 'G = 42.5 GPa is the shear modulus mismatch between the matrix and the
precipitates [65] and m is a constant taken to be 0.85 [138]. The increase in yield
strength due to Orowan dislocation looping is given by Ref. [137] as:
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where Q = 0.34 is the matrix Poisson’s ratio [124] and O is the inter-precipitate
distance, which is taken as the square lattice spacing in parallel planes and is given by
Ref. [119] as:
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«© 4f ¹
»
¬
¼ .

8. 7

Figure 7. 12 shows the theoretical and measured increases in strength as a
function of the precipitate size. The volume fraction of Al3Sc precipitates is taken to be
constant (i.e., 0.68%) for calculating the theoretical stresses; the error introduced by
this approximation is negligible. Coherency strengthening, 'V2, and the modulus
mismatch strengthening, 'V3, reach maximum values when the shearing dislocation is
close to the Al3Sc interface. However, order strengthening, 'V1 is a maximum when
the dislocation has sheared half the precipitate. For a given mean precipitate radius, the
shearing stress is therefore taken as the highest of the two contributions consisting of
order strengthening, 'V1 and the sum of strengthenings, 'V2+'V3, from coherency and
modulus mismatch. The data points in Figure 7. 12 are obtained from the compression
yield stress values and hardness measurements using the relationship Vy | HV/3, which
is satisfactory for aluminum alloys, although it is not valid for pure Al [135]. Good
agreement is observed between experimental and theoretical values except near the
peak strength, which is over predicted, probably because of the combined effects of
particle shearing and Orowan dislocation bypassing. Near the transition radius, neither
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of these two mechanisms dominates due to the broad precipitate size distribution
(Figure 7. 12) and the overall yield stress results from a combination of both
deformation modes [142]. The critical radius is predicted to be 2.1 nm, in agreement
with the observed values of 1.5-2.0 nm. Moreover, as discussed in the previous section,
TEM observations of samples deformed at room temperature confirm the operation of
the shearing mechanism for small precipitates (1.4 nm) and of the Orowan dislocation
looping mechanism for large precipitates (7.8 nm).
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Figure 7. 12: Increase in yield stress as a function of precipitate radius for an Al-0.3
wt.% Sc alloy aged at different temperatures. Experimental points are obtained from
uniaxial yield stress measurements and microhardness measurements (Figure 7. 4), and
the theoretical lines are calculated from Eqs. 6.1- 6.5 for the Orowan stress (VOr), the
cutting stress due to the APB energy ('V1), and the cutting stress due to the lattice and
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3.3. Deformation mechanisms at high temperature
3.3.1. Tensile tests
As anticipated, the yield stress at 300qC for the Al-0.15 wt.% Sc alloy is lower
than at room temperature. Using Eq. 6.6, the decrease of the yield strength due to an
Orowan dislocation mechanism with increasing temperature arises from the
temperature dependence of the shear modulus, which is given by wG/wT = -13.6
MPa.K-1 for Al [87]. The temperature dependence of the yield stress due to a shearing
mechanism results from the temperature dependence of the APB energy, of the shear
modulus of the matrix and the precipitate phases, and of the lattice parameter
mismatch. Using average thermal expansion coefficient values of 24.7 10-6 K-1 for Al
[143] and 7.5 10-6 K-1 for Al3Sc [126], the lattice parameter mismatch is calculated to
be 'a/a = 0.0092 at 300qC. The temperature dependence of the Young’s modulus of
Al3Sc is given by wE/wT = –26 MPa.K-1 [3]. The temperature dependence of the APB
energy is not known, and is assumed to be negligible. Inserting these parameters into
Eqs. 6.3-6.7, the transition radius from a shearing mechanism to an Orowan bypass
mechanism is calculated to be 2.5 nm at 300qC. The heat-treatments used for the Al0.15 wt.% Sc alloy produced average precipitate radii ranging from 3.8 to 7.2 nm, and
therefore the yield stress should be controlled by the Orowan dislocation mechanism
for all samples. As for ambient temperatures, the calculated Orowan yield stress at
300qC is in close agreement with the three experimental values ( Figure 7. 12).
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3.3.2. Creep experiments
First, the creep results obtained in the present study are compared to those
obtained by Fuller et al. [49]. Their first alloy, containing 0.07 wt.% Sc and aged at
350qC for 1 h, exhibited larger Al3Sc precipitates than in the present study (estimated
to be about 15 nm in radius (Chapter 3) and most likely with a partial loss of
coherency), resulting in a very low number density of precipitates and therefore a weak
strengthening effect. Their second alloy, with 0.21 wt.% Sc, and an estimated
precipitate radius of 4 nm (Chapter 3), had a creep strength comparable to the Al-0.2
wt.% Sc alloy of our study.
At low strain rates, the markedly improved creep resistance of the alloys, as
compared to pure aluminum (Figure 7. 6-8.8), suggests a strong interaction between
precipitates and mobile dislocations. The high creep exponents (9-30) in Figure 7. 68.8 can be interpreted as resulting from a threshold stress, Vth, below which creep rates
are negligible. This behavior is described by a modified power-law equation for the
strain rate H [37]:
n

H

A

DGb § V  V th ·
¨
¸
k bT © G ¹ ;

8. 8

where A is the Dorn constant, n = 4.4 is the matrix stress exponent [87], D = Doexp(Q/RT) is the diffusion coefficient characteristic of the matrix, Q is the diffusion
activation energy, kb is Boltzmann’s constant, and V is the applied stress.

158
1/ n
Threshold stress values determined from linear plots of H versus V are given

in Table 1 for the alloys studied. The validity of this approach is illustrated in Fig. 5.13,
where the data fall on straight lines with slopes of 4.5, consistent with the assumed
value of 4.4 for the stress exponent. Four possible mechanisms have been considered to
explain the presence of threshold stresses in precipitation- or dispersion-strengthened
metals [37]: (a) precipitate shearing; (b) Orowan dislocation looping; (c) dislocations
climbing over precipitates; and (d) dislocation detachment from precipitates. The latter
mechanism can be jettisoned because it is not active for coherent precipitates [144].
Many creep studies exist in the Ni-Al system [145], but the coherent J’-Ni3Al
precipitates are much larger than the present Al3Sc precipitates. Studying the effect of
particle radius distribution on the mechanisms controlling creep of Cu-Cr alloys, with
incoherent particles at homologous temperatures T/Tm between 0.5-0.6, Morris and
Joye [146], demonstrated that the threshold stress depends on the particle size and
therefore on the annealing temperature and time. A dislocation climb mechanism was
invoked to explain deformation for an alloy containing intermediate-sized precipitates
(about 4.5 nm in radius) and the Orowan mechanism for the largest sizes (about 12 nm
in radius). To the best of our knowledge, however, no thorough study on the creep
behavior of precipitation-strengthened alloys with coherent, nanometer-size particles
without concurrent coarsening has been undertaken. Possible threshold stress
mechanisms for Al(Sc) are discussed in the following paragraph.
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Values of activation energies can sometimes shed light on the nature of the mechanism
controlling the threshold stress. If precipitate shearing is the controlling mechanism,
the expected creep activation energy should be similar to that for dislocation creep of
single-phase Al3Sc, (128 kJ mol-1 [147]). If dislocation climb, which is diffusion
limited in the aluminum matrix, is the rate controlling mechanism, the activation
energy should be equal to the value for creep in Al (132 kJ mol-1 [87]). Activation
energies were obtained from the slope of semi-logarithmic plots of H versus T-1 at
constant effective applied stress, V-Vth. The experimental values for the effective
activation energies are 138r2 kJ mol-1 for Al-0.3 wt.% Sc and 120r8 kJ mol-1 for Al0.2 wt.% Sc, calculated at V-Vth = 4-15 MPa. The small numerical difference between
the experimental values (129 r8 kJ mol-1) and the theoretical values (128 and 132 kJ
mol-1) does not permit to discriminate between the operating mechanism. The shearing
mechanism, however, can be excluded since it would lead to yield stress values that are
higher by at least one order of magnitude than the observed threshold stresses (Table
7.1). The Orowan dislocation looping mechanism can be excluded for the same reason,
the discrepancy being a factor 2 to 17 (Table 7.1). A dislocation climb process is
therefore most likely since it operates at stresses lower than the Orowan value, VOr
[118,148,149].
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* From lever rule and equilibrium Al(Sc) phase diagram between 300qC and 400qC [27]
** From Eq. 6.7
*** From Eq. 6.6 (calculated at 300qC).
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Heat-treatment

Alloy
(wt.% Sc)

76

89

110

130

293

88

100

144

47

81

Vor***
(MPa)

402

376

344

328

224

275

268

230

225

178

Vsh****
(MPa)

Table 7. 1: Dependence on the scandium concentration, heat-treatment conditions, precipitate volume fraction, f,
average precipitate radius, r, and inter-precipitate spacing, O, of the experimental threshold stress, Vth, calculated
Orowan stress, VOr , and calculated yield stress for a precipitate shearing mechanism, Vsh, all at 300qC.
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The threshold stress for climb originates from the increase in dislocation line
length as a dislocation climbs over a precipitate. Different values for the threshold
stress are predicted depending on the details of the climb geometry. Local climb (where
the dislocation line between the precipitates remains in the glide plane) leads to a
normalized threshold stress, Vth/VOr = 0.4, independent of the precipitate size. The local
climb process model assumes a sharp bend at a precipitate-matrix interface that can be
relaxed by diffusion. Thus, general climb models, which are associated with smaller
threshold stresses, were developed [37]. The accepted view is that only general climb is
possible for coherent precipitates without a detachment stress. In the present case of
Al(Sc) alloys, the normalized threshold stress, Vth/VOr, predicted by Rösler and Arzt
[118] is independent of the mean precipitate size and is about 0.03 in the case of the
Al-0.3 wt.% Sc alloy. As shown in Figure 7. 14, however, the experimental values of
Vth/VOr for our Al(Sc) alloys increase from 0.06 to 0.43 as the precipitate radius
increases from 1.4 to 9.6 nm. These unexpectedly high experimental values of
normalized threshold stress can only be explained if another precipitate-radius
dependent mechanism contributes to the threshold stress. A possible mechanism is the
repulsive elastic interaction between the matrix dislocations and the coherent
precipitates associated with the mismatches in elastic modulus and lattice parameter
existing between Al and Al3Sc . As described in more details in Chapter 5, elastic
interactions can significantly contribute to the threshold stress in the Al(Sc) system.
Predictions of this model are shown in Figure 7. 13 and reproduce the experimental
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trend, i.e. increasing threshold stress with increasing precipitate radius. This model also
explains the unexpected results in Figure 7. 6, where the most creep resistant Al(Sc)
alloy has the lowest level of scandium for the same aging condition (300qC, peak
aging) and the same testing temperature (300qC). Even though the Orowan stress of the
Al-0.1 wt.% Sc alloy is lower than for the two other alloys, the precipitate radius and
thus the threshold stress due to modulus and lattice mismatches are largest for Al-0.1
wt.% Sc. If Al3Sc precipitates can remain coherent to large radii (e.g. by reducing the
lattice mismatch through alloying), an optimum precipitate size should exist at
intermediate radii for a given alloy. This is because the threshold stress in Al(Sc)
alloys is a trade-off between the Orowan stress (which decreases with precipitate size)
and the repulsive force due to modulus and lattice mismatches (which increases with
precipitate size).
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Figure 7. 13: Double logarithmic plot of strain rate versus applied stress minus the
threshold stress for the Al-0.3 wt.% Sc alloy data presented in Fig. 7a.
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Figure 7. 14: Normalized creep threshold stress with respect to Orowan stress at 300˚C
as a function of precipitate radius for an Al-0.3 wt.% Sc alloy aged at different
temperatures. Experimental data is compared to a general climb model without elastic
interactions [118] and with elastic interactions (Chapter 5).

Chapter 8
Mechanical properties of an Al-2 wt.%Mg-0.2 wt.% Sc
alloy

1. Introduction
The combination of solid-solution strengthening and precipitation strengthening
has been well characterized with respect to the room-temperature strength of alloys
[119]. The creep behavior of the Al-Mg solid solution is extensively described in the
literature [36,150-153]. The contribution and interaction of solid-solution strengthening
to the creep properties of particle-strengthened alloys is, however, not as well
understood. Several authors discussed the differences between Al-based and Al-Mg
based particle-reinforced alloys. Results on oxide dispersion strengthened alloys
showed that a threshold stress arises from the presence of particles; for stresses above
the threshold stress, viscous glide of dislocations does not contribute to the strength of
the alloy and the Al-Mg based particle-reinforced alloys appears weaker than the AlMg un-reinforced alloy [12]. Another study on Al-5% Mg-0.5% Fe and Al-5% Mg6.4% Ni showed that the strengthening effects from the particles depends on their
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shape and size; small Al6Fe particles are ineffective compared to the Mg solid-solution
strengthening whereas rod-like Al3Ni give rise to a threshold stress [154]. Different
behaviors depending on particle morphology, and volume fraction have been reported,
and the contribution of this chapter is to describe the combination of Mg solid-solution
with Al3Sc coherent precipitation in the strengthening mechanisms for creep
deformation at 300qC.

2. Results

2.1. Microstructure before testing
The alloy has large and elongated grains (Fig. 2.6), and high number densities
of coherent Al3Sc precipitates are obtained after aging. TEM images in Figure 8. 1
show the decreasing number density and increasing average radius of precipitates after
aging at 300qC for 24 hours and further aging at 400qC for 0, 2, 10, 24, 72, 240 hours.
The coarsening kinetics at 400qC is comparable to the kinetics measured in an Al-0.3
wt.% Sc alloy at 400qC [79], as shown in Figure 8. 2. The precipitate interface appears
coherent for precipitate radii up to 15 nm. In the specimens aged at 400qC for 24 hours
(r = 10.5 nm), some interfacial dislocations could be observed at the largest precipitates
but most of the precipitates remain coherent (Figure 8. 3). After aging at 400qC for 240
hours (r = 19.5 nm), all the precipitate have lost coherency, and interfacial dislocations
can be observed (Figure 8. 4).
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(a)

(b)

(c)

(d)

(e)

(f)

Figure 8. 1: TEM micrographs of Al3Sc precipitates obtained after pre-aging at 300qC
for 24 hours and aging at 400qC for (a) 0 hours, (b) 2 hours, (c) 10 hours, (d) 24 hours
(e) 72 hours (f) 240 hours

168
2.2. Microhardness
The Vickers microhardness value of the as-quench alloy is 430r10 MPa. The
aging response of the alloy, measured from changes in Vickers microhardness after
aging at 300qC and 350qC for various times (Figure 8. 5), exhibits four different
regions: (a) an incubation period of decreasing duration with increasing temperature;
(b) a short transient period with a rapid increase in hardness values; (c) a plateau at
high hardness values (peak aging). The hardness peak decreases as temperature is
increased from 300q to 350qC; (d) decreasing hardness values with increasing aging
times.

2.3. Creep results
For all heat-treatments used in this study, the creep strength of the ternary alloy
is significantly improved compared to the behavior of pure aluminum. Compression
tests were performed for this study to avoid any effect of residual porosity in the Mg
containing alloys. An Al-0.20 wt.% Sc alloy was also tested in compression to compare
the behavior of the Al-Sc alloys with and without Mg addition. The Al-2 wt.% Mg-0.2
wt.% Sc alloy exhibits a creep behavior characterized by high stress exponents (n # 40)
decreasing to lower values of about n # 5 at higher stresses (Figure 8. 6). Figure 8.
6compares the creep behavior at 300qC of the Al-Mg-Sc alloy with the corresponding
binary Al-Sc alloy. The creep resistance of the ternary alloy aged at 300qC for 24 hours
is comparable to that of the Al-Sc binary alloy with the same aging treatment for
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stresses close to the threshold stress. Comparing the behavior to that of the precipitatefree Al-2 wt.% Mg alloy (Figure 8. 7), the presence of precipitates is seen to increase
the creep resistance in the low-stress region, and the creep threshold stress increases
with precipitate radius in the range of 20-30 MPa. At high applied stress, the strain rate
of the ternary alloy is lower than that of the Al-Mg binary alloy by one strain rate order
of magnitude, and it is insensitive to the precipitate size.

Figure 8. 2: Coarsening kinetics at 400qC for a ternary alloy pre-aged at 300qC for 24
hours
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Figure 8. 3: Dark-field TEM micrograph showing the Ashby Brown contrast of the
coherent Al3Sc precipitates after aging the ternary alloy at 300qC for 24 hours
followed by 400qC for 24 hours, r = 10.5 nm;

Figure 8. 4: Dark-field TEM micrograph showing the dislocations contrast as observed
in the ternary alloy after aging at 300qC for 24 hours followed by 400qC for 240 hours,
r = 19.5 nm.
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Figure 8. 5: Vickers microhardness as a function of aging time for an Al-0.2 wt.% Sc
alloy (open squares) and an Al-2 wt.% Mg-0.2 wt.% Sc alloy (solid squares) at (a)
300qC and (b) 350qC. The dashed lines are translated curves of the Al-2 wt.% Mg-0.2
wt.% Sc alloy.

172

Figure 8. 6: Strain rate versus applied stress curves at 300qC, comparing the creep
behaviors of pure Al [155], an an Al-0.2wt.% Sc and Al-2 wt.% Mg-0.2 wt.% Sc alloys
both aged at 300qC for 24 hours

Figure 8. 7: Strain rate versus applied stress curves at 300qC of an Al-2 wt.% Mg-0.2
wt.% Sc alloy containing different precipitate size distributions and Al-2wt.% Mg
[155]
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3. Discussion

3.1. Hardness
The presence of 2 wt.% Mg introduces a significant solid-solution
strengthening effect, observed in the as-quenched state. The hardness value of the
binary Al-0.2 wt.% Sc alloy is 220 MPa, whereas the Al-2 wt.% Mg-0.2 wt.% Sc alloy
has an initial hardness level of 439 MPa, which is comparable to handbook data. [86]
The superposition of solid solution and particle strengthenings can be expressed by
[119]:
'V total

'V n ss  'V n p

1

n

8. 1

where n lies between 1 and 2, implying that a linear superimposition of strengthening
effect is an upper bound for the alloy strength; The linear superposition is shown by the
dotted line in Figure 8. 8; the slightly higher strengthening effect observed in the
ternary alloy (about 50 MPa) is within the experimental error on the measurement of
the two alloy strengths.
The precipitate size dependence of the strength of the Al-Mg-Sc alloy (Figure
8. 8) is very similar to that of the Mg free alloy (Chapter 6). The theoretical predictions
from the precipitate shearing and dislocation looping mechanisms (Eqs. 5.8-5.11) are
in fairly good agreement with the experimental values, and an optimal precipitate
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radius of 2.4 nm is calculated, which is slightly larger than the critical radius in the
case of Al-Sc alloy due to the decrease in lattice mismatch.

Figure 8. 8: Increase in Vickers microhardness versus precipitate radius for an Al-2
wt.% Mg-0.2 wt.% Sc alloy
3.2. Threshold stress
3.2.1. Coherent precipitates
Similarly to the binary Al-Sc alloys, the behavior of the alloy is interpreted by
the presence of a threshold stress, introduced in the creep equation (Eq. 6.8). Values for
the threshold stress are obtained by plotting H 1/n versus V in Figure 8. 9 with an
appropriate value of n, and the intercept corresponds to the threshold stress value. A
choice of n = 3 was motivated by the fact that the behavior of an Al-2 wt.% Mg is
characterized by n~3 for stresses less than 30 MPa [155] and the threshold stress values
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are less than 30 MPa. The linearity of the curves is also better for n=3 at the lowest
stresses (Figure 8. 9).
Using the equations presented in Chapter 5, the increase in strength due to
Orowan dislocation looping around precipitates or due to precipitate shearing
mechanisms are estimated using f = 0.0053 as the volume fraction of Al3Sc precipitates
in the Al-2 wt.% Mg matrix [24], and 'a/a = 0.0063 as the lattice parameter mismatch
at 300qC [6,90], for an Al-2 wt.% Mg alloy. Values for the different aging treatments
are presented in Table 7.1, showing that the Orowan dislocation looping mechanism
and precipitate shearing mechanism would require much larger stresses than the
measured creep threshold stresses. The absence of TEM evidence of precipitate
shearing support the climb mechanism as the operating mechanism.
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Figure 8. 9: Strain rates to the power 1/3 or 1/5 versus applied stress for an Al-2 wt.%
Mg-0.2 wt.% Sc alloy aged at 300qC for 24 hours, r = 2.0 nm (solid squares) and at
300qC for 24 hours followed by 400qC for 72 hours, r = 13.4 nm (open symbols)
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For comparison with previous data obtained on binary Al-Sc alloys, the
normalized threshold stress, defined as the ratio of the threshold stress and the Orowan
stress is plotted as function of precipitate size in Figure 8. 10. The normalized
threshold stresses of the binary and ternary alloys are very similar, showing that the
presence of 2 wt.% Mg has little or no effect on the climb mechanism. This result is
somewhat unexpected since the reduction of the lattice parameter mismatch by the
presence of Mg diminishes the elastic interactions between dislocations and
precipitates, and the model described in Chapter 5 predicts, indeed, a small decrease of
the normalized threshold stress with Mg addition (Figure 8. 9).
The microstructural parameters influenced by Mg addition are precipitate
morphology, lattice mismatch and segregation at the interface. Changes in diffusion
coefficients for the operative creep mechanism have no effect in the calculation of the
threshold stress. The elastic moduli of the matrix is also unchanged by the addition of 2
wt.% Mg [86] The change in shape (from faceted to spheroidal) is not taken into
account and is not expected to induce significant effect on the strength due to the small
extent of these shape changes compared to the size of the precipitates. The lattice
mismatch at 300qC is reduced from 0.83% for a binary Al-Sc alloy to 0.62% for a
ternary Al-2 wt.% Mg-Sc alloy, which increases the critical precipitate radius for
coherency loss from 12 nm to 16 nm. The effect of dislocation bypass of Mg
segregation at the Al/Al3Sc interface is also ignored, due to the narrow extent of the
segregation peak from the precipitate interface (Chapter 4). Dislocations are assumed
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to stand-off farther away from the interface and climb in a matrix with an average
composition Al-2 wt.% Mg.

Figure 8. 10: Normalized creep threshold stress with respect to Orowan stress at 300˚C
as a function of precipitate radius for an Al-2 wt.%Mg-0.2 wt.% Sc alloy (filled
symbols) and binary Al-Sc alloys (open symbols, data from Figure 7. 14) aged at
different temperatures. Experimental data is compared to a general climb model
without elastic interactions [118] and with elastic interactions for both binary and
ternary alloys (Chapter 5).

3.2.2. Semi-coherent precipitates
The increase of the normalized threshold stress with precipitate radius for radii
beyond the coherency limit (r = 15 nm) is not explained by the model described in
Chapter 6. For incoherent non interacting particles, the model by Rösler and Arzt
predicts a normalized threshold stress of 0.02. A possible explanation for the
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unexpectedly high normalized threshold stress values as precipitates lose coherency is
the presence of interfacial dislocations that interact with moving dislocations blocking
their climb motion. The effect of interfacial dislocations would be similar to that of the
elastic interactions previously described, i.e. the interfacial dislocation creates
additional force acting on moving dislocations.
3.2.3. High stress region
As stress increases, the stress exponent decreases to about 4.5 (Figure 8. 6). The
binary Al-2 wt.% Mg alloy exhibits a similar stress exponent of 5.1 for the same stress
range [155] and it is believed that the controlling mechanism is a dislocation climb
mechanism. Considering that all the specimens containing precipitates with various
sizes deform at the same rate for a given stress, it appears that the matrix behavior
controls creep deformation in the high stress range. The higher strength observed for
the ternary alloy compared to the binary Al-Mg alloy may be due to the grain texture
produced by directional solidification.
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Table 8. 1: Dependence on heat-treatment conditions, average precipitate radius, r,
and inter-precipitate spacing, O, of the experimental threshold stress, Vth, calculated
Orowan stress, VOr , and calculated yield stress for a precipitate shearing
mechanism, Vsh, all at 300qC.
Heattreatments
300qC, 24h

r (nm)

O (nm)

2.0

38

5.6
109
300qC, 24,h
400qC, 2h
8.3
161
300qC, 24h +
400qC, 10h
11.5
224
300qC, 24h +
400qC, 24h
13.4
261
300qC, 24h +
400qC, 72h
19.5
356
300qC, 24h +
400qC, 280h
*From Eq. 5.6 (calculated at 300qC).
** From Eqs. 5.3-5.5 (calculated at 300qC)

Vth
(MPa)
18

Vsh *
(MPa)
199

VOr **
(MPa)
191

20

99

260

24

74

292

27

58

322

27

51

338

25

40

372

Chapter 9
Conclusions and perspectives

1. Al3Sc precipitation in dilute Al-Sc alloys
The precipitation behavior of dilute Al(Sc) alloys with 0.1 to 0.3 wt.% Sc was
studied with the following conclusions:
x The exact morphology of Al3Sc precipitates was observed for the first time,
with HREM, in an Al-0.3 wt.% Sc alloy. The equilibrium shape of Al3Sc
precipitates obtained at 300˚C is one of the regular Archimedean solids, a
Great Rhombicuboctahedron, which has a total of 26 facets on the {100}
(cube), {110} (rhombic dodecahedron) and {111} (octahedron) planes
(Figure 3.1). This morphology had been predicted by first principles
calculations of the {100}, {110}, and {111} interfacial energies [63].
x The effect of scandium content on nucleation and on the precipitate
morphology was observed through the morphological evolution of Al3Sc
precipitates as a function of annealing time and temperature. The number
density of Al3Sc precipitates increases with increasing scandium
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concentration at constant annealing temperature, that is with increasing
supersaturation. Equilibrium shapes are found in the Al-0.3 wt.% Sc alloy
(Figure 3.3), while non-equilibrium shapes are observed in the Al-0.1 wt.%
Sc alloy (Figure 3.6-3.7).
x With

increasing

annealing

temperature

and

therefore

decreasing

supersaturation, at constant Sc concentration, heterogeneous nucleation of
Al3Sc precipitates occurs at dislocations (Figure 3.10).
x The effect of elastic anisotropy on the shape of the larger precipitates was
discussed in the case of the lowest scandium concentration alloy (0.1 wt.%
Sc). The elastic anisotropy is thought to be responsible for the development
of {100} oriented morphologies and the splitting of the shapes of the
precipitates (Figure 3.13).
x The observed time dependence (t1/3) of the coarsening behavior at 300, 350,
400 and 450˚C of the Al3Sc precipitates agrees with the Lifshitz-SlyozovWagner theory of coarsening (Figure 3.9). The measured coarsening rate
constant is in very close agreement with the theoretical LSW rate constant.
x The activation energy for diffusion of Sc in the Al matrix obtained from the
coarsening experiments is 164±9 kJ/mol, which agrees favorably with the
activation energy obtained from tracer diffusion measurements of Sc in Al,
173 kJ/mol [69], and the value calculated from first principles, 154 kJ/mol
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[64]. This implies that the diffusion of scandium in the aluminum matrix is
the rate controlling step for the coarsening of the Al3Sc precipitates, which
in turn implies an evaporation-condensation mechanism for coarsening
(Figure 3.14).

2. Effects of Mg additions on Al3Sc precipitation in dilute Al-Sc
alloys: coarsening behavior
The study of coarsening kinetics in the ternary Al-2.2 at.% Mg-0.12 at.% Sc
alloy between 300 and 400qC do not yield significant differences from the binary Al0.18 at.% Sc alloy [79], which is explained by the strong partitioning of Mg to the D-Al
matrix.
x The morphology of the Al3Sc precipitates, as observed by HREM, after
aging at 300qC is spheroidal and the faceted morphologies of the Al3Sc
precipitates in an Al-0.18 at.% Sc binary alloy were not observed (Fig. 3).
This implies that the {110} and {111} interfacial free energies are most
likely decreasing to values close to the one for {100}.
x Irregular Al3Sc precipitate shapes, attributed to unstable growth, are
observed after aging at 400qC (Fig. 4); by pre-aging at 300qC, regular Al3Sc
precipitate morphologies could be obtained.
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x The coarsening kinetics of the Al3Sc precipitates in an Al-2.2 at.% Mg-0.12
at.% Sc alloy are analyzed using a coarsening theory developed by
Kuehmann and Voorhees [84] for dilute ternary alloys.
x In the coarsening stage, the Sc concentration in the matrix was measured by
3DAP microscopy and good agreement was found with the t-1/3 dependence,
as predicted by the LSW-KV theories (Fig. 8).
x The combination of HREM and 3DAP microscopy leads to independent
measurements of the interfacial free energy and the diffusion coefficient of
Sc in Al. The unique aspect of this approach lies in the direct measurement
of Sc concentration in the D-Al matrix by 3DAP microscopy.
x Measurements of the D-Al/Al3Sc interfacial free energy and the diffusion
coefficient of Sc in Al are determined based on the coarsening kinetics of the
precipitate radius and Sc concentration, and good agreement is found
between the measured values of the interfacial free energy at 300qC, 135
r36 mJ m-2, and the predictions based on first-principles calculations [77],
160 mJ m-2, and between the diffusion coefficient for Sc diffusion in Al-2.2
at.% Mg at 300qC, (1.4 r0.6)u10-20 m2 s-1, and existing values [69], 8.8·10-20
m2 s-1.
x 3DAP microscopy analyses performed on an Al-2 wt.% Mg -0.2 wt.% Sc
alloys aged at 300qC for various times led to the following results:
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x Al3Sc precipitates form with the stochiometric composition and include
about 4.3 at.% Mg.

3. Effects of Mg additions on Al3Sc precipitation in dilute Al-Sc
alloys: Mg segregation
3DAP microscopy analyses performed on an Al-2 wt.% Mg -0.2 wt.% Sc alloys
aged at 300qC for various times leads to the following results:
x Al3Sc precipitates form at 300qC with the stoichiometric composition and
include about 2-4 at.% Mg, which is unable to diffuse out of the Al3Sc
precipitate with increasing aging time.
x The Sc concentration in the precipitates is time invariant, whereas the Mg
concentration decreases with increasing aging time.
x An enhancement of the Mg concentration, by a factor of 1.5 to 3, at the DAl/Al3Sc interface exists for all aging times. Segregation is occurring at the
perfectly coherent D-Al/Al3Sc interface, whose structure has been
determined from a HREM study. This thermodynamic equilibrium Mg
segregation behavior corresponds to a relative Gibbsian excess of Mg with
respect to Al and Sc of 1.9 atoms nm-2, and is related to the change in
precipitate morphology, i.e. the disappearance of the {100} facets and the
concomitant shape change to a spheroidal morphology.

186
x Magnesium is observed at the center of the Al3Sc precipitates and is
attributed to attractive interactions between Sc and Mg atoms during the
earliest stages of Al3Sc nucleation and precipitation. The estimated value of
the diffusivity of Mg in Al3Sc at 300qC is 2u10-23 m2 s-1.

4. Strengthening mechanisms in Al-Sc alloys at room and elevated
temperatures
Precipitation strengthening of dilute Al(Sc) alloys with 0.1 to 0.3 wt.% Sc was
studied at ambient and elevated temperatures with the following conclusions:
x Heat-treatments at temperatures between 275 and 400qC resulted in
coherent, approximately spheroidal L12 Al3Sc precipitates with a mean
radius between 1.4 to 9.6 nm and with precipitate size distributions close to
the Lifshitz-Slyozov-Wagner (LSW) predictions (Figure 7. 1).
x The time necessary to obtain peak hardness decreases with increasing aging
temperature at constant Sc concentration. The decrease in hardness due to
coarsening of the Al3Sc precipitates becomes significant after aging for
about 50 h at 350qC or 0.5 h at 400qC (Figure 7. 4).
x The coherent Al3Sc precipitates increase the room-temperature flow stress of
aluminum significantly, from about 20 MPa for pure Al to 140-200 MPa for
Al(Sc) alloys. The precipitate radius corresponding to peak strengthening is
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about 1.5 nm. Quantitative agreement is found with strength values predicted
from classical dispersion-strengthening theory, predicting that strength is
controlled by a precipitate shearing mechanism for smaller sizes, and the
Orowan dislocation bypass mechanism for larger sizes (Figure 7. 12).
x At high temperatures, a creep threshold stress in the range 8-34 MPa is
found for the alloys tested at 300qC, with an activation energy (measured
between 225 and 300qC) of 129 kJmol-1, which is close to that for creep of
pure Al or pure Al3Sc (Figure 7. 7).
x The threshold stress normalized by the Orowan stress increases
monotonically with increasing precipitate size, from 0.06 at 1.4 nm to 0.43 at
9.6 nm. A general climb model considering the elastic interactions between
precipitates and dislocations arising from modulus and lattice mismatches is
in semi-quantitative agreement with the experimental threshold stress data
(Figure 7. 14).

5. Effect of Mg additions on the creep properties of Al-Sc alloys
The room temperature hardness is a linear superposition of solid-solution and
precipitate strengthening.
x The creep behavior of the alloy depends on the stress level (Figure 8. 7): at
stresses close to the threshold stress (V < 35 MPa), the deformation rate is
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controlled by the climb rate of dislocations around the precipitates. At higher
stresses (V > 40 MPa), the glide velocity becomes slower than the climb
velocity and the solute drag effect becomes the mechanism controlling creep
deformation.
x The threshold stress model presented in Chapter 6 cannot entirely explain
the precipitate radius dependence of the threshold stress; the normalized
threshold stress continues to increase even for precipitate radii larger than
the critical radius for coherency loss. The presence of interfacial dislocations
interacting with mobile dislocations may explain the experimental trend, i.e.
increasing normalized threshold stress with increasing precipitate radius.

6. Future work
Possible extensions of this project are multiple. The design of Al-Sc-X alloys
for high creep resistance will involve a rational choice of an optimal lattice parameter
mismatch; larger values of mismatch increase the normalized threshold stress, as
suggested by the climb model described in Chapter 6; smaller values of mismatch
decrease the coarsening kinetics. In this respect, the study of more complex systems
involving Zr additions to Al-Mg-Sc alloys would be interesting. Zirconium
dramatically reduces the coarsening kinetics of the Al3Sc precipitates [7] and the Al3Zr
precipitates are also efficient in increasing the creep resistance; threshold stresses for
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dislocation creep were measured in Al-Zr-V alloys at 450qC [156]. The combination of
Al3Sc precipitates with a different type of precipitates could lead to interesting
mechanical properties. Bimodal particle size distributions could give rise to synergies
between the different strengthening mechanisms due to the two types of particles.
Design of alloys with high strength at both room-temperature and high temperatures
can take into account the different optimal particle sizes that were found for each
operating deformation mechanisms, as small precipitate size are desirable for high
room temperature strength, while larger precipitate sizes are required for good creep
strength. Zirconium containing Al-Sc alloys would again be an interesting candidate in
that respect, with the combination of Al3(Sc1-x,Zrx) and Al3(Zr1-x,Scx) precipitates. AlLi-Sc alloys, where Sc reduced the coarsening kinetics of Al3Li precipitates [48], and
the lattice parameter mismatch is much smaller than for the Al-Sc system, are also a
possibility. Although the threshold stresses created by the Al3Sc precipitates are
relatively small compared to threshold stress measured in Al alloys containing high
volume fraction of dispersoids, the presence of the Al3Sc precipitates in an Al alloy
reinforced with particles such as Al2O3 or SiC may lead to unexpected results. The
creep deformation of an Al-30 vol.% Al2O3 was shown to occur by dislocation climb
[39], and it is possible to imagine further interactions of the climbing dislocations with
the Al3Sc

precipitates that are distributed in the matrix around the dispersoids

(Appendix 5).
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Additional measurements of creep threshold stress would also be interesting to
validate the threshold creep model for coherent precipitates. Systems with different
values of lattice parameter and elastic modulus mismatches would be needed, to
confirm the effects of elastic interactions between dislocations and coherent
precipitates. Development of a model for threshold stress in the case of semi-coherent
precipitates would certainly be of interest to improve the alloy design.
It would be interesting to compare measurements of the Mg segregation
behavior at the Al3Zr precipitate/matrix interface with the results obtained for the
Al/Al3Sc interface, in order to understand the driving forces for segregation at Al/Al3X
interfaces. As far as phase transformations are concerned, a point of research would be
to develop kinetics Monte Carlo simulations on the Al-Mg-Sc system to confirm if and
how Al3Sc precipitates form on Mg-Sc dimers.
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Appendix 1: Observations of Al2Mg3 precipitates
Sparsely distributed precipitates with a parallelepiped shape are also observed
after all heat-treatments. The average length of the facets is about 20-30 nm. The edges
of these precipitates are along the <100>-type directions of the D-Al matrix, as
illustrated in Figure A1. These precipitates have a complex crystallographic structure,
as indicated by the diffraction pattern. Some of these precipitates had a different
orientation relationship with the D-Al matrix, where the cube faces of the precipitate
align with the {120}-type planes of the D-Al matrix. The diffraction patterns reveal a
quasi-periodic structure with a cubic point group (Fig. A.1). These types of structures,
identified as the Al2Mg3 phase, have been studied in rapidly-solidified Mg-61at.% Al
alloys [157], but have not been observed, to date, in thermally aged specimens. The
presence of the Al2Mg3 phase is not yet explained.
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Al3Sc precipitate

Al2Mg3 precipitate

4 nm
Figure A.1.: HREM image of an Al2Mg3 precipitate and Al3Sc precipitate in a sample
aged at 300qC for 24 hours

Figure A.2.: Diffraction pattern of an Al3Mg2 precipitate taken in the [110] zone axis of
the Al matrix
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[120]

[100]

Figure A.3: Diffraction pattern of an Al3Mg2 precipitate taken in the [100] zone axis of
the Al matrix showing a different orientation of the Al2Mg3 with respect to the matrix.

Appendix 2: Cluster search algorithm
In case of clustering phenomena, a cluster search algorithm can be needed to
detected local variation in 3DAP reconstructions. In a general sense, clusters are
defined by the maximum separation distance, d, between two atoms. For completeness,
no minimum number of atoms in the cluster is defined so that pairs of atoms can be
recorded. This definition does not put any restriction on the cluster geometry either
and, considering an extreme case, a chain of atoms where the separation distance is
smaller than d could be considered as a cluster. Using the following algorithm,
positions, number densities, composition, radius of gyration and average sizes of
clusters can be analyzed easily.
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Figure B.1:Diagram of the cluster search algorithm

Appendix 3: Code for climb model (using Maple 7)
The calculations used in the following piece of code can be found in Ref. [118].
Comments are indicated by ##.

restart;
## define constants ##
G:=21052;b:=0.286;volf:=0.0074; mismatch:=-0.0043;
Tline:=G*b^2/2;a:=b^2;
G1:=21052;G2:=64800;ratio:=G2/G1;
k1:=3-4*0.34;k2:=3-4*0.2;
alpha:=(ratio*(k1+1)-(k2+1))/(ratio*(k1+1)+(k2+1));
beta:=(ratio*(k1-1)-(k2-1))/(ratio*(k1+1)+(k2+1));
Amod:=G1*b^2/Pi/(k1+1)/(1-beta^2);
B:=alpha+beta^2;C:=alpha+beta^2-2*(1+alpha)*beta;
E:=-0.5*(1+alpha)*(1-beta-(1-alpha)*(1+beta)/(1+alpha-2*beta));
## glide force due to modulus mismatch ##
fglide:=proc(z,h,r,xe)
y:=-sqrt((r+xe)^2-(z+h)^2);
fglide:=-evalf(Amod*r^3*(-2*B*y/(y^2+(z+h)^2)/(y^2+(z+h)^2r^2)+2*C*y*((z+h)^2-y^2)/(y^2+(z+h)^2)^3-4*E*y*(z+h)^2/(y^2+(z+h)^2)^3)/Tline);
end;
## climb force due to modulus mismatch ##
fclimb:=proc(z,h,r,xe)
y:=-sqrt((r+xe)^2-(z+h)^2);
fclimb:=-evalf(Amod*r^3*(-2*B*(z+h)/(y^2+(z+h)^2)/(y^2+(z+h)^2r^2)+2*C*y^2*(z+h)/(y^2+(z+h)^2)^3-4*E*z*(y^2(z+h)^2)/(y^2+(z+h)^2)^3)*abs(y/(z+h))/Tline);
end;
## glide force due to lattice mismatch ##
fglidecoherent:=proc(z,h,r,xap)
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A:=2*G*mismatch*r^3*b;y:=-sqrt((r+xap)^2-(z+h)^2);
fg:=3*y*(z+h)/((y^2+(z+h)^2)^(5/2)*Tline);
fglidecoherent:=A*fg*r/2;
end;
## climb force due to lattice mismatch ##
fclimbcoherent:=proc(z,h,r,xap)
A:=2*G*mismatch*r^3*b;y:=-sqrt((r+xap)^2-(z+h)^2);
fc:=-(2*y^2-(z+h)^2)/((y^2+(z+h)^2)^(5/2)*Tline);
fclimbcoherent:=A*fc*r*abs(y/(z+h))/2;
end;
## find x in case of normal climb ##
func:=proc(z,h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
xmax:=abs((L/betaratio)*arcsin(betaratio));
f1:=z*sqrt(1-betaratio^2)*((x/z)^2+1)/(2*(r+xe));
f1:=f1*((betaratio+fglide(z,h,r,xe)+fclimb(z,h,r,xe)+fglidecoherent(z,h,r,xe)+fclimbco
herent(z,h,r,xe))/sqrt(((r+xe)/(z+h))^2-1)-1+(1-z/x)^(9/4));
func:=fsolve(f1=1,x=0..xmax);end:
## finds xr in case of restricted climb ##
func2:=proc(z,h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
xmax:=abs(L/betaratio*arcsin(betaratio));
zr:=(2*xmax*xr+z^2-xmax^2)/(2*z);
f1:=(xmax/2/zr+z/xmax(betaratio+fglide(z,h,r,xe)+fclimb(z,h,r,xe)+fglidecoherent(z,h,r,xe)+fclimbcoherent(z,
h,r,xe))/sqrt(((r+xe)/(z+h))^2-1));
f1:=f1*sqrt(zr^2+(xr-xmax)^2)*sqrt(1-betaratio^2)/(r+xe);
func2:=fsolve(f1=-1,xr,0..infinity);end:
## derivative of forces with respect to z ##
dfglide:=proc(w,h,r,xe)
dfglide:=D(fglide(w,h,r,xe))(w);end;
dfclimb:=proc(v,h,r,xe)
dfclimb:=D(fclimb(v,h,r,xe))(v);end;
dfglidecoherent:=proc(w,h,r,xe)
dfglidecoherent:=D(fglidecoherent(w,h,r,xe))(w);end;
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dfclimbcoherent:=proc(v,h,r,xe)
dfclimbcoherent:=D(fclimbcoherent(v,h,r,xe))(v);end;
## change in area under the dislocation line ##
increm:=proc(x,z,h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
f1:=(betaratio+fglide(z,h,r,xe)+fclimb(z,h,r,xe)+fglidecoherent(z,h,r,xe)+fclimbcohere
nt(z,h,r,xe))/sqrt(((r+xe)/(z+h))^2-1)-1+(1-z/x)^(9/4);
f2:=1/x+(x-z^2/x)/(x^2+z^2)+(9/4)*(z/x^2)*(1-(z/x))^(5/4)/f1;
f3:=(r+xe)^2/(z+h)^3/(((r+xe)/(z+h))^21)^(3/2)*(betaratio+fglide(z,h,r,xe)+fclimb(z,h,r,xe)+fglidecoherent(z,h,r,xe)+fclimbco
herent(z,h,r,xe))+(dfglide(z,h,r,xe)+dfclimb(z,h,r,xe)+dfglidecoherent(z,h,r,xe)+dfclim
bcoherent(z,h,r,xe))/sqrt(((r+xe)/(z+h))^2-1)-(9/4)*(1-z/x)^(5/4)/x;
f4:=(z-x^2/z)/(x^2+z^2)+f3/f1;
increm:=-evalf(f4/f2);end;
## change in area under the dislocation line in case of restricted climb ##
incremrest:=proc(xr,z,h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
xmax:=abs(L/betaratio*arcsin(betaratio));
zr:=(z^2-xmax^2+2*xr*xmax)/2/z;
raur:=sqrt(zr^2+(xr-xmax)^2);
dzrdz:=0.5-(2*xr*xmax-xmax^2)/2/z^2;dzrdxr:=xmax/z;
f1:=xmax/2/zr+z/xmax(betaratio+fglide(z,h,r,xe)+fclimb(z,h,r,xe)+fglidecoherent(z,h,r,xe)+fclimbcoherent(z,
h,r,xe))/sqrt(((r+xe)/(z+h))^2-1);
f2:=-(r+xe)^2/(z+h)^3/(((r+xe)/(z+h))^21)^(3/2)*(betaratio+fglide(z,h,r,xe)+fclimb(z,h,r,xe)+fglidecoherent(z,h,r,xe)+fclimbco
herent(z,h,r,xe))(dfglide(z,h,r,xe)+dfclimb(z,h,r,xe)+dfglidecoherent(z,h,r,xe)+dfclimbcoherent(z,h,r,xe
))/sqrt(((r+xe)/(z+h))^2-1);
f3:=zr*dzrdz/raur^2+(1/xmax-xmax*dzrdz/2/zr^2+f2)/f1;
f4:=(zr*dzrdxr+xr-xmax)/raur^2-xmax*dzrdxr/2/zr^2/f1;
incremrest:=-evalf(f4/f3);end;
## chemical potential ##
chempot:=proc(x,z,h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
chempot:=(Tline*a/(r+xe))*(1-(1-z/x)^(9/4)(betaratio+fglide(z,h,r,xe)+fclimb(z,h,r,xe)+fglidecoherent(z,h,r,xe)+fclimbcoherent(z,
h,r,xe))/sqrt(((r+xe)/(z+h))^2-1));end:
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difsurf:=proc(x,z,h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
a1:=1.5*(z+x^2/z)-0.5*(x/z)*(x^2/z+z)*arcsin(2*x*z/(z^2+x^2))-0.25*(z^2x^2)/z/sqrt(1-(2*x*z/(x^2+z^2))^2);
a2:=0.5*x-0.25*x*(1-x^2/z^2)-0.25*(z+x^2/z)*(1-x^2/z^2)*arcsin(2*x*z/(x^2+z^2))0.25*x*(x^2-z^2)/z^2/sqrt(1-(2*x*z/(x^2+z^2))^2);
difadv:=increm(x,z,h,r,xe,betaratio);
difsurf:=r+xe+(a1*difadv+a2)*sqrt(1-betaratio^2);
difsurf:=difsurf*sqrt(((r+xe)/(z+h))^2-1);end:
## chemical potential for restricted climb ##
chempotrest:=proc(z,h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
xmax:=abs(L/betaratio*arcsin(betaratio));
xr:=func2(z,h,r,xe,betaratio);
zr:=(z^2-xmax^2+2*xr*xmax)/2/z;
chempotrest:=(Tline*a/(r+xe))*(xmax/2/zr+z/xmax(betaratio+fglide(z,h,r,xe)+fclimb(z,h,r,xe)+fglidecoherent(z,h,r,xe)+fclimbcoherent(z,
h,r,xe))/sqrt(((r+xe)/(z+h))^2-1));end:
difsurfrestmod:=proc(xr,z,h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
xmax:=abs(L/betaratio*arcsin(betaratio));
zr:=(z^2-xmax^2+2*xr*xmax)/2/z;
raur:=sqrt(zr^2+(xr-xmax)^2);
draurdz:=(1/raur)*(zr*(1-2*zr/z));
draurdr:=(1/raur)*(zr/z+xr-xmax);
a1:=xmax/2+0.5*z*sqrt(raur^20.25*(xmax^2+z^2))/sqrt(xmax^2+z^2)+0.5*sqrt(xmax^2+z^2)*(raur*draurdzz/4)/sqrt(raur^2-0.25*(xmax^2+z^2))-2*draurdz*arcsin(sqrt(xmax^2+z^2)/2/raur)(2*z/sqrt(xmax^2+z^2)-sqrt(xmax^2+z^2)*draurdz/raur)/sqrt((xmax^2+z^2)/4/raur^21);
a2:=0.5*sqrt(xmax^2+z^2)*raur*draurdr/sqrt(raur^2-0.25*(xmax^2+z^2))2*draurdr*arcsin(sqrt(xmax^2+z^2)/2/raur)+sqrt(xmax^2+z^2)*draurdr/raur/sqrt((xma
x^2+z^2)/4/raur^2-1);
a3:=incremrest(xr,z,h,r,xe,betaratio);
difsurfrestmod:=r+xe+(a1+a2*a3)*sqrt(1-betaratio^2);
difsurfrestmod:=difsurfrestmod*sqrt(((r+xe)/(z+h))^2-1);
end:
## dislocation velocity ##
speed:=proc(z,h,r,xe,betaratio)
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L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
xmax:=abs(L/betaratio*arcsin(betaratio));
xx:=func(z,h,r,xe,betaratio);
if type (xx,float)=true then
top:=chempot(xx,z,h,r,xe,betaratio); bottom:=difsurf(xx,z,h,r,xe,betaratio);
go:=1;else xx:=func2(z,h,r,xe,betaratio);go:=0;fi;
if go=0 then
top:=chempotrest(z,h,r,xe,betaratio); bottom:=difsurfrestmod(xx,z,h,r,xe,betaratio);
fi:
speed:=abs(top/bottom);end:
apparentradius:=proc(y,z,r,h,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
fg:=-evalf(Amod*r^3*(-2*B*y/(y^2+(z+h)^2)/(y^2+(z+h)^2-r^2)+2*C*y*((z+h)^2y^2)/(y^2+(z+h)^2)^3-4*E*y*(z+h)^2/(y^2+(z+h)^2)^3)/Tline);
A:=2*G*mismatch*r^3*b;fgci:=3*y*(z+h)/((y^2+(z+h)^2)^(5/2)*Tline);fgc:=A*fgci*
r/2;apparentradius:=fg+fgc+betaratio;end;
findappary2:=proc(r,h,betaratio)
z:=b/20;
y:=-2*r;val1:=10;
for k from 1 by 1 while val1>0 do
val1:=evalf(apparentradius(y,z,r,h,betaratio));
y:=y+b/10;
od;
if y>-sqrt(r^2-(z+h)^2)-b then findappary:=b else
findappary:=sqrt(y^2+(z+h)^2)-r;fi;end;
climbtime:=proc(h,r,xe,betaratio)
L:=2*evalf(r*1.15*(sqrt(2*Pi/3/volf))/2);
xmax:=abs(L/betaratio*arcsin(betaratio));
dety:=b/200;tclimb:=0;
y:=evalf(-sqrt((r+xe)^2-h^2)+dety/100); z:=sqrt((r+xe)^2-y^2)-h;
for i from 1 by 1 while y<-b do
xpos(z,h,r,xe,betaratio);
speedcheck:=speed(z,h,r,xe,betaratio);
if type (speedcheck,float)=true then test:=1 else ERROR(`stress too small`) fi;
tclimb:=tclimb+dety/speedcheck;y:=y+dety;z:=sqrt((r+xe)^2-y^2)-h;od;
climbtime:=tclimb;end:
## Program ##
r:=8;h:=1*r/16;
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for j from 0.02 by -0.01 while j<1 do
bet[j]:=j;
xa:=findappary2(r,h,j);
climbrate[j]:=1/climbtime(h,r,xa,j);
od;
curvecalcul:= [[ bet[0.05*n], climbrate[0.05*n]] $n=0..20];

Appendix 4: TEM observations on a Al-Mg-Mn-Sc
alloy
The 5754 alloy is a solution hardened aluminum magnesium alloy used in the
automotive industry for its good weldability and formabitity characteristics.
Magnesium addition improves the corrosion properties and strengthens the alloy by a
solid-solution strengthening mechanism [13]. Addition of manganese also increases the
mechanical properties through precipitation of Al6Mn plate-like particles, which
stabilize the grain and subgrain structures. The addition of scandium produces a finer
scale precipitation of coherent L12 Al3Sc precipitates [3,20]. The presence of Al3Sc
precipitates was shown to improve different physical and mechanical properties of AlMg alloys, such as resistance to recrystallization [158,159], high-cycle fatigue strength
[31], tensile and yield strength [30,47], superplastic performance [30,43]. Both the

presence of coherent precipitates and the smaller subgrain size contribute to the higher
tensile strength.
The optimization of the 5754 alloy for automotive applications requires the
improvement of the low cycle fatigue performance. Scandium addition led to a good
improvement of tensile properties, the effect on fatigue properties, however, remains
unclear. The following observations were part of a study on the effects of heat-
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treatments on the microstructure and mechanical response of a rolled 5754 alloy with
scandium addition.

20 Pm

Figure C.1: SEM micrograph of (a) Al3Sc precipitates, (b) Mn rich particles and (c) Mg
rich particles

Al6Mn precipitates
Al3Sc precipitates

Figure C.2: Al3Sc and Al6Mn precipitates observed by TEM in the as-received alloy
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Figure C.3: Grain structure observed on mechanically polished and etched surface
(obtained by optical microscopy using polarized light); (a) as-received, (b) 500qC for 1
hour, (c) 600qC for 1 hour. Electro-etching was performed using Barker’s reagent (a
solution of 5 vol.% fluoboric acid in water).
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500 nm
(a) Rod-shaped Al3Sc precipitates

1 Pm
(c) Al3Sc precipitates within the grains
boundary

(b) Rod-shaped Al3Sc precipitates

5 Pm
(d) Al6Mn precipitates pinning the
and Al3Sc precipitates within the grains

Figure C.4: Al3Sc precipitates observed by TEM; (1) as received material (b) after
aging at 300qC for 50 hours, (c) after annealing at 500qC for 1 hour, (d) after annealing
at 600qC for 1 hour
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Figure C.5: Subgrain structure observed (a) after aging at 300qC (b and c) Al3Sc
precipitate at subgrain boundary aging at 400qC for 1 hour, (d) aging at 500qC for 1
hour (TEM micrograph)

Appendix 5: TEM observations on a Al-0.15 wt.% Sc
with 30 vol.% Al2O3
This material is prepared by pressure melt-infiltration by Chesapeake
Composite Corp. (Delaware) which specializes in producing dispersion-strengthened
cast aluminum (DSC-Al). An Al-Sc alloy is melted on top of a preform of alumina
powders, and the melt is forced into the preform by applying a gas pressure.
Directional solidification produces a coarse-grained matrix, and optional subsequent
extrusion induced recrystallization produces a very fine grained-material as a result of
grain-boundary pinning. As a proof of concept, Chesapeake Composite Corp. has
produced a small ingot of Al-0.2 wt.% Sc with 30 vol.% submicron alumina (Figure
D.1). A TEM investigation of the material has shown that Sc is present in the matrix in
the form of Al3Sc (Figure D.2) and has not reacted with Al2O3, despite the higher
thermodynamic stability of Sc2O3 with respect to Al2O3. This is because the high
dilution of Sc in the aluminum matrix reduces its thermodynamic activity.
During creep deformation, dislocations interact with two very different
populations of precipitates: (i) fine, coherent Al3Sc precipitates at a low volume
fraction and (ii) coarse, incoherent Al2O3 dispersoids at a high volume fraction. The
strengthening mechanism is different for both obstacles: climb bypass for the Al3Sc
precipitates and detachment bypass for the Al2O3 dispersoids. The threshold stress is
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the only parameter that is needed to describe completely the creep behavior of
dispersion-strengthened alloy, if the creep parameters of the matrix are known. The
threshold stress is proportional to the Orowan stress, which is itself governed by the
interparticle distance accessible from electron microscopy measurements (either direct
distance measurement or using measurement of particle volume fractions and
diameter). Furthermore, for incoherent particles such as Al2O3 in DSC-Al, the
detachment threshold stress may be dominant, which also contains as parameter the
relaxation factor k. This value is known for the Al-Al2O3 system. The goal of this
project will reside in the fact that two populations of precipitates (or dispersoids) are
contributing to the strengthening of the alloy. The final goal is thus to quantitatively
model dual-particle strengthening in this alloy; if successful, this modeling strategy
will be directly transposable to other dual-strengthened alloy systems.
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Al2O3 particles

Figure D.1: Bright field TEM image of an as cast Al-0.15wt.% Sc alloy containing 30
vol.% sub-micron Al2O3 particles

Al3Sc
precipitates

Figure D.2: Dark field TEM image of Al3Sc precipitates after aging an Al-0.15 wt.%
Sc alloy containing 30 vol.% Al2O3 particles at 350qC for 2 hours
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