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Abstract 
 
 The nanoscale co-precipitation of Cu and M2C carbides in a high strength, low carbon 

quenched and tempered steel is characterized in detail along with the mechanical properties and 

precipitated austenite.  Correlations between the nanostructure and the mechanical properties are 

drawn. 

The co-precipitation of Cu, M2C (M is any combination of Cr, Mo, or Ti), and austenite 

(f.c.c.) is characterized for 5 h isochronal aging times by synchrotron x-ray diffraction and 3-D 

atom-probe tomography for a HSLC steel, BA (BlastAlloy) 160. High number densities, ca. 1023 

m-3, of co-located Cu and M2C precipitates were observed. Only small austenite volume 

percentages (<1.5%) were measured after aging at temperatures up to 625 °C for 5 h. 

 Nanoscale co-precipitation is studied in detail after isothermal aging.  Atom-probe 

tomography is utilized to quantify the co-precipitation of co-located Cu precipitates and M2C (M 

is any combination of Cr, Mo, Fe, or Ti) carbide strengthening precipitates.  Coarsening of Cu 

precipitates is offset by the nucleation and growth of M2C carbide precipitate, resulting in the 

maintenance of a yield strength of 1047 ± 7 MPa (152 ±1 ksi) for as long as 320 h of aging time 

at 450 °C.  Impact energies of 153 J (113 ± 6 ft-lbs) and 144 J (106 ± 2 ft-lbs) are measured at -

30 °C and – 60 °C, respectively.  The co-location of Cu and M2C precipitates results in non-

stationary state coarsening of the Cu precipitates.  Synchrotron-source x-ray diffraction studies 

reveal that the measured 33% increase in impact toughness after aging for 80 h at 450 °C is due 

to dissolution of cementite, Fe3C, which is the source of carbon for the nucleation and growth of 

M2C carbide precipitates.  Less than 1 volume percent austenite is observed for aging treatments 

at temperatures less than 600 °C, suggesting that TRIP does not play a significant role in the 

toughness of specimens aged at temperatures less than 600 °C.  Aging treatments at temperatures 

greater than 600 °C produce more austenite, in the range 2-7%, but at the expense of yield 

strength. 

 The differences in artifacts associated with voltage-pulsed and laser-pulsed (wavelength = 

532 or 355 nm) atom-probe tomographic (APT) analyses of nanoscale precipitation in a high-

strength low-carbon steel are assessed using a local-electrode atom-probe (LEAP) tomograph. It 

is found that the interfacial width of nanoscale Cu precipitates increases with increasing 

specimen apex temperatures induced by higher laser pulse-energies (0.6-2 nJ pulse-1 at a 

wavelength of 532 nm). This effect is probably due to surface diffusion of Cu atoms. Increasing 
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the specimen apex temperature by using pulse energies up to 2 nJ pulse-1 at a wavelength of 532 

nm is also found to increase the severity of the local magnification effect for nanoscale M2C 

metal carbide precipitates, which is indicated by a decrease of the local atomic density inside the 

carbides from 68±6 nm-3 (voltage-pulsing) to as small as 3.5±0.8 nm-3. Methods are proposed to 

solve these problems based on comparisons with the results obtained from voltage-pulsed APT 

experiments. Essentially, application of the Cu precipitate compositions and local atomic-density 

of M2C metal carbide precipitates measured by voltage-pulsed APT to 532 or 355 nm 

wavelength laser-pulsed data permits correct quantification of precipitation. 

 Based on detailed three-dimensional (3-D) local-electrode atom-probe (LEAP) 

tomographic measurements of the properties of Cu and M2C precipitates, the yield strength of a 

high-toughness secondary-hardening steel, BA160, as a function of aging time is predicted using 

a newly developed 3-D yield strength model. Contributions from each strengthening constituent 

are evaluated with the model and superposition laws are applied to add each contribution. 

Prediction of the yield strength entirely based on 3-D microstructural information is thus 

achieved. The accuracy of the prediction depends on the superposition laws and the LEAP 

tomographic measurements, especially the mean radius and volume fraction of M2C precipitates.  
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1 Introduction 
 

High-strength low-carbon (HSLC) steels are technologically important due to their 

excellent weldability and formability at considerably higher strength levels than conventional 

steels with the same carbon concentrations [1-2].  High strength low carbon steels are steels with 

carbon concentrations below 0.25 wt.% and yield strengths greater than 50 ksi [2].  Because of 

their high strength and toughness values, HSLC steels often find use in demanding applications, 

such as high-strength pipelines, reactor vessels, and naval vessels.  Naval applications require 

high-strength, excellent ductility, and high toughness at -60 °C, which are critical for blast 

resistance; they also require good weldability for joining steel plates.   

Precipitation strengthening is one of the most important strengthening mechanisms for 

modern HSLC steels.[3]  One steel that takes full advantage of precipitation strengthening is 

Blast Alloy 160 (BA-160);[4-5] the number 160 is the yield strength in ksi.  The combination of 

M2C carbide precipitation, where M is any combination of the strong carbide forming elements 

(Mo, Cr, V, or Ti), and Cu precipitation strengthens this steel.  A steel is termed a secondary- 

hardening steel if the hardness increases after tempering at a certain temperature due to alloy 

carbide precipitation.  Secondary hardening due to M2C carbide precipitates has been 

successfully utilized in a number of steels.[3, 6-8]  The small dimensions (~1-10 nm in diameter) 

of these precipitates leads to an excellent combination of strength and toughness.  Similarly, 

nanoscale Cu-rich precipitates on the order of 2-10 nm in diameter have been used to obtain a 

combination of high strength and toughness for various high-strength low-alloy (HSLA) 

steels.[9-11]  

BA-160 was designed to precipitate nanoscale austenite during heat treatment to increase 

the toughness via transformation induced plasticity (TRIP).[5]  Nanoscale austenite precipitates 

have been investigated in ultra-high strength steels as a means of increasing the toughness 

through TRIP.[12-14]  Although many TRIP steels take advantage of micron sized dispersions of 

retained austenite to increase their toughness, relatively few investigations have been made of 

nanoscale precipitated austenite. 

 Though considerable study has been devoted to the precipitation of Cu and M2C 

precipitates individually, only a limited amount of work has been performed on their 

precipitation behavior when combined, especially in the earlier stages of precipitation.  

Tiemens[15] designed a version[16] of an ultra-high strength carburized gear steel, C61, that is 
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strengthened by the combination of Cu and M2C precipitates.  He observed heterogeneous 

nucleation of approximately equiaxed M2C precipitates on Cu precipitates using local-electrode 

atom-probe (LEAP) tomography.  Tiemens found that the precipitation kinetics was significantly 

slower in his Cu bearing, Co-free gear steel than in a gear steel containing 18% Co.  Based on 

the slower precipitation kinetics, he conjectured that precipitation of M2C precipitates on Cu 

precipitates is significantly slower than Co-assisted nucleation of M2C precipitates on 

dislocations, which is the predominant mechanism for M2C nucleation in high Co steels.[3]  

Tiemens also noted that the strengthening of co-located Cu and M2C precipitates of similar sizes 

is not well described by a simple linear superposition model.  However, he only studied 

isothermal precipitation kinetics for three near peak-aging times and was thus unable to quantify 

fully his observations.  

 Saha et al.[5] performed various preliminary evaluation studies on BA160 steel.  They 

determined the composition of the matrix and several Cu precipitates at two aging times using a 

three-dimensional atom-probe (3DAP) and LEAP tomography.  They also observed a single 

austenite precipitate nucleated on a Cu precipitate using 3DAP.  Saha et al. also claim to have 

observed several more examples of austenite precipitation on Cu precipitates using LEAP 

tomography.  In their LEAP tomographic observations, however, it is possible that they have 

confused austenite precipitation with Ni segregation at the Cu precipitate/matrix interface.[17]  

Saha et. al were unable to image M2C carbides in either LEAP or TEM, and they were also 

unable to observe intralath or interlath austenite employing transmission electron microscopy 

(TEM). 

Lippard[14] and Kuehmann et al.[13, 18] observed nucleation of intralath austenite 

precipitates on M2C carbides in an AerMet100 steel using TEM and scanning transmission 

electron microscopy (STEM).  This work was reviewed by Olson and Kuehmann.[19]  They 

were unable to resolve either M2C or austenite precipitates at early aging times, when the 

precipitates were < 4 nm in diameter using these techniques.   

The purpose of this work is to characterize in great detail the precipitation of Cu and M2C 

carbides in BA-160 steel and to correlate that precipitation with the mechanical properties of the 

steel.  This work also aims to quantify the precipitated austenite phase.  The thesis is divided into 

the following chapters: 

• Chapter 2 gives a short background on the topics of interest to BA-160. 

• Chapter 3 presents the results of isochronal aging study conducted to study the 

precipitation of austenite, Cu, and M2C at elevated temperatures. 

• Chapter 4 presents a more detailed characterization of the Cu and M2C 

precipitation kinetics as well as more characterization of austenite and cementite. 
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• Chapter 5 details the technique development necessary to improve the accuracy of 

the precipitate quantification using LEAP tomography. 

• Chapter 6 presents an analytical model developed in collaboration with Dr. J.S. 

Wang using the quantification from the previous chapters.   

• Chapter 7 provides ideas for future work. 
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2 Background 
 

  

 
2.1 Stages of tempering 

 

There are generally four recognized stages of tempering in martensitic steels.[1-5]  The first 

stage, which occurs at ~ 100 - 250 °C involves precipitation of ε- or η-carbides, which have the 

composition Fe2C or Fe2.4C, respectively.  They are formed by the rearrangement of carbon 

atoms.  The second stage, which occurs at ~ 200-300 °C involves decomposition of any retained 

austenite into ferrite and coarse cementite (Fe3C).  During the third stage of tempering at 250 - 

450 °C, the ε- or η-transition carbides are replaced by interlath and intralath Fe3C precipitates.  It 

has been shown[6-7] that Fe3C is formed under paraequilibrium conditions.  These conditions 

are given by:[7]   
θα µµ CC =      (1a)                              
θα
jj yy =      (1b) 

0)( =−∑
j

jjjy θα µµ     (1c) 

 

Where, µC is the chemical potential of carbon, µj is the chemical potential of element j, y is the 

site fraction of element j, α refers to ferrite, and θ refers to Fe3C.  Paraequilibrium implies that 

the carbon atoms achieve a uniform chemical potential because of their high mobility, but the 

partitioning of the substitutional atoms is the same in the Fe3C as in the martensite matrix due to 

their relative immobility compared to carbon, which migrates via an interstitial mechanism, 

whereas the substitutional elements migrate via a vacancy mechanism.  This paraequilibrium 

Fe3C subsequently serves as a source of carbon atoms for the secondary hardening alloy 

carbides, which form during the fourth stage of tempering (450-700 °C).  The secondary 

hardening carbides are so-called because they produce an increase in hardness beyond that of the 

as-quenched martensite upon tempering.  The secondary hardening carbides, of which M2C is the 

first one to form, precipitate at the expense of Fe3C.[8]  Importantly, the formation of Fe3C 

reduces the C concentration of the matrix by a factor of ~50, which concomitantly decreases the 

C supersaturation of the matrix and hence the driving force for M2C precipitation.[7]  After 

prolonged tempering (hundreds of hours at 550 °C) or tempering at higher temperatures(> 650 
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°C) M6C and M23C6 precipitates with diameters on the order of hundreds of nm, which are the 

most stable carbides, form.[9]     

 
2.2   M2C precipitation 

 

The crystal structure of the M2C carbides is an hexagonal close-packed (h.c.p.) arrangement of 

metal atoms with several possible arrangements of the C interstitial atoms.[10]  Most of the 

arrangements of C atoms produce an orthorhombic distortion of the lattice,[11-12] but in the case 

of Mo2C, the h.c.p.symmetry is maintained.[13] 

 Irani and Honeycombe,[14] Raynor et. al,[15-16] and Davenport and Honeycombe[9] 

studied M2C precipitation in ternary Fe-Mo-C and Fe-W-C steels.  They observed M2C carbides 

that had nucleated directly on Fe3C precipitates, on lath boundaries, and coherently on 

dislocations in the martensitic matrix.  Peak strengthening occurred after 15-100 hours at 550-

600 °C.  The M2C carbide needles at the peak-aged condition were ~20 nm in length by ~2 nm in 

diameter.  Those that had nucleated on Fe3C were larger by a factor of ~2-3. The M2C carbides 

nucleated on dislocations follow the Pitsch-Schrader orientation relationships,[17] which are 

given by: 

 
( ) ( )α110||0001

2CM      (2a) 

[ ] [ ]α100||1012
2CM      (2b) 

 

 Speich et al.[8] studied the effects of different alloying elements on a multi-component 

secondary-hardening steel with the composition Fe-10Ni-8Co-2Cr-1Mo-xC (wt. %).  They found 

that Cr both increased the hardening response and accelerated the aging kinetics.  Cobalt had a 

similar effect and greatly accelerated the precipitation kinetics of M2C precipitates.  These     

steels reached peak yield strength of around 180 ksi after only 1 h at 510 °C.  Cobalt 

significantly retards recovery of the dislocation substructure in the martensitic matrix, which 

effectively increases the number of available nucleation sites for M2C carbides.[8]  This led to 

the development of the high Ni-Co ultrahigh strength steels AF1410 and AerMet100.  M2C 

precipitation in these steels has been studied using atom-probe field-ion microscopy 

(APFIM),[18-19] TEM,[20-25] and small angle neutron scattering (SANS).[26]  Studies have 

indicated that the coherent intralath nucleation nearly always occurs on dislocations in high Co 

steels.  The M2C carbides are first observed using TEM to have a rod-like morphology, 

approximately 3 nm in length and about 2 nm in diameter.  Liddle et al.[19] first observed the 

M2C carbides using field ion microscopy (FIM) to have a roughly equiaxed morphology around 
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2 nm in diameter that evolved to a rod-like morphology upon aging.  SANS studies[26] have 

shown that the M2C carbides are ~3 nm in diameter at the peak strength aging condition.   

Ayer et al.[20] suggested, based on a lack of clear diffraction spots in electron diffraction 

patterns, that the initial coherent M2C precipitates may be solute clusters that do not yet have a 

fully developed crystal structure. Irani et al. observed the same phenomena in ternary Fe-Mo-C 

steel.[14]  However, Raynor showed[15] that, given the Pitsch-Schrader[17] orientation 

relationships, the faint streaking observed in electron diffraction patterns in Fe-Mo-C steel is 

consistent with hexagonal, needle-shaped M2C precipitates that were a few nm in length and 

diameter.   

The peak strength is achieved after 1-3 h at 450-510 °C in AF1410 and AerMet100, 

while the M2C precipitates are still coherent with the matrix.  The M2C precipitates are not 

observed in the TEM studies mentioned above until these steels are aged beyond peak 

strengthening.   Comparison of the tempering time to peak strength in AF1410 and AerMet100 

with that of the Fe-Mo-C and Fe-W-C steels reveals a drastically increased precipitation kinetics.  

Peak toughening occurs when dissolution of the Fe3C precipitates, through M2C precipitation, is 

complete.[8, 23]  Peak toughening occurs after 5 h at 468 °C in AerMet100.[23]  Upon 

tempering beyond the peak aging condition in terms of strength, the M2C precipitates are 

assumed to lose coherency with the matrix.  The evidence for this is indirect:  Liddle[19] based 

the coherency loss on a change in the ratio of the M2C carbide length to diameter.  Ayer[20] did 

not observe strain contrast from the M2C precipitates in AerMet100 after 5 hours at 510 °C in 

TEM.  Montgomery[22, 24-25] pointed out that the convolution of the precipitate and dislocation 

strain fields for M2C precipitates nucleated on dislocations can affect the visibility of the 

precipitate strain contrast.  He conjectured a coherency loss based on increases in the lattice 

parameters of the M2C carbides as a function of aging time, as measured by electron diffraction.  

Nagataki et al. provided more convincing evidence for a coherency lost based on changes in x-

ray line broadening measured using x-ray diffraction (XRD).[27]   The ratio of the M2C 

precipitate length to diameter remains relatively constant at around 2-3, especially after 20-40 h 

of tempering at 468-510 °C in AF1410 and AerMet100,[22-23] which is again noticeably 

different than in the ternary Fe-Mo-C and Fe-W-C steels.  Davenport et al. observed aspect ratios 

of ~8-10 in ternary Fe-W-C steel.[9]   

 The composition of the M2C carbides affects their lattice parameters, which in turn 

affects their coherency strain energy during nucleation.  The M2C carbides in the steels 

mentioned above contained mainly Cr and Mo as carbide forming elements.  Montgomery [22, 

24] and Knepfler[28] found that addition of Cr to Mo2C reduces the coherency strain of the M2C 

precipitates.  Knepfler found that the variation of the lattice parameter for additions of Cr and Fe 
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to Mo2C carbides follows Vegard’s Law.  This is the reason for the different morphologies in 

AF1410 and AerMet100 as compared to the ternary Fe-Mo-C and Fe-W-C steels. 

 Several atom-probe[18-19, 29-31] and STEM-energy dispersive x-ray spectroscopy 

(EDS)[21, 30, 32] investigations have been performed to determine the compositions of M2C 

precipitates in steel.  Carinci [18, 33] and Liddle et al.[19] studied M2C compositions in AF1410, 

whereas Stiller et al. [30] and Leitner et al.[29] studied M2C compositions in high-speed steels.  

The atom probe investigations invariably found that the M2C precipitates were initially rich in Fe 

and deficient in C.  The C concentration subsequently increased and the Fe concentration 

decreased with tempering.  The Cr-to-Mo concentration ratio is initially enhanced to reduce 

coherency strains, in agreement with the STEM-EDS studies.  After longer aging times when the 

M2C carbides lose coherency with the matrix, the Cr-to-Mo concentration ratio is found to 

decrease toward the equilibrium M2C composition determined by the alloy composition.  

Importantly, at the earlier aging times, corresponding to carbides that are rods ~1 nm in diameter 

or smaller, the atom probe composition measurements may be affected by trajectory overlap with 

matrix ions, as noted by Stiller et al.[30]  Liddle et al.[19] and Carinci et al.[33] dealt with this 

problem by assuming that there were no Ni or Co atoms present in the carbides and subtracting 

elements based on their concentration ratio with Ni and Co in the matrix.  Leitner et al.[29] made 

the assumption of no Fe in the M2C precipitates, but found that this gave compositions that were 

highly non-stoichiometric in C, indicating that this assumption was incorrect.  A further 

assumption was made based on a precipitate lying perpendicular to the analysis direction that the 

maximum amount of Fe in the precipitates was 10 at%.  This assumption could not be verified at 

additional aging times.[29]  The assumption of a constant maximum Fe concentration also 

prevents consideration of evolution of the Fe content, contrary to the observations of Carinci et 

al. and Stiller et. al.  Correcting for trajectory aberrations in M2C precipitates remains an issue. 

 As noted, Tiemens[34] studied M2C carbide precipitation on Cu precipitates using LEAP 

tomography.  He observed roughly equiaxed precipitates, rather than rod-shaped M2C 

precipitates, that had nucleated on Cu precipitates after 12 h of aging at 482 °C.  Only after 48 h 

of aging at 482 °C were rod-shaped M2C precipitates observed.  After 12 h of aging, the 

observed volume fraction of M2C was only about 1/6 of the equilibrium volume fraction 

calculated by ThermoCalc, and cementite was observed.  This indicated significantly slower 

precipitation kinetics than in AF1410 or AerMet100 steels.  The core and carburized case of a 

specimen of this alloy reached peak strength at 1 and 48 h at 482 °C, respectively.  The 

precipitation kinetics is still significantly faster than the kinetics for the ternary Fe-Mo-C steel.     

 SANS data[26] indicate that M2C carbides in AF1410 experience no growth stage and 

instead concomitantly nucleate and coarsen.  This is in accordance with the Langer-Schwartz 

model[35] under high supersaturation.  Langer and Schwartz define high supersaturation as 
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having a nucleation barrier of <10 kT, where k is the Boltzman constant.  This is equivalent to 

having a supersaturation parameter[35] y that is larger than 0.3, where 
2/1

*









∂
=

W

kT
y     (3) 

 Where ∂W* is the net reversible work of formation of a critical nucleus.  Consideration of the 

matrix C supersaturation in AF1410 after para-equilibrium cementite has formed yields a y value 

of 0.1,[7] which is too small for the Langer-Schwartz model to apply.  However, taking 

heterogeneous nucleation on dislocations into account results in y values ranging from 0.3-

0.6.[7]  In this high supersaturation regime, precipitate growth is suppressed and nucleation and 

coarsening occur simultaneously.[35]  Copious nucleation rapidly reduces the C supersaturation, 

which in turn causes the precipitates’ critical radius to decrease quickly. This causes precipitates 

to become  subcritical and to dissolve before they have sufficient time to grow.   

M2C precipitation did not obey the t1/3 coarsening kinetics predicted for <R(t)> by the 

LSW model[36-37] in AF1410.  Rather, a t1/5.2 time law was observed[22, 26] for <R(t)>.  

Additionally, a t1/3 behavior was also not observed for <R(t)>in AerMet100 after 400 h of 

aging.[23] 

M2C precipitation strengthening in the high Ni-Co steels has been studied by several 

authors.[28, 38-40]  Knepfler[28] found that in the shearable regime, Hornbogen et al.’s modulus 

mismatch model[41] best describes the M2C strengthening. Campbell and Olson[38] modified 

the Orowan-Ashby equation[42] for unshearable particles to model M2C strengthening in the 

Orowan regime. Wise[40] adapted both of these equations to M2C data from 1605 stainless steel 

in both regimes to further develop a strengthening model for M2C precipitation at given 

precipitate sizes and carbon concentrations. 
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Where G is the shear modulus, ee−λ is the edge-to-edge interprecipitate spacing, <R> is the 

average precipitate radius, υ is Poisson’s ratio of the matrix, and ro is the dislocation core radius.  

Saha et al.[43] and Tiemens[34] used this model to predict the level of M2C strengthening in 

BA160 and Cu-bearing C61 and to decide on the concentration of Cu required to reach the 

requisite strength value.  Wang[39] showed that M2C strengthening is well modeled by 
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coherency strengthening, as discussed in Nembach[44] and Argon.[45]  He also showed that the 

good fit of Hornbogen’s modulus mismatch model was fortuitous, and that his assumptions were 

unphysical. 

 
2.3  Copper precipitates 

 

Cu nucleates as coherent, spheroidal bcc precipitates in the ferrite matrix on tempering in 

the range of 400-700 °C.  Comparison of these temperatures with the temperatures used for M2C 

precipitation reveals that the M2C and Cu precipitates can be precipitated in the same 

temperature ranges.  Upon aging, the precipitates undergo shear transformations to 9R and 3R 

structures before reaching their equilibrium, incoherent fcc structure.[46-47]  The bcc to 9R 

transition occurs when the precipitates are about 4.6-6 nm in diameter.[48-49]  Peak 

strengthening occurs while the precipitates are coherent and about 1-5 nm in diameter.[50-52]  

Peak strengthening was achieved after ~4 h at 500 °C in an HSLA steel, NUCu-170, which 

contains 2.09 wt. % Cu.[53]  Hornbogen[54] showed that dislocation sites are not the preferred 

nucleation site for Cu precipitates.  Nucleation occurs both homogeneously and heterogeneously.  

Deschamps et al.[55] compared aging of Cu precipitates in an unstrained and 10% prestrained 

binary Fe-Cu alloy.  They observed faster initial Cu precipitation due to heterogeneous 

nucleation of Cu precipitates on dislocations. After 300 h at 500 °C, however, <R(t)> of the Cu 

precipitates in both samples were identical. The precipitates eventually become rod-like due to 

interfacial energy considerations.  Hornbogen[51] observed that about 50% of the precipitates 

had a rod-like morphology after 24 hours of aging at 700 °C.  

The composition of the Cu precipitates has been widely disputed.[56]  SANS studies[57-

60] have often found that the Cu precipitates contain very little Fe.  However, certain strong 

assumptions must be made to evaluate the compositions in SANS data.  Most authors assume 

that the Cu precipitates are completely non-magnetic in a ferromagnetic ferrite matrix.  However, 

numerous atom probe studies[34, 50, 53, 61-62] on both binary Fe-Cu alloys and multi-

component steels have revealed that the Cu precipitates do contain significant Fe on the order of 

40 at. % at the aging condition corresponding to peak strengthening.  In this case, the assumption 

that they are non-magnetic is most likely not valid.  Miller et al.[63] conducted SANS and atom-

probe measurements on the same alloys and found disagreement between them.  Several authors 

also noted a significant dependence of the composition on precipitate size.[34, 48, 53]  

Consistent with these findings, Kolli et al.[53] observed a significant increase in the average 

precipitate Cu concentration as a function of aging time.       

 Several studies[48, 53, 64-65] have observed significant segregation of Ni to the 

ferrite/Cu heterophase interface.  Isheim et al.[64] also observed segregation of Al to the 
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interface at the same position as the Ni.  Kolli et. al[53, 65] observed segregation of Ni, Al, and 

Mn to the ferrite/Cu heterophase interface.[53, 65]  After 1024 h of aging at 500 °C, they 

observed a concentration of ~50% Ni and a little less than  50% Al, with Mn making up for the 

difference, at the Cu precipitate/ferrite interface.   Kolli et al.[65] showed using synchrotron 

radiation at the Advanced Photon Source (Argonne National Laboratory) that this is consistent 

with formation of the B2 NiAl phase on the Cu precipitates.  It is worth noting that Worrall et 

al.[48] observed Ni segregation to the matrix/precipitate interface in a Fe-Cu-Ni ternary alloy, 

where the NiAl phase was not expected to form.  

 Multiple studies[53, 66-68] have shown that <R(t)> of Cu precipitates follows a t1/3 law 

at long aging times(i.e. > 64 h at 500 °C).  Kolli et al.,[53] however, showed that Nv and the 

supersaturations of all the alloying elements do not follow the predictions of the LSW model.  

Gagliano et al.[69] found that classical nucleation theory (CNT) applies for the early stages of 

Cu precipitation.  They did so by comparing the temperature of peak hardening for different 

aging times in NUCu-140.  From the comparison, they determined an effective activation energy 

of 151 kJ/mole for the Cu precipitation.  They used of this value to calculate an effective 

nucleation rate based on CNT.  Comparison of normalized nucleation rate and normalized 

hardness as a function of temperature showed good agreement.  Furthermore, Gagliano et al. also 

found that the Cu precipitation in HSLA NUCu-140 steel is not affected by the concurrent 

precipitation of NbC or lack thereof. They based this on the observation of similar <R> for Cu 

precipitates for all aging times in Nb-free and Nb-containing NUCu 140 using TEM.[61, 69]   

 The strengthening mechanism due to Cu precipitates is also controversial.  

Hornbogen[70] did not observe Orowan loops around incoherent Cu precipitates after straining 

Fe-Cu alloys to as much as 4% strain, indicating that the typical Orowan strengthening did not 

apply to Cu precipitation.  Russell and Brown[71] proposed that the strengthening was due to the 

modulus mismatch between Fe and Cu and derived the following equations based on elastically 

soft precipitates in a hard matrix:   
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Where ∆τ is the increase in the critical resolved shear stress due to the precipitates, µm and µp are 

the shear moduli of the matrix and precipitate, respectively, λ is the interprecipitate spacing, Sp 
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and Sm are the dislocation line energies, R is the precipitate radius, r0 is the dislocation core 

radius, and r is the outer dislocation cutoff radius.  The outer dislocation cutoff radius is an 

estimate of the range of the dislocation strain field.  Russell and Brown proposed that since Cu is 

elastically softer than Fe, the dislocations have smaller line energies in the precipitates.  

Dislocations thus resist leaving the precipitates.  This model used the f.c.c. Cu shear modulus for 

lack of b.c.c. data.  Fine and Isheim[72] found that this model did not agree with experimentally 

observed strengthening in a Fe-Cu binary alloy.  Liu et al. [73] calculated, based on first-

principles, that the shear elastic constant for bcc Cu should be very small or negative at 0 K. 

They also pointed out an inaccurate calculation of modulus strengthening contributions by Fine 

and Isheim due to an error in the equation they used.[72]  Charleaux[74] proposed a model based 

on cross-slip of screw segments. Wang[39] modified a transformation strengthening model[75] 

and showed that it explains the strengthening observed by Goodman et al.[50] better than the 

Russell-Brown model.  Wang also showed that the Russell-Brown model is insensitive to 

changes in the shear moduli of the precipitate and matrix, making it ineffective as a modulus 

strengthening model.   

 
2.4  Strengthening Superposition 

 

 Both Saha[43] and Tiemens[34] assumed that the total strengthening arising from the Cu 

and M2C precipitates was a linear sum of the strengthening contribution from the Cu precipitates 

and the strengthening contribution from the M2C precipitates.  Nembach[44] has shown that this 

assumption is reasonable for uncorrelated precipitates if: (1) both types of precipitates are 

shearable and (2) there are few strong precipitates of one type and many weak obstacles of the 

other.  Tiemens, however, has shown that the Cu and M2C precipitates are correlated.  Despite 

this, Saha did achieve the predicted 160 ksi yield strength even while using the Russell-Brown 

model for Cu precipitation strengthening.  This point bears further investigation.   

 
2.5  Order of precipitation 

 

 It is worth mentioning at this point that neither Tiemens[34] nor Saha[76] offered 

indisputable proof that Cu precipitated first followed by heterogeneous nucleation of M2C on the 

Cu precipitates.  Tiemens observed numerous Cu precipitates and no M2C precipitates during 

LEAP tomography of a single specimen of his Cu-bearing gear steel aged for 1 hour at 482 °C, 

but this does not preclude the existence of M2C precipitates.  Kolli et al.[53] observed the 

correlation of Cu atoms in as-quenched NUCu-170 using partial RDF analysis[77] of LEAP data, 

indicating that clustering of Cu atoms was beginning as early as during quenching. They clearly 
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observed Cu precipitates after 15 minutes of aging at 500 °C.  Liddle et al.[19] observed 

clustering of Mo atoms in AF1410 steel as early as after 1-5 minutes of aging at 507 °C using 

FIM.  However, Lippard[78] did not observe M2C precipitates using TEM after 15 minutes at 

507 °C in AerMet100, which has the fastest M2C precipitation kinetics of the steels discussed.  

He does mention that the M2C precipitates would be difficult to identify at sizes less than 3 nm in 

diameter.  As an upper bound, Davenport and Honeycombe[9] and Irani and Honeycombe[14] 

did not observe M2C carbides in ternary Fe-Mo-C and Fe-W-C steels until specimens were 

tempered for 1-2 hours at 500-550 °C.  As mentioned before, Tiemens observed faster M2C 

kinetics in his Cu-bearing gear steel than in the ternary Fe-Mo-C steel, but slower kinetics than 

AF1410 or AerMet100.  BA160 also took longer[76] (5 hours at 450 °C) to reach peak strength 

than AerMet100.  As such, it seems reasonable to predict that Cu precipitates before M2C in 

Tiemens’ steel and BA160, but experiments will need to be performed to verify this.        

 
2.6  Austenite 

 

Austenite is the high temperature f.c.c. Fe phase, which is also called γ-Fe.  For the 

purposes of this discussion, it is important to distinguish between retained and precipitated 

austenite.  Retained austenite is austenite that is not transformed to martensite or ferrite upon 

quenching from the austenitizing treatment.  Precipitated austenite is austenite that is not present 

after the solution treatment and instead forms after subsequent heat treatment.[79]  

Transformation induced plasticity is plastic deformation that is accomplished by a phase 

transformation.  In the case of steel, TRIP is usually accomplished through the transformation of 

austenite to martensite.  Interaction of this transformation plasticity with fracture controlling 

processes, such as shear localization, can delay shear instability and fracture to higher strains, 

resulting in enhanced toughness.[80]  

Ultrahigh-strength Ni-Co steels experience high stresses during deformation and fracture, 

especially at the tip of a crack.  Retained austenite is generally too unstable with respect to 

martensitic transformation to provide a toughness enhancement under these enhanced stress 

levels.[79]  The stability of precipitated austenite can be better controlled to produce austenite of 

optimum stability; hence this is the desired austenite.   

 Precipitated austenite was studied by Lippard[78] and Kuehmann[81-82] in AerMet100 

and by Haidemenopoulos et. al[79, 83] in AF1410 and 4340 steel.  Precipitated austenite 

nucleates in two morphologies.  One is thin interlath films at martensite lath boundaries.  These 

films are on the order of 2 nm thick on nucleation, as measured by dark-field TEM, and thicken 

to tens of nanometers upon subsequent aging.[78]  The width of the interlath films is ca. 50-200 

nm.  The second morphology is rod-shaped, intralath precipitates within the martensitic matrix.  
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Upon nucleation, Lippard could not observe the intralath austenite precipitates by TEM, so he 

assumed that these precipitates were less than 5 nm in diameter.  He attempted to identify the 

austenite precipitates using FIM, but the intralath austenite precipitates show insufficient contrast 

with the matrix for observation. Upon aging at 507 °C for 15 min and 455 °C for 7 h, 

corresponding to the peak aging condition for AerMet 100, the intralath precipitates are visible 

employing TEM and have an average length and diameter of 10 and 6 nm, respectively.  High Cr 

signals of ~4-5 wt. % Cr (the austenite Cr concentration is ~2wt %) were nearly always observed 

near the intralath austenite precipitates in STEM-EDS spectra, which lead Lippard to believe that 

the intralath austenite precipitates nucleated on M2C carbide precipitates.  Lippard confirmed co-

location of M2C and intralath austenite in at least one incidence using electron nanodiffraction.  

Bangaru et al.[84] and Haidemenopoulos et al.[79] observed nucleation of intralath austenite on 

coarse cementite precipitates in a dual-phase steel and AF1410, respectively.    

Haidemenopoulos observed that the very presence of the hundreds of nm in diameter, coarse 

carbides that the austenite nucleated on diminished the toughness and thus negated the 

transformation toughening effect.  Bangaru et al. observed relatively large, 160 nm diameter 

austenite on aging at 788 °C. 

Two-step aging treatments were found to be necessary to obtain highly stable austenite.  

A short, higher temperature(500-600 °C) aging step served to nucleate interlath films and 

intralath precipitates and increase the rate of diffusion of austenite-stabilizing Ni.  The intralath 

austenite precipitates should be quickly enriched in Ni due to capillary effects associated with 

their small size, which is assumed to be less than 5 nm in diameter during nucleation at 507 °C.  

As mentioned before, the intralath austenite precipitates were not observed before aging at 507 

°C for 15 minutes and 455 °C for 7 hours.[78]  Further aging beyond nucleation of the austenite 

caused growth of the interlath austenite films at the expense of the intralath austenite.  The 

standard heat treatment for AF1410 of 510 ºC for 5 hours thus produced only interlath austenite 

that did not possess the required stability for a toughening increment.[83]  A second aging step at 

a lower temperature(450-500 °C) causes growth of existing intralath and interlath nuclei without 

excessive dissolution of intralath austenite, as observed by TEM.[78]  The optimum aging 

treatment for AF1410 was found to be 600 C for 15 minutes followed by 510 C for 8 hours.  This 

provided a toughness increment of 15 ft-lbs, while maintaining a hardness of 48 Rockwell C.[79] 

 Lippard determined the austenite composition of intralath austenite in AerMet100 using 

STEM-EDS.  At the peak aging condition of 507 °C for 15 minutes and 455 °C for 7 hours, the 

intralath austenite precipitates contianed an average Ni concentration of 41.6 at. %, which was in 

agreement with the 42% predicted by Thermocalc for this alloy.[78]  The interlath films at this 

aging time contained only 13.8 at. % Ni.  Upon further aging to 24 h at 455 °C, the film 
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composition also approached the predicted equilibrium composition.  In BA160 at 490 °C, 

Thermocalc predicted an equilibrium austenite Ni concentration of 30 at. %.[76] 

 The experimentally determined[78] interlath austenite film composition after the 507 °C, 

15 min nucleation step is well modeled by the solute trapping model of Aziz[85-86] by replacing 

the parameters for the liquid phase in this model with those of the martensite martrix.  Caroli et 

al.  discuss problems with this model.[87]  Lippard did not use this model beyond the 507 °C, 15 

min nucleation step.  He conjectured based on the subsequent observed partitioning of the 

substitutional elements that further growth and coarsening of the interlath films was controlled 

by bulk diffusion.  

The intralath austenite precipitates were shown to exhibit (time)1/2 growth kinetics for 

both their long and short dimensions between 7 and 24 h of aging at 455 °C based on dark field 

TEM measurements at only these two aging times.  Upon further aging, the time law fell in 

between ½ and 1/3.[78] 
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3 Multiple Dispersed Phases in a High-Strength Low-Carbon 
(HSLC) Steel: An Atom-Probe Tomographic and 
Synchrotron X-Ray Diffraction Study 

 
 
3.1 Introduction 

  The co-precipitation of Cu, M2C (M is any combination of Cr, Mo, or Ti), and austenite 

(f.c.c.) is characterized for 5 h isochronal aging times by synchrotron x-ray diffraction and 3-D 

atom-probe tomography for a HSLC steel, BA (BlastAlloy) 160. High number densities, ca. 1023 

m-3, of co-located Cu and M2C precipitates were observed. Only small austenite volume 

percentages (<1.5%) were measured after aging at temperatures up to 625 °C for 5 h. 

 

Strength and toughness generally have an inverse relationship in steels.  It is therefore 

difficult to obtain steels that have both a high yield-strength and a high impact toughness.  Some 

demanding applications, such as pipelines and reactors require just such a combination of 

properties.  Naval applications also demand high strength and excellent ductility and toughness 

for formability and explosion resistance. Additionally, Naval steels must possess good 

weldability, which requires a high-strength low-carbon (HSLC) steel. HSLC steels have excellent 

weldability due to their low carbon content [1].  Such demanding mechanical properties are not 

met by normal steels. Blast Alloy (BA)160 [2-3] is a HSLC steel that is designed to meet Naval 

requirements. To achieve a 160 ksi (1103 MPa) yield strength it employs Cu and M2C (M is any 

combination of Cr, Mo, Ti, and V) precipitation strengthening. Copper precipitation strengthening 

has been studied extensively in Fe-Cu alloys [4-6] and in HSLA steels [7-10] but not in BA160. 

M2C strengthening occurs in quenched and tempered martensitic steels and also creates a 

toughness increment due to cementite dissolution by M2C precipitation [11]. M2C precipitation 

has been characterized in both ternary Fe-Mo-C and Fe-W-C alloys [12], and in high-

performance, high Ni-Co alloy steels [13-17], and in high-speed steels[18] but not in BA160.  

Atom probe work on M2C and other carbides is reviewed in [19]. 

 To meet high toughness requirements, BA160 was designed to take advantage of 

transformation induced plasticity (TRIP). TRIP is plastic deformation that is achieved by a phase 

transformation. Interaction of this transformation plasticity with fracture controlling processes, 

such as shear localization, can delay shear instability and fracture to higher strains, resulting in 
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enhanced toughness[20]. TRIP is usually accomplished through the transformation of austenite 

(f.c.c.)-to-martensite (b.c.t.). Austenite or γ-Fe is the high temperature f.c.c. Fe phase. The volume 

fraction and stability of γ-Fe are critical for determining the toughness increase due to TRIP [21]. 

Some γ-Fe is retained after thermo-mechanical processing, but more is needed for a toughness 

increment due to TRIP. Additional more stable dispersed γ-Fe can be precipitated in a controlled 

manner by reheating the steel into the γ + α (b.c.c.) two-phase field. Retained and precipitated γ-

Fe morphologies have been studied in steels [22-24]. 

 Although these different types of precipitates have received attention in other steels, the 

precipitation of all three phases in BA160 has received scant attention [2] [25].  The research 

presented herein characterizes precipitation of all three phases after isochronal aging using 3-D 

local-electrode atom-probe (LEAP) tomography and synchrotron x-ray diffraction (XRD). 

 

3.2 Procedure 

 The composition of BA160 is given in Table 3.1.  BA160 steel is formed into 8” (20.5 cm) 

ingots by vacuum induction melting and vacuum arc remelting. The ingots are then homogenized 

at 1204 °C for 12 h and hot rolled to ~1.7” (4.3 cm) plates at 1093 °C. The plates are normalized 

at 910 °C for 1 h, annealed at 482 °C for 10 h, and then finished turned to 1.625”  (4.128 cm) 

diam rods. The rods are machined into Charpy V-notch blanks and then solutionized at 900 °C for 

1 h and water quenched. The blanks are then submersed in a liquid nitrogen bath for 30 min to 

eliminate as much retained austenite as possible. The Charpy blanks are then finish-machined and 

aged at 475, 500, 525, 550, 575, 600, or 625 °C for 5 h. 

 

Table 3.1.  BA160 composition 

Element Fe Ni Cu Cr Mo C 

Concentration 

(wt. %) 

Bal 6.76 3.33 1.89 0.63 0.06 

Concentration 

(at. %) 

 

Bal 6.42 2.85 1.98 0.36 0.26 

Charpy tests were conducted at room temperature, ASTM E23 standards. Three samples were 

tested for each aging condition and the values reported are average values. Samples for hardness 
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testing and LEAP tomographic analyses were cut from the ends of the broken Charpy bars. 

Hardness samples were mounted and polished to 1 µm. The microhardness values presented are 

averages of 20 indentations per sample. 

 LEAP tomographic specimens were prepared from the broken Charpy samples by cutting 

them to 0.3x0.3 mm2 rods and  electropolishing using a dual-step process at room temperature. 

The electrolytes were the standard 10% perchloric in acetic and 2% perchloric in butoxyethanol.     

LEAP tomography was conducted employing either laser or voltage pulsing modes. Pulsed-laser 

LEAP tomography was performed using 0.75 nJ pulse-1, and a pulse repetition rate of 250 kHz. 

And pulsed-voltage LEAP tomography was conducted using a pulse fraction (pulse 

voltage/steady-state dc voltage) of 20%, a pulse repetition rate of 200 kHz, and a specimen 

temperature of 60±0.22 K. 

Copper precipitates were identified using the envelope method [26]. The parameters used were a 

maximum separation distance of 0.5 nm, a minimum of 30 solute atoms, and a grid resolution of 

0.12 nm. The precipitate radii were determined from the number of atoms in the precipitates, n, 

employing: 

3

1

4

3







=
πρξ

n
R ;   (3.1) 

where ρ is the atomic number density of the precipitate, 80 atoms nm-3, which is ca. the density of 

Fe, b.c.c Cu and M2C, and ξ is the detection efficiency, ~50%.   

M2C precipitates are first identified using 1 at. % C isoconcentration surfaces.  M2C precipitates 

are small (~ 2nm in radius or less) and suffer from severe local magnification effects.  Therefore, 

higher concentration isosurfaces will not identify them with reasonable statistics. The atomic 

contents interior to the isoconcentration surfaces are then analyzed similarly to the Cu 

precipitates. The average radii, <RM2C>, reported are also equivalent spherical radii calculated 

using Equation 3.1. Although the M2C precipitates are not spherical, equivalent spherical radii 

allow for an easier comparison with the Cu precipitate data.  Equivalent spherical radii also 

decrease sensitivity to field-evaporation artifacts, which affect Cu and especially M2C 

precipitates. Volume fractions for both Cu and M2C precipitates were determined by dividing the 

number of atoms in the precipitates by the total number of atoms in the analyzed volume, because 

all the involved phases have similar atomic number densities. 
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XRD characterization was performed utilizing synchrotron radiation at the Advanced Photon 

Source. Specimens were scanned for 3 s per data point using 0.01o 2θ steps. Specimens were 

rotated about the specimen holder axis and rocked 0.75° in each direction step-1 to obtain better 

averaging. The γ-volume fractions were determined using the direct comparison method [27] 

employing a NIST standard. 

 

3.3 Results and Discussion 

Figure 3.1 displays the evolution of the hardness and toughness of BA160 resulting from 

isochronal aging. The toughness increases and the hardness, which is related to yield strength, 

concomitantly decrease with increasing aging temperature. The maximum microhardness 

measured was 403±12 VHN for the sample aged at 475 °C for 5 h. The samples aged at 525 or 

550 °C for 5 h exhibit room temperature Charpy impact energies of 183±8 and 205±28 J, 

respectively, while maintaining microhardness values of 370±10 and 348±10 VHN, respectively. 

APT analyses were performed on samples aged at 525 and 550 °C because they exhibit desirable 

hardness-toughness combinations. Limited analyses were also performed on the sample aged at 

625 °C for 5 h. 

 

Figure 3.1.  Charpy impact energy versus Vickers microhardness (VHN) at different isochronal 

aging temperatures as indicated. 

 

Figure 3.2 displays a 3-D APT reconstruction for the sample aged at 525 °C for 5 h. The blue dots 

represent Fe atoms, while the red and black surfaces represent 10 at. % Cu and 1 at. % C 
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isoconcentration surfaces, respectively. The Cu precipitates are spheroidal, whereas the M2C 

precipitates have a rod-like morphology. Figure 2 shows that nearly all of the M2C precipitates 

are co-located with Cu precipitates. This is probably due to heterogeneous nucleation of M2C on 

Cu precipitates [25].  Table 3.2 gives the precipitation parameters for the Cu and M2C 

precipitates. The error shown is 2 standard deviations. Both types of precipitates achieve high 

number densities, ca. 1023 m-3.  

 

Figure 3.2.  3-D LEAP tomographic reconstruction of a sample aged at 525 °C for 5 h. The blue 

dots represent Fe atoms, while the red and black surfaces correspond to 10 at.% Cu and 1 at.% C 

isoconcentration surfaces, respectively. 

 

The value of <R> of Cu or M2C precipitates, increases and their number densities decrease with 

increasing aging temperature. These trends are due to the decreased Cu and C supersaturations at 

higher temperatures. The volume fraction of Cu precipitates after aging at 550 °C is larger than 

the value after aging at 525 °C, suggesting that Cu precipitation is incomplete after aging at 525 

°C for 5 h.  The Cu concentrations at the centers of the Cu precipitates are greater than 90 at. % 

Cu, which does not change significantly with aging temperature for this aging time, 5 h. The error 

for <RM2C> for M2C precipitates is reflective of the wide distribution of M2C radii. The smaller 

hardness value observed after 550 °C aging as compared to 525 °C aging is due to smaller number 

densities of Cu and M2C precipitates and further tempering of the martensitic matrix. 

Two Cu precipitates were observed in the 3-D APT reconstructions of samples aged at 625 °C for 

5 h due to a smaller Cu precipitate number density. Both precipitates were plate-shaped rather 
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than spheroidal, indicating that they have transformed to f.c.c. Cu and grew anisotropically. The 

Cu precipitate number density after aging at 625 °C for 5 h is ~ 1021 m-3. 

Figure 3.3 displays the γ-phase volume percentage as a function of aging temperature. Very little 

austenite precipitation occurs below 600 °C. The maximum austenite volume percentage 

measured is 1.5±0.4% after aging for 5 h at 625 °C. It is possible that preferred orientation effects 

could skew these results, but regardless of these effects, the  

 

Table 3.2.  Cu and M2C Precipitation Parameters 

Aging 

Condition 

525 °C for 5 h 550 °C for 5 h 

Cu Precipitate 

Average Radius 

(nm) 

3.2±2.5 4.1±3.3 

Cu Precipitate 

Volume Percent 

2.3±0.5 3.4±0.6 

Cu Precipitate 

Number 

Density  

(x1023 m-3) 

1.1±0.3 0.7±0.1  

M2C Precipitate 

Average Radius 

(nm) 

1.27 ± 1.25 

 

1.5 ± 1.8 

 

M2C Precipitate 

Volume Percent 

0.26 ±0.06 0.26 ±0.06 

M2C Precipitate 

Number 

Density  

(x1023 m-3) 

1.67 ± 0.38 

 

0.85 ± 0.17 
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amount of austenite measured is still ca. 1% even after 5 h at 625 °C. This contrasts strongly with 

the 10% equilibrium prediction determined[3] using the ThermoCalc[28] SGTE/SSOL database 

at 490 °C due to the high Ni content (6.42 at.%) of the steel. Thereby indicating that (a) the 

kinetics of austenite precipitation are relatively slow even at 625 °C and/or (b) ThermoCalc is 

inaccurate for predicting austenite phase fractions at low temperatures for the available data bases. 

XRD does not provide any morphological information on the austenite.  Figure 3.4 shows, 

however,  

 

Figure 3.3.  Evolution of austenite volume percent after isochronal aging for 5 h at each indicated 

temperature. 

 

a possible austenite precipitate found by 3-D APT.  Figure 3.4 also presents compositional 

analysis of the precipitate employing the proximity histogram method [29]. The distance from the 

interface on the ordinate refers to distance from a 12 at. % Ni isoconcentration surface, which was 

chosen because it is approximately the inflection point of the Ni concentration, as seen in the 

proximity histogram. The strongly enhanced Ni concentration (16.4±0.2 at. % in the precipitate 

versus 5.42±0.1 at. % in the matrix) suggests, but does not prove, that the precipitate is austenite 

since Ni is an austenite stabilizer. The elements Ni, C, and Cu partition strongly to the austenite, 

with partitioning ratios of 3.04±0.05, 5.08±0.54, and 3.95±0.28, respectively. The Ni, C, and Cu 

concentrations in the austenite are 16.44±0.2, 0.25±0.02, and 1.35±0.04 at. %, respectively. The 

partitioning ratios of Cr and Mo are 1.21±0.04 and 1.1±0.1, respectively, showing insignificant 
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partitioning of these elements.  The exact R value of the austenite precipitate is unknown because 

it is not fully contained in the analysis volume, but the precipitate is at least 52x29x15 nm3. It 

does not prove or disprove the existence of smaller austenite precipitates, but it does prove the 

existence of larger austenite precipitates after aging at 625 °C for 5 h. 

 

Figure 3.4.  (a) An austenite precipitate delineated by its enhanced Ni concentration, where the 

blue dots represent Fe atoms and the green dots represent Ni atoms. (b) Concentration 

profiles generated using the proximity histogram [29] method.   

 

3.4 Conclusions 

 In summary, the precipitation of three different phases was characterized in the BA160 

steel after isochronal aging. The average radii, number densities, and volume fractions of Cu and 
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M2C precipitates were measured after aging at 525 or 550 °C for 5 h. High number densities, ca. 

1023 m-3 of both Cu and M2C precipitates, were measured and account for maintaining the 

microhardness after aging. Nearly all of the M2C precipitates are co-located with Cu precipitates, 

suggesting heterogeneous nucleation. Limited austenite precipitation is observed below 600 °C, 

and even after aging at 625 °C for 5 h the measured austenite volume percent is only 1.5±0.4%. 

This contrasts strongly with equilibrium thermodynamic predictions [3]. A study of the 

concentration of an austenite particle revealed strong partitioning of Ni, Cu, and C to austenite.  
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4 Nanoscale co-precipitation and mechanical properties of a 
high-strength low-carbon steel 

 
 

 
 
Abstract 

 Nanoscale co-precipitation in a novel high-strength low-carbon steel is studied in detail after 

isothermal aging.  Atom-probe tomography is utilized to quantify the co-precipitation of co-

located Cu precipitates and M2C (M is any combination of Cr, Mo, Fe, or Ti) carbide 

strengthening precipitates.  Coarsening of Cu precipitates is offset by the nucleation and growth 

of M2C carbide precipitate, resulting in the maintenance of a yield strength of 1047 ± 7 MPa 

(152 ±1 ksi) for as long as 320 h of aging time at 450 °C.  Impact energies of 153 J (113 ± 6 ft-

lbs) and 144 J (106 ± 2 ft-lbs) are measured at -30 °C and – 60 °C, respectively.  The co-location 

of Cu and M2C precipitates results in non-stationary state coarsening of the Cu precipitates.  

Synchrotron-source x-ray diffraction studies reveal that the measured 33% increase in impact 

toughness after aging for 80 h at 450 °C is due to dissolution of cementite, Fe3C, which is the 

source of carbon for the nucleation and growth of M2C carbide precipitates.  Less than 1 volume 

percent austenite is observed for aging treatments at temperatures less than 600 °C, suggesting 

that TRIP does not play a significant role in the toughness of specimens aged at temperatures less 

than 600 °C.  Aging treatments at temperatures greater than 600 °C produce more austenite, in 

the range 2-7%, but at the expense of yield strength. 

 

 

 

 

 

4.1  Introduction 
 

High-strength low-carbon (HSLC) steels are technologically important due to their excellent 

weldability and formability at considerably higher strength levels than conventional steels with 

the same carbon concentrations [1-2].  Because of their high strength and toughness values, 
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HSLC steels often find use in demanding applications, such as high-strength pipelines, reactor 

vessels, and naval vessels.  Naval applications require high-strength, excellent ductility, and high 

toughness at -60 °C, which are critical for blast resistance; they also require good weldability for 

joining steel plates.  One HSLC steel designed specifically to meet the Navy’s specifications is 

BlastAlloy (BA) 160 [3-4], which employs a combination of Cu and M2C carbide precipitates to 

achieve a yield strength of 1103 MPa (160 ksi), a Charpy impact energy as high as 186 J (137±7 

ft-lbs) at room temperature and 144 J (106±2 ft-lbs) at -60 °C, and a room temperature reduction 

in area >60%, prior to fracturing.  Copper precipitation strengthening has been studied 

extensively in Fe–Cu binary and ternary alloys [5-12], high-strength low-alloy (HSLA) steels 

[13-18], and a modified gear steel [19].  While, Cu precipitation in BA-160 has only been 

studied to a limited extent [4]. 

M2C carbide strengthening occurs in quenched and tempered martensitic steels with appropriate 

Mo and/or W concentrations and increases in toughness due to the dissolution of cementite 

(Fe3C) and the concomitant precipitation of M2C carbide precipitates [20].  M2C carbide 

precipitation has been characterized in ternary Fe–Mo–C and Fe–W–C alloys [21-23], in high 

alloy steels [19, 24-33], high-speed steels [34-35] but not in BA160.  Early atom-probe field-ion 

microscope (APFIM) investigations [27, 29, 31, 34-37] have been performed to investigate M2C 

carbide precipitates in different steels.  Carinci et al. [26, 36] and Liddle et al. [27] studied M2C 

precipitation in AF1410, whereas Stiller et al. [35] and Leitner et al. [34] studied M2C 

precipitation in high-speed steels.  APFIM research on metal carbides was reviewed through 

2000 [38], which predates significantly the renaissance in atom-probe tomographic 

instrumentation [39-40]. 

To meet high-toughness requirements, BA-160 was designed to take advantage of 

transformation-induced plasticity (TRIP), which is plastic deformation achieved by a phase 

transformation.  Interaction of transformation plasticity with fracture-controlling processes, such 

as shear localization, which can delay shear instability and fracture to higher strains, resulting in 

enhanced toughness [41].  TRIP is usually accomplished through the transformation of austenite 

[face-centered cubic (f.c.c.)] to martensite [body-centered tetragonal (b.c.t.)], where austenite or 

γ-Fe is the high temperature f.c.c.-Fe phase.  The toughness increase due to TRIP is a function of 

the volume fraction, φγ, and stability of γ-Fe [42].  The amount of γ-Fe retained after 

thermomechanical processing of BA-160 is insufficient for toughening due to TRIP [3].  



46 
 

Additionally, retained austenite isn’t sufficiently stable for TRIP toughening at high-stress levels.  

More stable, dispersed γ-Fe can be precipitated in a controlled manner by reheating the steel into 

the γ + α [body-centered cubic (b.c.c.)] two-phase field: retained and precipitated γ-Fe 

morphologies have been studied in steels [43-45]. 

To design and optimize steels with multiple strengthening dispersions, an understanding of the 

interplay between different types of nanoscale precipitation and the bulk mechanical properties is 

necessary.  This requires characterizing the precipitation processes on a subnanoscale.  Local-

electrode atom-probe (LEAP) tomography is an excellent and unique instrument for this purpose, 

due to its subnanometer spatial resolution, excellent chemical mass resolving power (m/∆m), and 

very good signal-to-noise (S/N) ratio [46-47].  LEAP tomography provides a direct three-

dimensional (3-D) reconstruction of all precipitates on an atomic scale, which eliminates the 

stereological corrections required for transmission electron microscopy (TEM) studies [48]. 

To achieve direct correlations between the nanostructure and mechanical properties, LEAP 

tomography was used to quantify Cu and M2C precipitation formed at 450 °C.  Synchrotron x-

ray diffraction (XRD) studies were performed as a complementary technique to characterize 

austenite and cementite (Fe3C) precipitation: this research was performed at the Advanced 

Photon Source (APS) at Argonne National Laboratory (ANL). 

We find that the coarsening of Cu precipitates is offset by the nucleation and growth of M2C 

carbides precipitates, resulting in maintenance of a high yield-strength because of aging at 450 

°C.  The co-location of Cu and M2C precipitates implies non-stationary state coarsening of Cu 

precipitates.  Synchrotron XRD studies reveal that the increase in impact toughness is due to 

dissolution of Fe3C, which provides the requisite C for the M2C carbide precipitates. 
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4.2  Experimental and analysis procedures 
 

Table 4.1. BA-160 Composition  

Element Fe Ni Cu Cr Mo C 
Concentration 
(wt. %) 

Bal 6.42 3.33 1.89 0.5 0.06 

Concentration 
(at. %) 

Bal 6.76 2.85 1.98 0.36 0.26 

 

The composition of BA160 is given in Table 4.1.  BA160 steel is first formed into 20.5 cm (8 

in.) ingots by vacuum induction melting and vacuum arc remelting, which are then homogenized 

at 1204 °C for 12 h and hot rolled to 4.3 cm (~1.7 in.) plates at 1093 °C.  The plates are 

normalized at 910 °C for 1 h, annealed at 482 °C for 10 h, and then finished turned to 4.128 cm 

(1.625 in.) diam. rods.  The rods are machined into Charpy V-notch blanks following ASTM E23 

standards and compact tensile blanks obeying ASTM E8-04 standards and then solutionized at 

900 °C for 1 h and water quenched.  The blanks are then submersed in a liquid nitrogen bath for 

30 min to eliminate as much retained austenite as possible.  Subsequently the blanks are 

machined to their final dimensions and aged using one of the following five aging protocols: (a) 

550 °C for 30 min, water quench, 450 oC for 0, 1, 5, 20, 80, 320, or 5000 h, followed by a water 

quench; (b) aging at 525 °C followed by a water quench;  (c) aging at 450 °C in a molten salt 

bath for 0 min [as-quenched (AQ)], 5, 15, or 60 min, followed by a water quench; (d) aging at 

600, 625, 650, or 675 °C for 30 min, water quench, 500 °C for 5 h, water quench; or (e) aging at 

650 °C for 2 h, no intermediate quench, 500 °C for 4 h, water quench or air cool to room 

temperature.  

Charpy fracture experiments are conducted at 100 °C, room temperature, -30, -60, and -84 °C, 

following ASTM E23 standards.  To cool the samples to -30 or -60 °C, Charpy samples were 

immersed in different mixtures of dry ice and acetone.  Dry ice sublimes at -78 °C, so a chamber 

cooled by cold gaseous nitrogen was used to achieve -84 °C; an oven was used to achieve 100 

°C.  Three samples were tested per temperature and the values reported are average values.  

Samples for microhardness testing and LEAP tomographic analyses are cut from the ends of the 

broken Charpy bars and then mounted and polished to a root-mean-square value of 1 µm.  The 

reported microhardness values are averages of 20 indentations per sample.  The load and dwell 

time used are 500 g and 15 s, respectively.  LEAP tomographic specimens are prepared by 
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cutting the bars into rods having a cross-sectional area of 0.3 x 0.3 mm2 and then 

electropolishing them using a two-step process at room temperature [49].  The first step utilizes 

the electrolytes 10% perchloric acid in acetic acid and the second step employs 2% perchloric 

acid in butoxyethanol.   

Atom-probe tomography (APT) is performed using a Cameca (formerly Imago Scientific 

Instruments) LEAP 4000X Si tomograph employing both laser and voltage pulsing modes.  

Pulsed-laser (wavelength = 532 nm) LEAP tomography was performed at a pulse repetition rate 

of 250-500 kHz, a pulse energy of 0.6-0.75 nJ, a target evaporation rate of 0.005 to 0.02 ions 

pulse-1, and a base specimen temperature of 60±0.22 or 80±0.22 K.  Pulsed-voltage LEAP 

tomography was conducted using a pulse fraction (pulse voltage/steady-state DC voltage) of 

20%, a pulse repetition rate of 200 kHz, a target evaporation rate of 0.005 to 0.01 ions pulse-1, 

and a base specimen temperature of 60±0.22 K.   

Copper precipitates were identified using the envelope method [50], employing a maximum 

separation distance of 0.5 nm, a minimum of 30 Cu atoms, and a grid resolution of 0.12 nm.  The 

equivalent spherical precipitate radius, R, is determined from the number of atoms in each 

precipitate, n, employing: 
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πρξ
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R ;            (4.1) 

where ρ is the atomic number density of the precipitating phase, 80 atom nm-3, which is 

approximately the atomic number density of Fe, b.c.c. Cu and M2C, and η is the detection 

efficiency of the multichannel plate, 50%.  M2C carbide precipitates are small (R ≤ 2 nm) and 

suffer from severe local magnification effects [6, 50-51] during LEAP tomography, due to 

significant differences between the evaporation fields of the precipitating phase and the α-Fe 

matrix.  These effects cause an overlap of pulse-evaporated matrix and precipitate atoms, which 

decreases the measured C concentrations in the M2C precipitates.  Laser-pulsed LEAP 

tomography causes other problems concerning analysis of M2C carbide precipitates due to an 

increase in a specimen’s apex temperature during pulsed evaporation [52].  M2C carbide 

precipitates are identified using a 1 at.% C isoconcentration surface.  The atomic contents 

interior to the isoconcentration surface are analyzed using the envelope method.  The R values 

for the M2C carbide precipitates are calculated using Eq. (4.1).  Volume percentages or fractions 
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as indicated, φ, for Cu and M2C carbide precipitates are determined by dividing the number of 

atoms in the precipitates by the total number of atoms in the analyzed volume; this procedure is 

valid because all involved phases have similar atomic number densities.  Precipitate number 

densities, Nv, are calculated from: 

 

                                                          
tot

ppt
v n

N
N

ρη
= ;           (4.2) 

 

where Nppt is the number of precipitates in the analyzed volume, and ntot is the total number of 

atoms in the same volume.  Concentration profiles, associated with the precipitates, were 

generated using the proximity histogram (proxigram for short) methodology [53].  This 

methodology utilizes an isoconcentration surface to define a heterophase interface, and then 

measures the concentrations in discrete shells in the shape of isoconcentration surfaces at fixed 

distances from the isoconcentration surface.  The proximity histograms, employed in this 

research, utilizes shells with a 0.1 nm spacing between them. 

 Copper clustering in the as-quenched state was quantified using a partial radial distribution 

function (RDF) [54]:  
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where 0
iC  is the bulk concentration of the ith element, in this case Cu, Nx is the number of 

concentric shells surrounding each Cu atom, )(rN k
i  is the number of Cu atoms in a shell of 

radius r and thickness 0.01 nm (0.1 Ǻ), and )(rN k
tot  is the total number of atoms in the shell of 

radius r.  A partial RDF compares the concentration in concentric shells around each Cu atom to 

the bulk Cu concentration.  Values of the partial RDF greater than one indicate that the local Cu 

concentration is greater than the bulk value, indicating Cu clustering, while values ≤ 1 indicate 

repulsive interactions between atoms (anti-clustering). 

Synchrotron XRD analysis was performed on samples mechanically polished to a 1 µm finish at 

the APS.  Samples were scanned from 21.5 to 33.5° in 2θ using 0.01o steps employing 3 s 
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counting time per step.  Since the wavelength of the synchrotron source is ~0.709 nm, this 2θ 

range contains the (200)γ, (200)α, and (220)γ reflections.  To characterize Fe3C, synchrotron-

source XRD scans were recorded between 16o to 20° using 0.01° steps employing a 90-100 s 

counting time per step. 

 

4.3 Results 
 

4.3.1   Mechanical properties 
Figs. 4.1 and 4.2 display the room temperature tensile yield strengths and Charpy impact 

energies for BA-160 steel.  The symbol t0 denotes the following aging protocol: 550 °C for 30 

min followed by a quench to room temperature.  Table 4.2 displays the numerical values that are 

plotted in Figs. 4.1 and 4.2 and the reduction in area (RA) of the tensile specimens at the fracture 

strain.  Figs. 4.1 and Table 4.2 demonstrate that the yield strength of the steel achieves 1103 MPa 

(160 ksi), justifying the rubric BA-160.  The yield strength remains relatively constant with 

increasing aging time, decreasing by only 7% to 1047 MPa (152 ±1 ksi) after 320 h of aging at 

450 °C. 
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Figure 4.1.  Temporal evolution of tensile properties measured at room temperature, as a result of aging 
at 450 °C for indicated aging times; where UTS is the ultimate tensile strength and TS is the 
tensile strength. 
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Figure 4.2  Temporal evolution of Charpy impact energy at measured at room temperature, as a result of 
aging at 450 °C for indicated aging times.. 

 

Table 4.2.  Mechanical Properties of BA-160 

Aging Time at 450 °C (h) t0 1 5 20 80 320 

Yield Strength (ksi) 
(MPa) 

161±6 
(1110)  

160±3 
(1103) 

164 ± 2 
(1131) 

160 ± 7 
(1103) 

159 ± 6 
(1096) 

152 ± 1 
(1047) 

Ultimate Tensile Strength 
(ksi), (MPa) 

172±7 
(1186) 

171 ± 2 
(1179) 

176 ± 2 
(1213) 

171 ± 8 
(1179) 

166 ± 2 
(1144) 

160 ± 3 
(1103) 

Reduction in Area (%) 65.2  64.7  61.2  63.4  69.1 65.7 

Charpy Impact Energy (ft-
lbs), (J) 

115 ±18 
(156) 

106 ±20 
(144) 

103 ± 4 
(140) 

108 ±2 
(146) 

137 ±8 
(186) 

135 ±24 
(183) 

 

 

Fig. 4.2 demonstrates that BA-160 has excellent impact toughness: 140 J (103 ± 4 ft-lbs) for the 

peak yield-strength condition, which increases by 33% to 186 J (137±7 ft-lbs) after aging at 550 
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°C for 30 min. followed by 450 °C for 80 h.  Fig. 4.3 is a graph of the microhardness values 

versus the Charpy impact energy values of BA-160 subjected to different aging treatments.  The 

microhardness and toughness values for the two-step heat treatment used are compared to the 

microhardness and toughness values of a 5 h isochronal aging treatment performed in earlier 

research [55].  We note that aging at 525 °C for 5 h, aging protocol (b), produces the same 

microhardness and toughness values as aging at 550 °C for 30 min and 450 °C for 80 h.  This 

implies that the dual-step heat treatment scheme does not improve significantly the mechanical 

properties and his therefore unnecessary. 
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Figure 4.3.  Toughness-microhardness trajectory comparing samples aged according to protocol (a), see 
text, to those aged for 5 h at different temperatures.  The aging times at 450 °C are presented 
for the samples aged according to protocol (a), whereas the aging temperature is given for the 
samples aged isochronally for 5 h. 

 

Fig. 4.4 displays the Charpy impact energy of samples aged following protocol (b); this aging 

treatment yields an excellent room temperature toughness of 183 J (135 ± 3 ft-lbs).  This steel 

still also exhibits good toughness at -30 and -60 °C, having impact energies of 153 J (113 ± 6 ft-
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lbs) and 144 J (106 ± 2 ft-lbs), respectively.  At -84 °C the impact energy decreases to 77 J (57 ± 

17 ft-lbs).  The shear lips of the fractured samples are much smaller than those observed for the 

higher test temperatures, indicating a significant decrease in ductility due to a mixed fracture 

mode.  At a test temperature of 100 °C, the measured toughness decreases slightly to 168 J 

(124±4 ft-lbs).  It is noteworthy that the toughness values we measure are similar to Saha et al.’s 

values for BA-160 specimens [4] having a slightly different composition; they measured impact 

energies of 176 J (130 ft-lbs), ~129 J (~95 ft-lbs), and ~83 J (~61 ft-lbs) at 25 °C, -40 °C and -84 

°C, respectively, for samples aged at 550 °C for 30 min and then 450 °C for 5 h.  Saha et al. 

performed scanning electron fractography (SEF) on samples tested at all three temperatures and 

observed quasi-cleavage fracture at -84 °C and ductile fracture at -40 °C and 25 °C. 
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Figure 4.4.  Charpy impact energy of samples aged at 525 °C for 5 h as a function of the temperature of 
the impact testing. 

4.3.2   Temporal evolution of the precipitate properties 
Fig. 4.5 displays a 3-D LEAP tomographic reconstruction of a sample aged at 550 ˚C for 30 min 

and 450 ˚C for 320 h.  The Cu and M2C precipitates are delineated by 10 at. % Cu and 1 at. % C 
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isoconcentration surfaces, respectively.  Nearly every M2C precipitate is co-located on or in 

close proximity to a Cu precipitate.  

 

Figure 4.5.  Three-dimensional local-electrode atom-probe (LEAP) tomographic reconstruction of BA-
160 after aging for 30 min at 550 °C and for 320 h at 450 °C.  The blue dots, red surfaces, 
and black surfaces represent Fe atoms, a 10 at. % Cu isoconcentration surface, and 1 at. %C 
isoconcentration surface, respectively.  The reconstruction contains 6.5 M atoms. 

  

Fig. 4.6 presents the temporal evolution of <RCu(t)>, )(tNCu
v , and φCu(t) for Cu precipitates 

during aging at 450 °C.  During aging <RCu> increases, Cu
vN  decreases, and φCu remains 

approximately constant at 3%, Table 4.3; the error bars are two standard errors [56].  The value 

of )(tNCu
v  reaches a maximum of 6.4 ± 1.7x1023 m-3 after 1 h of aging and decreases to 9 ± 

2x1022 m-3 after 320 h of aging at 450 °C.  Fig. 4.7 displays the Cu precipitate size distributions 

(PSDs) as a function of aging time at 450 °C.  It is noteworthy that the experimental PSDs are 

skewed in the opposite direction to that predicted by classical coarsening models [57-62].  The 

Cu PSDs are, however, well described by a log-normal function [63]; they were fit to log-normal 

distributions using a standard multiple regression analysis [63], which minimized the sum of 

squared errors using three fitting parameters.  The resulting curves are overlaid onto the 

experimental PSDs, Fig. 4.6.  The mean values of the log-normal fits to Cu PSDs of samples 

aged for 0, 1, 5, 20, 80, and 320 h at 450 °C are 1±0.04, 1±0.05, 1±0.02, 1±0.08, 1±0.02, and 

1±0.07, respectively.  The standard deviations of the same distributions are 0.3±0.04, 0.4±0.06, 

0.4±0.02, 0.5±0.07, 0.3±0.02, and 0.3±0.07, respectively.  The values of the coefficient of 
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determination [sometimes called goodness of fit (Π2)] [63] for the log-normal distributions range 

from 0.83 for the sample aged at 550 °C for 30 min and 450 °C for 20 h to 0.98 for the sample 

aged at 550 °C for 30 min and 450 °C for 5 h. 
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Figure 4.6.  Temporal evolution of Cu precipitation parameters, φCu(t), )(tNCu
v , and <RCu(t)>, as a 

function of aging time at 450 °C. 

 

 

Table 4.3.  Copper precipitation parameters for aging protocol (a). 
Aging Time (h) t0 1 5 20 80 320 

φCu (t) (%)  3.2±0.8 3.0±0.9 3.9± 0.5 3.3±1 3.4±0.6 2.6±0.7 

)(tNCu
v  

 (x1023 m-3) 
 

5.9±1.5 6.4±1.7 4.2±0.5 2.8±0.8 2.0±0.4 0.9±0.2 
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Figure 4.7.  Temporal evolution of the copper precipitate size distributions (PSDs) for the indicated 

aging times at 450 °C.  The superimposed curves are log-normal fits to the experimental PSDs. 

 

 

Fig. 4.8 presents the temporal evolution of <RM2C(t)>, )(2 tN CM
v , and φM2C(t) for M2C carbide 

precipitates during aging at 450 °C.  The values of <RM2C(t)> remain relatively constant, while 

the values of CM
vN 2 decrease initially and then increase after 5 h of aging, Table 4.4.  The values 

of φM2C(t) increase dramatically from 0.03% for the peak yield-strength condition to 1.0 % after 

80 h of aging.  The temporal evolution of the M2C carbide’s properties are qualitatively seen in 

<RCu(t)>  (nm) 2.1±0.2 2.0±0.2 2.5±0.1 2.8±0.3 2.9±0.2 3.5±0.4 



58 
 

Fig. 4.9, for each aging time.  Although significantly larger M2C carbide precipitates are visible 

at longer aging times, the continued nucleation of smaller carbide precipitates is responsible for 

the small increase in <RM2C(t)>.  The presence of larger M2C carbide precipitates manifests itself 

in a much larger value of  φM2C after 80 hours of aging at 450 ˚C.  Additionally, heterogeneities 

in the spatial distribution of M2C carbides are apparent in Fig. 4.9.  The smaller number density 

of M2C carbide precipitates, with respect to those for copper precipitates, results in larger 

statistical errors for their properties.  Fig. 4.10 displays the M2C PSDs as a function of aging time 

at 450 °C, which are described by a log-normal distribution, with the exception of the sample 

aged at 550 °C for 30 min and 450 °C for 20 h.  The log-normal fits to the M2C PSDs were 

generated in the same manner as described for the Cu PSDs.  The mean values of the log-normal 

fits to M2C PSDs of samples aged for 0, 1, 5, 20, 80, and 320 h at 450 °C are 0.9±0.03, 0.9±0.02, 

0.9±0.01, 1±0.02, 0.8±0.04, and 1±0.08, respectively.  The standard deviations of the same 

distributions are 0.3±0.03, 0.3±0.02, 0.3±0.01, 0.6±0.13, 0.4±0.04, and 0.6±0.07, respectively.  

The Π2 values of the fits to the M2C PSDs range from 0.89 for the sample aged at 550 °C for 30 

min and 450 °C for 320 h to 0.99 for the sample aged at 550 °C for 30 min and 450 °C for 5 h.  

For the sample aged at 550 °C for 30 min and 450 °C for 20 h the Π2 value was 0.67.  This small 

Π2 value is due to the bi-modal character of the 20 h PSD.  Because only 44 precipitates were 

used to generate this PSD, it is difficult to say whether the PSD is actually bi-modal or whether 

the shape is due to the smaller number of precipitates. 
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Figure 4.8.  Temporal evolution of M2C carbide precipitation parameters, φM2C(t), 2 ( )M C
vN t , and 

<RM2C(t)>, as a function of aging time at 450 °C. 

 

 

 

Table 4.4.  M2C precipitation parameters for aging protocol (a). 
Aging Time (h) t0 1 5 20 80 320 

φM2C (%) 0.07 ± 0.01 0.03 ± 0.01 0.03 ± 0.01 0.4 ±0.09 1.0 ± 0.2 0.9 ± 0.3 

)(2 tN CM
v  

(x 1023 m-3) 
 

0.7 ± 0.2 0.4 ± 0.2 0.3 ± 0.1 1.0 ± 0.2 2.1 ± 0.3 1.7 ± 0.6 
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<RM2C(t)>  (nm) 1.2 ± 0.1 1.1 ± 0.2 1.1 ± 0.2 1.7 ± 0.2 1.8 ± 0.2 1.8 ± 0.4 

 

 

 

Figure 4.9.  Three-dimensional LEAP tomographic reconstructions of the temporal evolution of 
M2C carbide precipitates at 450 °C for different aging times.  The blue dots represent 
Fe atoms, and the black surfaces correspond to a 1 at. % C isoconcentration surface.  
The reconstructions are for the following aging conditions: (a) t0, (b) 1 h, (c) 5 h, (d) 
20 h, (e) 80 h, and (f) 320 h.  The large carbide precipitate in the top left-hand corner 
of (d) is of the MC type, with M being primarily Ti atoms.  Each dataset contains 25-
45 M atoms. 
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Figure 4.10.  Temporal evolution of the M2C precipitate size distributions (PSDs) for the indicated aging 
times at 450 °C.  The superimposed curves are log-normal fits to the experimental PSDs. 

 

 

 

4.3.3 Temporal evolution of the precipitate compositions 
Figure 4.11 displays a plot of Cu precipitate core concentrations as a function of R, where the 

core concentration is defined as the average value of the last four statistically significant data 

points in the concentration profile of a single Cu precipitate.  Thus, the results in Fig. 4.11 do not 

average multiple precipitates for a given heat treatment but instead present core concentrations of 

each precipitate individually.  Furthermore, Fig. 4.11 demonstrates that the core concentration is 
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a function of a precipitate’s R value but not of aging time.  That is, two precipitates with the 

same value of R from samples aged for different times will have approximately the same Cu 

concentration, Fig. 4.11.  Additionally, Fig. 4.12 displays the concentration profile of a single Cu 

precipitate aged for 20 h at 450 °C.  Additionally, localized segregation of Ni at the α-Fe 

matrix/Cu precipitate heterophase interface is observed [14].  Segregation is usually spatially 

asymmetric rather than spherically uniform at α-Fe matrix/Cu precipitate interfaces.  The 

maximum Ni concentration observed at this interface ranges from 14 to 20 at. % Ni.  This feature 

is detected for the majority of the Cu precipitate concentration profiles because the concentration 

at each point along the α-Fe matrix/Cu precipitate heterophase interface is known from the 

proximity histogram interfacial Ni excess values, which is the correct quantity to describe 

interfacial segregation [64].  For example, a Cu precipitate in a sample aged at 550 °C for 30 min 

and 450 °C for 5 h exhibiting a maximum interfacial Ni concentration of 20 ±2.4% has a relative 

Gibbsian interfacial excess [65] of 3.2 ± 0.9 atoms nm-2. 
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Figure 4.11.  Copper precipitate core concentrations versus the radius, R, of each precipitate for the 
indicated aging times at 450 °C.  Each data point is for a single Cu precipitate. 
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Figure 4.12.  Proximity histogram concentration profiles from a single Cu precipitate.  The interface used 
is a 20 at. % Cu isoconcentration surface.  The sample was aged for 30 min at 550 °C and for 
20 h at 450 °C prior to being analyzed by LEAP tomography. 

 

The exact compositions of the M2C precipitates are significantly more difficult to determine due 

to trajectory overlap effects [50, 66].  Fig. 4.13 displays a cross-section of a M2C carbide 

precipitate.  The C atoms are enlarged for clarity, and the smaller apparent atomic density of the 

M2C carbide precipitate is clearly discernable.  Fig. 4.14 displays a concentration profile of a 

M2C carbide precipitate taken from the data set displayed in Fig. 4.5.  It is seen that the Ni 

concentration does not decrease inside the M2C carbide precipitate but instead remains nearly 

constant, while the Fe concentration decreases from 89 to 52 at. %.  This likely indicates 

trajectory overlap effects, since little Ni is anticipated to be in the M2C carbide precipitate.  In 

APFIM research by Carinci et al. [26] on AF1410 steel, the issue of trajectory overlap was 

treated by assuming that neither Ni nor Co atoms reside in the M2C carbides, which they assert 

was due to a trajectory overlap effect and the Ni and Co concentrations were then deleted from 

the carbide data set.  A fraction of the concentration of all the other elements in the M2C carbide 
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precipitate was then subtracted from the M2C carbide depending on the ratio of the concentration 

of a given element to that of Ni or Co in the matrix.  BA-160 has about 50% of the Ni 

concentration of AF1410 and no Co.  Performing a matrix subtraction, following Carinci et al., 

simply does not work in the case of BA-160.  Assuming that the Ni concentration in the M2C 

carbide is zero and then subtracting Fe according to the Fe/Ni concentration ratio in the matrix 

yields a negative Fe concentration, which is physically impossible.   

 

 

Figure 4.13.  A three-dimensional LEAP tomographic reconstruction of the cross-section of a 
M2C carbide adjacent to a copper precipitate.  The blue, black, gold, magenta, and red dots 
represent Fe, C, Mo, Cr, and Cu atoms, respectively.  The aging conditions were 30 min at 550 
°C followed by 80 h at 450 °C.  The reconstruction contains 50,000 atoms. 
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Figure 4.14.  Proximity histogram concentration profiles of a single M2C carbide precipitate.  
The interface refers to a 1 at. %C isoconcentration surface. 

4.3.4 Early stages of precipitation 
 No precipitates were observed by the envelope method in the AQ condition, so a partial RDF 

analysis was performed to determine whether or not there is clustering of Cu atoms in this state.  

Fig. 4.15 displays the Cu-centered Cu and Fe partial RDFs generated from the AQ data.  Each 

partial RDF is smoothed by a Gaussian spline-function, with a full-width half-maximum value of 

0.04 nm (0.4 Ǻ).  Fig. 4.15 indicates that Cu atoms are clustered at all distances displayed in the 

partial RDF, even in the AQ state. 

  



67 
 

0.0 0.2 0.4 0.6 0.8 1.0 1.2 1.4
0.9

1.0

1.1

1.2
 Cu-Cu
 Cu-Fe

 

 

N
or

m
al

iz
ed

 R
ad

ia
l D

is
tr

ib
ut

io
n 

F
un

ct
io

ns

 Distance (nm)

1 2 3 4
Nearest-neighbor shell

 

Figure 4.15.  Cu-centered Cu and Fe partial radial distribution functions (RDFs) from a sample 
in the as-quenched condition.  The positions of the first, second, third and fourth 
nearest-neighbor (NN) distances are indicated on the upper abscissa. 

 
 Fig. 4.16 shows LEAP tomographic reconstructions for the sample aged according to 

protocol (c) for 5 min at 450 °C.  Fig. 4.16a displays the Cu atoms, and Fig. 4.16b presents the 

Cu precipitates detected using the envelope methodology.  Precipitates containing more than 40 

atoms are present after aging for only 5 min at 450 °C.  No M2C precipitation was, however, 

observed before 60 min. of aging at 450 °C.  
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Figure 4.16.  (a) Cu atoms and (b) Cu precipitates in a sample aged for 5 min at 450 °C.  
Datasets (a) and (b) contain 7 M and 60,000 atoms, respectively. 

 
 Table 4.5 presents the matrix C concentrations of samples aged following protocol (c).  The 

initial C concentration is 0.11±0.002 at. %, indicating that autotempering, most likely in the form 

of Fe3C precipitation, has occurred during the quench.  After this initial autotempering, no 

further decrease in the C concentration is observed until 60 min of aging.  This demonstrates that 

no major M2C precipitation occurs until at least 60 min of aging.  Fig. 4.17 displays a cluster of 

C atoms occurring near a Cu precipitate in a sample aged for 60 min at 450 °C.  And Fig. 4.18 

displays the proximity histogram concentration profile of this C cluster.  It is clear that the 

cluster is enhanced in Cr but that no significant Mo enrichment has yet occurred. 

 

Table 4.5.  Matrix carbon concentrations for aging protocol (b) 
Aging time at 450 °C 
(min) 

0 5 15 60 

Matrix C 
concentration  
( at. %) 

0.11 ± 0.002 0.13 ± 0.002 0.11 ± 0.009 0.05 ± 0.001 
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Figure 4.17.  A cluster of carbon atoms located adjacent to a Cu precipitate observed by LEAP 
tomography in a sample aged for 60 min at 450 °C.  In the online color version, the 
black, red, and blue dots are C atoms, Cu atoms, and Fe atoms, respectively.  The 
reconstruction contains 15,000 atoms. 
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Figure 4.18.  Proximity histogram concentration profiles for the cluster that is displayed in Figure 
15, for C, Cr, and Mo atoms. 
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4.3.5 Synchrotron X-ray diffraction characterization of cementite and austenite 
Figure 4.19 displays a series of synchrotron XRD scans from samples aged for 0, 20, or 80 h at 

450 °C.  The labeled peaks correspond to permitted Fe3C reflections, which has the 

orthorhombic structure.  The unit cell of Fe3C produces 80 reflections [67], but unfortunately the 

reflection with the largest intensity is located at  nearly the same 2θ value as the largest intensity 

(110)α reflection, rendering the Fe3C reflection undetectable.  Because the carbon concentration 

of BA-160 is 0.28 at. %,the maximum volume percent of Fe3C is less than 1 %, which also 

contributes to the difficultly of characterizing Fe3C in BA-160.  The three reflections indicated,  

Figure 4.19, are, however, each offset by approximately 0.8° from known reflections from 

powdered Fe3C [67], allowing us to index these cementite peaks.  The integrated intensity of the 

Fe3C peaks decrease with increasing aging time, indicating a decreasing Fe3C volume fraction. 

Fig. 4.20 displays XRD patterns from the AQ sample and from samples aged at 550 °C for 30 

min and 450 °C for 0(t0), 1, and 80 h.  Table 4.6 displays the value of φγ measured by 

synchrotron XRD as a result of the aging process.  The value of φγ was calculated using the 

direct comparison method [68] employing the (200)γ and (200)α reflections.  The proportionality 

constants were calculated using a 5.8 vol.% NIST austenite standard, Standard Reference 

Material 485, subjected to the same scanning conditions.  The first aging treatment, AQ plus 

liquid nitrogen (LN), was designed to minimize the volume percentage of retained austenite.  

The value of φγ achieves a maximum value after aging for 30 min at 550 °C and subsequently 

decreases during additional aging at 450 °C.  Very little austenite is precipitated for aging times 

up to 320 h at 450 °C.  If texturing of the austenite or ferrite grains occurs in samples, it could 

affect the amount of austenite measured using XRD.  The samples are not sufficiently textured to 

change significantly the value from ca. 0.3%.  The value of φγ listed for the AQ plus LN 

condition is for retained austenite.  The distinction between retained and precipitated austenite 

was not made in our measurements, so it is unclear what fraction of the austenite actually 

precipitated during aging.  Retained austenite is anticipated to be less stable than precipitated 

austenite due to its smaller Ni concentration [42], so it is possible that some of the retained 

austenite decomposed into ferrite and cementite during subsequent aging and quenching 

treatments.  It is also possible that some of the austenite may have been transformed by the 

mechanical polishing procedure, which would result in an artificially small value of φγ.   
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Figure 4.19.  Synchrotron x-ray diffraction (XRD) scans of BA-160 aged for the conditions indicated in 
the figure.  The subscript θ on the reflection indices refers to cementite, Fe3C. 
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Figure 4.20.  Synchrotron XRD scans showing the austenite reflections in samples of BA-160 aged at 550 
C for 30 min followed by aging at 450 °C for 0, 1, or 80 h and the AQ sample, which differs 
from the 0 h sample because it was not aged at 550 °C after quenching.   

 

Table 4.6.  Volume percentages of austenite phase for samples aged according to protocol (a)  

Aging time (h) AQ + LN t0 1 80 320 

φγ (%) 0.14± 0.038 0.31±0.049 0.12 ± 0.033 0.18 ±0.038 0.03±0.005 

 

X-rays penetrate the sample, but the intensity of the diffracted x-rays decreases exponentially 

with depth from the sample surface.  For the standard θ-2θ powder diffractometer arrangement, 

the change in intensity with depth is [68]: 

  

                             
��

��
� �����

���	
��� �
���

���	
�   ;                               (4) 

 

where I is intensity, Ω is the volume fraction of grains oriented correctly for diffraction, bX is the 
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fraction of incident energy that is diffracted by a unit volume, I0 is the incident intensity, µ is the 

linear absorption coefficient, and θ is the angle between the sample surface and the incident 

beam.  If we take the ratio, r, of the intensity of x-rays diffracted from the surface, dI(x = 0), to 

the intensity of x-rays diffracted from a depth d below the surface, dI(x = d), we obtain: 

  

             � � ��� � ���

���	
�   .               (4.5). 

 

If an arbitrary but somewhat accurate value of 1000 is used for r, [68], to be the maximum r 

value where counts can still be detected from the depth d, then Equation (4.5) becomes:  

 

       � � .�� ���	

�
   .           (4.6). 

 

The synchrotron radiation has a wavelength of 0.0709 nm, which is close to the wavelength of 

Mo Kα x-rays, 0.0711 nm.  Therefore, µ is approximated by the linear absorption coefficient of 

Mo Kα x-rays in Fe, 297 cm-1 [68].  The value of θ utilized is 11.39°, which is the position of the 

(200)γ reflection, yielding 23 µm for d.  Although the samples are subjected to a final polish 

using 1 µm diamond or 0.06 µm colloidal silica, the depth of the damage due to sectioning and 

initial grinding is unknown.  It is safe to conclude, however, that the x-ray beam penetrates 

significantly deeper than the damage produced by the final mechanical polishing. 

 Table 4.7 displays the values of φγ for samples aged according to protocol (d).  As reported 

[55], aging at 625 °C for 5 h produces a value for φγ of only 2.1±0.4%.  Protocol (d) is an attempt 

to precipitate a larger value of φγ, with the 500 °C aging step designed to enhance the stability of 

austenite through the diffusion of Ni into it; this approach yields a maximum value of φγ of 

4.4±0.4%, Table 4.7.  

 

 

Table 4.7.  Volume percentages of gamma phase for samples aged according to protocol (d) 

Temperature of first 
aging step (°C) 

600 625 650 675 

φγ (%) 0.2± 0.09 0.7±0.2 2.9 ±0.4 4.4 ±0.4 
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Table 4.8.  Volume percentages of gamma phase for samples aged according to protocol (e). 

Final cooling method Water quench Air cool 

φγ (%) 4.3± 0.5 6.6±0.6 

 

 

 Fig. 4.21 shows XRD patterns obtained from samples aged according to protocol (e).  Table 

4.8 displays the values of φγ for samples aged according to protocol (e).  One important 

difference between protocols (d) and (e) is the absence of a water quench between the two aging 

steps in (e), which was designed to maximize the value of φγ at the beginning of the 500 °C aging 

step.  As in protocol (d), the 500 °C aging step was designed to increase the Ni concentration of 

the austenite.  Protocol (e) does produce a larger value of φγ, 6.6±0.6%, than does protocol (d).  

Protocol (e) also demonstrates a dependence of φγ on the last cooling step: an air cool produces 

significantly more austenite than does a water quench.  This most likely indicates C is playing a 

role in stabilizing austenite, since the extra time at temperature provided by the air cool, as 

opposed to the water quench, is not suffice for significant Ni diffusion.  
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Figure 4.21.  Synchrotron XRD scans showing the austenite reflections in samples of BA-160 
aged at 650 °C for 2 h followed by 500 °C for 4 h followed by either a water quench or an air 
cool.  The final step of the heat treatment is indicated on the figure.  
 

 Fig. 4.22 displays the hardness-toughness trajectories of samples aged according to protocol 

(d), protocol (e), and the 5 h isochronal aging treatment [55].  It is evident that the additional 

austenite produced by protocols (d) and (e), as compared to the 5 h isochronal aging treatment, is 

accompanied by a significant loss of hardness.  The microhardness of the sample aged at 675 °C 

for 30 min followed by 500 °C for 5 h, for example, is 300±9 VHN.  This value is significantly 

less than the optimal hardness of 367±5 VHN produced by aging at 550 °C for 30 min and 450 

°C for 80 h.  The microhardness produced by aging according to protocol (e) with a final water 
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quench is 288±10 VHN, which is less than that produced by protocol (d).  The loss in 

mechanical strength must be due to coarsening of the Cu and M2C precipitates at the elevated 

aging temperatures, 650 and 675 °C.  
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Figure 4.22.  Toughness-microhardness trajectory for samples aged according to protocols (d) 
and (e) and samples subjected to a 5 h isochronal temper.  The indicated temperatures 
next to the isochronally aged samples are the aging temperatures.  The temperatures 
listed next to data points from samples aged according to protocol (d) are the 
temperatures of the first aging step for each sample.    

 

4.4 Discussion 
 

4.4.1 Temporal evolution of the precipitates’s properties 
 The co-location of Cu and M2C precipitates, Fig. 4.5, for all aging times studied suggests 

heterogeneous nucleation of M2C precipitates on Cu precipitates.  Our results, section 3.5, 
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demonstrate that Cu precipitation occurs first, with clustering of Cu atoms occurring in the AQ 

state.  Cu precipitation is followed by C clustering and heterogeneous nucleation of M2C 

carbides on Cu precipitates.  Because the LEAP tomograph cannot determine the crystal 

structure of the M2C precursor, it is unclear whether it is a distinct phase or a M2C cluster or a 

precipitate based on LEAP tomography.  Diffusion of Mo to the carbide appears to occur after 

that of C and Cr.  The sequence of enrichment is related to the diffusivities of each element; For 

the composition of BA-160 at 450 oC DICTRA [69], version 25, predicts diffusivities of 

1.03x10-12, 1.87x10-22, and 1.80x10-22 m2s-1 for C, Cr, and Mo, respectively.  The order of 

precipitation observed in BA-160 is similar to Tiemens’s [19] observations for a high-strength 

gear-steel strengthened by Cu and M2C precipitates, albeit in significantly less detail.  After 12 h 

and 48 h of aging at 482 °C he observed M2C carbides co-located with Cu precipitates; while our 

APT analyses reveal only Cu precipitates after aging for 1 h at 482 °C. 

The decreasing )(tNCu
v  values, increasing <RCu(t)> values, and relatively constant φCu(t) values 

of the Cu precipitates at 450 °C indicate they are in a regime where growth and coarsening is 

dominating.  For concentrated multicomponent alloys, the Umantsev-Olson (UO) model [60] 

predicts the following time laws and rate constants for a system in a stationary state, whose rate 

constants depend on the number of components and the thermodynamics of an alloy:  

 

tktRtR UOinit =><−>< 33 )()(                  (4.7) 

tKtNtN UOinitvv
111 )()( −−− =−                  (4.8) 

3/1,, )()()( −=∞−>=<∆ tCtCtC UO
eqmatrix

i
ffmatrix

i
matrix
i κ            (4.9) 

 

where tinit indicates the aging time at the onset of stationary-state coarsening, )(tCmatrix
i∆  is the 

supersaturation of component i in the matrix, >< )(, tC ffmatrix
i is the concentration of component i 

in the far-field (ff) matrix, and )(, ∞eqmatrix
iC  is the equilibrium solute solubility of component i in 

the matrix.  The rate constants are given by: 

 

Φ
=

9

8 m
UO

V
k

σ
                     (4.10) 
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In Eqn. (4.10), σ is the interfacial free energy of the α-Fe matrix/Cu-precipitate interface, and Vm 

is the molar volume of b.c.c. Cu.  In Eqn. (4.11), α/Cu
iK  is the partitioning ratio of the ith 

component between a Cu precipitate and the α-Fe matrix, α
ijmG ,  is the second derivative of the 

molar Gibbs free energy of the α-Fe matrix with respect to components i and j, and Dj is the 

diffusivity of the jth component in the α-Fe matrix.  The experimental time exponents of 

<RCu(t)> and )(tNCu
v  were calculated using a linear regression analysis for two variables (the 

coarsening rate constant and temporal exponent) [56] and their values are 0.09±0.01 for <RCu(t)> 

and -0.28±0.02 for Nv.  Thus, the experimentally measured values are not the predicted 1/3 and -

1 values, indicating that the Cu precipitates have not achieved stationary-state coarsening after 

aging at 550 °C for 30 min and 450 °C for 320 h.  Using experimentally measured partitioning 

ratios, tracer diffusivities of Cu and Ni in Fe from DICTRA, an interfacial internal energy of 280 

mJ m-2 for b.c.c. Cu/b.c.c. Fe, calculated using a nearest-neighbor broken bond model [70], and 

values of '
,

α
ijmG calculated using Thermo-Calc [71], version S, employing the TCFE6 database, the 

model rate constants are calculated; e.g., a value of 8.9x10-41 m3 s-1 is calculated for kUO.  A 

direct comparison to the experimentally measured rate constants is, however, complicated by 

several factors.  Firstly, the Cu precipitates in BA-160 are not in a stationary-state coarsening 

regime.  Secondly, Cu precipitates undergo a series of phase transformations from their initial 

b.c.c. structure to their equilibrium f.c.c. structure.  Each phase change is most likely 

accompanied by a change in the interfacial free energy, which affects the coarsening rate 

constants.  APT cannot distinguish the different metastable crystal structures of Cu and therefore 

we do not know the crystal structure of the Cu precipitates.  From our synchrotron XRD 

measurements it is, however, apparent that the Cu precipitates do not have a f.c.c. structure after 

320 h of aging at 450 °C.  Finally, the dimensionality of the coarsening rate constants is 

determined by the value of the time exponent.  For instance, since the time exponent for <R(t)> 
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is 1/3, the units of kUO in Eqn. (4.7) are m3 s-1.  The experimentally determined time exponent, 

however, is 0.09±0.01 implying that the dimensions of the experimental coarsening rate-constant 

is about m10 s-1: An experimental value of 1.1±0.1x10-100 m10 s-1 is measured for kUO.  These 

factors make comparisons of experimentally determined rate constants to those predicted by this 

model difficult.   

The temporal exponents we observe for BA-160 have significantly smaller values than those 

observed by Kolli et al. for NUCu-170 [18].  They observed 0.34 ± 0.09 for <RCu(t)> and -0.63 ± 

0.07 for Cu
vN  during aging at 500 °C.  Table 4.9 presents the composition of NUCu-170 and we 

note that its Cu concentration is smaller than that of BA-160, which implies a larger Cu 

supersaturation in BA-160.  It is noteworthy that NUCu-170 does not contain M2C carbides.  The 

presence of co-located M2C carbides probably impedes the coarsening of Cu precipitates since 

Cu is insoluble in M2C; additional research is needed to substantiate this hypothesis. 

Table 4.9.  NUCu-170 Composition [16] 

Element Fe Ni Cu Al Si Mn Nb P S C 
Concentration 
(wt. %) 

Bal 2.83 2.09 0.68 0.51 0.5 0.065 0.01 0.003 0.045 

Concentration 
(at. %) 

Bal 2.67 1.82 1.38 1.00 0.51 0.038 0.018 0.005 0.209 

 

 The precipitation properties of the M2C carbides exhibit more complicated trends than those 

of the Cu precipitates.  An initial decrease of CM
vN 2 occurs for aging at 450 °C.  The source of C 

for M2C precipitation is primarily dissolution of Fe3C.  Therefore, for a fixed C concentration, 

the value of φM2C increases as φFe3C decreases.  This result is also found for Thermo-Calc [71] 

calculations (J.S. Wang, Questek LLC) using the SSOL + M2C database developed at QuesTek 

LLC, which indicates a larger value of φM2C at 550 °C than at 450 °C [72].  Upon aging at 450 

°C, some of the M2C precipitates that were stable at 550 °C dissolve, resulting in decreasing 

values of )(2 tN CM
v  and φM2C(t).  Additional aging at 450 °C results in increasing values of 

<RM2C(t)> and )(2 tN CM
v  and a 33-fold increase in φM2C after aging for 80 h at 450 °C, which 

indicates that the M2C carbides are in a nucleation and growth regime. 

 The yield strength of BA160 decreases by only 7% after 320 h of aging at 450 °C.  This can 

be explained by the co-precipitation process: the decrease in yield strength associated with 

coarsening of Cu precipitates and softening of the martensitic matrix is offset by nucleation and 



80 
 

growth of M2C carbides.  An analytical model for yield strength employing our APT results was 

developed by J.S. Wang [72].  

 

4.4.2 Temporal evolution of the compositions of copper precipitates 
The observation that the precipitate composition does not depend on aging time may seem 

contradictory to the results of Kolli et al. [18], but it is actually due to the differences in the 

techniques used to generate the concentration profiles.  Because Kolli et al. averaged 

concentration profiles from all of the precipitates in a given data set, the core Cu concentrations 

they report are average core concentrations.  The fact that this average increases with increasing 

time is consistent with <RCu(t)> increasing with aging time.  Since the core Cu concentration of 

the Cu precipitates increases with R, Fig. 4.11, the average precipitate concentration increases 

with <RCu(t)>.  It is difficult, however, to compare directly the compositions determined for BA-

160 and NUCu-170.  Kolli et al. averaged the concentrations of all of the precipitates for a given 

aging condition and then determined the core concentration from the points closest to the center 

of the precipitates.  The concentration profiles extend radially in all directions from the α-Fe 

matrix/Cu-precipitate heterophase interface.  The extent of the Cu concentration profile in the Cu 

precipitate, from the interface to its center, depends on the value of R.  Therefore, Cu 

concentration profiles inside smaller precipitates do not extend as far from the heterophase 

interfaces into the precipitate as do those from larger Cu precipitates.  When a proxigram of 

multiple interfaces is recorded in parallel, the concentration values at each distance from an 

interface is averaged for many α-Fe matrix/Cu-precipitate interfaces.  And therefore when the 

distance from the heterophase interface exceeds the R value of smaller precipitates, their 

concentration values are no longer included in the average concentration value at that distance.  

Hence, the larger Cu precipitates are weighted more heavily than the smaller precipitates in the 

calculation of the core Cu concentration.  And therefore a Cu concentration reported for a given 

aging time will correspond to precipitates with R values larger than <RCu(t)>.  The general Cu 

precipitate concentration trend in BA-160 agrees approximately with that reported by Kolli et al. 

for NUCu-170; as much as 50% Fe is detected in the smallest Cu precipitates, and less than 10% 

Fe is detected in the largest.  Also trajectory overlap may affect the measured Cu concentration 

values [15].  A general approach has not yet, however, been proposed to solve this problem. 
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   The localized Ni segregation at α-Fe/Cu heterophase interfaces, Fig. 4.12, is not the first 

observation of this phenomenon in HSLC steels as Kolli et al. [18] observed it in NUCu-170.  

After 1024 h of aging at 500 °C, the localized segregation of Ni results in a spherical shell of 

NiAl (B2 structure) enveloping the α-Fe/Cu interface, albeit somewhat patchy, as confirmed by 

synchrotron XRD [73] studies.  Similarly to what we observe for BA-160, the Ni segregation is 

asymmetric with respect to the α-Fe/Cu precipitate heterophase interface in NUCu-170.  The 

6.42 at.% Ni in BA-160 was added to encourage austenite precipitation.  Since Ni is an austenite 

stabilizer [2], it is possible that localized Ni segregation could encourage austenite precipitation 

at the α-Fe/Cu heterophase interface.  The LEAP tomograph cannot distinguish f.c.c. Fe from 

b.c.c. Fe and it is therefore impossible to determine whether the Ni-enriched regions at the 

α−Fe/Cu precipitate heterophase interface are austenite precipitates or localized interfacial 

segregation.  Since the Ni-enriched regions take the form of patchy shells that are ≤ 1 nm thick, 

it is unlikely they are precipitates.  Additionally, Worall et al. [9] observed a similar segregation 

effect in a ternary Fe-1.28 Cu-1.43 Ni (wt. %) alloy, where no austenite precipitation was 

anticipated. 

 

4.4.3 Cementite (M3C) dissolution 
 The diffractogram displayed in Fig. 4.19, demonstrates that Fe3C dissolution occurs in BA-

160 at 450 °C.  After aging for 30 min at 550 °C and 80 h at 450 °C the integrated intensities of 

the Fe3C reflections decrease significantly and the toughness increases by 33% compared to the 

toughness after aging 5 h.  The value of φM2C also increases by 33-fold compared to aging for 5 h 

at 450 °C.  Fe3C dissolution was hypothesized earlier by Raynor et al. [74] who observed M2C 

precipitation and “ragged” Fe3C precipitates, using TEM, upon aging Fe-4 Mo-0.2 C (wt.%) 

ternary alloys.  Yamasaki et al. characterized quantitatively Fe3C dissolution and M2C 

precipitation in an HSLC steel using TEM [33].  Because Fe3C is detrimental to a steel’s 

toughness its dissolution increases toughness.  BA-160 steel was designed [3] to be toughened by 

both TRIP and Fe3C dissolution.  The values of φγ that we obtain are insufficient for TRIP, Table 

4.6.  The toughness increment observed after aging at 550 °C for 30 min and 450 °C for 80 h is 

most likely due to Fe3C dissolution and not TRIP.   
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  Saha et al. [4], for a slightly different composition of BA-160, claimed that TRIP also 

caused a toughness increment.  They observed Charpy impact energies of 136 J (100 ft-lbs), 176 

J (130 ft-lbs), and 149 J (110 ft-lbs) at 0, 25, and 100 °C, respectively.  They designed BA-160 to 

have a σ
sM  value of 25 °C, where σ

sM  is the temperature where the stress necessary for stress-

assisted nucleation of martensite in austenite is equal to the yield stress of the matrix [75]; the 

maximum toughness increment due to TRIP occurs at σ
sM  [42].  Saha et al. concluded that the 

toughness drop observed at a temperature greater than the designed σ
sM

 
is evidence of TRIP.  

We observe a toughness of 168 J (124±4 ft-lbs) at a test temperature of 100 °C for specimens 

aged at 525 °C for 5 h, Fig. 4.4; this value is only 8% less than the impact energy measured at 

room temperature, 183 J (135±3 ft-lbs).  The value of φγ measured for aging protocol (b) is 0.063 

± 0.06% [55], which is also insufficient for TRIP.  The observed decrease in toughness at a test 

temperature of 100 °C can therefore not be attributed to TRIP in the BA-160 steel we studied.           

 

4.5 Conclusions 
The mechanical properties of BA-160 have been measured and nanoscale precipitation in this 

steel has been completely characterized after aging at 450 °C for a range of times, utilizing local-

electrode atom-probe (LEAP) tomography and synchrotron x-ray diffraction (XRD), and we 

conclude the following:   

• The yield strength, room temperature impact toughness, and reduction in area at 

fracture achieve values of 1131 MPa (164 ± 2 ksi), 140 J (103 ±4 ft-lbs), and 61% 

after aging at 550 °C for 30 min and 450 °C for 5 h, respectively, which is an 

excellent combination of strength and toughness. 

•  The co-location of the Cu and M2C precipitates is due to heterogeneous 

nucleation of M2C carbides on the Cu precipitates as shown by LEAP 

tomography. 

•  The Cu precipitates commence coarsening after 1 h of aging at 450 °C, and the 

M2C carbides are in the nucleation and growth stage until 320 h of aging at 450 

°C.  

•  The Cu precipitates are coarsening at a significantly slower rate than the 

predictions of the Umantsev-Olson stationary-state coarsening model.  This may 
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be due to M2C carbides being co-located with Cu precipitates because Cu is 

insoluble in M2C carbide precipitates. 

• The combination of coarsening of Cu precipitates and nucleation and growth of 

M2C precipitates occurring in parallel is responsible for the maintenance of BA-

160’s yield strength, which decreases by only 7% to 1047 MPa (152 ±1 ksi) after 

320 h of aging at 450 °C.   

• A Cu precipitate’s core composition is shown to depend on precipitate radius but 

not on aging time.  

• The room temperature Charpy impact energy increases to 186 J (137±8 ft-lbs) 

after 80 h of aging at 450 °C.  The dramatic increase in M2C carbide precipitate 

volume fraction and a concomitant decrease in the Fe3C volume fraction at 80 h 

indicates that the toughness increase is due to dissolution of Fe3C.  

• Aging at 525 °C for 5 h produces the same excellent hardness-toughness 

combination [a microhardness of 370 ± 10 VHN and a Charpy impact energy of 

183 J (135 ± 3 ft-lbs) at room temperature] as does aging at 550 °C for 30 min and 

450 °C for 80 h.  Impact energies of 153 J (113 ± 6 ft-lbs) and 144 J (106 ± 2 ft-

lbs) are measured at -30 °C and – 60 °C, respectively.  At -84 °C the impact 

energy decreases to 77 J (57 ± 17 ft-lbs), which indicates that a mixed fracture 

mode is occurring. 

•  A maximum value of 0.3 volume percent austenite is detected after aging at 550 

°C for 30 min by XRD, and smaller values are measured at all other aging times 

used in protocol (a), suggesting that transformation induced plasticity (TRIP) does 

not contribute significantly to toughness for these aging conditions. 

• After aging at 675 °C for 30 min and 500 °C for 5 h, a value of φγ of 4.4±0.4% is 

obtained.  The microhardness produced by this aging treatment is, however, 

300±9 VHN, which is significantly less than the optimal hardness of 367±5 VHN 

produced by aging at 550 °C for 30 min and 450 °C for 80 h.  

• Aging at 650 °C for 2 h and 500 °C for 4 h with no intermediate water quench and 

an air cool to room temperature produces the largest value of φγ we measured, 

6.6±0.6%.  The same heat treatment with a final water quench, instead of an air 

cool, produces 4.3±0.5%, indicating that C is playing a key role in austenite 



84 
 

stabilization.  The microhardness produced by the latter heat treatment is 288±10 

VHN, which is significantly less than the microhardness produced by the optimal 

heat treatment.   
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5  Voltage-pulsed and laser-pulsed atom-probe-tomography 
of a multiphase high-strength low-carbon steel 

 
 
Abstract 

 The differences in artifacts associated with voltage-pulsed and laser-pulsed (wavelength = 

532 or 355 nm) atom-probe tomographic (APT) analyses of nanoscale precipitation in a high-

strength low-carbon steel are assessed using a local-electrode atom-probe (LEAP) tomograph. It 

is found that the interfacial width of nanoscale Cu precipitates increases with increasing 

specimen apex temperatures induced by higher laser pulse-energies (0.6-2 nJ pulse-1 at a 

wavelength of 532 nm). This effect is probably due to surface diffusion of Cu atoms. Increasing 

the specimen apex temperature by using pulse energies up to 2 nJ pulse-1 at a wavelength of 532 

nm is also found to increase the severity of the local magnification effect for nanoscale M2C 

metal carbide precipitates, which is indicated by a decrease of the local atomic density inside the 

carbides from 68±6 nm-3 (voltage-pulsing) to as small as 3.5±0.8 nm-3. Methods are proposed to 

solve these problems based on comparisons with the results obtained from voltage-pulsed APT 

experiments. Essentially, application of the Cu precipitate compositions and local atomic-density 

of M2C metal carbide precipitates measured by voltage-pulsed APT to 532 or 355 nm 

wavelength laser-pulsed data permits correct quantification of precipitation. 

 

5.1 Introduction 
The addition of laser pulsing to atom-probe tomography (APT) expands the range of 

materials that can be analyzed by APT [1-4].  Research projects that would be impossible to 

conduct using voltage-pulsed APT are now becoming numerous [5-17]. Advances in APT 

technology [11, 18-19] permit the pulse repetition rates of laser-pulsed APT to exceed 

significantly those of voltage-pulsed APT, which increases the rate of data collection. 

Additionally, laser-pulsing generally results in a smaller specimen failure rate than does voltage 

pulsing [4]. This increased yield arises because the Maxwell mechanical stresses induced by the 

alternating electric field associated with voltage-pulsing are absent for laser-pulsing, which 

instead uses thermal pulses to induce evaporation of ions. The increased dataset size obtained 

utilizing laser-pulsing is beneficial, especially for materials with high failure-rates such as 
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carbide-containing steels and metallic oxides. The effects of thermal pulses on the data quality 

obtained are, however, the subject of scientific debate. 

Many studies of the differences between laser-pulsed and voltage-pulsed APT have been 

conducted on single-phase materials or single-phase regions of multiphase materials [2, 20-22]. 

For instance, Zhou et al. [22] conducted a thorough study on the effect of green laser-pulsing 

(532 nm wavelength) on the measured concentrations in an as-solutionized single-phase Ni-Al-

Cr alloy. Few studies exist, however, on the effects of laser pulsing on multiphase materials. Sha 

et al. [23] observed only small effects of varying pulse energies (0.2 -1.5 nJ, wavelength = 532 

nm) and base temperatures (20-80 K) on the composition of both the solute clusters and matrix 

of an Al-Mg-Si-Cu alloy. 

One reason for the limited number of studies on multiphase materials is that these 

systems are significantly more complicated to study. Field evaporation of multiple phases with 

different evaporation fields leads to artifacts even in the voltage mode. Specifically, preferential 

field-evaporation between pulses, local magnification or demagnification effects, and trajectory 

overlap of the field-evaporated ions are known to be artifacts that arise because of evaporation-

field differences [24-26]. Since laser-pulsing produces a temperature increase to induce 

evaporation of ions, which may be on the order of 300 K for a material with a small thermal 

diffusivity [20], additional artifacts are anticipated. For example, [20] observed the loss of the 

ability to resolve atomic planes in elemental tungsten due to enhanced surface diffusion of atoms 

at large values of the laser energy (2 µJ pulse-1, beam diameter = 100 µm, wavelength = 515 nm, 

and pulse duration = 500 fs). 

In this article we study the differences in artifacts produced by voltage-pulsed and laser-

pulsed APT during analysis of Cu-rich and M2C metal carbide precipitates in a high-strength 

low-carbon steel, BlastAlloy (BA)-160 [17, 27-29]. We present a solution to the problems 

associated with laser-pulsed APT to quantify accurately the precipitate volume fractions, φ, and 

average precipitate radii, <R>, which are important parameters for modeling precipitation 

strengthening. 

 

5.2 Materials and Methods 
The composition of BA160 steel is listed in Table 5.1. BA160 steel is formed into 20.5 

cm (8 in.) ingots by vacuum induction melting and vacuum arc remelting. The ingots are then 
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homogenized at 1204 °C for 12 h and hot rolled to 4.3 cm (~1.7 in.) plates at 1093 °C. The plates 

are normalized at 910 °C for 1 h, annealed at 482 °C for 10 h, and then finished machined to 

4.128 cm (1.625 in.) diam. rods. This steel was then machined into Charpy bars and aged using 

the following protocol: (a) solution treatment at 900 °C for 1 h; (b) water quench; (c) submersion 

in a liquid nitrogen bath for 30 minutes; and (d) aging at 550 °C for 30 min; (e) aging at 450 °C 

for 0, 1, 5, 20, 80, 320, or 5000 h; and (f) water quench. 

Table 5.1.  Composition of BA-160 

Element Fe Ni Cu Cr Mo C 
Concentration 
(at. %) 

Bal 6.76 2.85 1.98 0.36 0.26 

Concentration 
(wt. %) 

Bal 6.42 3.33 1.89 0.5 0.06 

 

 

Specimens for APT were prepared from aged and broken Charpy samples by cutting the 

broken Charpy samples into 0.3x0.3 mm2 rods and then electropolishing them using a dual-step 

process at room temperature. The electrolytes were 10% perchloric acid in acetic and 2% 

perchloric acid in butoxyethanol solutions, which was conducted at room temperature using a 

voltage of 15-8 Vdc. [30]  

APT was performed using a Cameca Instruments (formerly Imago Scientific Instruments) 

local-electrode atom-probe (LEAP) 4000X Si employing both laser and voltage pulsing modes 

[31-32]. Laser-pulsed APT was performed using two wavelengths, 532 and 355 nm. The 532 nm 

wavelength is in the green range of visible light (green laser), whereas 355 nm is in the 

ultraviolet (UV laser). Green laser-pulsing was performed at a pulse repetition rate of 250-500 

kHz, pulses of 0.6-2 nJ pulse-1, and a base specimen temperature of 60-80 K. UV laser-pulsing 

was performed using a pulse repetition rate of 500 kHz, a base specimen temperature of 40-60 K, 

and pulses of 0.05 nJ pulse-1. 

Voltage-pulsed APT was performed using a pulse fraction (pulse voltage/steady-state DC 

voltage) of 20%, a pulse repetition rate of 200 kHz, and a specimen temperature of 60±0.22 K.  

Cu precipitates were identified using the envelope method [25]. The parameters used 

were a maximum separation distance, dmax, of 0.5 nm, a minimum of 30 solute atoms, and a grid 

resolution of 0.12 nm. The envelope method cannot be applied directly to M2C metal carbide 
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precipitates due to aberrations in the solute-solute neighbor distances caused by a local 

magnification effect. M2C metal carbide precipitates are therefore identified using a 1 at.% C 

isoconcentration surface. The atomic contents interior to the isoconcentration surface are then 

exported and analyzed using the envelope method with a dmax parameter of 2 nm, a minimum of 

5 solute atoms, and a grid resolution of 2 nm. 

 

5.3 Results 
 

5.3.1 Copper precipitation 
Nanoscale Cu precipitates, b.c.c. (body-centered cubic), are coherent precipitates having 

Cu concentrations ranging from ~40 at. % to >90 at. % Cu, depending on the diameter of the 

precipitates and the aging temperature [17, 24, 33-40]. In BA-160, the Cu precipitates have <R> 

values ranging from 2.1 to 3.5 nm for the aging times we employed[28]. The evaporation fields 

for Fe and f.c.c. Cu at 0 K (note that the Cu precipitates in BA-160 are b.c.c.) were calculated at 

0 K [4] to be 35 and 30 V nm-1, respectively, and by [41] to be 36 and 31 V nm-1, which are 

essentially identical. As noted earlier [24], the smaller evaporation field of Cu compared to the α-

Fe matrix causes the Cu precipitates to have larger radii of curvature as a result of field 

evaporation. Therefore, trajectory overlap of the α-Fe matrix atoms, and local demagnification of 

Cu precipitates, as simulated by Vurpillot et al. [26], are anticipated during APT. 

Figure 5.1 compares concentration profiles generated by the proximity histogram method 

[42] from Cu precipitates analyzed by voltage-pulsed LEAP tomography and green-laser-pulsed 

LEAP tomography using pulses of 0.6 and 2 nJ pulse-1. All of the specimens used for Figure 5.1 

were aged at 550 °C for 0.5 h followed by 450 °C for 20 h. Each concentration profile was 

generated from a precipitate with a similar number of Cu atoms, Table 5.2.  The value 2 nJ pulse-

1 is an excessively large laser energy, but is included to show an extreme example of artifacts 

generated by green-laser-pulsed LEAP tomography. The core Cu concentrations for each 

precipitate in Figure 5.1 are given in Table 5.2. The core concentration is defined as the average 

of the last four statistically significant concentrations on the proximity histogram. It is evident 

that  
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Figure 5.1.  Proximity histogram concentration profiles of Cu precipitates as a function of pulsing 
conditions. The isoconcentration surface used to generate the proximity histograms was a 20 
at.% Cu isoconcentration surface. The samples were aged at 550 oC for 30 min and 450 oC for 
20 h. 

 

Table 5.2.  Different pulsing conditions leading to different values for the physical properties of 
Cu precipitates, which are pertinent to the information displayed in Fig. 5.1. 

 

Pulsing 
Condition 

Number of Cu 
atoms in 
precipitates used 
for concentration 
profile 

Interfacial 
width (nm) 

Precipitate 
Core Cu 
Concentration 
(at. %) 

Reconstructed 
Density of Cu 
precipitates* in 
dataset 
(atoms nm-3) 

Voltage, 20% 
pulse fraction 

3619 1.6±0.1 100 140 ± 6 

Green laser, 
0.6 nJ pulse-1 

3638 2.0 ±0.1 65 ± 6 174 ± 21 

Green laser, 2 
nJ pulse-1 

4051 5.1±0.2 35 ± 9 150 ± 21 
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the core Cu concentration of a precipitate analyzed by green-laser-pulsed APT using 2 nJ pulse-1 

is significantly smaller than that of the voltage-pulsed precipitate concentration (70±9 at. % Cu 

for 2 nJ pulse-1 laser-pulsing and 89±4% for voltage-pulsing). Hereafter, all concentrations are in 

at.% unless otherwise noted. The core Cu concentration using the green laser at 0.6 nJ pulse-1 is 

also significantly smaller (50±6 Cu) than that measured employing voltage pulsing. This is not 

always the case; for some datasets and precipitate radii analyzed using green laser pulsing at 0.6 

nJ pulse-1 the Cu core concentrations are similar to those measured employing voltage pulsing. 

The interfacial width, however, measured by green or UV-laser-pulsing is always greater than 

that measured by voltage-pulsing, as discussed below. 

The α-Fe/Cu precipitate interface is visibly more diffuse for 2 nJ pulse-1 and only slightly 

more diffuse for 0.6 nJ pulse-1 in comparison to the voltage-pulsed results. The interfacial width 

of the α-Fe/Cu precipitate interface for each precipitate in Figure 5.1 is listed in Table 5.2. The 

interfacial width is measured using the 10%-90% width criterion [43], which is calculated as 

follows: (1) the difference between the concentration of a given element in the  α-Fe matrix and 

in the core of the precipitate is calculated; and (2) the position at which the concentration is 10% 

of this difference and the position at which the concentration is 90% of this difference are 

recorded. The distance between these positions is the interfacial width. It is noteworthy that the 

interfacial width of the Cu precipitates measured using the green laser at 2 nJ pulse-1 is 223% 

greater than the interfacial width measured using voltage pulsing. Additionally, the Cu 

concentration measured using the green laser at 2 nJ pulse-1 is still greater than the  α-Fe matrix’s 

Cu concentration at a distance of 5 nm from the isoconcentration surface. The interfacial width 

measured using 0.6 nJ pulse-1 is 25% greater than that measured by voltage-pulsing. Localized 

segregation of Ni at the  α-Fe/Cu precipitate heterophase interface is also evident in the Cu 

concentration profile, Figure 5.1, obtained utilizing voltage-pulsing. Localized Ni segregation is, 

however, notably absent from both profiles obtained using either green or UV laser-pulsing. 

The increase in interfacial width is also evident using the envelope method. The dmax 

parameter in the envelope method is the maximum separation distance between two solute atoms 

(Cu) for the atoms to be associated with the same cluster. The selection of the maximum solute 

separation distance parameter, dmax, is obtained using a method proposed by [36], which involves 

plotting the number of clusters containing three atoms or greater as a function of dmax and 

choosing the dmax value that produces the minimum number of clusters. This methodology 
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consistently indicates a dmax parameter of 0.5 nm for the voltage-pulsed data. For the green-laser-

pulsed datasets collected using 2 nJ pulse-1 the dmax parameter is 0.8 nm. This implies that a 

significantly larger dmax is needed to capture the clusters because the  α-Fe/Cu interfaces are 

more diffuse. 

Table 5.3 displays the average number of Cu atoms in Cu precipitates for two samples 

aged for 20 h at 450 °C, one performed using voltage-pulsing and the other employing green-

laser-pulsing at 0.6 nJ pulse-1. The results in Table 5.3 demonstrate that the average number of 

Cu atoms in Cu precipitates is the same, within experimental error, for both voltage-pulsing and 

green-laser-pulsing. Figure 5.2 shows, however, the effect of the apex temperature of a specimen 

on the measured Cu precipitate volume fraction, φCu, which is defined as the total number of 

atoms in the precipitates divided by the total number of atoms in the dataset. Each point on the 

plot is from a different dataset. The abscissa of the plot is the ratio of 60Ni+ ions to 60Ni2+ ions 

rather than specimen apex temperature, which cannot be directly measured. The reasons for this 

are: (i) the apex temperature is not dependent solely on the base temperature and/or the laser 

pulse energy; it is also dependent on a specimen’s geometry; and (ii) specimens with a small 

shank angle will be heated to a more elevated temperature than specimens with large shank 

angles [18]. The charge-state ratios (CSRs) of evaporating species are known to be dependent on 

tip temperature [20, 22, 44-45] and are therefore used as a qualitative thermometer for a 

specimen’s apex temperature. Marquis et al. [45] state that it is difficult to use the CSR values to 

determine quantitatively the absolute temperature, but this is unnecessary to observe general 

temperature dependence trends. Plotting the data as a function of CSR permits one to focus on 

the temperature dependence of different phenomena. And this allows us to ignore that different 

specimens were evaporated with different pulse repetition-rates and base temperatures. The data 

point due to voltage-pulsing is plotted with a CSR of 0.001; the actual ratio is 0, since no singly-

charged Ni ions are detected for voltage pulsing, but 0.001 was used so that the abscissa can be 

plotted on a log10 scale. The UV laser data point plotted for a 60Ni+/60Ni2+ ratio of 0.002 similarly 

did not exhibit Ni+ ions in the mass spectrum. The absence of Ni+ ions in both UV-laser-pulsed 

and voltage-pulsed mass spectra does not mean that the UV laser dataset has the same apex 

temperature as voltage-pulsed data. If the apex temperatures were the same for both datasets, 

then all species should have the same CSR, which is not the case. The UV laser dataset plotted 
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with a Ni CSR of 0.002 has a 65Cu+/65Cu2+ ratio of 1.7, whereas the voltage dataset plotted for 

0.001 has a 65Cu CSR of 0.8.  

 

Table 5.3.  Average number of Cu atoms in Cu precipitates in samples aged for 20 h at 450 °C for voltage 
and green laser-pulsing 
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Figure 5.2.  Cu precipitate volume fractions as a function of Ni charge-state ratio (CSR), 60Ni+/60Ni2+. 

 

 

Figure 5.2 demonstrates that increasing the temperature with either green or UV laser-

pulsing causes an increase in the value of φCu. The measured value of φCu increases further when 

2 nJ pulse -1 is utilized, Figure 5.2. The value of φCu is artificially increased when using the UV 

Pulsing Condition Average number of Cu atoms in 
Cu precipitates 

Volume Fraction of Cu 
precipitates 

Voltage-pulsing  
(20% pulse fraction) 

3091 ± 745 
(46 precipitates) 

0.029 ± 0.008 

Green laser-pulsing 
 (0.6 nJ per pulse) 

3923 ± 585 
( 173 precipitates) 

0.056 ± 0.008 
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or the green laser: UV laser-pulsed LEAP tomography at a base temperature of 40 K, 500 kHz 

pulse repetition rate, and 0.05 nJ pulse-1 produces a value of φCu of 5.1 ± 0.8%. 

At sufficiently small laser pulse energies, DC evaporation commences and causes the 

noise level in the mass spectra to rise considerably. A UV pulse of 0.05 nJ pulse-1 is close to this 

lower limit, which implies that using significantly smaller pulse energies to decrease further the 

specimen apex temperature is unfeasible. 

 

5.3.2 5.3.2. M2C carbide precipitation 
M2C metal carbide precipitates (M is predominantly a mixture of Cr and Mo atoms) also 

exhibit differences depending on the pulsing mode utilized. M2C metal carbide carbides have a 

higher evaporation field than the α-Fe matrix, which implies they are subject to a local 

magnification effect for either voltage or laser-pulsing, which makes them appear larger than 

their actual size. The local magnification effect causes M2C metal carbide precipitates to have a 

smaller apparent atomic density and leads to trajectory overlap of α-Fe matrix and M2C 

precipitate atoms. To examine the extent of local magnification the reconstructed density, ρR, is a 

useful quantity. The quantity ρR is defined by: 

 

V

N
R =ρ ;                      (5.1) 

 

where N is the number of atoms contained within a given isoconcentration surface corrected for 

detection efficiency, assuming a detection efficiency of 50%, and V is the volume enclosed by 

that same isoconcentration surface. In the case of M2C metal carbide precipitates a 1 at. % C 

isoconcentration surface is used. Table 5.4 presents the values of ρR for the three different 

pulsing modes. The theoretical value of ρR for the M2C metal carbide precipitates is 92 atoms 

nm-3, when a hexagonal-closed packed arrangement of M atoms is used (carbon in half of the 

tetrahedral interstitial positions) employing the lattice parameters for an AF1410 steel [46], 

which has a similar Cr to Mo concentration ratio as BA-160. The value for voltage pulsing is an 

average of ρR values for nine metal carbide precipitates from different datasets and aging times, 

collected at a specimen temperature of 60±0.22 K using a 20% pulse fraction, a pulse repetition 

rate of 200 kHz, and a target evaporation rate (ions pulse-1) of 0.5-1%. The value for the green 
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laser is an average of ρR values for 15 metal carbide precipitates from different datasets and 

aging times, collected using either 0.75 nJ pulse-1 and a 250 kHz pulse repetition rate or 0.6 nJ 

pulse-1 and a 500 kHz pulse repetition rate. The base specimen temperature was either 60 or 80 

K. The green laser ρR value given in Table 5.4 is therefore not from a single dataset for a single 

specimen temperature, but is instead is representative of “reasonable” operating parameters for 

the green laser. The ρR value obtained using voltage pulsing is relatively independent of aging 

time, Figure 5.3, therefore using samples with different aging conditions does not affect the ρR 

value as much as varying the apex temperature employing laser pulsing.  The ρR value for the 

UV laser is an average of the ρR values for 11 metal carbide precipitates from three different 

datasets; all were collected using 0.05 nJ pulse-1, a 500 kHz pulse repetition rate, a target 

evaporation rate (ions pulse-1) of 0.5-1%, and a 40 K base specimen temperature. The value of ρR 

for M2C metal carbide precipitates analyzed using green laser-pulsing is significantly smaller 

than the ρR value of M2C metal carbide precipitates analyzed using voltage-pulsing, Table 5.4, 

while the value for UV laser pulsing lies between the two.  

 

Table 5.4.  M2C carbide reconstructed densities for different pulsing methods 

Pulsing Method ρR (atoms nm-3) 
Theoretical  93 
Voltage 68 ± 6 
Green laser 26 ± 6 
UV laser 48 ± 12 
 

 

Figure 5.4 is a plot of ρR versus the CSR of Ni, which demonstrates that the value of ρR 

decreases with increasing apex temperature. Even though the UV laser produces a lower apex 

temperature than does the green laser, it still does not reproduce the M2C metal carbide 

precipitates’s reconstructed density using voltage-pulsing.  
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Figure 5.3.  Reconstructed density of M2C metal carbide precipitates as a function of aging time at 450 °C. Voltage 
pulsing employing a pulse fraction (pulse voltage/steady-state DC voltage) of 20% and a specimen temperature or 
60 K was used for all measurements. 

 

 



 

Page | 97  
 

1E-3 0.01 0.1 1 10
0

10

20

30

40

50

60

70

80

Green average
(0.6-0.75 nJ)

 Green laser, 0.6-2 nJ pulse-1

 UV laser, 0.04-0.05 nJ pulse-1

 Voltage, 20% pulse fraction

 

 
ρ R

 (
at

om
s 

nm
-3
)

60Ni+/ 60Ni2+ ratio

Voltage average

UV average
(0.04-0.05 nJ)

 

Figure 5.4.  M2C metal carbide precipitate reconstructed density as a function of Ni charge state ratio, 60Ni+/60Ni2+. 
Samples were aged at 550 °C for 30 min and 450 °C for different times. 

 

 

 

Figure 5.5 displays a proximity histogram analysis of similarly-sized M2C metal carbide 

precipitates; one was analyzed using voltage-pulsing with a 20% pulse fraction and the other 

employing a green-laser at 0.6 nJ pulse-1. The proximity histogram uses a 1 at.% carbon 

isoconcentration surface to define an interface. For the case of UV laser-pulsing, no proximity 

histogram is provided because a M2C metal carbide precipitate of a similar size did not exist in 

the UV laser datasets. It is evident from Figure 5.5 that the carbon concentration profile extends 

further into the α-Fe matrix for green laser-pulsing than for voltage-pulsing: for voltage pulsing 

the M2C metal carbide precipitate’s carbon concentration achieves the carbon concentration level 

of the α-Fe matrix at a distance of 0.65 nm from the interface, whereas for green laser-pulsing 

the C concentration achieves the α-Fe matrix level at 1.35 nm from the 1 at.% isoconcentration 

surface. The Cr concentration profiles in Figure 5.7 exhibit a similar trend: the Cr profile of the 

metal carbide precipitate analyzed employing green laser pulsing extends further into the α-Fe 
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matrix than does that of the carbide precipitate analyzed using voltage-pulsing. The Cr 

concentration profiles achieve α-Fe matrix concentration levels at a similar distance from the 

isoconcentration surface as do the C profiles: the green-laser-pulsed Cr concentration profile 

achieves matrix Cr levels at 1.55 nm from the 1 at. % C isoconcentration surface, and the Cr 

profile, obtained using voltage pulsing, attain matrix Cr levels at 0.65 nm. 
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Figure 5.5.  M2C metal carbide precipitates’s C and Cr concentration profiles as a function of pulsing 
method. The metal carbide precipitates are both approximately 3 nm in radius, and both 
samples were aged at 550 °C for 30 min and 450 °C for 320 h. 

 

 

 

Another measure of the extent of a metal carbide concentration profile relative to the 

isoconcentration surface is the fraction of the total C atoms that are contained within that 

isoconcentration surface. Because we measured the far-field matrix C concentration in BA-160 
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to be ~0.005%, it is a safe assumption that the majority of C atoms in close proximity to the 

carbide originated from the precipitate. Summing the number of C atoms from the center of a 

precipitate to the distance where the C concentration reaches the α-Fe matrix concentration level 

yields the total number of C atoms associated with a metal carbide precipitate; whereas summing 

C atoms from the center of a precipitate to the 1 at.% C isoconcentration surface yields the 

number of C atoms contained within the isoconcentration surface. Dividing the total number of C 

atoms associated with the metal carbide precipitate by the number of C atoms within the 1 at.% 

C concentration surface yields the fraction of C contained within the isoconcentration surface, 

denoted fC. The values of fC measured by voltage-pulsing, and green laser-pulsing at 0.6 nJ pulse-

1, UV laser-pulsing at 0.05 nJ pulse-1, are 0.7 ± 0.1, 0.5 ± 0.1, and 0.3 ± 0.1, respectively, Table 

5.5.   

 

Table 5.5.  Total carbon content of M2C carbides for voltage and green laser pulsing 

Pulsing Method Carbon atom density  
(atoms nm-3) 

Average carbon atom 
density for 6 carbide 
precipitates 
(atoms nm-3) 

Average fraction of 
total C contained 
within 1 at.% C 
isoconcentration 
surface (9 carbide 
precipitates) 

Voltage 1.7 2.8 ± 0.5 0.7 ± 0.1 
Green laser, 0.6 nJ  
pulse-1 

1.8 2.6 ± 0.9 0.5 ± 0.1 

UV laser, 0.05 nJ pulse-1 -- 3.8±1.3 0.3±0.1 

 

 

Each value is an average for 9 M2C metal carbide precipitates.  It is clear that for voltage-

pulsing, M2C metal carbide precipitates contain 33% or 50% more C within the 1 at.% C 

isoconcentration surface than for green or UV laser-pulsing, respectively.  This is another 

indication that M2C metal carbide precipitates analyzed utilizing laser-pulsing extend further into 

the α-Fe matrix than do those analyzed using voltage-pulsing. 

 When the total number of C atoms associated with the M2C metal carbide precipitates 

obtained using voltage-pulsing, Figure 5.5, is normalized by the volume enclosed by a 1 at. % C 

isoconcentration surface, a value of 1.67 atoms nm-3 is calculated. Performing the same 

calculation for the case of green laser-pulsing at 0.6 nJ pulse-1 yields 1.79 atoms nm-3.  For six 

metal carbide precipitates analyzed utilizing voltage, green laser, and UV laser-pulsing, the 
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average values of the C atomic density are 2.8 ± 0.5, 2.6 ± 0.9, and 3.8 ± 1.3 respectively, Table 

5.5. The stated error is two standard errors about the mean. The C atomic densities for voltage-,  

green-, and UV- laser-pulsing are the same within error.   

 

5.4 Discussion 

5.4.1  Cu precipitation 

An estimate of the correct maximum value of φCu can be calculated using the lever rule. 

The matrix’s Cu concentration, determined by LEAP tomography, after aging for 5000 h at 450 

°C, is 0.05 at. %. Perez et al. [47] measured the solubility of Cu in Fe at temperatures ranging 

from 500-700 °C using thermoelectric power. Their research produced the following empirical 

relationship between Cu solubility (wt.%) and temperature (T):  

 

10 2

6111850 16478.2
log [ ( .%)] 10.3242Cu wt

T T
= − + ;         (5.2) 

 

where T is the temperature in degrees K. The longest aging time used in their study was 1111 h 

at 500 °C, which is equivalent to more than 5000 h at 450 °C. Substituting 450 °C (723 K) into 

Equation (5.1) produces a Cu solubility in Fe of 0.17 wt. % (0.14 at. %), which is ~3 times the 

solubility measured by LEAP tomography. The equilibrium Cu concentration of f.c.c. Cu in BA-

160 is calculated to be 98% using ThermoCalc software [48], version S, employing the TCFE6 

database. The total Cu concentration of the alloy, Table 5.1, is 2.85 at %.  Using the lever rule 

with the matrix Cu solubility measured by LEAP tomography yields a φCu value of 2.86%, by 

assuming that b.c.c. Cu has the same molar volume as Fe. For b.c.c Cu precipitates, this 

approximation is reasonable since the lattice parameter mismatch is about 0.85% [49]. Voltage-

pulsed APT measures consistently a φCu value of ~3%, which is reasonably close to the lever rule 

value. 

The larger value of φCu and smaller Cu concentration measured by both green and UV 

laser-pulsing, despite the same number of Cu atoms in precipitates as measured using voltage-

pulsing, must be due to the artificial inclusion of  α-Fe matrix atoms in the Cu precipitates.  This 

inclusion of  α-Fe matrix atoms is due to the artificially broadened interfacial widths of the Cu 

precipitates. There are two possible reasons for this increased interfacial width: (a) the 
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temperature change causes the evaporation-field difference between the Cu precipitates and the 

α-Fe matrix to change, resulting in a change in the degree of trajectory overlap; or (b) a process 

other than local demagnification, such as surface diffusion, occurs during the evaporation 

process.   

The increased apex temperature during laser-pulsed evaporation should change the 

evaporation fields of both phases, and may increase or decrease the difference between the 

evaporation fields of the phases. If the difference decreases, the local demagnification of the Cu 

precipitates would also decrease. Since local demagnification artificially decreases the 

reconstructed precipitate diameter, which determines the extent of the proximity histogram into a 

precipitate, less local demagnification would result in an apparent increase in reconstructed 

precipitate diameter. Less local demagnification would, however, also decrease the amount of 

trajectory overlap from the matrix, which would decrease the apparent diffuseness of an 

interface. Less local demagnification would therefore likely decrease the interfacial width, and 

more local demagnification would increase it, provided the increase in precipitate diameter does 

not affect the interfacial width as much as does trajectory overlap.  

ρR values are useful to examine the extent of local demagnification. For Cu precipitates 

an 8 at.% Cu isoconcentration surface is utilized because the number of Cu atoms contained 

within this isoconcentration surface for each precipitate is similar to the number of Cu atoms 

assigned to each Cu precipitate by the envelope method. Table 5.2 lists ρR values for the datasets 

used to generate Figure 5.1. Each value in Table 5.2 is an average of the ρR values of 10 

precipitates from a given dataset. The theoretical ρR of b.c.c. Cu is 82 atoms nm-3, when the 

lattice parameter mismatch with the α-Fe matrix of 0.85% is accounted for. The ρR values 

indicate that the temperature dependence of ρR is not strong: the ρR values of Cu precipitates 

obtained using  green laser-pulsing at 0.6 nJ pulse-1 and 2 nJ pulse-1 are 24% and 7% greater than 

those produced employing voltage-pulsed LEAP tomography. The reason for the weak 

temperature dependence of the local demagnification effect must be that the evaporation fields of 

the α-Fe matrix and the Cu precipitates have similar weak temperature dependencies, so that 

they do not change appreciably with increasing temperature. Furthermore, the fact that the Cu 

precipitate interfacial width obtained using 2 nJ pulse-1 is 44% greater than that produced using 

0.6 nJ pulse-1, while the Cu precipitate ρR value for 2 nJ pulse-1 is 13% smaller than the Cu 
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precipitate ρR value obtained using 0.6 nJ pulse indicates that the degree of local demagnification 

cannot explain the increased interfacial width. 

Surface diffusion is therefore the most likely cause of the increased interfacial widths of 

Cu precipitates observed using laser-pulsed APT. That localized Ni segregation at the α-Fe 

matrix/Cu heterophase interface, as studied using voltage-pulsing, vanishes using green or UV 

laser-pulsing supports surface diffusion being the culprit. 

The artifacts arising during laser-pulsed LEAP tomography are corrected for by 

comparison to Cu precipitates analyzed utilizing voltage-pulsing. Figure 5.6 is a graph of the 

total number of atoms (including Fe atoms, Ni atoms, etc.), denoted as M, in each Cu precipitate 

versus the number of Cu atoms, B, in each Cu precipitate, as measured by voltage-pulsing. Let X 

be the Cu concentration of a Cu precipitate: 

t

Cu
Cu M

B
X = .                   (5.3) 

The slope of the curve in Figure 5.6 is by definition dM/dB. Suppose that a Cu precipitate has dB 

more Cu atoms than a slightly smaller Cu precipitate. Then the total number of atoms in the 

larger precipitate, M2, should be dM larger than that of the smaller precipitate, M1, depending on 

the Cu concentration of the larger precipitate. The value of M2 is given by: 

 
X

dBB

X

B
dMMM CuCuCu

ttt

+
==+= 12

12 .              (5.4) 

If X is approximated by a constant then Equation (5.4) becomes: 

 
Cu

Cu
tCutt X

dB
MdMMM +=+= 112 ;               (5.5) 

and therefore: 

 
CuCu

t

XdB

dM 1= .                    (5.6) 
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Figure 5.6.  Total number of atoms in Cu precipitates as a function of the number of Cu atoms in Cu precipitates 
collected using voltage pulsing mode from a sample aged for 20 h at 450 °C. The equations for the straight-line 
segments are given on the graph and explained in the text 

 

 

In reality, X depends on the radius of a Cu precipitate [28], but for very similarly-sized Cu 

precipitates X is approximately the same. The slope of the plot is therefore approximately equal 

to X-1. There are regions in Figure 5.6 with different slopes, which is indicative of the radius 

dependence of the concentration. Figure 5.6 was therefore divided empirically into two regions 

that have approximately constant slopes: (i) Cu precipitates containing up to 2500 Cu atoms; and 

(ii) Cu precipitates containing more than 2500 Cu atoms. The equation displayed on Figure 5.6 

for Cu precipitates containing more than 2500 Cu atoms has a non-zero intercept, 3000, which is 

due to the empirical fitting of the data by a linear regression analysis. The value of the intercept 

is, however, small compared to the total number of atoms in each precipitate in this size regime. 

Figure 5.7 shows a similar graph for Cu precipitates analyzed using green-laser pulsing. 

The values of the slopes are 3.12±0.09 for Cu precipitates containing up to 2500 Cu atoms and 

1.75±0.05 for Cu precipitates containing more than 2500 Cu atoms. The green laser-pulsed slope 

values are significantly greater than those for voltage-pulsing, Figure 5.6, which are 1.64±0.07 

for Cu precipitates containing up to 2500 Cu atoms and 1.34±0.04 for Cu precipitates containing 

greater than 2500 Cu atoms. The larger slope values measured by green laser-pulsing indicate a 
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smaller Cu concentration in the precipitates. To correct this problem, the total number of atoms 

in each Cu precipitate analyzed using laser-pulsing can be determined by applying the equations 

from the graph for voltage-pulsing, using the number of Cu atoms in each precipitate from the 

laser-pulsed data. For example, a precipitate analyzed using green laser-pulsing that contains 

2,400 Cu atoms would have a total number of Cu atoms calculated from the following equation, 

obtained from Figure 5.6: 

 

M t = 1.64BCu;                   (5.7); 

 

which yields 3,936 total atoms. If a Cu precipitate was determined to contain 3500 Cu atoms, the 

other equation displayed in Figure 5.6 would be used because larger Cu precipitates have larger 

Cu concentrations. This method adjusts effectively the Cu concentrations measured using laser- 

pulsing to the average Cu concentration in each size regime measured using voltage-pulsing. 

This correction ignores the Cu concentrations of individual precipitates measured utilizing laser- 

pulsing in favor of the average Cu concentration of a precipitate analyzed using voltage pulsing. 

This is not, however, a problem because the Cu concentrations measured using laser-pulsing are 

uncorrected, Figure 5.1. This correction procedure yields reasonable values for the total number 

of atoms in each precipitate based on the number of Cu atoms in each precipitate. The total 

number of atoms in each precipitate is employed to calculate the radii of the precipitates and 

their volume fraction, <R>Cu and φCu, so this correction permits the construction of precipitate 

size distributions (PSDs) and the determination of correct φCu values. For example, the value of 

φCu measured by green laser-pulsing in a sample aged at 550 °C for 30 min followed by 450 °C 

for 20 h can be corrected based on a comparison with voltage-pulsing data from another sample 

aged for the same time. Before correction, green laser-pulsing measures a value of φCu of 

5.6±0.8%. After correction, φCu is reduced to 3.3±0.8%, which is closer to the lever rule estimate 

of 2.86%. The error shown is two standard errors about the mean.   
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Figure 5.7.  Total number of atoms per Cu precipitate as a function of the number of Cu atoms per Cu precipitate 
collected using 0.6 nJ pulse-1 for a green (535 nm wavelength) laser from a sample aged for 20 h at 450 °C. The 
equations for the straight-line segments are given on the graph and explained in the text 

 

 

5.4.2 . M2C carbides 
 

The similar values of carbon atomic density, Table 5.5, indicate that M2C metal carbide 

precipitates analyzed by green or UV laser- or voltage-pulsing actually contain similar numbers 

of C atoms, but that carbides analyzed by laser-pulsing contain fewer atoms within the 1 at.% C 

isoconcentration surface due to a more severe local magnification effect.  

Yao et al. [50] observed an enhancement of C atoms around {001}, {011}, and {111} 

poles in the α-Fe matrix of a low-carbon CASTRIP steel during voltage-pulsing, which they 

attributed to surface diffusion; they did not, however, perform laser-pulsed APT. They 

speculated, however, that if C atoms are migrating during voltage-pulsing at 20-100 K, they 

would also migrate as a result of the higher apex temperatures characteristic of laser pulsing. For 

M2C metal carbide precipitates in BA-160 steel, this does not appear to be occurring because the 

Cr concentration profile extends as far into the α-Fe matrix as does the C concentration profile.  
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For example, the C concentration profile, obtained using green laser-pulsing, achieves α-Fe 

matrix C values at 1.35 nm from the isoconcentration surface, and the Cr concentration profile 

achieves α-Fe matrix concentration values at 1.65 nm from the isoconcentration surface.  This is 

because the C is bound in the M2C phase rather than existing in an interstitial solid solution.  The 

similar extent of the Cr concentration profile to that of the C concentration profile indicates that a 

local magnification effect is most likely responsible for the extension of the C concentration 

profile into the α-Fe matrix rather than surface diffusion of C atoms.  

The more severe local magnification of M2C metal carbide precipitates analyzed by green 

or UV laser pulsing than by voltage pulsing is due to the larger specimen apex temperature 

achieved during green or UV laser-pulsing. The temperature rise associated with green or UV 

laser pulsing evidently increases the difference between the evaporation fields of M2C carbides 

and the α-Fe matrix. 

Correction of the increased local magnification of M2C metal carbide precipitates for 

laser- pulsing is not as straightforward as it is for Cu precipitates. This is because the local 

magnification effect present for voltage pulsing, while less severe than for laser pulsing, makes 

an analysis difficult. Because the trajectory overlap caused by a local magnification effect of 

M2C metal carbide precipitates occurs in parallel with their small size, <2 nm radius. Several 

methods have been proposed to solve this problem [51-54], most of them use a matrix 

subtraction method based on the elements that should not be present in the M2C metal carbide 

precipitates. Unfortunately, these methods do not work for BA-160 steel. Specifically, assuming 

that the Ni concentration in the M2C metal carbide precipitate is zero and then subtracting Fe 

according to the Fe/Ni concentration ratio in the matrix produces a negative Fe concentration, 

which is physically unacceptable. 

An additional problem is that many datasets acquired using voltage pulsing contain <10 

M2C metal carbide precipitates due to specimen failure and a smaller number density of M2C 

metal carbide precipitates (~1022 m-3) as compared to Cu precipitates (~1023 m-3). This makes it 

difficult to obtain statistics with a small statistical uncertainty. The largest number of M2C metal 

carbide precipitates obtained using voltage pulsing is 29, which is from a sample aged for 320 h 

at 450 °C. Utilizing the atoms contained within a 1 at. % C isoconcentration surface to calculate 

the M2C volume percent, φM2C, yields a value of 0.9 ± 0.3% C; BA-160 has an overall C 

concentration of 0.28 at.%. As stated, the matrix carbon concentration has been measured to be 
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~0.005 at. %. If the remainder of the C partitions to the M2C metal carbide precipitates, the value 

of φM2C would be ~0.825 %, assuming the C concentration in the metal carbide precipitates is 33 

at. %. At sufficiently long aging times, it is anticipated that most of the C will reside in the M2C 

phase because it is thermodynamically more stable than Fe3C [55-56]. The measured value of 

φM2C may be artificially enhanced by inclusion of matrix atoms inside the 1 at.% C 

isoconcentration surface caused by the trajectory overlap effect. 

A sample aged for 320 h at 450 °C analyzed using green laser-pulsing has a φM2C value of 

0.2 ± 0.05% for 59 precipitates. Green laser-pulsing consistently yields a φM2C value of 0.2% or 

less for all aging times analyzed. It is not surprising that the value of φM2C measured employing 

green or UV laser-pulsing is smaller than that measured utilizing voltage pulsing because of the 

smaller density of atoms inside the 1 at. % C isoconcentration surface; this is due to a more 

severe local magnification effect caused by green or UV laser-pulsing. One method is to correct 

the ρR values of M2C precipitates determined using green or UV laser-pulsing to match the ρR 

values determined using voltage pulsing. This is accomplished by calculating the ratio of the ρR 

value measured using voltage pulsing, Table 5.4, to the average ρR value of M2C metal carbide 

precipitates for a data set obtained using green or UV laser-pulsing.  The number of atoms in 

each M2C carbide precipitate in the dataset obtained using laser-pulsing is then multiplied by this 

ratio. This decreases the severity of the artifacts produced by the local magnification effect to 

that produced by voltage pulsing, where local magnification is still significant. Performing this 

correction on the dataset obtained using green or UV laser-pulsing for the sample aged for 320 h, 

changes the value of φM2C from 0.2±0.05% to 0.7±0.2%, which is closer to the volume 

percentage anticipated if the majority of the C resides in the M2C metal carbide precipitates. 

Table 5.6 displays volume percentages obtained using this correction procedure for several 

different datasets. The samples aged for 80 and 320 h at 450 °C have φM2C values close to 0.84%. 

Reconstructions obtained for data sets acquired using voltage pulsing still contain trajectory 

overlap artifacts, so φM2C values obtained this way could still be incorrect. 
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Table 5.6.  M2C carbide precipitate volume fraction and average radius derived by comparison to voltage 
data and carbon mass balance 

Specimen Aging 
Time at 450 °C (h) 

5 5 80 80 320 320 

Pulsing Condition Green laser, 
0.6 nJ pulse-1 

UV laser, 
0.05 nJ 
pulse-1 

Green laser, 
0.75 nJ 
pulse-1 

Green 
laser, 0.6 
nJ pulse-1 

Green laser, 
0.6 nJ  
pulse-1 

Voltage 

Volume percent 
from corrected 1 at. 
% C 
isoconcentration 
surface 

0.03 ± 0.01 0.03 ± 0.02 1 ± 0.2 0.7 ± 0.3 0.7 ± 0.2 0.9 ± 0.3 

Average radius from 
corrected 1 at. % C 
isoconcentration 
surface (nm) 

1.1 ± 0.2 1 ± 0.3 1.8 ± 0.2 2.6 ± 0.4 2.2 ± 0.3 1.8 ± 0.4 

Volume percentage 
from C mass 
balance 

0.4± 0.03 1.2 ±0.05 0.85± 0.04 0.9± 0.02 0.6± 0.01 1± 0.02 

Average radius from 
mass balance (nm) 

2.5 ± 0.01 3.4 ± 0.03 1.7 ± 0.01 2.9 ± 0.02 2.3± 0.01 1.7 ±0.02 

 

One method to calculate φM2C that does not depend on isoconcentration surfaces is carbon 

mass balance. This method requires a value of the far-field α-Fe matrix’s carbon concentration, 

the total C concentration in the reconstruction, and the precipitate-core C concentration. Since 

the correct precipitate core C concentration is difficult to determine absolutely, a core C 

concentration of 33 at. % is assumed. The far-field α-Fe matrix concentration is ≅0.004-0.006 at. 

% C for the datasets in Table 5.6. It is possible that the M2C metal carbide precipitates may have 

a sub-stoichiometric C concentration, especially during the initial stages of precipitation, as 

previously observed [51, 54], which would change the calculation. Table 5.6 presents the results 

of a C mass balance calculation, as well as the value of φM2C measured using laser-pulsing, where 

a 1 at. % C isoconcentration surface is employed to define the precipitates. The values of φM2C 

measured by voltage- and laser-pulsing of specimens aged for different times are listed. For the 

voltage- and laser-pulsing of samples aged for 80 and 320 h, the C concentration value calculated 

using C mass balance is close to that calculated using a corrected 1 at. % C isoconcentration 

surface. That is, when the ρR values of the M2C metal carbide precipitates in the reconstruction 

obtained using green or UV laser-pulsing are corrected to match those for voltage-pulsing, the 

calculated φM2C value is <17% different than the value calculated by C mass balance. 
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An average precipitate radius, <R>, can be calculated utilizing both methodologies. 

Employing mass balance, <R> is calculated utilizing the fact that φ,  the number density of 

precipitates, Nv, and <R> are related by [57]: 

 

vNRw 3
33

4 ><= πφ  ;                (8) 

 

where w3 is the third-moment of a normalized (divided by the average radius) PSD.  Since we 

measured the PSDs for M2C and Cu precipitates [28], w3 are calculated from log-normal fits to 

PSDs. For samples aged for 80 and 320 h at 450 °C, excellent agreement is observed between 

values of <R> calculated using a 1 at. % C isoconcentration surface and those calculated by mass 

balance. There is still significant trajectory overlap for voltage pulsing, which should result in 

additional matrix atoms to those inside the 1 at.% C isoconcentration surface, and this should 

enlarge artificially the measured value of φM2C. It is therefore unclear why the value of φM2C 

calculated by mass balance is so close to that found using M2C ρR values measured by voltage-

pulsing. 

For earlier aging times, such as the two datasets for samples aged for 5 h, the φM2C values 

calculated by the two methodologies differ significantly. For the UV laser dataset listed in Table 

5.6, the reason for this is the presence of two parallel regions that are enriched in C and have a 

planar spatial distribution of Cu precipitates. These regions may correspond to martensitic lath 

boundaries. The level of C enrichment at these interfaces is <1 at.%, indicating that the C on the 

boundary is most likely trapped on dislocations in a boundary, rather than in M2C carbides on a 

boundary. The C in the lath boundary increases the total C in the dataset, which results in an 

artificially larger φM2C value of 1.2 %.  This may also be the reason for the disagreement between 

the two methodologies for the other 5 h dataset in Table 5.6. These lath boundaries are found 

within several of the datasets for earlier aging times, <20 h of aging at 450 °C. 

There is also a small section of a boundary in the dataset acquired using voltage pulsing 

for the sample aged for 320 h at 450 °C, Table 5.6. The agreement between the φM2C value 

calculated employing an isoconcentration surface and the value calculated by mass balance may 

indicate that most of the C resides in M2C metal carbide precipitates on lath boundaries rather 
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than trapped on dislocations after 320 h of aging at 450 °C, unlike what we observe for samples 

aged for 5 h. 

UV laser-pulsing at a base temperature of 40 K, a 500 kHz pulse repetition rate, and a 

pulse energy of 0.05 nJ pulse-1 produces a lower specimen apex temperature and therefore a 

larger ρR value for M2C carbides than does the green laser-pulsing. UV laser-pulsing at 0.05 nJ 

pulse-1 and a 40 K base temperature does not, however, reproduce the results obtained using 

voltage-pulsing for either Cu or M2C metal carbide precipitates. Employing these parameters to 

reduce the apex temperature also results in a reduced specimen lifetime (although not as severely 

as does voltage-pulsing) and a decreased signal-to-noise ratio. It may therefore be better to run at 

slightly higher pulse energies to increase specimen life and improve the signal-to-noise ratio. It is 

difficult to state a universal and optimal pulse energy since specimen geometry varies, for 

example, shank angle, and different atom- probe tomographs use different pulse energies. The 

CSRs of various species can indicate, however, whether the pulse energy should be increased or 

decreased. For example, UV laser-pulsing at 0.04-0.05 nJ pulse-1 and a base temperature of 35-

40 K produces few or no Ni+ ions. To decrease specimen failure rate, it may be useful to increase 

the pulse energy until significant Ni+ but little or no Fe+ is detected. The resulting ρR values of 

M2C metal carbide precipitates will be similar to the value listed for the green laser, but they can 

be corrected by comparison with voltage-pulsed data. If Cr+ is present in a steel’s mass spectrum 

then the pulse energy is excessive. Excessive laser-pulse energies should be avoided because 

they can cause additional artifacts, such as the destruction of the pole structure by surface 

diffusion [20, 58]. 
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5.5 Conclusions 
The following conclusions are reached as a result of analyzing Blast Alloy (BA) 160 using a 

local-electrode atom-probe (LEAP) tomograph in the voltage and laser (535 and 352 nm 

wavelengths) pulsing modes. 

• Laser-pulsed LEAP tomography is a useful technique for analyzing a multiphase steel 

because it produces larger datasets than voltage-pulsed LEAP tomography due to a 

smaller specimen failure rate, but it also exacerbates artifacts related to differences in the 

evaporation fields between Cu precipitates and the α-Fe matrix in BA160.  

• Cu precipitates analyzed utilizing green (532 nm wavelength) or ultraviolet (355 nm 

wavelength) laser pulsing have significantly larger interfacial widths than those measured 

using voltage pulsing. Precipitates containing similar numbers of Cu atoms analyzed 

utilizing voltage pulsing, green-laser pulsing at 0.6 and 2 nJ pulse-1 have interfacial 

widths of 1.6±0.1, 2.0±0.1, and 5.1±0.2 nm, respectively. The UV laser also measures an 

artificially large Cu precipitate volume fraction, indicating that the UV laser also 

increases the interfacial width of Cu precipitates. The larger interfacial widths measured 

using either green or UV laser pulsing are most likely due to surface diffusion of Cu 

atoms prior to their being evaporated as ions. 

• The artifacts created by laser pulsing of BA160 containing Cu precipitates can be 

corrected by comparing the results with data collected using voltage pulsing. This is 

accomplished by employing the average concentration value of Cu precipitates as a 

function of the number of Cu atoms in the precipitates measured using voltage pulsing to 

Cu precipitates analyzed using laser pulsing. 

• Laser-pulsing at wavelengths of 532 and 355 nm produces M2C metal carbide precipitate 

reconstructed densities of 26 ± 6 atoms nm-3 and 48 ± 12 atoms nm-3, respectively. These 

values are significantly smaller than the M2C metal carbide precipitate reconstructed 

density measured by voltage-pulsing, 68 ± 6 atoms nm-3.  

• Laser-pulsing at wavelengths of 532 and 355 nm produces average M2C metal carbide 

precipitate fC values (where fC is the fraction of the M2C metal carbide precipitates’s C 

atoms contained within a 1 at. % C isoconcentration surface) of 0.5± 0.1 and 0.3±0.1, 

respectively. These values are significantly smaller than the average M2C metal carbide 

precipitate fC value measured by voltage-pulsing, 0.7±0.1. The smaller ρR and fC values 
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produced by both the green and the UV laser as compared to voltage-pulsing are due to a 

more severe local magnification effect during laser-pulsing caused by an increase in 

specimen apex temperature during evaporation. 

• Correcting the reconstructed densities of M2C metal carbide precipitates analyzed 

utilizing laser-pulsing to match those of carbides analyzed using voltage pulsing yields 

precipitate volume percentage values similar to those calculated by C mass balance.  

Specifically, correcting the M2C precipitate reconstructed densities in samples aged for 

320 and 80 h at 450 °C yields volume percentages of 0.7 ± 0.2 and 1 ± 0.2, while 

calculating the M2C metal carbide precipitate volume percentage by C mass balance 

yields volume percentages of 0.6±0.01 and 0.85±0.04, respectively. 

• When possible, both voltage and laser-pulsing should be utilized. Laser-pulsing yields 

larger datasets, but the results should be evaluated and corrected, if necessary, employing 

voltage-pulsing. 
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6 Prediction of the Yield Strength of a Secondary-Hardening Steel 
(collaboration with Dr. J.-S. Wang, Questek) 

 

Abstract 

Based on detailed three-dimensional (3-D) local-electrode atom-probe (LEAP) tomographic 

measurements of the properties of Cu and M2C precipitates, the yield strength of a high-

toughness secondary-hardening steel, BA160, as a function of aging time is predicted using a 

newly developed 3-D yield strength model. Contributions from each strengthening constituent 

are evaluated with the model and superposition laws are applied to add each contribution. 

Prediction of the yield strength entirely based on 3-D microstructural information is thus 

achieved. The accuracy of the prediction depends on the superposition laws and the LEAP 

tomographic measurements, especially the mean radius and volume fraction of M2C precipitates.  

 

*Author for correspondence: d-seidman@northwestern.edu 

Key Words: Precipitation strengthening, Strength modeling, Steel, Atom-probe tomography 
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6.1 Introduction 
A mechanistic analytical prediction of the yield strength of steel has been a long-standing 

goal of materials science.  Models such as the Orowan dislocation looping model [1] and 

Friedel’s shear cutting model [2] have existed for a long time.  The simplified versions of these 

models rely on limiting assumptions, such as a square lattice of precipitates, with a single lattice-

spacing.  Mohles’ dislocation dynamics model [3] remove such simplifications, but are 

numerical and thus more complicated to interpret directly and to utilize.  To increase the 

accuracy and relevance of analytical models, more accurate microstructural information is 

necessary at the nanoscale. 

A significant obstacle to the application of analytical strengthening models is the lack of 

3-D microstructural information and a robust 3-D yield strength model for precipitation 

hardened, multi-phase steels. Transmission electron microscopy (TEM) and small-angle neutron- 

scattering (SANS) are commonly employed to obtain microstructural information (for example, 

[4-6]), but both techniques have significant limitations for characterizing nanoscale precipitation.  

SANS is an indirect technique that is also limited by its resolution. Conventional TEM and 

scanning transmission electron microscopy (STEM) yield two-dimensional information.  Local-

electrode atom-probe (LEAP) tomography overcomes the limitations of the aforementioned 

techniques with its extremely high spatial resolution and the ability to determine chemical 

composition on an atomic scale [7-8].  Because of these attributes LEAP tomography is able to 

characterize chemically very small precipitates, like Cu (b.c.c.) precipitates, which have a radius 

of <5 nm and a minimal coherency strain.  Most significantly for precipitate strengthening 

studies, LEAP tomography measures 3-D precipitate size and spatial distributions rather than 2-

D projections and obtains tomographic and chemical compositional information simultaneously. 

Using results from dislocation dynamics simulations and experimental data from LEAP 

tomography, a 3-D analytical yield strength model is developed and compared to the measured 

yield strengths of BA160.  

6.2 Experimental Procedure  
The composition of BA160 [9-10] is listed in Table 6.1 in both atomic and weight 

percent.  BA160 steel is formed into 20.5 cm (8 in.) ingots by vacuum induction melting and 

vacuum arc remelting. The ingots are then homogenized at 1204 °C for 12 h and hot rolled to 4.3 

cm (~1.7 in.) plates at 1093 °C.  The plates are normalized at 910 °C for 1 h, annealed at 482 °C 

for 10 h, and then finished turned to 4.128 cm (1.625 in.) diam. rods.  The rods are then 
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machined into Charpy V-notch blanks following ASTM E23 standards and compact tensile 

blanks following ASTM E8-04 standards and then solutionized at 900 °C for 1 h and water 

quenched.  The blanks are then submersed in a liquid nitrogen bath for 30 min to eliminate as 

much retained austenite as possible.  Subsequently, the blanks are machined to their final 

dimensions and aged using the following aging protocol: 550 °C for 30 min; water quench; and 

finally aging specimens at 450 oC for 0, 1, 5, 20, 80, or 320 h.   

 

   

Table 6.1.  Composition of BA160 steel 

Element Fe Ni Cu Cr Mo C V 
Concentration 
(wt. %) 

Bal 6.42 3.33 1.89 0.5 0.06 0.02 

Concentration 
(at. %) 

Bal 6.76 2.85 1.98 0.36 0.26 0.022 

 

Charpy experiments are conducted at room temperature according to ASTM E23 

standards.  Three samples are tested for each aging condition and the average of the three values 

is reported.   

The compositions of the Cu and M2C carbide precipitates, and composition of the matrix 

were characterized using a Cameca Instruments (formerly Imago Scientific Instruments, 

Madison, Wisconsin) local-electrode atom-probe (LEAP) 3000X-Si tomograph.  LEAP 

tomographic specimens are prepared by cutting broken Charpy bars into rods having a cross- 

section of 0.3 x 0.3 mm2 (0.012 x 0.012 in2) and electro-polishing them using a two-step process 

at room temperature [11-12].  All the details of the LEAP tomographic operating parameters and 

analysis techniques are described elsewhere [13-14].   

The tempered martensite packet diameter is measured utilizing electron back-scattered 

diffraction (EBSD) employing an FEI Quanta 600F scanning electron microscope, equipped with 

a field-emission gun and an Oxford HKL EBSD system.  EBSD maps were generated from areas 

ranging from 40x40 to 80x80 micrometer2 using a step size of 0.1-0.2 micrometer step-1.  Packet 

boundaries were defined as boundaries with a misorientation of at least 18° from which the area 

of each packet was then determined.  From the packet areas, the diameter of the equivalent circle 

was calculated, and the average equivalent circular diameter is reported.  Samples for EBSD 
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were prepared by mechanical grinding and polishing, using 0.06 µm colloidal silica for the final 

polish.  

6.3 Experimental results  

6.3.1 LEAP tomographic results 
Fig. 6.1 displays a LEAP tomographic reconstruction of a sample aged at 550 °C for 30 

min and then at 450 °C for 320 h.  The co-location of Cu and M2C precipitates is clearly visible 

and has been shown to be due to heterogeneous nucleation of M2C precipitates on Cu 

precipitates [14].  The M in M2C stands for any combination of Mo, Cr, Ti, or V.  Table 6.2 

presents the evolution of the average radius, <RM2C(t)>, number density, )(2 tN CM
v , and  volume 

fraction, φM2C(t), for M2C carbide precipitates during aging at 450 °C, as a function of aging 

time.  The values of <RM2C(t)> remain relatively constant, while the values of CM
vN 2 decrease  

initially and then increase after 5 h of aging.  The values of φM2C(t) increase significantly from 

0.03% for the peak yield-strength condition to 1.0 % after 80 h of aging.  The reasons for these 

trends are discussed in detail in ref. [14].  The cementite, M3C, volume fraction was observed to 

decrease during aging [14], since the dissolution of M3C is the source of carbon for M2C 

precipitation.  The M in M3C stands for any combination of Fe, Mo, Cr, Ti, or V.   

 

Figure 6.1.  Three-dimensional LEAP tomographic reconstruction of BA160 after aging at 550 

°C for 30 min and 450 °C for 320 h.  The blue dots, red surfaces, and black surfaces 

represent Fe atoms, 10 at. % Cu isoconcentration surfaces, and 1 at. % C 

isoconcentration surfaces, respectively. 
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Table 6.3 presents the evolution of <RCu(t)>, )(tNCu
v , and φCu(t) for Cu precipitates 

during aging at 450 °C, as a function of aging time.  During aging, the value of <RCu> increases, 

Cu
vN  decreases, and φCu remains approximately constant at 3%; the error bars are two standard 

errors [15].  The value of )(tNCu
v  reaches a maximum of 6.4 ± 1.7x1023 m-3 after 1 h of aging 

and subsequently decreases to 9 ± 2x1022 m-3 after 320 h of aging at 450 °C.   

 

Table 6.2.  M2C precipitation parameters after aging at 450 °C 
Aging Time (h) t0 1 5 20 80 320 

φ (%) 0.07 ± 
0.01 

0.03 ± 
0.01 

0.03 ± 0.01 0.4 ±0.09 1.0 ± 0.2 0.9 ± 0.3 

Nv (x1023 m-3) 0.7 ± 0.2 0.4 ± 0.2 0.3 ± 0.1 1.0 ± 0.2 2.1 ± 0.3 1.7 ± 0.6 

<R>  (nm) 1.2 ± 0.1 1.1 ± 0.2 1.1 ± 0.2 1.7 ± 0.2 1.8 ± 0.2 1.8 ± 0.4 

Third moment of 
normalized PSD 

1.5 ± 0.3 1.6 ± 0.1 1.7 ±  
0.1   

1.5 ±  
0.2 

1.3 ±  
0.3 

2.7 ±  
2 

 

Table 6.3.  Cu precipitation parameters after aging at 450 °C 

Aging Time (h) t0 1 5 20 80 320 

φ (%) 3.2±0.8 3.0±0.9 3.9± 0.5 3.3±1 3.4±0.6 2.6±0.7 

Nv (x1023 m-3) 5.9±1.5 6.4±1.7 4.2±0.5 2.8±0.8 2.0±0.4 0.9±0.2 

<R>  (nm) 2.1±0.2 2.0±0.2 2.5±0.1 2.8±0.3 2.9±0.2 3.5±0.4 

Third moment of 
normalized PSD 

 1.4 ±0.2 1.6 ±0.1 1.4 ±0.2 1.7 ±0.1 1.3 ±0.2 

 

Fig. 6.2 displays the M2C precipitate size distribution (PSDs) as a function of aging time 

at 450 °C, which are described by a log-normal distribution [16], with the exceptions of the 

sample aged at 550 °C for 30 min and 450 °C for 20 h.  The fits to the M2C PSDs were generated 
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by fitting to log-normal distributions using a multiple-regression analysis [16], which minimized 

the sum of squared errors using three fitting parameters.  The mean values of the log-normal fits 

to the M2C PSDs of samples aged for 0, 1, 5, 20, 80, or 320 h at 450 °C are 0.9±0.03, 0.9±0.02, 

0.9±0.01, 1±0.02, 0.8±0.04, and 1±0.08, respectively.  The standard deviations of the same PSD 

distributions are 0.3±0.03, 0.3±0.02, 0.3±0.01, 0.6±0.13, 0.4±0.04, and 0.6±0.07, respectively.  

The values of the coefficient of determination [sometimes called goodness of fit (Π2)] [16] for 

the fits to the M2C PSDs range from 0.89 for the sample aged at 550 °C for 30 min and 450 °C 

for 320 h to 0.99 for the sample aged at 550 °C for 30 min and 450 °C for 5 h.  For the sample 

aged at 550 °C for 30 min and 450 °C for 20 h the Π2 value was 0.67.  This small Π2 value is due 

to the bi-modal character of the 20 h PSD.  Because only 44 precipitates were used to generate 

this PSD, it is difficult to know whether the PSD is actually bi-modal or whether the shape is due 

to the smaller number of precipitates.  The change in the variance is significant in the 3-D 

strengthening model in the Orowan regime. The increase in the divergence of the distribution of  

RM2C(t) leads to a decrease in Orowan stress of the M2C precipitate array.  
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Figure 6.2.  Temporal evolution of the M2C precipitate size distributions (PSDs) for the 
indicated aging times at 450 °C. 

 

 

 

 

 

Fig. 6.3 displays the Cu PSDs as a function of aging time at 450 °C.  It is noteworthy that 

the experimental PSDs are skewed in the opposite direction to that predicted by classical 

coarsening models [17-22].  Similarly to the M2C PSDs, the Cu PSDs are well described by log- 

normal distributions.  The fits of the Cu PSDs to a log-normal distribution are calculated in the 

same manner as for the M2C PSDs.  The resulting curves are overlaid onto the experimental 

PSDs, Fig. 6.3.  The mean values of the log-normal fits to Cu PSDs of samples aged for 0, 1, 5, 

20, 80, or 320 h at 450 °C are 1±0.04, 1±0.05, 1±0.02, 1±0.08, 1±0.02, and 1±0.07, respectively.  

The standard deviations of the distributions are 0.3±0.04, 0.4±0.06, 0.4±0.02, 0.5±0.07, 

0.3±0.02, and 0.3±0.07, respectively.  The Π2 values for the log-normal distributions range from 
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0.83 for the sample aged at 550 °C for 30 min and 450 °C for 20 h to 0.98 for the sample aged at 

550 °C for 30 min and 450 °C for 5 h.  
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Figure 6.3.  Temporal evolution of the Cu precipitate size distributions (PSDs) for the 
indicated aging times at 450 °C. 

 

Fig. 6.4 shows the 3-D edge-to-edge inter-precipitate spacing, )(3 tD
ee−λ  distributions for 

Cu precipitates at three different aging times.  The distributions of )(3 tD
ee−λ  were measured 

directly from the 3-D LEAP tomographic reconstructions using the methodolgy developed in 

[23].   
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Figure 6.4.  Three-dimensional edge-to-edge inter-precipitate distance distributions for Cu 
precipitates as a function of aging time at 450 °C. 

 

Figs. 6.5 and 6.6 present the chemical composition of the α-Fe(b.c.c.) matrix as a 

function of aging time at 450 °C, as measured by LEAP tomography: the measured concentration 

values are presented in Table 6.4.  Mo, Ni, and Cu are the major solid-solution strengtheners in 

this steel. The LEAP tomograph measured carbon concentration value in solid-solution was 

greater than the solubility of carbon predicted by ThermoCalc version S [24] in α-Fe(b.c.c.) 

using a modified SSOL database.  From calculations of the carbon balance in carbides and the 

matrix, we believe that the absolute values of the experimentally measured carbon concentrations 

may possibly be in error. Therefore to calculate the contribution of carbon to solid-solution 

strengthening, the equilibrium carbon concentration, as predicted by ThermoCalc, was used.  

 

Table 6.4.  BA160 matrix compositions after aging at 450 °C 

Aging time 
(h) 

t0 1 5 20 80 320 

Cr (at. %) 1.59 ± 0.02 1.78 ± 0.02 1.8 ± 0.02 1.75 ± 0.01 1.72 ± 0.01 1.58 ± 0.04  
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Mo 0.22 ± 0.005 0.25 ± 0.007 0.24 ± 0.007 0.29 ± 0.005 0.28 ± 0.06 0.22 ± 0.02  
C 0.001 ± 

0.004 
0.005 ± 
0.001 

0.007 ± 
0.001 

0.005 ± 
0.0006 

0.001 ± 
0.0003 

0.003 ± 0.002 

Cu 0.24 ± 0.005 0.16 ± 0.005 0.24 ± 0.007 0.16 ± 0.003 0.17 ± 0.004 0.03 ± 0.006 
Ni 5.91 ± 0.03 5.82 ± 0.03 5.37 ± 0.03 5.73 ± 0.02 5.90 ± 0.03 5.26 ± 0.08 
Fe 92.0 ± 0.03 91.92 ± 0.04 92.29 ± 0.04 92.03 ± 0.02 91.88 ± 0.03 92.84 ± 0.09 
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Figure 6.5.  Measured (LEAP tomography) and predicted (ThermoCalc calculations) 

concentrations of Ni and Cr in the α(b.c.c.)-Fe matrix as a function of aging time 

at 450 °C. 
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Figure 6.6.  Measured (LEAP tomography) and predicted (ThermoCalc calculations) 
concentrations of Mo, Cu, and C in the α-Fe(b.c.c.)-matrix as a function of aging 
time at 450 °C. 

 

6.3.2 Mechanical behavior 
 

Table 6.5 presents the temporal evolution of the yield strength of BA160 as a function of 

aging time at 450 °C.  The variation in the yield strength during aging at 450 °C is insignificant:  

it achieves a maximum of 1131±24 MPa (164 ksi) after 5 h of aging at 450 °C, and then 

decreases gradually to 1047±8 MPa (152 ksi) after 320 h of aging at 450 °C.  The goal is to 

predict the observed temporal evolution of the yield strength based on the LEAP tomographic 

data.  

 

Table 6.5.  Mechanical properties of BA160 as a function of aging time at 450 °C 

Aging Time (h) t0 1 5 20 80 320 
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Yield Strength (ksi) 
(MPa) 

161±6 
(1110)  

160±3 
(1103) 

164 ± 2 
(1131) 

160 ± 7 
(1103) 

159 ± 6 
(1096) 

152 ± 1 
(1047) 

UTS (ksi) (MPa) 172±7 
(1186) 

171 ± 2 
(1179) 

176 ± 2 
(1213) 

171 ± 8 
(1179) 

166 ± 2 
(1144) 

160 ± 3 
(1103) 

Reduction in Area (%) 65.2  64.7  61.2  63.4  69.1 65.7 

Charpy Impact Energy at 
25 °C (ft-lbs) (J) 

115 ±18 
(156) 

106 ±20 
(144) 

103 ± 4 
(140) 

108 ±2 
(146) 

137 ±8 
(186) 

135 ±24 
(183) 

 

6.4 Modeling of Precipitation Strengthening in BA160 

 6.4.1. M2C Precipitation Strengthening  
The strengthening mechanisms due to M2C precipitates have been studied in the archival 

literature using numerous assumptions [25]. Combined with dislocation dynamic simulations, a 

3-D M2C strengthening model with a high fidelity of prediction was developed [26].  This model 

analyzes the elastic interactions between nanoscale, coherent M2C precipitates and dislocations 

in steels based on an equivalent eigenstrain analysis. To avoid the burdensome eigenstrain 

method, a parameter called the constrained effective coherent misfit-strain was introduced.  

Using this parameter along with a Friedel-type-shear-cutting model and an Orowan bypass 

model appears to be sufficient to model M2C precipitate strengthening in steels.  The 3-D effects 

of both the PSDs and the spatial distributions were incorporated into the model. The model 

predictions are consistent with both experimentally measured M2C precipitation strengthening in 

1605-type ultrahigh strength steels tempered at 510 °C [25] and dislocation dynamic simulations. 

The model is described below. 

6.4.1.1  Interaction between dislocations and M2C precipitates 
The elastic interaction problem was solved numerically with the micromechanics eigenstrain 

method [27-28] . The principal eigenstrains induced by an M2C precipitate in α-Fe(b.c.c.) are 

defined to be: 

111 −=
m

p

a

a
ε , 1

2

3
22 −=

m

p

a

a
ε

  
and 1

2
33 −=

m

p

a

c
ε

      (6.1)
 

where am is the lattice parameter of the matrix phase and ap and cp are the lattice parameters of 

precipitate phase. The modulus misfit is treated using the equivalent eigenstrain method. 
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Calculations demonstrated that within the range of the precipitate sizes of interest, coherent 

lattice-misfit strengthening dominates over modulus misfit-strengthening. 

Using a single misfit-parameter, analytical models treat the lattice and modulus misfit 

interactions separately as detailed in Nembach’s book [29]. The single-parameter analytical 

models are simple and straightforward compared with the eigenstrain methodology.  M2C 

carbide precipitates in steels have, however, a hexagonal crystal structure and therefore have 

more than one lattice-misfit parameter. Assuming the dominance of the deviatoric component of 

the coherent precipitate eigenstrain, the modified model utilizes the second tensor invariant to 

define an effective (scalar) coherency strain: 

( ) ( ) ( )[ ] 2

1
2

1133

2

3322

2

22113

2 εεεεεεε −+−+−=eff
      (6.2)

 

 

Taking into account the effect of Poisson’s ratio [30] and the modulus inhomogeneity [31], a 

constrained effective misfit strain is defined as: 

 

1 (1 )
43 (1 ) (1 )
3

eff
c

cB

ενε µν
+=
− +

 :           (6.3) 

where Bc is the bulk modulus of the precipitate; and µ and ν are the shear modulus and Poison's 

ratio of the matrix, respectively. With this constrained misfit strain, a unique misfit parameter is 

defined for M2C precipitates with a hexagonal crystal structure.  Using this simplified approach, 

the M2C precipitate/dislocation interaction force due to a coherent lattice parameter misfit is 

more than one order of magnitude greater than that due to modulus misfit, which is consistent 

with micromechanics eigenstrain calculations. 

6.4.1.2  The maximum elastic interaction force and the shear cutting stress 

Nembach [29] derived simplified equations for the peak forces for the lattice and modulus 

misfit interactions. Taking into account the effect of the 3-D PSD, the maximum force from the 

lattice misfit is: 

Fε, max = 4µεcbωrR:                     (6.4) 
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which is linearly proportional to the coherent lattice-parameter misfit; where b is the Burger’s 

vector and ωr <1 is a PSD parameter, such that the effective radius of the precipitates, R, in the 

slip plane is reduced to ωrR. The maximum modulus misfit force is: 

1

1
2

max,

β

µ
ωαµ 







∆=
b

R
bF r

:         (6.5)
 

where α1 and β1 are parameters that depend on the dislocation core-model, ∆µ is the difference 

between the shear moduli of the matrix and precipitate phases, and the size PSD parameter ωr is 

included. The total Friedel force is defined as: 

 

F0 = Fε, max + Fµ, max                      (6.6) 

 

Using the size and spatial distribution parameters, the original Friedel shear-cutting equation [2] 

becomes: 






















=
2

3

0

2

2

S

F

b

S
XF λ

τ

                   (6.7)

 

where X is a precipitate spatial-distribution parameter for shear-cutting precipitates and S is the 

dislocation line tension. The square lattice spacing in Friedel’s original equation is replaced with 

the 2D edge-to-edge  inter-precipitate spacing, λ: 

Rr
q














−= ω

φ
πω

λ 2

  :         (6.8)

 

in which another PSD parameter ωq is introduced. By defining the outer cutoff-radius as λ/2, the 

geometric mean of the dislocation line tension of edge and screw dislocations detailed by [32] is 

modified to become: 
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where the inner cutoff radius, r0, is equivalent to the Burger’s vector, b, for b.c.c. metals. The 

outer cutoff-radius utilized is no longer a constant; it is rather a function of the precipitate size, 

the PSD, and the volume fraction.  
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6.4.1.2 The Orowan bypass stress 
Taking into account the effect of the PSD, the Orowan bypass equation was modified 

[33] to be: 
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where  

r
q

L ω
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πω
ω 2−=           (6.11) 

rLD ωωω 2
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Where, K is the geometric mean of the pre-logarithmic factors of the dislocation line energies of 

edge and screw dislocations and Y is a precipitate spatial-distribution parameter for Orowan 

dislocation looping.  Mohles’ equation best describes the well-defined data sets of Ebling and 

Ashby [34] for single crystal Cu with SiO2 dispersoids and Jones’ and Kelly’s data [35-36] for 

single-crystal Cu with BeO dispersoids with a value of Y = 0.94. 

6.4.2  Strengthening mechanism of cementite precipitates 
Cementite (M3C) is rarely observed by LEAP tomography in BA160, due its relatively 

low number density (~1020 m-3), but M3C is observed employing synchrotron x-ray diffraction 

(XRD) studies [14].  These studies reveal that dissolution of M3C provides the requisite C for the 

nucleation and growth of M2C carbide precipitates. ThermoCalc calculations of the equilibrium 

volume fractions of M3C and M2C precipitates imply that the M2C precipitates nucleate and 

grow by consuming M3C, Fig. 6.7. Cementite (M3C) precipitates are responsible for 

strengthening through the Orowan bypass mechanism, particularly when their size becomes very 

small during dissolution.  
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Figure 6.7.  Evolution of the calculated (ThermoCalc) M3C (cementite) and M2C (metal carbide) 
equilibrium volume fractions as a function of temperature. 

 

6.4.3 Strengthening mechanism of Cu(b.c.c.) precipitates in steels   
Precipitation of Cu(b.c.c.) precipitates provides an additional strengthening effect in 

BA160 steel. Since the publication of the Russell-Brown model [37] it has been widely believed 

that Cu(b.c.c.) precipitate strengthening in steels originates from the modulus misfit between Cu 

and Fe(b.c.c.). The validity of the Russell-Brown model was, however, challenged recently and a 

new model for Cu(b.c.c.) precipitate strengthening in steels was proposed [38]. This model is 

based on the concept that the precipitate/dislocation interaction promotes a phase transformation 

in Cu(b.c.c.) precipitates, and that the stress required for the transformation competes with the 

dislocation pileup stress against the precipitate/matrix interface. The model predictions are 

consistent with published experimental data [39-41], Fig. 6.8; thereby verifying it.   

In Fig. 6.8, the data from the literature were normalized by the volume fraction, so that 

data with different volume fractions from different sources are comparable. A brief description 

of the new model is given in Section 4.3.1. 
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Figure 6.8.  Comparison between the Cu(b.c.c) strengthening model and Cu strengthening 
data published in the literature.  The critical resolved shear stress (CRSS) is 
normalized by φφφφ1/4, where φ φ φ φ is the volume fraction; in this manner the model 
predictions for all measured volume factions can be plotted on one figure. For 
the precipitate radii where the faulting mechanism operates, there are two 
predicted curves for the upper and lower limits of the experimentally measured 
volume fractions. 

 

6.4.3.1 Transformation strengthening model  
Similar to a twinning shear model [42] it is assumed that the stress required for nucleation of 

the Cu(b.c.c.) to 9R martensitic structure is inversely related to the precipitate radius, R: 

R

b
Pn || τητ ∆=

     (6.14)
 

Here η is approximately 1 and ∆τP is the misfit in the Peierl’s stress between the matrix and 

Cu(b.c.c.) precipitates. The dislocation pileup stress experienced by the leading dislocation at the 

precipitate/matrix interface is given by [43]: 
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L
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ττ 2
=

    (6.15)
 

where L is the length of the pileup segment, which for a randomly distributed 2-D precipitate 

space is defined as the average edge-to-edge spacing of the Cu(b.c.c.) precipitates, L = λ.  For a 

mixed edge-screw dislocation, 

(2 )

4 (1 )
slipbH

µ ν
π ν

−=
− ;            (6.16)

 

where µslip is the shear modulus of the matrix in the slip plane. When the pileup stress exceeds 

the stress required to nucleate the martensitic transformation in the Cu(b.c.c.) precipitates, the 

dislocation will shear the precipitate, that is, the critical-resolved shear-stress (CRSS) is: 

  

τTP = τPile             (6.17) 

 

Combining the above equations, one obtains the Cu(b.c.c.) strengthening stress, τTP: 
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where η is a parameter with a value of approximately 1.  From eqn. 6.18, it is seen that Cu(b.c.c.) 

strengthening induced by the stress-assisted martensitic transformation is proportional to R−3/4
 

and to the volume fraction, φ, to the ¼ power.  Therefore, Cu(b.c.c.) precipitate strengthening 

decreases with increasing values of <R> with a relatively weak dependence on φ.  

6.4.3.2 The Friedel stress and the Cu(b.c.c.) strengthening by faulting 

Instead of forming pileups, a dislocation may cut through a Cu(b.c.c.) precipitate, which results 

in a stacking fault. The energy increase resulting from the formation of a stacking fault by 

shearing is proportional to the stress needed for the stress-assisted martensitic transformation and 

the size of the precipitate: 
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nrsf RE τζω=                     (6.19) 

where ζ is a proportional constant. The Friedel force required for a single dislocation to shear a 

precipitate is: 

sfrT REF πω2= ,                              (6.20) 

Which leads to: 

( ) nrT RF τωπζ 22=  .   (6.21) 

The Friedel stress induced by a stress-assisted transformation is:  
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Competing between the Friedel and pileup mechanisms, the alternate Cu(b.c.c.) strengthening, is 

given by: 

τc = min(τTP, τTF)              (6.23) 

When the Friedel stress dominates, τc scales with φ1/2 and the strengthening increases with 

increasing precipitate radius, R.  

6.4.4  Superposition of precipitation strengthening contributions 
The superposition law of the strengthening contributions from precipitates for shearing 

and Orowan dislocation looping were developed utilizing dislocation dynamic simulations [44]. 

The simulations were designed such that precipitates with a small mean radius were shearable 

and another set of precipitates was impenetrable (Orowan precipitates) with large mean radius, or 

both sets of precipitates were shearable, but with different mean radii, or both sets were Orowan 

precipitates but with different mean radii. All precipitates obeyed the Lifschitz-Slyzov-Wagner 

PSD analytical equations, assuming a random spatial distribution. The CRSS for each individual 

set of precipitates was obtained employing dislocation dynamic simulations. After mixing the 

two different sets of precipitates together, the CRSS for the mixed system was calculated 

employing computer simulations. The following power law for the superposition was assumed: 

�� � ���
� � ��

��
�

�           (6.24) 
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Knowing τp, the CRSS of the mixed precipitate system, and τ1 and τ2, the CRSS of each 

individual precipitate system, a value of k was numerically determined such that: 

( )
1

1 2
1

k k k

p

divergence
τ τ

τ
+

= −           (6.25) 

achieved a minimum: and this value was taken as the superposition exponent. Simulation results 

showed that for a mixture of shearable and Orowan precipitates, the superposition exponent k is 

1.71. We employ this value to obtain the total precipitation strengthening from M2C, Cu(b.c.c.) 

and M3C precipitates, disregarding the co-location of M2C and Cu(b.c.c.) precipitates in this steel 

as observed by LEAP tomography.  

 

6.5 Prediction of yield strength 

6.5.1 The yield strength model 
The yield strength of the steel is given by 

( ) HP
kk
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''
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        (6.26)
 

where M = 2.8 is the Taylor factor for b.c.c.-metals, k' is the superposition exponent for solid-

solution strengthening and precipitation strengthening, and σHP is the Hall-Petch strengthening.  

A value of k' = 1.25 is used for shearable precipitates [45] and k' = 1.8 for Orowan precipitates 

[46].  The other terms on the right-hand side of Eq. (6.26) are defined as follows: 

The Peierls stress of pure α-Fe is given by [47]: 
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           (6.27)
 

where d is the spacing of the slip planes. 

The solid-solution strengthening of the matrix is given by: 

1

2
2

,ss ss i i
i

k cτ  =  
 
∑

            (6.28)
 

where ci is the atomic fraction of the strengthening element i in the matrix and kss,i is the 

strengthening coefficient [48-51] . 
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Dislocation-strengthening depends on the density of dislocations and the mean subgrain 

diameter. Combining the Taylor equation for dislocation strengthening and the correlation 

between strength and subgrain diameter, the dislocation strengthening is given by [52]: 

�� � √�
��

��� �3����� 	 
3������� 	 ��
�

��         (6.29) 

where the Taylor factor α0 = 0.38, the constant k1 is approximately 0.5, β = 1.2×103, and the 

misorientation angle between two subgrains is estimated as ϑ  ~ 0.052. 

No direct measurement of dislocation density was performed for BA160. For low–alloy 

steels, an empirical relationship between the initial dislocation density and the displacive 

transformation temperature exists [53]. Knowing Ms, the start temperature of a martensitic 

transformation, the initial dislocation density, ρ0, was estimated. Evolution of dislocation density 

during tempering is governed by Nes’ dislocation recovery law [54]: 
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where tc is a characteristic time, which depends on the mechanism of dislocation recovery 

through the parameter B, and kB is Boltzmann’s constant.  For a recovery process controlled by 

climb of joggedy screw dislocations, 
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where Dc is the diffusivity of the dislocation core in the matrix and the constant C is ~10-10  m-3. 

This model was verified employing XRD measurements of dislocation densities in a series of Ni-

Co secondary-hardening steels [55]. Nes’ model predicts a faster recovery rate than that observed 

experimentally during the early stage of aging, because the effect of Co is not included. 

Otherwise, the model prediction is consistent with the XRD measurements. The model-predicted 

evolution of dislocation density in BA160 during aging at 450 ℃ is displayed in Table 6.6, 
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where the initial dislocation-density is the final-dislocation density after the first aging-step at 

550 ℃ for 0.5 h.  The last term in the yield strength model is the Hall-Petch stress given by: 

��� � �����

� ,           (6.33) 

where K = 0.2 MPa m1/2 is the Hall-Petch constant and θm is the packet size of martensite 

measured by EBSD, Table 6.7.  Fig. 6.9 shows an example of packet size measurement by 

EBSD. 

 

Table 6.6.  Calculated dislocation density as a function of aging time at 450 °C 

Aging Time (h) t0 1 5 20 80 320 

Dislocation Density (x1011 
m-2) 

11.7 6 4.5 3.4 2.4 1.6 

 

Table 6.7.  Martensite packet diameter after aging at 450 °C  
Aging time (h) t0 20 80 320 
Average 
equivalent circle 
packet diameter 
(µm) 

2.7 ± 0.5 3.7 ± 0.5 4 ± 0.6 3.7 ± 0.5 
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Figure 6.9.  Electron backscattering diffraction (EBSD) map of martensitic packet structure in a 
sample aged at 550 °C for 30 min and 450 °C for 320 h.  The colors represent the 
different rotations necessary to bring the packets into alignment.  That is, similar colors 
represent similar rotations.  The scale bar is 20 µm, the step size used during the EBSD 
scan was 0.2 µm, and the total scanned area was 400x400 µm2.   

 

 

 

20 µm 
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6.5.2 Model predictions for BA160 

6.5.2.1  Strengthening by M2C precipitates 

LEAP tomographic 3-D reconstructions demonstrate that the M2C precipitates are highly 

clustered. The spatial parameters X = 0.81 for shearing and Y = 0.85 for Orowan dislocation 

looping are utilized. The PSD of M2C precipitates is log-normal with a variance of σ  = 0.35 in 

the early stage of aging and σ  = 0.45 in the late stage of aging. The temporal evolution of the 

predicted obstacle stress for M2C shearing and Orowan dislocation looping is displayed in Table 

6.8.  Table 6.8 demonstrates that M2C strengthening in BA160 is controlled by the Orowan 

mechanism. 

 

 

 
Table 6.8.  Calculated CRSS values due to various strengthening mechanisms of M2C and Cu precipitates 

Aging Time (h) t0 1 5 20 80 320 

CRSS due to shearing of 
M2C precipitates (MPa) 

197 120 102 505 896 787 

CRSS due to Orowan 
looping of M2C 
precipitates (MPa) 

82 55 47 146 239 211 

CRSS due to faulting of 
Cu precipitates (MPa) 

900 815 1244 1347 1192 1258 

CRSS due to dislocation 
pileup- induced 
transformation in Cu 
precipitates (MPa) 

129 131 119 107 97 79 

 

6.5.2.2 Strengthening by Cu(b.c.c.) precipitates in BA160 

The values of RCu(t) are log-normally distributed with a variance of 0.25. The spatial 

distribution of Cu(b.c.c.) precipitates in BA160 was also analyzed and it exhibits an ordering 

tendency with a spatial parameter, X, of 0.81. The model predicts that strengthening results from 

faulting and dislocation pileup, Table 6.8. It is seen that Cu(b.c.c.) strengthening in BA160 is 

controlled by a martensitic-type transformation induced by dislocation pileups.  
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6.5.2.3 Strengthening of BA160 by cementite 

No direct measurements of the cementite volume fraction in BA160 were made using LEAP 

tomography. Knowing the volume fraction of M2C precipitates and the carbon concentration in 

the matrix, the volume fraction of cementite is therefore calculated from the carbon mass 

balance, Table 6.9. Since M2C nucleates and grows as a result of the dissolution of cementite 

(M3C), it is reasonable to assume that the radius of the cementite precipitates is related to the 

relative change in its volume fraction, such that: 

3 2
3 3 ,

3
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M C

R R
ϕ ϕ

ϕ
−< > = < >

;
       (6.34) 

where the value initial average cementite radius, <RM3C,i>  is estimated to be 22 nm. The 

estimated temporal evolution of cementite precipitates is shown in Table 6.9, as is the 

strengthening effect of cementite through Orowan bypassing. 

 

Table 6.9.  Measured M2C precipitate volume fractions and calculated values of M3C precipitation 

Aging Time (h) t0 1 5 20 80 320 

φ M2C(%), measured 0.07 ± 0.01 0.03 ± 0.01 0.03 ± 0.01 0.4 ±0.09 1.0 ± 0.2 0.9 ± 0.3 

φ M3C(%), calculated 1 1 1.1 0.6 4x10-5 4x10-5 

<RM3C> (nm), calculated 21 22 22 7.6 0.2 0.2 

CRSS due to Orowan 
looping of M3C 
precipitates (MPa) 

43 43 43 69 27 27 

 

6.5.2.4 Total precipitation strengthening in BA160 

The total precipitation strengthening in BA160 is given by: 
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where k = 1.71. The prediction for this model of the total precipitation strengthening is displayed 

in Fig. 6.10, black filled-circles. For comparison, the strengthening contributions from each type 

of precipitate are also displayed.  The changes in the M2C PSD during aging, and hence the 

contributions in strengthening, are taken into account in the values displayed.  It is seen in Fig. 

6.10 that at early aging times (<5 h), Cu(b.c.c.) strengthening dominates, while during the later 

ageing times (>5 h), M2C precipitate strengthening dominates. 

 

0.01 0.1 1 10 100

40

80

120

160

200

240

 

 

C
R

S
S

 (
M

P
a)

Aging Time at 450 °C (h)

 total
 M

2
C

 bcc Cu
 M

3
C

 

Figure 6.10. Model predictions of the total strengthening contribution of precipitation in 
BA160. 

 

6.5.2.5 Other contributions to the yield strength 

The Peierls stress is calculated to be τ0  = 6.4×107 Pa. Other contributions to strengthening 

are summarized in Fig. 6.11.  After precipitation strengthening, solid-solution strengthening is 

the second largest contributor to the yield stress.  
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Figure 6.11.  Model predictions of the strengthening contributions from solid-solution 
strengthening, dislocation strengthening, and the Hall-Petch effect. 

 
6.5.2.6 The yield strength 

Using a superposition exponent, k', of 1.8 for solid-solution strengthening and precipitation 

strengthening and a linear superposition for other strengthening contributions, the predicted yield 

strength is compared with the measured data, Fig. 6.12.  The predicted yield strengths are 

slightly lower than the data in the early stage of aging and slightly higher in the later stage of 

aging. The variation is within ±13% of the measured values.  
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Figure 6.12.  Comparison of the measured and predicted yield strengths as a function of 

aging time at 450 °C.   

 

6.6 Discussion 

6.6.1   Spatial distribution of M 2C precipitates 
 

M2C precipitates are the major strengthening phase in BA160. The accuracy in the LEAP 

tomographic measurements of the mean precipitate radius and volume fraction of M2C 

precipitates is thus critical for comparing with the model’s predictions. An hence an enormous 

effort was made to improve the accuracy of the LEAP tomographic measurements for 

characterizing the M2C precipitates [13]. Fig. 6.13 demonstrates that the predicted yield strength 

is linearly related to the predicted M2C strengthening, but the measured data are not. The model 

underestimates the M2C strengthening in the early stage of aging but overestimates it in the late 

stage of aging.  
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Figure 6.13.  Predicted yield strength as function of predicted M2C strengthening for 
different aging times at 450 °C.  The measured yield strength for each aging time 
is also plotted for comparison. 

 
LEAP tomographic measurements find that the coarsening of Cu precipitates is offset by the 

nucleation and growth of M2C carbide precipitates, resulting in maintenance of the yield 

strength.  Additionally, we find that the M2C precipitates nucleate heterogeneously on the Cu 

precipitates [14].  A superposition law for co-located precipitates has not yet been developed. In 

the early stage of aging (<5 h at 450 °C) when the volume fraction of M2C precipitates was very 

small and the mean radius were extremely small, LEAP tomography may have underestimated 

the volume fraction and thus the model predicted M2C strengthening.  In the later stage of aging 

(>20 h at 450 °C) when the volume fraction of M2C precipitates was high and the mean radius 

were relatively large, the adopted superposition law overestimates the strengthening 

contributions from co-located precipitates. 

6.6.2  The 3-D precipitate size distribution 
The effect of the 3-D PSD is included in the analytical model by introducing Nembach’s size 

distribution parameters, which are defined by the first to sixth moments of the PSD density 
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function [29].  As demonstrated by the analytical model and computer simulations, a wide spread 

in the PSD of RM2C(t) reduces the Orowan stress and increases slightly the shear-cutting stress. 

LEAP tomographic measurements demonstrate that both Cu(b.c.c.) and M2C precipitates follow 

log-normal distributions, but the Cu(b.c.c.) precipitates have a smaller variance (~0.25) than that 

of the M2C precipitates.  The variance of RM2C(t) also increases with increasing aging time. 

Therefore, the strengthening capability of M2C precipitates decreases with increasing aging time, 

while the strengthening ability of Cu(b.c.c.) precipitates does not change with increasing aging 

time. 

6.6.3  Effects of 3-D spatial distribution of precipitates: parameters X and Y 
The effect of the spatial distribution in the modified model was treated by introducing a 

parameter Y in the Orowan stress and X in the shear-cutting stress. For a square-lattice PSD, Y = 

X = 1: statistical analyses determined Y and X.  For the case of a random distribution (uniform), Y 

= 0.93±0.01 for Orowan dislocation looping of precipitates [56] and X = 0.85 for shearable 

precipitates [57].  The random distribution caused a greater reduction in CRSS for shear cutting 

than for Orowan bypassing. Experimental data for oxide-dispersion strengthened (ODS) Cu-

alloys verified that Y = 0.94 is a good value for randomly distributed Orowan dislocation 

looping precipitates. 

The values of the parameters Y and X are only for random spatial distributions. The PSDs in 

real materials are more complicated, ranging from ordered to random to different degrees of 

clustering.  Wang et. al. investigated the effect of spatial distributions on the CRSS utilizing 

dislocation dynamic simulations [58]. The spatial distributions studied include cubic-lattices, 

ordered, random, and different degrees of clustering. The strengthening precipitates studied were 

shearable, Orowan or a mixture of the two. The results demonstrate that for shearable, randomly 

distributed precipitates, X ≅ 0.76±0.01 was the minimum value observed, which was smaller 

than the analytical value.  The value of X increased for both clustering and anti-clustering spatial 

distributions. The X-value achieved 0.85 if the precipitates were highly clustered. For randomly 

distributed Orowan precipitates, Y is ≅0.94±0.02, which is consistent with the analytical value 

and with experimental data.  Anti-clustering increased the value of Y, while clustering decreased 

its value.  For a highly clustered distribution, the value of Y was as small as 0.82.  For a mixture 

of Orowan and shearable precipitates, X = Y ≅ 0.82±0.03 for a random distribution, and their 

values were insensitive to clustering and anti-clustering.  Because LEAP tomography 
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demonstrated that both M2C and Cu(b.c.c.) precipitates in BA160 are clustered, values of Y = 

0.85 and X = 0.81 are adopted.  

6.7  Conclusions 

• A 3-D analytical model of precipitate strengthening with superposition laws is 

developed under the ONR/DARPA “Digital 3D” consortium program using 3-D 

precipitate size distributions and parameters characterization parameters obtained 

by LEAP tomography. 

• Calculations show that the M2C precipitates are Orowan obstacles for the radii 

measured by LEAP tomography in BA160. 

• The strengthening contribution of b.c.c. Cu precipitation is estimated using a 

newly developed transformation strengthening model.   

• The experimentally measured precipitate size and spatial distributions are 

accounted for in the analytical model using parameters such as ωR, X, and Y.  

• The model-predicted yield strengths of BA160 steel, as a function of aging time at 

450°C, are within ±13% of the experimentally measured yield strengths.  This is 

the first time that the prediction of the yield strength directly from the 

microstructure of multiphase steel is feasible.  

• The co-location of M2C and Cu(b.c.c.) precipitates in BA160 revealed by LEAP 

tomography adds a degree of difficulty of yield strength prediction. The lack of a 

superposition law for co-located precipitates leads to an overestimation of the 

model predicted yield strength in the late stage of aging.   
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7 Future Work 
 

 
There are a number of interesting topics to be pursued as a result of this research.  There 

are a number of interesting projects that result from this research.  The first one would be to 

determine why the observed austenite volume fractions are so different than those predicted by 

ThermoCalc.  Even after 5000 h of aging at 450 °C, the austenite volume fraction did not 

approach the value of 10% that is predicted.  This may be related to the observed segregation of 

Ni to the Cu precipitate/matrix heterophase interface.  If the Ni does not from austenite on the 

precipitate/matrix interface, then austenite-stabilizing Ni is effectively trapped by the Cu 

precipitates.  The morphology of the austenite that does form was only observed in one instance 

using LEAP tomography.  A TEM investigation of the austenite diameter and morphology would 

also yield some insight into the question of the “missing” austenite.  Additionally, the samples 

used for XRD in this work were mechanically polished.  Samples should be electropolished and 

re-measured with XRD to verify that mechanical polishing did not artificially reduce the 

precipitated austenite volume fraction observed in this work.  

 Another question to answer is why do the mechanical properties observed by Arup Saha 

et al. in an experimental heat of steel differ significantly from those observed in the current heat 

of BA160?  Namely, Saha et al observed a toughness increase after aging at 550 °C for 30 

minutes and 450 °C for 5 hours.  In the present steel, the toughness increase was not observed 

until aging at 550 °C for 30 minutes and 450 °C for 80 hours, which is 16 times longer aging at 

450 °C.  One reason is likely the different V concentration in Saha’s case.  While the V 

concentration is only 0.02 wt. % in the current heat of BA-160, it was 0.11% in Saha’s case.  V 

accelerates M2C precipitation kinetics, so this may be one reason, but it remains to be verified. 

 Another issue is that the current steel did not meet the Charpy impact toughness goal of 

100 ft-lbs at -120 °F (-84 °C); it instead achived only ~40 ft.-lbs at -120 °F.  This problem could 

be addressed in multiple ways.  One way is to continue to vary the heat treatments in search of 

one that gives better toughness.  Another, perhaps more desirable way, would be to vary the 

thermomechanical processing and initial heat treatment of the steel.  BA-160 was not controlled-

rolled or water cooled during hot-rolling.  It was instead hot-rolled at elevated temperatures, air-

cooled, and then normalized before the final re-austenitization and quenching.  Implementing 
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controlled rolling and accelerated cooling would result in a finer ferrite/bainite/martensite 

microstructure, which would in turn lead to finer austenite grains during the subsequent reheating 

before the quench.  A finer austenite grain size prior to quenching and tempering would yield a 

finer martensitic packet diameter, which should improve the toughness.  The steel could also be 

re-austenitized and quenched multiple times in order to improve the initial packet diameter.   

 Finally, the issue of the proper superposition coefficients of Cu and M2C precipitation 

strengthening still needs to be resolved.   Coefficients were empirically determined in Chapter 6, 

and the model did predict yield strengths within 13% of the experimental values.  However, the 

model systematically overestimated the importance of M2C carbide precipitation strengthening:  

it underestimated yield strengths when the value of φM2C was small and overestimated them when 

φM2C was at its maximum.  This is likely related to the co-location of Cu and M2C precipitates, 

since two obstacles (a Cu and M2C precipitate) may effectively become one obstacle.  The 

current superposition laws simply aren’t designed for co-located precipitates. 

 


