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Abstract
The nucleation (to a limited extent), growth and coarsening behavior of Cu-rich precipitates in a concentrated multicomponent Fe–
Cu-based steel aged at 500 °C from 0.25 to 1024 h is investigated. The temporal evolution of the precipitates, heterophase interfaces,
matrix compositions and precipitate morphologies are presented. With increasing time, Cu partitions to the precipitates, Ni, Al and
Mn partition to the interfacial region, whereas Fe and Si partition to the matrix. Coarsening time exponents are determined for the mean
radius, hR(t)i, number density, NV(t), and supersaturations, which are compared to the Lifshitz–Slyzov–Wagner (LSW) model for coarsening, modiﬁed for concentrated multicomponent alloys by Umantsev and Olson (UO). The experimental results indicate that the alloy
does not strictly follow UO model behavior. Additionally, we delineate the formation of a Ni–Al–Mn shell with a stoichiometric ratio of
0.51:0.41:0.08 at 1024 h, which reduces the interfacial free energy between the precipitates and the matrix.
Ó 2008 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Copper precipitation-strengthened structural steels are
of considerable commercial importance due to their high
strength, good impact toughness, excellent weldability
without preheat or postheat, and corrosion resistance [1–
4]. This desirable combination of properties is derived from
Cu precipitates formed within these steels after solutionizing and thermal aging. The sequence of precipitation,
structure and composition has been studied by Mössbauer
spectroscopy [5], ﬁeld-ion microscopy (FIM) [6,7], atomprobe ﬁeld-ion microscopy (APFIM) [8–11], atom-probe
tomography (APT) [12], conventional and high-resolution
electron microscopies (CTEM and HREM) [11,13–20],
small-angle neutron scattering (SANS) [21–24], extended
X-ray absorption ﬁne structure (EXAFS) [25], X-ray
*

Corresponding author. Tel.: +1 630 305 2386; fax: +1 630 305 2921.
E-mail addresses: rpkolli@nalco.com (R. Prakash Kolli), d-seidman@
northwestern.edu (D.N. Seidman).

absorption spectroscopy (XAS) [26], small-angle X-ray
scattering (SAXS) [18,20], and computer simulations [27–
35]. Most of these studies have been on model binary, ternary and quaternary Fe–Cu-based carbon-free alloys and
low-carbon steels. Fewer studies exist on Cu precipitation
in multicomponent steels with increased alloying concentrations and microstructural complexity. The recent studies
of Vaynman et al. [1] and Isheim et al. [36–38] characterized the Cu-rich precipitates found within multicomponent
Fe–Cu-based steels. The precipitates were studied at nearpeak hardness and in the slightly over-aged condition.
Studies of growth and coarsening (Ostwald ripening) of
the Cu precipitates are likewise few in number. Speich and
Oriani [14] studied coarsening in binary Fe–Cu alloys containing 2.3–5.4 wt.% Cu, at aging temperatures between
730 and 830 °C. These authors reported that the kinetics
obey the t1/3 power-law law for mean radius, hR(t)i, predicted by the Lifshitz–Slyzov–Wagner (LSW) [39,40] model
for coarsening, see below. Monzen et al. [41,42] studied an
Fe–1.5 wt.% Cu alloy at temperatures between 600 and
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750 °C and also reported good agreement with the t1/3
power-law for hR(t)i. These authors also reported that
the kinetics of the matrix supersaturation, followed using
electrical resistivity measurements, obey the t1/3 powerlaw, as predicted by the LSW model. Soisson et al. [27]
studied, by lattice kinetic Monte Carlo simulations, a binary Fe–1.34 at.% Cu alloy aged between 300 and 500 °C;
they reported a t1/3 dependency for hR(t)i. Recently, investigations by Isheim et al. [37] described the temporal evolution of hR(t)i, number density, NV(t), and concentration
proﬁles for a multicomponent Fe–Cu-based steel.
The LSW model describes mean-ﬁeld diﬀusion-limited
coarsening of precipitates in dilute binary alloys [43,44].
The asymptotic solutions of the LSW model [39,40]
predict:
hRðtÞi  hRðt0 Þi / t1=3 ;

ð1Þ

ral evolution of the precipitate core and precipitate/a-Fe
matrix heterophase interface compositions in detail. The
power-law time exponents are experimentally determined
for hR(t)i, NV(t) and DC mat:
ðtÞ. Additionally, we determine
i
the exponents for the precipitate (ppt.) core,
DC ppt:
ðtÞ ¼ j½hC ppt:
ðtÞi  C ippt:;eq: ð1Þj, and heterophase
i
i
int:
interfacial
region
(int.),
DC int:
i ðtÞ ¼ j½hC i ðtÞi
int:;eq:
Ci
ð1Þj, supersaturations of an element i at time t,
where C ji ðtÞ is the concentration as a function of time and
C j:eq:
ð1Þ is the equilibrium concentration for phase j
i
(j = mat., ppt., or int.). The results obtained are compared
to predictions of the UO model [45] and to earlier investigations for coarsening in binary Fe–Cu alloys [14,27,41,42].
Furthermore, we discuss the equilibrium morphology of
the precipitates and delineate the formation of a Ni–Al–
Mn phase at the Cu-rich precipitate and a-Fe matrix
interfaces.

where t is time and hR(t0)i is the mean radius at the onset of
quasi-stationary coarsening, where t0 is greater than zero.
The model also predicts:

2. Experimental methods

N V ðtÞ  N V ðt0 Þ / t1 ;

2.1. Material details

ð2Þ

where NV(t0) is the number density at the onset of coarsening, and:
DC mat:
ðtÞ ¼ j½hC mat:;ff
ðtÞi  C mat:;eq:
ð1Þj / t1=3 ;
i
i
i
DC mat:
ðtÞ
i

ð3Þ

where
is the matrix (mat.) supersaturation of an
element i at time t between the far-ﬁeld concentration of
element i, hC mat:;ff
ðtÞi, and equilibrium concentration,
i
C mat:;eq:
ð1Þ.
The
assumptions
of the LSW model are: (1)
i
the linearized Gibbs–Thompson equation is valid; (2) the
precipitate volume fraction is essentially zero; (3) the diﬀusion ﬁelds of the precipitates do not overlap; (4) dilute solution theory applies; (5) no elastic interactions occur among
the precipitates; (6) the precipitates have a spherical morphology; (7) the precipitates form and coarsen with the
composition given by the equilibrium phase diagram; (8)
the evaporation–condensation mechanism is implicit in
the model; and (9) the system is in the stationary state,
which is obtained from the asymptotic solutions at inﬁnite
time. The Umantsev–Olson (UO) model [45] extends the
LSW model from binary to multicomponent alloys,
employing the same assumptions excluding that the alloy
is a dilute solution and the precipitating phase has a volume fraction of zero. It predicts the same time exponents
as the LSW model albeit with diﬀerent rate constants.
And, ﬁnally, Kuehmann and Voorhees (KV) [46] have analyzed ternary alloys in signiﬁcantly greater detail.
The focus of this investigation is the nucleation (to a
limited extent), growth and coarsening of the Cu-rich precipitates in a concentrated multicomponent Fe–Cu-based
steel containing 1.82 at.% Cu. This steel is being studied
as part of a program to develop an explosion-resistant steel
for the US Navy [1,47,48]. The temporal evolution of the
morphologies and compositions of the Cu-rich precipitates,
from the as-quenched condition to 1024 h, when aged at
500 °C, is studied utilizing APT [49]. We discuss the tempo-

A 45.5 kg (100 lb) steel heat was vacuum induction
melted and cast at ArcelorMittal Steel Global Research
& Development, East Chicago, IN. The heat was reheated
to approximately 1150 °C and hot-rolled in multiple passes
to a thickness of 12.5 mm and then air-cooled to room temperature. The ﬁnal hot-rolling temperature was approximately 900 °C. The bulk composition of the steel,
determined by spectrographic analysis at ArcelorMittal
Steel Global Research & Development, is presented in
Table 1. We denote this steel NUCu-1701 (170 designates
the yield strength in ksi); details regarding the development
of the NUCu series of steels can be found in Ref. [1]. The
plates were trimmed and cut into rods 12.5  12.5 mm 
250 mm and solutionized at 900 °C for 1 h and then
quenched into water at 25 °C. Material (12.5 mm 
12.5 mm  25 mm blocks) for hardness testing and APT
were aged at 500 °C for 0.25, 1, 4, 16, 64, 256 or 1024 h
and subsequently quenched into water at 25 °C.
2.2. Vickers microhardness
Sections were cold mounted in acrylic and polished
utilizing standard metallographic procedures to a ﬁnal
surface ﬁnish of 1 lm for hardness testing. Hardness testing was performed in accordance with ASTM standards
(ASTM E 384-99) using a Buehler Micromet II microhardness tester with a Vickers microhardness indenter,
a load of 500 g and a testing time of 15 s. The reported
microhardness values are derived from 10 measurements
on each specimen.

1
The term NUCu stands for Northwestern University copper alloyed
steel.
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Table 1
Nominal composition of high-strength low-carbon Fe–Cu-based steel

wt.%
at.%

Cu

C

Al

Ni

Si

Mn

Nb

P

S

2.09
1.82

0.045
0.209

0.68
1.38

2.83
2.67

0.51
1.00

0.50
0.51

0.065
0.038

0.010
0.018

0.003
0.005

Balance is Fe.

2.3. Atom-probe tomography
The steel blocks were further reduced to 0.3 mm 
12.5 mm  25 mm coupons, cut from the center, utilizing
an abrasive saw. The APT tip blanks (0.3 mm  0.3 mm 
25 mm) were mechanically cut from the coupons and electropolished using standard techniques [49,50]. Initial polishing was performed with a solution of 10 vol.%
perchloric acid in acetic acid at 15–10 V DC at room temperature. This was followed by a manually controlled
pulsed ﬁnal-polishing step using a solution of 2 vol.%
perchloric acid in butoxyethanol at 10–5 V DC at room
temperature, producing a tip with a radius <50 nm.
LEAPTM tomography [51,52] was performed at a specimen
temperature of 50 K under ultrahigh vacuum (UHV)
conditions of 1  108 Pa (7.5  1011 torr). The pulse
repetition rate was 2  105 Hz and the pulse-voltageto-standing-DC voltage ratio (pulse fraction) was 15–20%.
Visualization and reconstruction of the APT data is performed using the Imago Visualization and Analysis Software (IVASTM) package. The precipitates are identiﬁed
utilizing an isoconcentration surface methodology [53] with
the threshold concentration set at 10 at.% Cu, which gives
morphologically and compositionally stable results. The
parameters chosen to obtain noise-free isoconcentration
surfaces are a voxel size of 1 nm, a delocalization distance
of 4 nm, a sample count threshold of 5%, and a polygon ﬁlter level of 10–20.
Concentration proﬁles with respect to distance from the
reference isoconcentration surfaces are obtained utilizing
the proximity histogram (proxigram for short) with a bin
width of 0.25 nm [54]. The ±2r standard deviations for
the reported concentrations are given by counting
statistics:
sﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
ci ð1  ci Þ
r¼
;
ð4Þ
N TOT
where ci is the atomic fraction of an element i in a bin and
NTOT is the total number of ions in a bin.
The spherical volume equivalent radius, R, of a precipitate [55] is given by:

1
3 N atoms 3
;
ð5Þ
R¼
4p qth g
where Natoms is the number of atoms detected within a
delineated precipitate, qth, is the theoretical atomic density,
which is equal to 84.3 atoms nm3 for this steel, and g is
the estimated detection eﬃciency of 0.5 of the multichannel
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plate detector. The value of Natoms belonging to a precipitate is determined from the envelope method [49,56], based
on a maximum separation distance, dmax, of 0.5–0.6 nm, a
minimum number of solute atoms, Nmin, of 11–100 Cu
atoms (depending on the aging time), and a grid spacing
of 0.2 nm. The details regarding selection of values for
the parameters utilized in the envelope method for this steel
can be found in Ref. [55].
The radial distribution function (RDF) [57], with respect
to Cu for this steel, is deﬁned as the average concentration
of an element i at a distance r from the Cu atoms, hC Cu
i ðrÞi,
normalized to the overall concentration of the element i,
C oi , in the alloy:
RDF ¼

N Cu
hC Cu
1 X
N ki ðrÞ
i ðrÞi
;
¼ o
o
Ci
C i k¼1 N ktot ðrÞ

ð6Þ

where N ki ðrÞ is the number of i atoms in a radial shell
around the kth Cu atom at a distance r, and N ktot ðrÞ is the
total number of atoms within the shell at a distance r.
The partial RDFs are calculated using 0.01 nm increments
from 0.2 to 1.0 nm. Only the partial RDFs for r P 0.2 nm
are displayed, as the physical interpretation at smaller r
values is diﬃcult due to possible ion trajectory eﬀects.
The results are smoothed by a weighted moving average
using a Gaussian-type spline function [53]. Radial distribution function values >1 imply a positive correlation with
Cu atoms, whereas values <1 imply a negative correlation
with Cu atoms. A value of unity indicates a random distribution of element i with respect to Cu. Greater detail
regarding the RDF can be found in Refs. [57,58]. The partial RDF is utilized to evaluate any potential clustering, in
the as-quenched specimen, with a greater degree of sensitivity than the isoconcentration surface [53] or envelope
[49,56] methodologies.
2.4. Transmission electron microscopy
Specimens for conventional transmission electron
microscopy (TEM) were mechanically cut from the
0.3 mm  12.3 mm  25 mm coupons aged for 1024 h.
The 3 mm foils were then mechanically ground to a thickness of approximately 150 lm and subsequently twin-jet
electropolished in a solution of 5 vol.% perchloric acid in
methanol at 60 °C and 15 V. The specimen perforations
were further thinned utilizing ion-beam thinning (IBT) at
3.0 kV and 3.5 mA. The specimens were examined in a Hitachi H-8100 transmission electron microscope operating at
200 kV.
3. Results
3.1. Temporal evolution of the morphology
Fig. 1 displays the Vickers microhardness (VHN) as
function of aging time. This ﬁgure demonstrates that a signiﬁcant increase in hardness is attainable when the steel is
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Fig. 1. Vickers microhardness (VHN) as a function of aging time (h) when
the NUCu-170 steel is aged at 500 °C. A plateau of 395 VHN is seen
between 2 and 16 h.

aged at 500 °C. Prior to 2 h of aging the steel is under-aged.
From 2 to 16 h of aging the microhardness reaches a plateau of approximately 395 VHN. The observed hardness
plateau is a result of diﬀerent nucleation and growth rates
of the Cu-rich and NbC precipitates [59,60] present within
the steel and is consistent with earlier observations on
NUCu steels containing 1.13–1.20 at.% Cu [1]. At 64 h
of aging the microhardness decreases to 384.0 ±
8.7 VHN, indicating the steel is over-aged. Aging for times
greater than 64 h results in further reduction of hardness,
reaching a value of 310.9 ± 6.1 VHN at 1024 h. Other
researchers have reported aging times ranging from 1.94
to 10 h to achieve peak hardness in model Fe–Cu-based
alloys containing between 1.1 and 1.5 at.%. Cu, when aged
at 500 °C [7,10,12,13,20,24,30,61,62].
Evolution of the Cu-rich precipitate morphology is seen
qualitatively in Fig. 2a–g, which depict 10  10  30 nm3
(3000 nm3) subsets of an analyzed volume for each aging
time studied, containing approximately 130,000 atoms.
These ﬁgures illustrate that the precipitates, which are
delineated with 10 at.% Cu isoconcentration surfaces, grow
and coarsen with increasing aging time. The precipitates
are initially spheroidal and become more ellipsoidal or
rod-like at 1024 h of aging, although, as discussed below,
not all precipitates at 1024 h have a rod-like morphology.
A representative Cu-rich precipitate for a 1 h aging time
is presented in Fig. 3a. In Fig. 3a–c the Cu atoms are
orange,2 the Ni atoms are green, the Al atoms are teal,
the Mn atoms are mustard, and the Fe atoms are blue,
2
For interpretation to color in Fig. 3, the reader is referred to the web
version of this article.

Fig. 2. Copper-rich precipitates as delineated by 10 at.% Cu isoconcentration surfaces, when the steel is aged at 500 °C for: (a) 0.25 h; (b) 1 h; (c)
4 h; (d) 16 h; (e) 64 h; (f) 256 h; (g) 1024 h. Each reconstruction,
10  10  30 nm3 (3000 nm3), is a subset of an analyzed volume and
contains approximately 130,000 atoms.

and the Si atoms are gray. The distribution of Ni, Al and
Mn atoms adjacent to the Cu atoms, at the precipitate/aFe matrix heterophase interface, is illustrated. The segregation is more pronounced on one side of the precipitate.
Other precipitates for this aging time exhibit similar segregation and this observation is consistent with previously
reported results in similar concentrated multicomponent
steels [36–38]. A representative precipitate for the 4 h aging
time is displayed in Fig. 3b. The observed Ni, Al and Mn
segregation is similar to that observed at 1 h, which is discussed in detail below. We observe similar segregation
behavior for Ni, Al and Mn in other precipitates at this

R. Prakash Kolli, D.N. Seidman / Acta Materialia 56 (2008) 2073–2088

2077

Fig. 3. Three-dimensional atom-probe tomographic reconstructions of representative precipitates in the (a) 1 h, (b) 4 h and (c) 1024 h aged conditions.
The precipitate presented in (c) is of rod-like morphology. The Cu, Ni, Al and Mn atoms are shown as spheres (not to scale), allowing visualization of the
precipitates and heterophase interfaces. Only 20% of the Fe and 50% of the Cu, Ni, Al, and Mn atoms are shown in (c) for clarity.

aging state. The precipitate displayed in Fig. 2g, 1024 h of
aging, is larger than the cross-sectional area employed, and
extends beyond the boundaries of the volume displayed.
The exact same precipitate is presented in Fig. 3c. The precipitate has a rod-like morphology consisting almost
entirely of Cu atoms in its core and is partially surrounded
by Ni, Al and Mn atoms, where the observed segregation is
greater qualitatively than for the 4 h aged state, see below.
The segregation of the elements Ni, Al and Mn is not uniform around the Cu atoms in the core of the precipitate.
Unlike for the 1 and 4 h aging conditions, the observed segregation occurs predominantly on two sides of this precipitate. Not all precipitates at this aging time possess the
same morphology presented in Figs. 2g and 3c. Other precipitates exhibit a more spheroidal morphology with Ni, Al
and Mn segregating toward one side of the Cu-rich core
(Fig. 4).
3.1.1. Nucleation and growth
We do not ﬁnd any evidence of precipitation within the
matrix in the as-quenched state utilizing the isoconcentration surface methodology [53] with the designated parameters. Reduction of the threshold concentration to values as
small as the bulk Cu concentration does not aﬀect the
observed result. We also do not ﬁnd any evidence of precipitation utilizing the envelope method [49,56] with the designated parameters and the methodology described in Ref.
[55]. The steel, when in the supersaturated state, exhibits
some evidence of forming metastable clusters (embryos).
Utilizing the same value for dmax and setting Nmin = 3 Cu
atoms gives 813 clusters (embryos) containing 3–20 Cu
atoms. The majority of clusters (embryos), 801, contain less
than 11 Cu atoms, suggesting they are metastable clusters
(embryos). The larger agglomerations are possibly stable
clusters, i.e. early-stage stable nuclei.
To further evaluate this steel in the as-quenched state, an
experimental partial RDF, determined by Eq. (6) and presented in Fig. 5a–f, is utilized. The 1st–6th nearest-neighbor
(NN) distances and NN numbers for body-centered cubic
(bcc) a-Fe are given on the top abscissa. These ﬁgures illustrate that strong overall positive correlations exist for Cu–

Fig. 4. Three-dimensional atom-probe tomographic reconstruction of a
spheroidal shaped precipitate found in the 1024 h aged condition. The Cu,
Ni, Al and Mn atoms are shown as spheres (not to scale) allowing
visualization of the precipitates and heterophase interfaces. Only 20% of
the Fe and 50% of the Cu, Ni, Al and Mn atoms are shown for clarity.

Cu (Fig. 5a), Cu–Al (Fig. 5d) and Cu–Si (Fig. 5f) atoms,
whereas a strong negative correlation exists for Cu–Mn
(Fig. 5e) atoms. The strong positive oscillation for Cu–Cu
between the second and third NN positions along with the
results of the envelope method suggests that the onset of
phase decomposition may occur as early as after solutionizing and quenching to room temperature. The slight negative
oscillation for Cu–Fe (Fig. 5b) is a minimum between the
ﬁrst and second NN positions, suggesting that Cu and Fe
are negatively correlated at this location. However, the
closeness of the partial RDF to unity indicates that Fe is
almost randomly distributed relative to Cu. The Cu–Ni partial RDF (Fig. 5c) demonstrates a weak overall negative correlation but the proximity of the partial RDF to unity
between the ﬁrst and second NN positions suggests a random distribution of Ni with respect to Cu.
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Fig. 5. Experimental partial radial distribution function (RDF) in the asquenched state for: (a) Cu–Cu atoms; (b) Cu–Fe atoms; (c) Cu–Ni atoms;
(d) Cu–Al atoms; (e) Cu–Mn atoms; and (f) Cu–Si atoms. Values of RDF
>1 indicate a positive correlation between atoms, whereas values of
RDF < 1 indicate a negative correlation between atoms; when the
RDF = 1 this indicates a random distribution. The 1st–6th nearest
neighbor (NN) distances and NN numbers for bcc Fe are indicated on the
top abscissa.

By 0.25 h, Cu-rich precipitates have formed within the
matrix (Fig. 2a) with hRi = 1.2 ± 0.1 nm (Fig. 6a), where
the error is given by standard error of the mean. At
0.25 h, NV = (5.2 ± 1.8)  1023 m3 (Fig. 6b) and the volume fraction, /, is equal to 0.3 ± 0.01%, where the
reported error is based on counting statistics for both
quantities. Further aging to 1 h results in a signiﬁcant
increase of NV(t) to (4.2 ± 0.5)  1024 m3, with
hRi = 1.5 ± 0.05 nm, and / equal to 3.6 ± 0.06%. The
increase in NV(t) occurs with a temporal dependency of
t2.7, in conjunction with a time exponent for hR(t)i equal
to 0.16, indicating that nucleation is occurring. The slowly
increasing value of hR(t)i indicates, however, that growth is
also occurring simultaneously.
3.1.2. Growth and coarsening
The quantity NV(t) reaches a maximum at 1 h of aging
and subsequently decreases indicating the onset of coarsening. The value of hR(t)i increases from 1.5 ± 0.05 nm at 1 h
to 6.5 ± 0.7 nm at 1024 h (Fig. 6a) and the temporal dependencies for hR(t)i are t0.16±0.01 from 1 to 64 h and t0.34±0.09

Fig. 6. The (a) mean precipitate radius, hR(t)i; and (b) number density,
NV(t), as a function of aging time for an aging temperature of 500 °C.

from 64 to 1024 h. Only from 64 h onwards is the time
exponent equal to that predicted by Eq. (1). The quantity
NV(t)
decreases
by
a
factor
of
56
to
(7.4 ± 0.5)  1022 m3 at 1024 h with / equal to
4.3 ± 0.06%. The temporal dependencies for NV(t) are
t0.45±0.03 from 1 to 64 h and t0.63±0.07 from 64 to
1024 h, which indicates coarsening is occurring slower than
that predicted by Eq. (2).
3.2. Temporal evolution of composition
The temporal evolution of the concentration proﬁles is
presented in Figs. 7 and 8a–c. The ﬁgures represent the
temporal evolution of the Cu, Fe, Ni, Al, Mn and Si proﬁles from the under-aged condition, 0.25 h (Fig. 7) and
1 h (Fig. 8a), to the peak yield strength aged condition,
4 h (Fig. 8b), and ﬁnally to the over-aged condition at
1024 h (Fig. 8c). These ﬁgures demonstrate clearly that
the composition of the matrix, precipitates and precipitate/a-Fe matrix heterophase interfaces are evolving temporally. The observed segregation of Ni, Al and Mn is
non-monotonic (conﬁned), whereas the observed segregation of Cu, Fe and Si is monotonic (non-conﬁned).
3.2.1. Far-ﬁeld matrix compositions
In this investigation the plateau points [63] within the
matrix (far-ﬁeld) yield the a-Fe matrix concentrations
(Table 2), where the plateau region of the proxigram is
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phase interface and with ±2r < 0.4 at.%, are included.
The concentration of Cu decreases in the a-Fe matrix,
reaching a value of 0.2 ± 0.01 at.% at 1024 h of aging.
The concentrations of Ni, Al and Mn in the a-Fe matrix
also decrease with prolonged aging time. The concentrations of Si and Fe increase in the a-Fe matrix with increasing aging time, which becomes enriched in these elements at
1024 h. Niobium is not detected within the a-Fe matrix,
with the exception of the 1 h aged state, while C is detected
at a reduced concentration when compared to its nominal
value. In the NUCu steels Nb is not normally detected
by APT due to the existence of NbC precipitates at a smaller number density (61022 m3) than the Cu-rich precipitates [1,59,60]. In the 1 h aged state the presence of a
single NbC precipitate at the boundary of an analyzed volume gives the measured Nb concentration. Similarly, C is
detected at lower concentrations within the matrix due to
the presence of NbC precipitates, cementite (Fe3C) [37]
and segregation at grain boundaries [37].
Fig. 7. Proxigram concentration proﬁles (at.%) for Cu, Fe, Al, Si and Mn,
when the steel is aged at 500 °C for 0.25 h. The dotted vertical line
corresponds to the a-Fe matrix/precipitate heterophase interface.

delineated by utilizing the Fe concentration proﬁles as a
ﬁducial marker. Only data points within the ﬂat region of
the proﬁle, a minimum of 1.5 nm away from the hetero-

3.2.2. Composition of the Cu-rich precipitates
At 0.25 h of aging the precipitate cores are Cu-rich
(46.7 ± 4.3 at.%) but also contain signiﬁcant concentrations of Fe, Ni and Al, and smaller quantities of Si and
Mn (Table 3). At 1 h of aging the precipitate cores are also
Cu-rich (44.6 ± 3.1 at.%) but still contain signiﬁcant

Fig. 8. Proxigram concentration proﬁles (at.%) for Cu, Fe, Ni, Al, Si and Mn, when the steel is aged at 500 °C, for (a) 1 h, (b) 4 h and (c) 1024 h. The
dotted vertical lines indicate the a-Fe matrix/precipitate heterophase interface.
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Table 2
Composition in at.% of the a-Fe matrix of the specimens aged at 500 °C as determined by atom-probe tomography

0.25 h
1h
4h
16 h
64 h
256 h
1024 h

Cu

C

Al

Ni

Si

Mn

Fe

Nb

1.6 ± 0.02
0.6 ± 0.01
0.4 ± 0.07
0.5 ± 0.2
0.3 ± 0.3
0.3 ± 0.1
0.2 ± 0.01

0.04 ± 0.004
0.06 ± 0.004
ND
0.05 ± 0.05
0.01 ± 0.01
0.008 ± 0.002
0.03 ± 0.002

1.4 ± 0.02
0.9 ± 0.02
0.8 ± 0.2
0.9 ± 0.2
0.8 ± 0.5
0.7 ± 0.2
0.7 ± 0.01

2.6 ± 0.03
2.9 ± 0.03
2.8 ± 0.4
2.6 ± 0.4
2.0 ± 0.7
2.4 ± 0.3
2.3 ± 0.02

1.1 ± 0.01
1.1 ± 0.02
1.0 ± 0.2
1.2 ± 0.2
1.1 ± 0.6
1.3 ± 0.2
1.3 ± 0.02

0.4 ± 0.01
0.4 ± 0.01
0.5 ± 0.2
0.3 ± 0.1
0.4 ± 0.3
0.4 ± 0.1
0.3 ± 0.01

92.9 ± 0.01
93.8 ± 0.04
94.4 ± 0.5
94.4 ± 0.5
95.4 ± 1.1
94.9 ± 0.5
95.1 ± 0.04

ND
0.007 ± 0.001
ND
ND
ND
ND
ND

ND = Not detected.

Table 3
Composition in at.% of the Cu-rich precipitate cores of the specimens aged at 500 °C as determined by atom-probe tomography

0.25 h
1h
4h
16 h
64 h
256 h
1024 h

Cu

C

Al

Ni

Si

Mn

Fe

Nb

46.7 ± 4.3
44.6 ± 3.1
53.5 ± 2.3
66.0 ± 1.8
88.4 ± 1.7
78.3 ± 3.0
97.1 ± 0.8

0.2 ± 0.2
0.1 ± 0.1
ND
ND
ND
0.1 ± 0.1
ND

7.4 ± 2.2
6.6 ± 1.7
11.3 ± 1.5
9.8 ± 1.1
1.6 ± 0.7
4.7 ± 1.5
1.2 ± 0.4

4.5 ± 1.8
8.1 ± 1.7
5.4 ± 1.1
14.8 ± 1.4
2.5 ± 0.8
8.9 ± 2.0
0.7 ± 0.4

0.9 ± 0.8
1.0 ± 0.6
0.6 ± 0.4
0.4 ± 0.3
0.1 ± 0.1
0.1 ± 0.1
0

0.6 ± 0.6
1.5 ± 0.8
1.5 ± 0.6
1.1 ± 0.4
1.1 ± 0.6
2.3 ± 1.1
0.8 ± 0.4

39.9 ± 4.2
38.3 ± 3.1
27.6 ± 2.1
14.8 ± 1.4
6.3 ± 1.3
5.5 ± 1.6
0.3 ± 0.2

ND
ND
ND
ND
ND
ND
ND

ND = Not detected.

amounts of Fe, Ni, Al, Mn and Si. As aging progresses, the
Cu concentration within the cores increases to
53.5 ± 2.3 at.% at 4 h and achieves a value of
97.1 ± 0.8 at.% at 1024 h. Concomitantly, the concentrations of Fe and Si decrease, reaching a value of
0.3 ± 0.2 at.% and zero, respectively, at 1024 h. The concentrations of Ni, Al and Mn within the cores have a more
complicated behavior, which is discussed below. Prior to
1024 h, however, all three elements are found enhanced
within the cores at the aging times studied. At 1024 h the
cores are depleted in Ni (0.7 ± 0.4 at.%) and Al
(1.2 ± 0.4 at.%), relative to their nominal concentrations,
whereas Mn is enriched (0.8 ± 0.4 at.%). Carbon and Nb
are not found within the precipitate cores, within the prescribed experimental uncertainty.
3.2.3. Composition of precipitate/a-Fe matrix heterophase
interfaces
The composition of the precipitate/a-Fe matrix heterophase interfaces is also illustrated in Figs. 7 and 8a–c.
The heterophase interfacial region, at as early as 0.25 h

of aging, is enriched in Cu, Ni, Al and Mn but is depleted
in Fe (Table 4). The Ni peak concentration (8.3 ± 1.8 at.%)
is located at a distance of 0.875 nm close to the Mn peak
concentration (1.3 ± 0.5 at.%), which is found at a distance
of 0.625 nm. The Al peak concentration (13.5 ± 7.2 at.%) is
located toward the center of the precipitate at 1.375 nm. At
1 h, the Ni (9.9 ± 0.5 at.%) and Mn (1.5 ± 0.2 at.%) peak
concentrations are located at a distance of 0.375 nm,
whereas the Al peak concentration (7.1 ± 1.7 at.%) is
found closer to the center of the precipitate at a distance
of 1.375 nm. At 4 h the Ni (10.7 ± 0.3 at.%) and Mn
(1.7 ± 0.4 at.%) peak concentrations are co-located at a
distance of 0.625 nm, while the Al peak concentration
(12.2 ± 3.2 at.%) is at a distance of 1.625 nm. At 1024 h
of aging a distinct enhancement of Ni, Al and Mn is
observed at the heterophase interfaces, with peak concentrations of 22.1 ± 0.8 at.% Ni and 21.2 ± 0.8 at.% Al at a
distance of 0.875 nm and 3.3 ± 0.3 at.% Mn at a distance
of 0.625–0.875 nm. The evolution of the Ni, Al and Mn
concentrations within the heterophase interfaces is related
to that within the precipitate cores and is discussed below.

Table 4
Composition in at.% of the precipitate/a-Fe matrix heterophase interfaces of the specimens aged at 500 °C as determined by atom-probe tomography

0.25 h
1h
4h
16 h
64 h
256 h
1024 h

Cu

C

Al

Ni

Si

Mn

Fe

Nb

3.3 ± 0.1
5.0 ± 0.08
6.2 ± 0.2
8.7 ± 0.05
8.4 ± 0.06
10.4 ± 0.1
10.3 ± 0.08

0.05 ± 0.01
0.08 ± 0.01
ND
0.05 ± 0.004
0.02 ± 0.003
0.01 ± 0.004
0.04 ± 0.005

1.9 ± 0.08
2.5 ± 0.05
3.2 ± 0.1
5.2 ± 0.04
4.8 ± 0.05
6.6 ± 0.09
5.2 ± 0.06

3.1 ± 0.1
5.1 ± 0.07
5.1 ± 0.1
6.9 ± 0.05
6.1 ± 0.05
8.5 ± 0.1
6.5 ± 0.07

1.0 ± 0.06
1.1 ± 0.03
1.2 ± 0.07
1.2 ± 0.02
1.1 ± 0.02
1.3 ± 0.04
1.2 ± 0.03

0.5 ± 0.04
0.7 ± 0.03
0.8 ± 0.06
0.7 ± 0.02
0.9 ± 0.02
1.1 ± 0.04
1.0 ± 0.03

90.1 ± 0.04
85.1 ± 0.1
83.4 ± 0.3
77.1 ± 0.07
78.5 ± 0.09
72.0 ± 0.2
75.7 ± 0.1

ND
0.009 ± 0.003
ND
ND
ND
ND
ND

ND = Not detected.
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Silicon is also found within the heterophase interfacial
region at a slightly enhanced concentration of approximately 1.1–1.3 at.%. Niobium is not detected, with the
exception of the 1 h aged condition, while C is detected
at a reduced concentration when compared to its nominal
value.
3.2.4. Partitioning ratios
The temporal evolution of the partitioning ratio [55],
ppt:=mat:

ji

ðtÞ ¼ C ppt:
ðtÞ=C mat:;ff
ðtÞ;
i
i

ð7Þ

is displayed in Fig. 9. The standard error for ji is determined
by standard error propagation methods for the concentration errors [64]. This ﬁgure illustrates clearly that Cu partitions to the precipitates, whereas Fe and Si partition to the
matrix. The dashed line, beyond 256 h, for the Si ratio, represents the zero Si concentration within the precipitate core
at 1024 h of aging. Nickel, Al and Mn exhibit a more complicated behavior but slightly prefer the Cu-rich precipitate
phase from 0.25 to 256 h. At 1024 h Fig. 9 shows that Al
and Mn have a slight preference for the precipitate, whereas
Ni has a slight preference for the a-Fe matrix. The proximity
of all three elements, though, to the dashed line separating
precipitate and matrix phases indicates that the three elements partition to the interfacial region. The partitioning ratios for Ni and Mn exhibit similar trends from 0.25 to 16 h,
where they diverge slightly, whereas the proﬁles of Ni and Al
follow similar trends from 64 to 1024 h.
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Figs. 10–12. The equilibrium concentrations are obtained
by extrapolating the concentration of each element as a
function of (aging time)1/3 to inﬁnite time, analogous to
the procedure found in Ref. [65]. The experimentally determined equilibrium concentration values, the concentrations measured at 1024 h of aging, and those predicted by
Thermo-Calc are displayed in Table 5. The time exponents
for DC mat:
ðtÞ (Fig. 10a–c) are 0.23 ± 0.07 for Cu,
i
0.32 ± 0.06 for Fe, 0.25 ± 0.03 for Ni, 0.22 ± 0.09
for Al, 0.14 ± 0.14 for Mn, and 0.25 ± 0.13 for Si.
The time exponents for all elements, except Si, are derived
from aging times of 1 to 1024 h, while that of Si is from 1 to
64 h, since DC mat:
ðtÞ ¼ 0 at.%, is reached at 256 h for Si.
i
The time exponents for DC ppt:
ðtÞ (Fig. 11a–c) are
i
0.26 ± 0.06 for Cu, 0.37 ± 0.04 for Fe and
0.41 ± 0.05 for Si. The exponents for Cu and Fe are
derived for aging times of 1–1024 h, while the exponent
for Si is for aging times of 1–256 h. The equilibrium concentration of Si is 0 at.%, which is reached at 1024 h.
The time exponents for DC int:
i ðtÞ (Fig. 12a–c) are
0.16 ± 0.12 for Ni, 0.30 ± 0.07 for Al and 0.20 ±
0.09 for Mn, where the exponents are derived for aging
times of 1–1024 h.

3.2.5. Coarsening kinetics
The matrix, precipitate core and precipitate/a-Fe matrix
heterophase interface supersaturations are displayed in

Fig. 9. Partitioning ratios, jppt:=mat:
ðtÞ, of the concentrated multicompoi
nent Fe–Cu steel as a function of aging time, when aged at 500 °C, from
0.25 to 1024 h. The horizontal dashed line indicates the division between
the precipitate and matrix phases. The dashed arrow for the Si ratio
represents the zero Si concentration within the precipitate at 1024 h.

Fig. 10. Double logarithmic plots of matrix supersaturations, DC mat:
ðtÞ, as
i
a function of aging time, when aged at 500 °C, for (a) Cu and Fe; (b) Ni
and Al; and (c) Mn and Si. The slopes of the plots yield the coarsening
time exponents for each element.
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Fig. 11. Double logarithmic plots of the supersaturations in the Cu-rich
precipitates cores, DC ppt:
ðtÞ, as a function of aging time, when aged at
i
500 °C, for (a) Cu, (b) Fe and (c) Si. The slopes of the plots yield the
coarsening time exponents for each element.

Fig. 12. Double logarithmic plots of the supersaturations in the heterophase interfaces, DC int:
i ðtÞ, as a function of aging time, when aged at
500 °C, for (a) Ni, (b) Al and (c) Mn. The slopes of the plots yield the
coarsening time exponents for each element.

4. Discussion
edge, the ﬁrst report of such a structure. Transmission electron microscopy observations of the 1024 h aged condition
conﬁrm the rod-like morphology of the precipitates
(Fig. 13). The precipitates orient along the
[1 1 0]Cuk[1 1 1]aFe(1 1 1)Cuk(1 1 0)aFe direction, which is
the Kurdjumov–Sachs relationship, and is consistent with
earlier observations for binary Fe–Cu alloys [13,14,16,20,
41,42].
The equilibrium morphology of a precipitate is determined by the balance between elastic and interfacial ener-

4.1. Morphology
The morphologies observed by APT in this investigation
are consistent with earlier TEM studies, which show that
the bcc Cu ? 9R Cu ? 3R Cu ? fcc e-Cu phase changes
are accompanied by a change from a spheroidal morphology to an ellipsoidal or rod-like morphology [13–16]. Our
observation of a rod-like morphology, by APT, in our
over-aged Fe–Cu alloy system is, to the best of our knowl-

Table 5
Extrapolated to inﬁnite time equilibrium compositions of the Cu-rich precipitates, a-Fe matrix and heterophase interfaces compared to measured overall
composition at 1024 h and also calculated from Thermo-Calc
Cu

Al

Ni

Si

Mn

Fe

Extrapolated from
APT data to inﬁnite time

Precipitate
Interface
Matrix

100 ± 0.8
10.2 ± 0.2
0.2 ± 0.008

0.3 ± 0.2
6.1 ± 0.04
0.7 ± 0.001

0.3 ± 0.2
7.1 ± 0.04
2.2 ± 0.02

0.1 ± 0.1
1.2 ± 0.04
1.3 ± 0.02

0.9 ± 0.2
1.0 ± 0.02
0.3 ± 0.008

0
74.3 ± 0.3
95.2 ± 0.001

Measured from
specimens aged 1024 h

Precipitate
Interface
Matrix

97.1 ± 0.8
10.3 ± 0.08
0.2 ± 0.01

1.2 ± 0.4
5.2 ± 0.06
0.7 ± 0.01

0.7 ± 0.4
6.5 ± 0.07
2.3 ± 0.02

0
1.2 ± 0.03
1.3 ± 0.02

0.8 ± 0.4
1.0 ± 0.03
0.3 ± 0.01

0.3 ± 0.2
75.7 ± 0.1
95.1 ± 0.04

Calculated from
Thermo-Calc and
SGTE solution database

Precipitate (bcc)
Precipitate (fcc)
Interface
Matrix

94.2
43.3
–
0.1

4.7
2.8
–
1.4

0.3
28.2
–
2.2

0
0
–
1.0

0.6
8.5
–
0.3

0.3
17.2
–
94.9
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Fig. 13. Bright-ﬁeld TEM micrograph of the steel when aged at 500 °C for
1024 h. The precipitates are aligned along the Kurdjumov–Sachs orientation: [1 1 0]Cuk[1 1 1]a–Fe(1 1 1)Cuk(1 1 0)a–Fe.

gies [43]. Thompson et al. [66] have introduced the L
parameter, which represents the equilibrium energy state
of a precipitate, and is given by:
L¼

d2 C 44 l
;
rppt:=mat:

ð8Þ

where d is the lattice misﬁt, C44 is an elastic shear modulus,
l is a characteristic dimension of the precipitate, and
rppt./mat. is the precipitate/matrix interfacial free energy.
For the purpose of calculating the L parameter we utilize
initially values for d, C44 and rppt./mat. for a binary Fe–
Cu alloy. The quantity dfcc-Cu/bcc-Fe is equal to 0.231 where
the lattice parameter, a0, is equal to 0.3611 nm for Cu (fcc)
and 0.28665 nm for a-Fe (bcc) [67]. The remaining quantities are C fcc-Cu
¼ 75 Gpa [67], which is also approximately
44
the mid-point for the range of reported experimental and
simulated values [31,67,68], l = 13 nm, and rppt./mat. 
600 mJ m2 [8], where we assume rppt./mat. is isotropic.
Eq. (8) yields L = 87, which suggests an equilibrium
morphology controlled solely by the elastic energy. Other
reported values for rppt./mat. yield similar results. Ludwig
et al. [33] report a value of rppt./mat. = 245 mJ m2 for the
sides of a cylindrical precipitate, which gives L = 212.
Speich and Oriani [14] estimate a value of rppt./mat. =
466 mJ m2 for the ends of a rod-shaped precipitate, which
gives L = 112. Monzen et al. [41] report a value of
rppt./mat. = 1100 mJ m2 for the ends of a rod-shaped precipitate, which gives L = 47. Lee et al. [69] have shown,
however, that the equilibrium morphology of precipitates
that are elastically softer than the matrix, such as Cu
(fcc) precipitates within an a-Fe (bcc) matrix
(C bcc-Fe
¼ 116 GPa [67] or C bcc-Fe
¼ 101 GPa [31]), is a
44
44
platelet, irrespective of elastic anisotropy and orientation
relationship. The experimentally observed precipitates
possess the twofold symmetry of platelets but also have
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rounded edges and ellipsoidal bodies, which suggests that
both elastic and interfacial energy aﬀect the equilibrium
morphology. The diﬀerences between our observations
and the results of Eq. (8) are partially attributed to an
uncertain interfacial energy, which is greater than the
reported values, and is also aﬀected by the formation of
a Ni–Al–Mn shell, which is discussed below. Aging beyond
1024 h or at higher temperatures may result in a platelet
morphology. Other researchers, however, did not observe
platelet morphologies in binary Fe–Cu alloys when aging
at 500–700 °C for 1000 h [13], or at 730–830 °C for 300 h
[14], and at 550 °C for 1000 h [16].
An additional consideration is that the L parameter
assumes the same elastic constants for the precipitate and
matrix phases, which is not the case for a Cu (fcc) precipis greater than
itate in an a-Fe (bcc) matrix. Since C bcc-Fe
44
C fcc-Cu
[67], the diﬀerence in elastic constants cannot alone
44
account for the disparity between our observations and the
results of Eq. (8). The precipitates, however, are more complicated than a pure binary phase interface. The formation
of a Ni–Al–Mn shell also aﬀects the elastic constants and
lattice misﬁt of the Cu-rich precipitates. For the purpose
of calculating L we utilize the values of d, C44 and
rppt./mat. for a binary equiatomic NiAl (B2 structure). For
NiAl (B2 structure), a0 = 0.2887 nm [70], yielding
dB2-NiAl/bcc-Fe = 0.0071. The quantity C B2-NiAl
¼ 114:7 Gpa
44
[71], which is also approximately the mid-point for the
range of reported experimental values [72,73]. Since the
interfacial energy of NiAl in a-Fe is unknown we utilize initially the surface energy of NiAl, rppt./mat. ﬃ 1850 mJ m2
[70,74], where we assume rppt./mat. is isotropic. Since
approximately 50% of the Ni and Al bonds at a surface
are free, this estimate represents an upper bound for
rppt./mat.. Eq. (8) yields L = 0.056, which suggests an
equilibrium morphology controlled solely by interfacial
energy. A smaller value for rppt./mat. would result in a larger
L value, but assuming linearity, a 50% reduction in
rppt./mat. would still yield an equilibrium morphology
controlled by interfacial energy.
Clearly, both elastic and interfacial energy contribute to
the equilibrium morphology of the precipitates. The ends
of the rod-like precipitates are dominated by elastic energy,
whereas the sides are controlled by interfacial energy, which
is where the Ni, Al and Mn segregation is predominantly
found. Other researchers have attributed the rod-like morphology of Cu precipitates in Fe–Cu-based alloys to minimization of elastic strain energy [13] or anisotropy of interfacial
energy [14]. This morphology has been attributed to shear
associated with partial dislocations producing an invariant
plane-strain transformation to the 3R structure from the
9R structure, followed by relaxation to the fcc structure by
diﬀusional growth to minimize interfacial energy [16].
4.2. Coarsening kinetics
Our experimental results indicate nucleation is occurring
prior to 0.25 h, nucleation and growth from 0.25 to 1 h,
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followed by a transition, and subsequently, after 64 h, an
increasing proportion of growth and coarsening. A timelaw exponent of 1/2, for diﬀusion-controlled growth
[43,75], however, is not observed, contrary to earlier investigations by TEM [13] and APFIM [6] in model binary Fe–
Cu alloys. Assuming coarsening starts at 64 h gives a temporal dependency of t0.34±0.09 for hR(t)i, which is in
approximate agreement with the UO model value of 1/3
and indicates a diﬀusion-limited coarsening mechanism.
Assuming coarsening starts at 64 h gives a temporal dependency for NV(t) of t0.63±0.07, which is not in agreement
with the UO model prediction of 1 and indicates a slower
coarsening rate and an admixture of growth and
coarsening.
Our results diﬀer from those reported by Speich and
Oriani [14] and Monzen et al. [41,42], who report good
agreement for the t1/3 power-law for hR(t)i to aging times
of 300 h. The alloys in their studies are binary Fe–Cu
and ternary Fe–Cu–Ni carbon–free alloys, respectively,
which can account for the diﬀerences with our results.
Additionally, the aging temperatures in Ref. [14] were
between 730 and 830 °C, and those in Refs. [41,42] were
between 600 and 750 °C, which is signiﬁcantly greater than
the 500 °C we employed. At the reported temperatures
quasi-stationary state coarsening would be achieved more
rapidly than at 500 °C. Our results also diﬀer from the lattice kinetic Monte Carlo simulations of Soisson et al. [27]
who obtained a t1/3 dependency for hR(t)i in a binary
Fe–1.34 at.% Cu alloy aged at 300 and 500 °C. Their simulations, however, did not include elastic strain eﬀects,
which can have a signiﬁcant eﬀect on growth and coarsening at longer aging times in a Fe–Cu system.
The time exponents for hR(t)i from 1 to 64 h are closer
to the 1/6 to 1/4 values predicted for the cluster–diﬀusion–
coagulation coarsening mechanism [43]. The recent observations of Sudbrack et al. [76] and Mao et al. [77] on a
model Ni–Al–Cr superalloy indicate that precipitates following such a mechanism would form interconnected necks
with clearly delineated lattice planes. We do not, however,
observe interconnected necks with lattice planes employing
LEAPTM tomography, indicating that the cluster–diﬀusion–
coagulation mechanism is inoperative.
The experimentally determined time exponents for
DC mat:
ðtÞ, with the exception of Fe, do not satisfy the UO
i
model prediction of 1/3. The deviation from the model
value of the exponent for Si is possibly due to the rapid
approach of the Si matrix concentration to its equilibrium
value; Si is a comparatively fast diﬀusing element in a-Fe
(Table 6). The DC mat:
ðtÞ time exponents for Cu, Ni, Al and
i
Mn are aﬀected by the bcc Cu ? 9R Cu ? 3R Cu ? fcc eCu [13–16] phase changes of the precipitates and the formation of the Ni–Al–Mn shells. The time exponents for
DC ppt:
ðtÞ and DC int:
i
i ðtÞ are also aﬀected, but more signiﬁcantly, by the phase changes and formation of the Ni–Al–
Mn shell adjacent to the Cu-rich precipitate cores. Within
the heterophase interfaces (Fig. 12a–c) only the time exponent for Al is close to, but not exactly identical with, the

Table 6
Tracer diﬀusivities of Cu, Ni, Mn, Si and Al in a-Fe at 500 °C
Di (m2 s1)
Cu
Ni
Mn
Si
Al

21

1.9  10
3.4  1021
2.4  1020
5.5  1020
6.6  1020

Ref.
[78]
[79]
[80]
[81]
[82]

model prediction, which can possibly be ascribed to the relatively large diﬀusivity of Al in a-Fe (Table 6). The temporal
dependency for Mn is less than that of Al but greater than
that of Ni, which corresponds to the diﬀusivity of Mn, which
is slower than that of Al but faster than that of Ni (Table 6).
The phase changes aﬀect the solid solubility of Ni, Al and
Mn within the Cu-rich precipitates. For example, when the
precipitates are <2 nm in radius, which corresponds to the
bcc structure, the Mn concentration initially increases from
0.6 ± 0.6 at.% at 0.25 h to 1.5 ± 0.6 at.% at 4 h. The Mn
concentration subsequently decreases to 1.1 ± 0.6 at.% at
64 h of aging and then increases to 2.3 ± 1.1 at.% at 256 h,
before decreasing to 0.8 ± 0.4 at.% at 1024 h. At an aging
time of 1024 h the observed admixture of spheroidal and
rod-like precipitates indicates a 9R (spheroidal) and 3R or
fcc (ellipsoidal) precipitates. Our observations support the
recent phase-ﬁeld simulations of Koyama et al. [29]. Koyama et al. demonstrated that the Mn concentration increases
within the Cu-rich bcc precipitates, but upon transformation
to the fcc phase the Mn concentration decreases. The
authors did not report the eﬀect of the 9R and 3R phases
on Mn concentration.
Our results diﬀer from those of Monzen et al. [41,42],
who report agreement with the t1/3 power-law for the
kinetics of depletion of supersaturation within the a-Fe
matrix. The alloys in their studies are binary Fe–Cu and
ternary Fe–Cu–Ni carbon-free alloys and were aged
between 600 and 750 °C; these alloys should reach quasistationary state coarsening more rapidly than our more
complex alloy.
4.3. Composition of the Cu-rich precipitates
4.3.1. Precipitates less than 2 nm in radius
We measure a Fe concentration between 39.9 ± 4.2 and
27.6 ± 2.1 at.% when the Cu-rich precipitates are smaller
than 2 nm in radius (Fig. 6a), which corresponds to the bcc
structure [5,16,25]. This is consistent with observations in a
similar steel, with 1.17 at.% Cu, denoted NUCu-140-1 (140
designates the yield strength in ksi and 1 designates the experimental heat number), where the Fe concentration of the precipitates was measured to be 25 at.% near-peak hardness
[1]. Earlier atom-probe studies of Fe–Cu-based alloys, thermally aged at 500 °C, have also detected signiﬁcant Fe within
Cu-rich precipitates smaller than 2 nm in radius in both binary [8,9,30] and multicomponent [9,10,37] alloys. In contrast
to atom-probe measurements, SANS measurements infer,
based on several strong assumptions, an Fe concentration
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of <10 at.% [21,22]; Fine et al. [83] recently discuss the potential sources of the diﬀerences between atom-probe and SANS
measurements in binary Fe–Cu alloys. Furthermore, recent
ﬁrst-principles calculations by Liu et al. [31] predict that in
a binary Fe–Cu alloy, bcc precipitates with Cu concentrations greater than 50% are mechanically unstable at 0 K.
Although, strictly speaking, the argument of Ref. [31,83]
only applies to binary alloys, we also measure a Cu concentration ranging between 44.6 ± 3.1 and 53.5 ± 2.3 at.% when
the precipitates are <2 nm in radius. This is consistent with
earlier observations for binary [8] and multicomponent
[10,37] Fe–Cu-based alloys.
When the precipitates are <2 nm in radius they also contain quantities of Ni, Al, Mn and Si, which is consistent with
earlier atom-probe measurements of model ternary Fe–Cu–
Ni [9,10] and multicomponent [37] Fe–Cu-based alloys. The
recent phase-ﬁeld simulations of model quaternary Fe–Cu–
Ni–Mn alloys also illustrate Cu-rich precipitates containing
Ni and Mn at early (non-dimensionless time) stages of
phase decomposition [28,29]. Furthermore, the EXAFS
results of Pizzini et al. [25] demonstrate that the precipitates
retain a bcc structure longer in a model ternary alloy containing Ni, when compared to the binary Fe–Cu alloy.
Therefore, the presence of Fe and other alloying elements
may be mechanically stabilizing the bcc precipitates.
In the over-aged condition the precipitate cores are
enriched in Cu (97.1 ± 0.8 at.%), achieving an almost elemental concentration at 1024 h. This is consistent with earlier atom-probe and SANS investigations of both binary
[8,21,84] and ternary [9,10] Fe–Cu-based alloys.
4.3.2. Formation of Ni–Al–Mn shells
Nickel, Al and Mn are found enriched at the precipitate/
a-Fe matrix heterophase interfaces as early as 0.25 h of
aging (Fig. 7 and Table 4). The observed interfacial segregation becomes more pronounced with increasing aging
time, thereby forming a distinct shell containing Ni, Al
and Mn adjacent to the Cu-rich precipitate cores at
1024 h. Similar segregation has been observed experimentally and in simulations in over-aged Fe–Cu–Ni
[9,10,28,29,35], Fe–Cu–Mn [11,28,29,35], Fe–Cu–Ni–Al
[19] and Fe–Cu–Ni–Mn [23,28,29] alloys. Isheim et al.
[36–38] have reported comparable segregation eﬀects in
similar concentrated multicomponent Fe–Cu steels. At
1024 h the shell has a Ni:Al:Mn stoichiometric ratio of
0.51:0.41:0.08 (Table 7), which suggests a NiAl-type B2
phase with Mn substituting for Al on the latter’s sublattice.
The conclusion that it has a B2 structure cannot, however,
be made by stoichiometry alone. We have recently performed synchrotron radiation studies at the Advanced
Photon Source (APS), Argonne, IL, that demonstrate that
this shell does indeed have the B2 structure [85]. Furthermore, our recent ﬁrst-principles calculations conﬁrm that
Mn substitutes at Al sublattice sites rather than at Ni sublattice sites [85].
The experimental results illustrate that the shells form
by segregation of Ni at the heterophase interfaces with a
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Table 7
Temporal evolution of Ni:Al:Mn stoichiometric ratio within the heterophase interfaces as a function of aging time

0.25 h
1h
4h
16 h
64 h
256 h
1024 h

Ni

Al

Mn

0.57
0.61
0.57
0.54
0.52
0.52
0.51

0.34
0.30
0.35
0.40
0.40
0.41
0.41

0.09
0.08
0.09
0.06
0.08
0.07
0.08

smaller quantity of Mn and Al also present. The Ni and
Mn concentration peaks are initially associated with each
other, whereas the Al concentration peak is found closer
to the center of the precipitate in possible association with
Cu. Further aging results, in increasing interfacial segregation of all three elements, from the matrix and precipitate
cores, to the heterophase interfaces; concomitantly the Al
concentration peak moves toward the Ni and Mn peaks.
As seen from Table 7 the stoichiometric ratio of the heterophase interfaces also evolves temporally, as Al increasingly
partitions to the heterophase interfaces. Our observations
are in agreement with those of Isheim et al. [37] and Vaynman et al. [1] for the NuCu-140-1 steel and recent phaseﬁeld simulations of model quaternary Fe–Cu–Mn–Ni
alloys [28,29]. The shells are not homogenous around the
Cu-rich cores; as Figs. 3a–c and 4 demonstrate that the
interfacial segregation is nonuniform. The Cu-rich precipitates and a-Fe matrix interfaces may be acting as nucleation sites for a Ni0.5(Al0.5xMnx) phase. The observed
compositional heterogeneity at the interfaces may also be
due to possible trajectory aberrations. Comparable heterogeneous nucleation on Cu precipitates, with nonuniform
interfacial segregation, however, has also been reported
in amorphous FINEMET alloys [86] and maraging stainless steels [87]. Our observations, however, do not support
the three-phase Cu-rich precipitate core, fcc homogeneous
shell, and a-Fe matrix model proposed in Ref. [23]. The
presence of a Ni0.5(Al0.5xMnx) phase at the precipitate/
a-Fe matrix heterophase interfaces is consistent with
Cahn’s local phase rule for heterophase interfaces [88],
which predicts that a single phase at this heterophase interface is permitted thermodynamically.
4.3.3. Equilibrium compositions
Table 5 compares the equilibrium compositions of the
Cu-rich precipitate cores, heterophase interfaces and a-Fe
matrix derived by three methodologies: (a) extrapolated
to inﬁnite time from APT data as a function of (aging
time)1/3; (b) as measured from specimens aged for
1024 h; and (c) as calculated from Thermo-Calc utilizing
the Scientiﬁc Group Thermodata Europe (SGTE) solutions
database [89]. Reasonable agreement exists for the ﬁrst two
methodologies but signiﬁcant diﬀerences exist, especially
for the Cu-rich precipitates, with the Thermo-Calc calculations. Thermo-Calc predicts the existence of both bcc and
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fcc precipitates, with diﬀerent compositions, for aging at
500 °C. We do not ﬁnd APT evidence for precipitates with
such disparate compositions at the longest aging time we
studied, 1024 h; nor do we ﬁnd, employing conventional
X-ray diﬀraction (XRD) and synchrotron radiation at the
APS, evidence for both bcc and fcc precipitates. Additionally, the coexistence of both structures at long aging times
is not consistent with earlier TEM investigations of Fe–Cubased alloys [13–16].
The equilibrium concentrations of Cu, Fe, Ni and Mn
within the matrix are similar for all three methodologies.
The Thermo-Calc prediction for Si is 1.0 at.%, whereas both
APT determined results yield 1.3 ± 0.02 at.%. The greatest variation is present for the concentration of Al, where
the APT results of 0.7 ± 0.01 at.%, are one-half the value
determined using Thermo-Calc. The measured Cu concentration in the matrix is 0.2 ± 0.01 at.% at 1024 h, which is
equal to 0.2 ± 0.008 at.% obtained by extrapolation of
our APT data to inﬁnite time and larger than 0.1 at.% predicted by Thermo-Calc. The three values, however, are similar indicating that at 1024 h the Cu matrix concentration is
approaching its equilibrium value. Miller et al. [12] reported
that the Cu equilibrium matrix concentration is reached
after 100 h of aging at 500 °C in a model ternary Fe–Cu–
Ni alloy and reported agreement with Thermo-Calc predictions utilizing the Kaufman database.
At an aging temperature of 500 °C Thermo-Calc does
not predict the formation of a NiAl-type (B2 structure)
phase. At temperatures less than 480 °C, however, the formation of NiAl precipitates, consisting of 49.6 at.% Al and
50.4 at.% Ni, is predicted. While the existing Thermo-Calc
database does not give results that are in exact agreement
with our experimental values, it is important that a NiAl
phase is predicted at a temperature near 500 °C, indicating
that the existence of a B2-type phase is thermodynamically
possible. The Ni, Al and Mn enrichments at the heterophase
interfaces and the previously reported existence of NiAltype precipitates at a grain boundary in NUCu-140-1 [1]
indicates, however, that the driving force for homogeneous
nucleation within the a-Fe matrix is not suﬃcient, for the
given composition and thermal treatment.
The segregation of Ni, Al and Mn observed at 1024 h
reduces the interfacial energy of the heterophase interface.
The relative Gibbsian interfacial excess, Crelative
, is the theri
modynamic quantity measuring solute segregation of an
element i. The relative excess for i = Ni, Al or Mn relative
to Fe and Cu is given by [90,91]:
CFe;Cu
¼ Ci  CFe
i


caFe cbi
caFe cbCu

cai cbCu  cbi caCu
caFe cbCu  cbFe caCu



cbFe cai
cbFe caCu

;

 CCu
ð9Þ

where Ci is the Gibbsian interfacial excess of an element i,
and cji is the concentration of a species i in a phase j (j = a
or b), where a refers to the a-Fe matrix phase and b is the
Cu-rich precipitate phase. The values for Ci and cji are ob-

tained from the proxigrams of Fig. 3c. Greater details
are given in Ref. [92].
regarding the calculation of CFe;Cu
i
Eq. (9) yields values of CFe;Cu
¼ 46:6  3:0 atoms nm2 ,
Ni
CFe;Cu
¼ 46:2  3:2 atoms nm2 , CFe;Cu
¼ 7:4  1:4 atoms
Mn
Al
2
nm . Thus, signiﬁcant positive relative Gibbsian interfacial
excesses with respect to Fe and Cu exist for Ni, Al and Mn at
this heterophase interface.
The reduction in interfacial energy due to segregation,
assuming ideal solution behavior, is calculated utilizing
the Gibbs adsorption isotherm:


ci orppt:=mat:
Fe;Cu
Ci
¼
;
ð10Þ
kB T
oci
where ci is the atomic fraction of an element i within the
matrix, kB is Boltzmann’s constant, and T is the absolute
temperature. Eq. (10) yields a reduction of 625.6 mJ m2
for Ni 620.3 mJ m2 for Al and 99.4 mJ m2 for Mn.
The values for Ni and Al exceed the estimated fcc-Cu precipitate and a-Fe matrix rppt./mat. values in Refs. [8,14,33]
but are approximately 55% of the value reported in Ref.
[41]. This suggests that at the ends of the rod-shaped precipitates rppt./mat. is greater than the previously reported
values for binary Fe–Cu alloys. A larger value of
rppt./mat. will also reduce the L parameter to a value more
in accordance with our experimental observations.
The concentrated multicomponent Fe–Cu steel in this
investigation does not strictly obey the UO model asymptotic temporal power laws. The signiﬁcant diﬀerences
between the experimentally determined results and the
UO model predictions are due to violations of the assumptions of the model. The experimental evidence shows that
the morphology of the precipitates become rod-like at
longer aging times and are aﬀected by elastic strain energy,
the compositions of the Cu-rich precipitates evolve temporally, a Ni0.5(Al0.5xMnx) phase forms at the heterophase
interfacial region, the precipitates change phase, and the
system has not achieved a quasi-stationary state at 1024 h.
5. Conclusions
The nucleation (to a limited extent), growth and coarsening behavior of Cu-rich precipitates in a concentrated
multicomponent Fe–Cu-based steel containing 1.82 at.%
Cu (Table 1) was studied experimentally. The steel,
denoted NUCu-170 (170 designates the yield strength in
ksi), is aged at 500 °C for times between 0.25 and 1024 h.
The investigation resulted in the following ﬁndings:
1. When the Cu-rich precipitates are less than 2 nm in
radius the Cu concentration ranges between
44.6 ± 3.1 and 53.5 ± 2.3 at.% and the Fe content
ranges between 39.9 ± 4.2 and 27.6 ± 2.1 at.%.
2. At peak yield strength (4 h aging) the Cu-rich precipitates contain 53.5 ± 2.3 at.% Cu and signiﬁcant concentrations of Fe, Ni, Al, Mn and Si. The precipitates
at 1024 h contain 97.1 ± 0.8 at.% Cu.
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3. Copper partitions to the precipitate cores, whereas
Ni, Al and Mn partition to the heterophase interfaces, and Fe and Si partition to the a-Fe matrix during aging to 1024 h. The temporal evolution of Ni, Al
and Mn concentrations within the precipitate cores
and heterophase interfaces are non-monotonic.
4. The Ni:Al:Mn stoichiometric ratio at the heterophase
a-Fe matrix/Cu-rich precipitate interfaces is
0.51:0.41:0.08 at 1024 h, which corresponds chemically to the B2 structure with Mn substituting for
Al on the latter’s sublattice. The segregation of Ni,
Al, and Mn at this heterophase interface reduces
the interfacial energy by 625.6, 620.3 and
99.4 mJ m2, respectively.
5. The spherical volume equivalent mean radius, hR(t) i,
increases from 1.2 ± 0.1 nm at 0.25 h to 6.5 ± 0.7 at
1024 h. The temporal dependencies are t0.16 between
0.25 to 1 h, t0.16±0.01 between 1 and 64 h, and
t0.34±0.09 from 64 to 1024 h, in agreement with the
UO coarsening model predicted value of 1/3 between
only 64 and 1024 h.
6. The number density, NV(t), increases from
(5.2 ± 0.8)  1023 m3 at 0.25 h to (4.2 ± 0.5)  1024
at 1 h. Then the quantity NV(t) decreases to
(7.4 ± 0.5)  1022 m3 at 1024 h. The temporal
dependencies are t2.7 between 0.25 to 1 h, t0.45±0.03
between 1 and 64 h, and t0.63±0.07 from 64 to
1024 h. The coarsening power-law exponents do not
satisfy the coarsening model predicted value of 1,
indicating a slower rate of coarsening and the lack
of achievement of a stationary state.
7. The coarsening power-law time exponents for the
matrix supersaturations, DC mat:
ðtÞ, are 0.23 ± 0.07
i
for Cu, 0.32 ± 0.06 for Fe, 0.25 ± 0.03 for Ni,
0.22 ± 0.09 for Al, 0.14 ± 0.14 for Mn and
0.25 ± 0.13 for Si. With the exception of Fe, the
exponents do not satisfy the UO coarsening model
prediction of 1/3. The time exponents for the Curich precipitate core supersaturations, DC ppt:
ðtÞ, are
i
0.26 ± 0.06 for Cu, 0.37 ± 0.04 for Fe and
0.41 ± 0.05 for Si, which do not agree with the predicted temporal dependency. The time exponents for
the heterophase interface supersaturations, DC int:
i ðtÞ,
are 0.16 ± 0.12 for Ni, 0.30 ± 0.07 for Al and
0.20 ± 0.09 for Mn, which do not agree with the
value predicted by the coarsening model. These disagreements are most likely due to the lack of achievement of a stationary state.
8. The equilibrium concentrations of the precipitate
phase, as determined by APT, do not match those
predicted by Thermo-Calc. Reasonable agreement
exists for the a-Fe matrix phase.
9. The rod-like precipitates observed by APT and TEM
at 1024 h have the Kurdjumov–Sachs orientation
relationship. The morphology is aﬀected by both elastic strain energy and interfacial energy and the pres-
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ence of a Ni0.5(Al0.5xMnx) phase with a B2
structure, adjacent to the Cu-rich precipitates, found
at the precipitate/a-Fe matrix heterophase interfaces.
10. From the above conclusions it is clear that it is diﬃcult to describe the temporal coarsening behavior of a
concentrated multicomponent alloy using classical
coarsening models. An alternative approach is to utilize PrecipiCalc [93], which is a more general
approach to the problem of phase decomposition
and includes nucleation, growth and coarsening.
There are not yet, however, adequate thermodynamic
and mobility databases that would allow its use for
the Fe–Cu-based steel we are reporting on in this
article.
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