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Abstract 

 

Kinetics of nanoscale Cu-rich precipitates in a multicomponent concentrated steel 

 

R. Prakash Kolli 

The kinetics of nanoscale Cu-rich precipitates of multicomponent concentrated steels has been 

investigated utilizing primarily APT and supplemented with a synchrotron radiation experiment, 

first-principles calculations, Thermo-Calc study, and CTEM (at the longest aging time). Results 

on mechanical properties and microstructure at a greater length scale are also presented. The 

studied steels, NUCu-170 and NUCu-140-x, are HSLC steels, and are primarily strengthened by 

nanoscale Cu-rich precipitates. NUCu-170 contains 1.82 at. % Cu, whereas NUCu-140-x 

contains nominally ca. 1.15 at. % Cu. This study focused on a 900 °C solutionizing treatment 

followed by isothermal aging at 500 °C between 0.25 and 1024 h for NUCu-170 and NUCu-140-

1, and aging at 550 °C between 0.25 and 4 h for NUCu-140-3. In addition, a double aging 

treatment of 550 °C aging followed by 200 °C for 2 h was investigated for NUCu-140-3. 
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Chapter 1 Introduction 

 High-strength low-alloy (HSLA) steels are of interest to the transportation, infrastructure, 

and defense industries. Applications are as diverse as rail tank cars, oil pipelines, offshore oilrigs, 

ship hulls, bridges, building support columns, automotive and truck frames, agricultural 

equipment, and naval applications (Fine, et al., 1993). These steels typically contain small 

concentrations (<0.1 wt. %) of grain refining elements such as Nb, Ti, V, and Al, and in addition, 

up to 1.5 wt. % Mn, Si, and 0.03 to 0.09 wt. % C (Czyrycka, et al., 1990; Honeycombe & 

Bhadeshia, 1996). Other elements, such as Cr, Cu, Mo, and Ni, are added depending on the 

desired strength and impact toughness. For example, HSLA steels with yield strengths of 

approximately 450 MPa (65 ksi) and ductile-to-brittle transition (DBTT) temperatures as low as 

– 70 °C, contain little if any other elements (Honeycombe & Bhadeshia, 1996) and as in a 

HSLA-65 steel (Nemat-Nasser, 2005), where 65 denotes the yield strength in ksi). In contrast, 

higher yield strength HSLA steels such as HSLA-80 and HSLA-100, which possess good impact 

toughness resulting from quenching and tempering, contain significant quantities of Cr, Cu, Mo, 

and Ni (Montemarano, et al., 1986; Czyrycka, et al., 1990; Dhua, et al., 2001a). These steels, 

however, are martensitic, and unless pre-heat and post-heat welding procedures are followed, can 

form brittle heat-affected zones (HAZ) during welding. The presence of Cr also results in Cr 6+ , 

which is a carcinogenic fume, during welding. Additionally, the cumulative alloying content can 

reach 8.5 wt. %, which increases considerably the cost of processing (Fine, et al., 1993). 

 Interest in producing a simpler thermomechanically processed ferritic steel with reduced 

alloying content, without Cr and Mo, that is also easily weldable, led initially to the development 

of the NUCu-60, NUCu-70, and NUCu-100 steels (Fine, et al., 1993; Vaynman, et al., 1996; 

Vaynman, et al., 1997b; Vaynman & Fine, 1999; Vaynman, et al., 2002; Vaynman, et al., 
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2004a), where NUCu denotes Northwestern University copper alloyed steel. These steels are 

strengthened primarily by Cu precipitation and for a given yield strength, the NUCu steels 

contain lower alloying content than conventional HSLA-80 and HSLA-100 steels, and are 

designated high-strength low-carbon (HSLC) steels. The steels are primarily differentiated by the 

alloying content and thermal treatment. For example, NUCu-60 and NUCu-70 are solutionized 

and subsequently air-cooled. The two steels differ, however, in alloying content, with the latter 

containing slightly greater additions of Ni, Mn, and Nb, albeit a lower concentration of Si. 

NUCu-100 possesses the same nominal alloying content as NUCu-70 but is solutionized and 

quenched followed by an isothermal aging treatment. Mechanical property testing demonstrated 

that the steels possess excellent cryogenic Charpy V-notch (CVN) impact toughness, ductility, 

corrosion resistance, and welding properties (Fine, et al., 1993; Vaynman, et al., 1996; 

Vaynman, et al., 1997a; Vaynman, et al., 1997b; Vaynman & Fine, 1999; Vaynman, et al., 2002; 

Vaynman, et al., 2004a). The NUCu-70 steel, ASTM A710 Grade B, was utilized in construction 

of a demonstration bridge in Northern Illinois. 

 The results for NUCu-60, NUCu-70, and NUCu-100 indicated the potential for further 

increases in strength while retaining the impact toughness, corrosion resistance, and welding 

properties. The strengthening of the steels results from grain refinement, solid solution 

strengthening, and Cu precipitation strengthening. Since these mechanisms are additive 

(Honeycombe & Bhadeshia, 1996) the yield strength could be improved further by increasing the 

volume fraction of precipitation. This led to the development of NUCu-140 (Vaynman, et al., 

2004b; Vaynman, et al., Submitted 2007) and NUCu-170 steels, which contain greater alloying 

content and are solutionized, quenched, and isothermally aged. The alloying content of NUCu-

100 was modified to include greater additions of Ni and Al, in order to produce NiAl 
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precipitation, resulting in NUCu-140. Further additions of Cu yielded additional increases in 

yield strength, resulting in NUCu-170. 

 The focus of this investigation is kinetics of the Cu-rich precipitates found within the 

NUCu-140 and NUCu-170 steels. This study primarily utilizes atom-probe tomography (APT) 

(Miller, 2000a; Kelly & Miller, 2007; Seidman, 2007), which has the necessary morphological 

and compositional resolution to study the Cu-rich precipitates. The initial subnanoscale size (R < 

ca. 1.5 nm) and the body centered cubic (bcc) structure of the Cu-rich precipitates, which has 

almost the same lattice parameter as the bcc α-Fe matrix and results in almost no diffraction 

contrast (Hornbogen & Glenn, 1960; Hornbogen, 1962; Hornbogen, 1964); makes investigation 

by conventional transmission electron microscopy (CTEM) and scanning electron microscopy 

(SEM), more problematic. The APT investigation is supplemented with a synchrotron radiation 

experiment, first-principles calculations, Thermo-Calc study, and CTEM (at the longest aging 

time). The results of mechanical property testing and microstructure at a greater length scale are 

also presented. 

 In Chapter Two, the background of Fe–Cu alloys and the Cu-rich precipitates are 

discussed. This is followed by a brief discussion in Chapter Three of the details of the steels and 

APT, where the alloying and thermomechanical processing of NUCu-140 and NUCu-170, 

general parameters of the APT experiments, and APT data analysis are discussed. Each chapter 

also includes a section on experimental methods and data analysis that is specific for that 

chapter; Chapter Three is included for completeness and to provide the reader initial background 

on the steel and the APT experiments. Additionally, a comparison of compositional and 

morphological data analysis techniques is presented in Appendix A. In Chapter Four the results 

of mechanical property testing and microstructure investigation are presented. In Chapter Five 
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the kinetics of homogeneously distributed Cu-rich precipitates found in NUCu-170 when aged 

at 500 °C are presented. The formation of a Ni0.5Al0.5-xMnx phase found at the heterogeneous 

interfaces is also discussed. In Chapter Six the results of a similar investigation for NUCu-140-1 

(where 1 denotes the experimental heat number) when aged at 500 °C is presented. In Chapter 

Seven the results for NUCu-140-3, which has the same nominal composition as NUCu-140-1 but 

is aged at 550 °C is presented. Additional specifics regarding equilibrium and supersaturation 

concentrations of NUCu-140-3 are found in Appendix B. In Chapter Eight the results of first-

principles calculations and a synchrotron radiation experiment verifying the presence of a 

Ni0.5Al0.5-xMnx phase at the heterophase interfaces is presented. Calculations regarding relative 

peak intensity at 2θ angles are located in Appendix C. Characterization of Cu-rich precipitates 

found heterogeneously nucleated at Fe3C (cementite), niobium carbide (NbC), and grain 

boundaries (GB) is presented in Chapter Nine. The observed Fe3C and NbC carbides, and GB are 

also characterized to a limited extent. In Chapter Ten, methodologies for determining the relative 

Gibbsian interfacial excess from atom-probe tomography data following the dividing surface 

construct approach of Gibbs, Cahn’s layer formalism, and Umantsev’s recent continuum 

framework, are presented and applied to NUCU-170 at 1024 h. Additional detail and application 

to a model Ni–Cr–Al–Re superalloy are found in Appendix D. Finally, Chapter Eleven 

summarizes the results and conclusion of this study, and possible future research is suggested. 
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Chapter 2 Background 

2.1 Brief history 

 The presence of Cu in steel (and iron) was thought, prior to ca. 1890, to be an impurity 

resulting from difficulties, known as hot-shortness during hot rolling Cu-bearing steels (Ball & 

Wingham, 1889; Stead, 1901; Lorig, 1935; Lorig & Adam, 1948; Linnert, 1994). There existed, 

however, an early indication of copper’s beneficial effects on corrosion resistance, strengthening, 

and toughness. In the 1934 text summarizing knowledge on Fe–Cu alloys to that time, (Gregg & 

Daniloff, 1934) write that “As reported by (Percy, 1864), Rinmann, in 1782, made an alloy of 5 

parts iron and 1 part copper. The alloy was hard and tough.” An article by (Stead, 1901) makes a 

similar statement regarding Rinmann’s alloy. In addition, the early systematic study by (Ball & 

Wingham, 1889) demonstrated that tensile strength increased with increasing Cu content. Other 

early investigations showed that Cu did not detrimentally affect the strength and toughness of 

steel rails and plates (Stead & Evans, 1901), and wire rope (Wigham, 1906), rather the results 

demonstrated some improvement in strength. 

 Improved thermomechanical processing during rolling and Ni addition was found to 

prevent hot-shortness, and the reputation of Cu within steels subsequently improved (Lorig & 

Adam, 1948; Linnert, 1994). Initially, as a result of copper’s ability to improve corrosion 

resistance and subsequently its ability to precipitation strengthen steels, which is a result of 

copper’s relative insolubility in α-Fe (ferrite) (Kinnear, 1926; Nehl, 1931; Smith & Palmer, 

1933; Gregg & Daniloff, 1934; Lorig, 1935; Lorig & Adam, 1948; Linnert, 1994). The binary 

Fe–Cu phase diagram indicates a maximum solid-solubility no more than 2.0 wt. % (Massalski, 
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1990), which decreases with temperature. Below 600 °C the solid-solubility is significantly < 1 

wt. % leading to rapid formation of Cu precipitates from a supersaturated solid-solution. 

 The literature regarding morphology, composition, and nucleation, growth, and 

coarsening kinetics is now briefly reviewed. In addition, relevant background for each chapter is 

found within that chapter. 

2.2 Precipitate morphology and transformations 

 The first CTEM study of precipitated Fe–Cu alloys was performed by (Hornbogen & 

Glenn, 1960; Hornbogen, 1962; Hornbogen, 1964), where the authors studied the precipitation 

sequence of the Cu-rich precipitates. The authors could not observe the small nanoscale copper 

precipitates during the earliest stages of aging using electron microscopy or diffraction studies 

due to the similar lattice parameter and scattering factor of Fe and Cu.  The smallest precipitates 

reported were 9 nm in diameter after 15 minutes of aging at 600 °C or 20 minutes of aging at 500 

°C.  The authors also reported that after aging at 700 °C for 24 h the copper precipitates changed 

from a spherical to a rodlike morphology with an ε-Cu (fcc) crystalline structure and a preferred 

growth direction along . They noted that the closest packed directions in the α-Fe matrix 

and ε-Cu phase tend to be parallel, 

110[

111[ ]α−Fe  || 110[ ]ε −Cu. The study of (Hornbogen & Glenn, 

1960) defined three stages of precipitation, which was later refined by (Hornbogen, 1964).  First, 

the authors assumed formation of coherent homogeneous clusters of Cu atoms in the α-Fe matrix 

until they reached a critical size.  This was followed by nucleation and growth of the incoherent 

spherical ε-Cu precipitates.  In the third stage, overlap of the individual precipitates diffusion 

zones led to growth of larger precipitates at the expense of smaller ones (Oswald ripening), and 

change in morphology from a spherical to a rodlike geometry. 
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 Using EXAFS, (Pizzini, et al., 1990) reported the first direct observation of coherent 

bcc Cu-rich precipitates during the early stages of precipitation in Fe–1.30 Cu (wt. %) and Fe– 

1.28 Cu–1.43 Ni (wt. %) model alloys.  The authors reported that the Fourier Transforms (FT) of 

the Cu-K edge EXAFS spectra of the alloys in the as-quenched state and after aging 2 h were 

similar and characteristic of the bcc-like FT.  Since the Cu atoms are substitutional in the α-Fe 

matrix, the as-quenched state must be a bcc structure.  Given that the FT of the EXAFS spectra 

after 2 h of aging appears similar to the as-quenched state but with reduced amplitude, the Cu-

rich precipitates must be a bcc structure as well.  This confirmed Hornbogen’s assumptions and 

the Mössbauer and dynamic Young’s Modulus observations of (Lahiri, et al., 1969), which 

demonstrated clustering of copper atoms and a delay in modulus change in a binary Fe – 1.67 at. 

% Cu alloy. Utilizing strong two beam conditions for CTEM, EDX, and STEM observations, and 

molecular dynamics (MD) simulations, (Phythian, et al., 1992) studied the same alloys as Pizzini 

et al. and provided further evidence of clustering, spheroidal morphology, and bcc structure. 

 The original model of (Hornbogen & Glenn, 1960; Hornbogen, 1964), suggested a bcc 

Cu to fcc Cu transformation when the precipitates grew to approximately between 5 and 10 nm 

in diameter. Utilizing CTEM and HREM, (Othen, et al., 1991) observed, however, an 

intermediate structure in Fe–1.30 Cu (wt. %) and Fe–1.28 Cu–1.43 Ni (wt. %) model alloys 

between 6 and 15 nm in diameter. The authors concluded, owing to the observed zig-zag 

patterns, the precipitate structure was a highly faulted fcc structure probably resulting from a 

martensitic transformation. The study also demonstrated no difference in the structure of the 

precipitates in the binary and ternary alloys. Molecular dynamics simulations also supported the 

presence of the faulted zig-zag structure (Phythian, et al., 1992).  In addition after 10 h of aging, 

the FT of the Cu-K edge EXAFS spectra did not resemble either a bcc or fcc FT, further 
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supporting the presence of an intermediate structure (Phythian, et al., 1992). A separate 

investigation by (Maury, et al., 1994) on model binary Fe–Cu and ternary Fe–Cu–Mn, Fe–Cu–

Ni, and Fe–Cu–Cr alloys, also provided EXAFS evidence for the 9R structure. 

 Further investigation by (Othen, et al., 1994) demonstrated that the spheroidal 

precipitates transformed from bcc to a twinned 9R structure upon reaching a diameter slightly > 

4 nm. More recent HREM investigations (Monzen, et al., 2000), atomistic simulations  (Ludwig, 

et al., 1998; Le Bouar, 2001), and MD simulations (Blackstock & Ackland, 2001) have provided 

further evidence for the bcc to 9R transformation. The study of (Othen, et al., 1994) also 

demonstrated that upon reaching a diameter > 17 nm, the precipitates underwent a second 

martensitic transformation to a more stable 3R structure, which is an untwinned distorted fcc 

structure aligned slightly away from the Kurdjumov–Sachs orientation, 

110[ ]Cu 111[ ]α−Fe, 111( )Cu 110( )α−Fe , and possess an ellipsoidal morphology. Further diffusional 

growth yielded precipitates with an ε-Cu (fcc) structure, with the Kurdjumov–Sachs orientation 

and a more elongated rodlike morphology, confirming earlier observations by (Hornbogen & 

Glenn, 1960; Speich & Oriani, 1965) for binary Fe–Cu alloys. Other researchers have also 

reported a Kurdjumov–Sachs orientation and a rodlike morphology (Charleux, et al., 1996; 

Monzen, et al., 2003; Monzen, et al., 2004). The rodlike morphology has been previously 

attributed to the minimization of elastic strain energy (Hornbogen & Glenn, 1960) or anisotropy 

of the interfacial energy (Speich & Oriani, 1965). More recently the morphology has been 

attributed to shear associated with partial dislocations producing an invariant plane-strain 

transformation to the 3R structure from the 9R structure, followed by relaxation to the fcc 

structure by diffusional growth to minimize interfacial energy (Othen, et al., 1994). 
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2.3 Precipitate composition and interfacial segregation 

 The composition of the Cu-rich precipitates during the initial stages of precipitation is 

matter of debate primarily due to differences in atom-probe and SANS results. The investigation 

of (Goodman, et al., 1973b) on an Fe–1.4 Cu (at. %) alloy aged at 500 °C using APFIM 

demonstrated that for a 1.5 nm particle aged 1 h the Cu content was a constant 51 at. % across 

the precipitate. A second analyzed particle was between 1.0 and 1.5 nm and had a Cu content of 

44 at. %. The measured Cu concentrations are lower than that predicted by the equilibrium phase 

diagram. The authors also present a thermodynamic analysis where they modified CNT to 

account for a variable nucleus composition and calculated a Cu concentration of ca. 70 at. %, 

with a more probable range between 60 and 90 at. %. Their experimental results, however, did 

not match their calculations, which was attributed to dissolution of some precipitates due to 

Ostwald ripening. In addition the authors emphasized the uncertainity of some of the values 

utilized in their calculations. The study of (Kampmann & Wagner, 1986) on Fe–1.38 Cu (at. %) 

and Fe–0.64 Cu (at. %) alloys aged at 400 or 500 °C utilzing SANS presented results inconsistent 

with the study of (Goodman, et al., 1973b). The authors inferred based on thermodynamic 

analysis that precipitates with R ≤ ca. 0.3 nm have Cu concentration < 100%, whereas 

precipitates with R ≥ ca. 0.5 nm must be pure Cu.  They reported that after 0.5 hours of aging at 

500 °C the Cu precipitates were highly enriched in Cu based on analysis of SANS data, which 

relies on several strong assumptions and an indirect methodology to determine composition. The 

study of (Worrall, et al., 1987) on Fe–1.30 Cu (wt. %) and Fe–1.28 Cu–1.43 Ni (wt. %) alloys 

aged at 550 or 500 °C utilizing APFIM yielded results more consistent with (Goodman, et al., 

1973b).  The Cu content in the Fe–1.30 Cu (wt. %) alloy aged at 550 °C for short-aging times 

contained both Cu and Fe with the former ranging between 40 and 60 at. %.  At longer aging 
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times the Cu content approached the equilibrium value and very little Fe was detected. 

Comparing the study at 500 °C aging temperature to the results of (Goodman, et al., 1973b) the 

authors found that their reported Cu content was slightly higher.  The authors believed, however, 

that the Cu content should be higher and provided as rationale the difficulty in positioning the 

APFIM probe hole on the small precipitates and the possibility that Fe atoms from matrix are 

found in the Cu precipitates due to field evaporation effects. The precipitates in the ternary alloy 

were also Cu-rich and the Ni content, regardless of aging time was between 3 and 4 at. %.  In the 

overaged condition Ni is depleted in the precipitate, enriched at the interface and slightly 

depleted in the matrix, suggesting segregation of Ni at the interface and the formation of a Ni 

shell around the Cu-rich precipitate core. The SANS study of (Osamura, et al., 1993) on Fe–1.17 

Cu (at. %) and Fe–1.41 Cu–0.27 Ni–0.25 Mn (at. %) alloys aged at 500 or 550 °C presented 

results consistent with the SANS study of (Kampmann & Wagner, 1986), where the authors 

reported a pure Cu precipitate in the binary alloy.  For the quaternary alloy the authors reported a 

Ni and Mn segregated layer around the Cu-rich precipitate. The APFIM results of (Pareige, et 

al., 1996) for a Fe–1.28 Cu–1.43 Ni (wt. %) model alloy are comparable to that of (Goodman, et 

al., 1973b). The authors show precipitate cores containing ca. 40 at. % Cu, 2.5 at. % Ni and the 

balance Fe after 1 h of aging at 500 °C. They also demonstrate segregation of Ni to the interface 

at 10 h.  A lower quantity of Ni segregation is observed, however, at 100 h. Recent studies by 

(Zhang, et al., 2004) on an Fe–1.5 Cu (wt. %) alloy aged at 150 to 500 °C between 1 minute and 

24 h presented results consistent with earlier APFIM results.  Utilizing 3D-APFIM, the authors 

reported that the Cu content in the core of a precipitate is between 60 and 80 at. % for an alloy 

aged 20 minutes at 400 or 500 °C.  They also calculated the concentration profile from Cahn–

Hilliard non-classical nucleation theory (Cahn & Hilliard, 1959) for an alloy outside the 
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spinodal, demonstrating that the precipitate core is not pure Cu and the content becomes lower 

as the copper alloying content increases.  The authors indicated, however, that the 3D-APFIM 

might not have enough spatial resolution to determine the short aging time concentrations. The 

studies by (Isheim & Seidman, 2004; Isheim, et al., 2006a) on a more complex steel, Fe–0.0059 

C–0.5 Si–0.079 Nb–0.49 Mn–1.37 Cu–0.82 Ni–0.034 Al (wt. %) aged at 490 °C for 100 minutes 

using 3DAP do not suffer from APFIM positioning limitations.  Their results show that the 

precipitate core contains Cu and Fe.  Moving towards the interface, a shell of Al can be found 

followed by a shell of Mn and Ni, which segregate at the interface.  The precipitate is depleted in 

Si. Comparable results were observed in a similar steel, NUCu-140-1, which contains increased 

Ni and Al additions (Isheim, et al., 2006b). The potential sources of the differences between 

atom-probe and SANS measurements have been recently discussed (Fine, et al., 2007). Atom-

probe measurements are direct measurements, whereas SANS measurements are indirect and 

composition can only be obtained through inference, many assumptions, and a model. 

 Computer simulations have not clarified the observed inconsistency between atom-probe 

and SANS results, although the results support the former more strongly than the latter. Lattice 

kinetic Monte Carlo simulations by (Soisson, et al., 1996) of Fe–1.34 Cu (at. %) alloy aged 

between 300 and 700 °C support the pure Cu experimental data.  The authors reported small non-

spheroidal pure Cu clusters at the onset of precipitation with no Fe present. As the authors point 

out, however, certain thermodynamic parameters were not known accurately. In addition, the 

morphologies are not consistent with the spheroidal shapes observed by (Othen, et al., 1991; 

Othen, et al., 1994). The recent first-principles calculations of (Liu, et al., 2005) predict, 

however, that Cu precipitates in a binary Fe–Cu alloy with Cu concentrations > ca. 50 at. % are 

mechanically unstable at 0 K, since the elastic shear modulus, C ' , is negative. The simulations of 
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(Nagano & Enomoto, 2006) of Fe–Cu binary alloys utilizing Cahn–Hilliard non-CNT (Cahn 

& Hilliard, 1959) for an alloy outside of the spinodal, demonstrated that increasing bulk 

concentration of Cu yield critical nuclei which are not pure Cu. Addition of Ni was shown to 

lower the Cu concentration of the critical nuclei (Zhang & Enomoto, 2006). Nickel was located 

within the core but also enriched at the interface. Addition of Mn did not affect the Cu nuclei 

concentration, Manganese was found enriched closer toward the precipitate core. The phase field 

simulations of (Koyama & Onodera, 2005; Koyama, et al., 2006) demonstrated that in a 

quaternary Fe–Cu–Mn–Ni alloy, Cu, Mn, and Ni are found initially within the precipitate cores. 

Nickel is found towards the interface whereas Mn is found towards the center. The authors did 

not report the Fe concentration. 

2.4 Nucleation, growth, and coarsening kinetics 

 The investigation of (Goodman, et al., 1973b) calculated, utilizing CNT modified for a 

variable nucleus composition, a critical radius of 0.66 nm containing only 13 atoms for a binary 

Fe–1.4 at. % Cu alloy. The study of (Kampmann & Wagner, 1986) reported, based on the 

authors’ numerical simulation model, a critical number of atoms equal to seven for a binary Fe – 

1.38 at. % Cu alloy. They also reported that nucleation is complete at approximately 15 minutes 

with R < 0.6 nm. A critical radius between 0.3 and 0.35 nm for a binary Fe–1.5 Cu at. % alloy 

was recently reported by (Nagano & Enomoto, 2006), where they assumed Cahn–Hilliard non-

CNT (Cahn & Hilliard, 1959) for an alloy outside the spinodal. In the study by (Seko, et al., 

2004), the authors also report a similar critical number of atoms equal to 13 for a binary Fe–Cu 

alloy, utilizing first-principle calculations; they assume the nuclei are pure Cu and employ dilute 

solution theory thermodynamics. 
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 The investigation of (Osamura, et al., 1994a) reported that the addition of alloying 

elements such as Ni and Mn promote the precipitation reaction when compared to a binary Fe–

Cu alloy. This observation is consistent with the simulations of (Zhang & Enomoto, 2006), for a 

Fe–1.5 at. % Cu alloy, where the authors assumed Cahn–Hilliard (Cahn & Hilliard, 1959) non-

CNT for an alloy outside the spinodal, and show that during isothermal aging the addition of Ni 

or Mn results in greater nucleation currents and NV t( ), when compared to binary alloys. 

Furthermore, the authors reported that Ni addition decreases the net reversible work, W , for a 

critical nucleus more than the addition of Mn and therefore it has a greater effect on increasing 

. (Seko, et al., 2004) also report that W  is reduced by the addition of Ni to a binary Fe–

Cu alloy, since both the enthalpy and configurational entropy of nucleation are reduced. 

R
*

NV t( ) R
*

 Heterogeneously nucleated copper precipitates have also been directly observed at γ-Fe 

(austenite) and Fe3C (cementite) interfaces in high carbon Fe–Cu alloys (Wasynczuk, et al., 

1986; Fourlaris, et al., 1995) and γ-Fe and α-Fe boundaries (Fourlaris, et al., 1995). In the latter 

case precipitation was observed only at temperatures close to the eutectoid temperature. The Cu 

content in the studied steels is greater than the solubility limit for binary Fe–Cu alloys. The 

addition of Ni has also demonstrated heterogeneously nucleated ε-Cu precipitation at γ-Fe and α-

Fe boundaries during the austenite to ferrite decomposition in model ternary Fe–Cu–Ni alloys 

when compared to binary Fe–Cu alloys (Ricks, et al., 1979; Ricks, et al., 1980; Ricks, 1981). 

The precipitation was again observed only at temperatures close to the eutectoid temperature. 

Comparable results were reported for high manganese and high carbon Fe–Cu steels, where Cu 

precipitates were observed at γ-Fe and pearlite transformation interfaces, and pearlitic Fe3C and 

α-Fe interfaces in pearlite (Khalid & Edmonds, 1993). The observed interphase precipitation has 
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been attributed to enhancement of Cu diffusion during the early stages of austenite to ferrite 

decomposition (Ricks, et al., 1979; Ricks, et al., 1980; Wasynczuk, et al., 1986). 

 In addition, heterogeneously nucleated precipitates have been reported at dislocations in 

high carbon Fe–Cu–Mn steels (Khalid, et al., 1994), and model ternary Fe–Cu–Ni alloys (Ricks, 

et al., 1979; Ricks, et al., 1980). The investigation of an A710 (HSLA-80) steel and an A710 

steel with Mn, Si, Ni, Mo, and Cu additions aged at 675 °C illustrated heterogeneously nucleated 

ε-Cu precipitates at α-Fe matrix dislocations (Thompson & Krauss, 1996). When the steels were 

reaustenitized and continuously cooled the authors observed nucleation of copper precipitates at 

γ-Fe and α-Fe boundaries. 

 Studies of growth and coarsening (Ostwald ripening) of the Cu precipitates are few in 

number. The study of (Speich & Oriani, 1965) on coarsening in binary Fe–Cu alloys containing 

2.3 to 5.4 wt. % Cu, at aging temperatures between 730 and 830 °C reported that the kinetics 

obey the  power-law law for mean radius, t1/ 3 R t( ) , predicted by the Lifshitz–Slyzov–Wagner 

(LSW) (Lifshitz & Slyzov, 1961; Wagner, 1961) model for coarsening. The study of (Monzen, et 

al., 2003; Monzen, et al., 2004) on Fe–1.5 Cu wt. % alloy at temperatures between 600 and 750 

°C and also reported good agreement with the  power-law for t1/ 3 R t( ) . These authors also 

reported that the kinetics of the matrix supersaturation, followed using electrical resistivity 

measurements, obey the  power-law, as predicted by the LSW model. The study of (Soisson, 

et al., 1996), by lattice kinetic Monte Carlo simulations, on a binary Fe–1.34 Cu at. % alloy aged 

between 300 and 500 

t−1/ 3

°C reported a  dependency for t1/ 3 R t( ) . Recently, investigations by 

(Isheim, et al., 2006b) describe the temporal evolution of R t( ) , number density, , and 

concentration profiles for a multicomponent Fe–Cu based steel. 

NV t( )
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Chapter 3 Steel details and atom-probe tomography (APT)  

3.1 Steel details  

3.1.1 Alloying elements 

 The rationale for inclusion of each element in the initial alloy design is discussed. Copper 

is added to provide strength via precipitation strengthening (Gregg & Daniloff, 1934; Lorig, 

1935; Lorig & Adam, 1948) and improve atmospheric corrosion resistance (Lorig, 1935; 

Vaynman, et al., 1997a). Microalloying (<0.1 wt. %) of niobium produces thermodynamically 

stable niobium carbide (NbC), which provide precipitation strengthening and grain refinement 

(Honeycombe & Bhadeshia, 1996). Nickel is included to prevent hot-shortness (cracking) during 

hot rolling, which can occur in Cu bearing steels and also lower the DBTT temperature 

(Montemarano, et al., 1986; Czyrycka, et al., 1990). Aluminum is added as a grain refiner and a 

deoxidizing agent (Montemarano, et al., 1986). Nickel and Al together can form nickel 

aluminide (NiAl) precipitates (Kolesar, 1971; Fournelle, et al., 1976; Calderon, 1983), which 

provide additive strengthening with Cu precipitation (Asada & Watanabe, 1968). Manganese is 

included to provide solid solution strengthening and reduce the embrittlement effect of S by 

forming manganese sulfides (MnS) (Montemarano, et al., 1986; Honeycombe & Bhadeshia, 

1996). Silicon is also included to provide solid solution strengthening and as a deoxidizing agent 

(Honeycombe & Bhadeshia, 1996). The C content is kept below 0.1 wt. %, which improves 

weldability (Montemarano, et al., 1986; Wilson, 1987; Czyrycka, et al., 1990; Linnert, 1994). 

The concentrations of P and S should be as small as possible to prevent embrittlement and in the 

case of P, an increase in DBTT temperature (Linnert, 1994; Honeycombe & Bhadeshia, 1996). 
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3.1.2 Casting and thermomechanical processing 

 The 45.5-kg (100-lb) laboratory heats were produced for this research at ArcelorMittal 

Steel USA Research Center by vacuum induction melting. The resulting slabs were prepared (top 

cropped, and the sides machined) and reheated to approximately 1150 °C and hot rolled into 12.5 

mm (0.5-inch) thick plates in several passes. The final pass is at approximately 900 °C. The 

compositions of the three heats, determined by spectrographic analysis, are given in Table 1. The 

concentration of P in NUCu-170 is greater than desired and detrimentally affects CVN impact 

toughness; see Chapter Four. 

Table 3.1 Compositions of high-strength low-carbon steels. 

    Cu C Al Ni Si Mn Nb P S 
NUCu-170 wt. % 2.09 0.045 0.68 2.83 0.51 0.50 0.065 0.010 0.003
  at. % 1.82 0.209 1.38 2.67 1.00 0.51 0.038 0.018 0.005
NUCu-140-1 wt. % 1.34 0.050 0.60 2.71 0.46 0.47 0.070 0.005 0.001
  at. % 1.17 0.23 1.24 2.57 0.92 0.48 0.042 0.009 0.002
NUCu-140-3 wt. % 1.29 0.050 0.58 2.87 0.48 0.52 0.070 0.004 0.005
  at. % 1.12 0.23 1.19 2.70 0.95 0.52 0.042 0.007 0.009
  Balance is Fe       

 

The heats are denoted NUCu-140-x and NUCu-170, where 140 and 170 denote the yield strength 

in ksi and x designates the heat number. Further thermomechanical processing was conducted at 

Northwestern University (NU). The plates are mechanically cut into 12.5 ×12.5 × 250 mm3 rods, 

which are solutionized for 1 h at 900 °C and quenched into water at 25 °C. The rods were 

subsequently reduced further into 12.5 ×12.5 × 25 mm3 blocks, which were aged either at 500 °C 

for 0.25, 1, 4, 16, 64, 256, and 1024 h, or at 550 °C for 0.25, 1, and 4 h. A multiple of four in 

aging time, t, yields a doubling of diffusion distance of an element i, xi, given by xi ∝ Dit , 

where Di is the diffusivity of an element i. The blocks are further cut and prepared for optical 
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microscopy, Vickers microhardness (VHN) testing, CVN impact toughness testing, CTEM, 

and APT. The specifics are discussed in each individual chapter. 

3.2 Atom-probe tomography 

3.2.1 Specimen preparation 

 Coupons ( 0.3 ×1  mm2.5 × 25 3) were cut from the center of the blocks utilizing a Struers 

Accutom-5 abrasive saw. APT tip blanks, 0.3 × 0.3 × 25 mm3, were cut from the coupons and 

electropolished using standard techniques (Tsong, 1990; Miller, 2000a). Initial polishing was 

performed with a solution of 10 vol. % perchloric acid in acetic acid at 15 – 10 Vdc at room 

temperature. This was followed by a manually controlled pulsed final-polishing step using a 

solution of 2 vol. % perchloric acid in butoxyethanol at 10 – 5 Vdc at room temperature, 

producing a tip with a radius <50 nm (Fig. 3.1). 

 

Figure 3.1 A typical polished tip positioned in front of an electrode within the local-electrode 
atom-probe tomograph prior to the start of an experiment. 

3.2.2 Experimental conditions 

 The APT data was collected utilizing the local-electrode atom-probe (LEAP™) 

tomograph (Kelly, et al., 1996; Kelly & Larson, 2000; Kelly, et al., 2004) at the Northwestern 

University Center for Atom-Probe Tomography (NUCAPT), Evanston, IL. The data was 
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acquired at a specimen temperature of 50 K under ultra high vacuum (UHV) conditions of ca. 

 Pa (  torr). The pulse repetition rate was 21.0 ×10−8 7.5 ×10−11 ×105 Hz and the pulse-to-

standing-dc voltage ratio (pulse fraction) was 15 – 20%. These operating conditions are known 

to reduce preferential evaporation (Miller, 2000a; Miller & Russell, 2007). 

 After initial alignment of the APT tip, an experiment typically commenced at a specimen 

temperature of 80 K to initiate field evaporation. The tip would subsequently be aligned with 

greater accuracy utilizing the field evaporated atoms1 from the specimen to center the detected 

atoms on the multi-channel plate (MCP) detector. The specimen is then moved closer until the 

detected atoms fill the detector’s field of view. 

 Upon stabilization of the initial target evaporation rate at 0.2%, the specimen temperature 

is reduced to 50 K and the target evaporation rate increased to 1.0%, and was not raised further. 

Therefore, analyzed data was typically collected at a standing voltage greater than approximately 

3 kV, which assures that all elements and their isotopes are equally detected (Seidman, 2007). 

Specimens normally fractured prior to the standing voltage attaining a value of 11 to 12 kV. The 

percentage of detector events classified as single hits, meaning atoms that were successfully 

identified, varied between approximately 90 and 95%. The remaining detector events were 

classified as multiple or partial hits. Atoms collected prior to stabilization of the experimental 

parameters were excluded during reconstruction and calibration. Datasets containing < ~1×106 

total atoms were not utilized in data analysis. 

                                                 
1 Atom-probe tomography detects only ions; however in this article collected ions are generally 
referred to as atoms. When it is more descriptive, however, we utilize the word “ions”, such as in 
mass spectra. 
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3.2.3 Reconstruction and mass spectrum 

 The acquired data was calibrated and reconstructed utilizing the Imago Visualization and 

Analysis (IVAS®) program (Imago Scientific Instruments). The mass spectrum of the initial data 

is calibrated using the mass-to-charge state ratios (m/n) of 56Fe1
2+  (the most abundant species), 

 or  (the most massive species detected), and 63Cu1
1+ 65Cu1

1+ 27 Al1
2+. This typically resulted in an 

IVAS® reported FWHM value of approximately 300. The instrument parameters utilized in 

reconstructions were an estimated MCP detector efficiency, η, equal to 0.5, an image 

compression factor, β, equal to 1.4, and a geometrical field factor, k, equal to 3.0. The 

evaporation field utilized in the reconstructions was that of doubly charged isotopes of Fe, which 

is equal to 33.0 V nm-1. Iron was observed to field evaporate normally as doubly charged 

isotopes. 

 An example mass spectrum typical of NUCu-140-x and NUCu-170 is presented in Fig. 

3.2. The spectrum illustrates the many isotopes detected during field evaporation. It is, however, 

not comprehensive as additional isotopes are observed during field evaporation through features 

such as Fe3C carbides, GBs, and NbC carbides. Niobium is present only during field evaporation 

through NbC carbides. Greater quantities of C and molecular (also known as complex or cluster) 

isotopes of C and small quantities of triply charged Fe are detected during field evaporation 

through Fe3C carbides, GBs, and NbC carbides. Since these features are found intermittently, Nb 

and C are detected at lower quantities than the nominal alloy content. The mass spectra of these 

features are discussed in Chapter Nine. In addition P and S are observed at lower quantities than 

the nominal alloy content due to segregation to GBs, and in the case of S, formation of MnS. 

Sulfur may also be observed on occasion at 32S1
3+ . 
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Figure 3.2 Example mass spectrum typical of NUCu-140-x and NUCu-170 steels. The presented 
spectrum is from NUCu-170 aged at 500 °C for 0.25 h. The spectrum is corrected for background 
noise. 

 The peak at m/n equal to 58 is convoluted between 58 Ni1
2+ and . The relative 

abundance of the former is 68.077% whereas that of the later is 0.282%. Iron predominantly field 

evaporates as  with an abundance of 91.754%; therefore, the peak at 58 is identified as 

. This will not affect significantly the total count of Fe atoms and will increase 

approximately the count of Ni atoms by 10%. For example, a 1

58 Fe1
2+

56Fe1
2+

58 Ni1
2+

×106 atom dataset in NUCu-170, 

would contain on average 923,208 Fe atoms of which roughly 2603 would field evaporate as 

. The total number of Ni atoms is on average 26,669. The 58 Fe1
2+ 58 Ni1

2+ peak, and to a lesser 

extent at m/n of 60, 61, and 62, is also affected by the energy deficit (Miller, 2000a) experienced 

by some Fe atoms at m/n of 56 and 57 field evaporating late during the voltage pulse. These less 
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energetic atoms are detected as heavier atoms and convolute with Ni. Likewise, the 55 Mn1

2+  

peak is affected by the energy deficit of 54 Fe1
2+. This effect though is reduced due to the 2 ×105 

Hz pulse rate utilized during the experiments. 

 Potential convolution 32S1
2+  and oxygen can occur at m/n equal to 16, and also between 

 and water at m/n equal to 18. This presence of oxygen and water is minimized since care is 

taken during electropolishing to prevent corrosion products from adhering to the tip. In addition, 

sufficient time (> 8 h) is allowed for degassing of the tips prior to analysis. 

12C3
2+

3.2.4 Data analysis 

 The spherical volume equivalent radius, R, of a precipitate (Kolli & Seidman, 2007) is 

given by, 

R =
3

4π
Natoms

ρthη

⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ ;          ( 3.1 ) 

where Natoms is the number of atoms within a delineated precipitate and ρth  is the theoretical 

atomic density, which is nominally equal to 84.3 atoms nm-3 for the studied steels. The mean 

radius, R , is determined at each aging time, and error is given by standard error of the mean. 

Potential morphological artifacts due to possible local magnification effects (Miller, 2000a) 

resulting from differences in evaporation fields between the Cu-rich precipitate and α-Fe matrix 

phases, do not affect the quantity, R. A comparison of morphological analysis methodologies is 

presented in Appendix A and (Kolli & Seidman, 2007). Further details regarding morphological 

analysis are given in the relevant chapters. 

 Concentration profiles are determined utilizing the proximity histogram (proxigram for 

short) (Hellman, et al., 2000), as implemented in IVAS®, with respect to 10 at. % Cu 
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isoconcentration surfaces (Hellman, et al., 2003), except where noted. Since the proxigram 

measures concentrations with respect to distance from an isonconcentration surface, with no 

restriction on morphology of a precipitate, the elongated shape observed on occasion, which 

results from possible local magnification effects does not affect the measured concentrations 

(Isheim, et al., 2006a). Similarly, the concentration profiles of precipitates intersected by the 

boundary of the reconstructed volume are not affected (Isheim, et al., 2006a). The convention 

used defines positive distances from the heterophase interface to be within the precipitates, 

whereas negative distances are within the matrix. 

 The composition of the α-Fe matrix phase is determined by the plateau points (Sudbrack, 

et al., 2004) within the matrix (far-field), where the plateau region of the proxigram is delineated 

by utilizing the Fe concentration profiles as a fiducial marker. Only data points within the flat 

region of the profile, a minimum of 1.5 nm away from the heterophase interface and with 

±2σ < 0.4  at. % are included. The data points at the core of the precipitates determine the 

composition of the Cu-rich precipitate phase. The composition of the Cu-rich phase at short 

aging times may be affected by possible trajectory aberrations arising from differences in 

evaporation field between the precipitate and matrix phases. Simulations by (Vurpillot, et al., 

2000) demonstrate, however, that the core compositions of precipitates > 2 nm in diameter are 

not biased. Since, R  > 1 nm is measured at the aging times studied, with the exception of 

NUCu-140-1 at 0.25 h, unbiased precipitate core compositions are measured. The data points 

between the α-Fe matrix phase and the Cu-rich precipitate phase determine the composition of 

the interfacial region. The composition of the interfacial region may also be affected by possible 

trajectory aberrations, where for a low field precipitate phase and high field matrix phase, atoms 

coming from the matrix are found within the interfacial region (Vurpillot, et al., 2000). The 
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possible aberrations would also broaden the measured width of the concentration profile 

within the interfacial region. For the NUCu steels the matrix is predominantly Fe, > ca. 92 at. %, 

which is the element that would be affected the greatest and found artificially elevated within 

interfacial region.  Additionally, as seen in Chapters Five through Seven, significant partitioning 

of elements to the precipitate and matrix phases and interfacial region and temporal evolution of 

the concentration profiles indicates that relative to the overall compositional changes those due 

to possible trajectory aberration are minimal.   

 Detail regarding utilization of other compositional techniques such as 1-D compositional 

profiles, a radial distribution function (RDF) (Sudbrack, et al., 2006a) and the envelope method 

(Miller, 2000a; Miller, 2000b; Miller & Kenik, 2004) is found in the relevant chapters. 

Additionally, a comparison of compositional analysis techniques is found in Appendix A and 

(Kolli & Seidman, 2007). 
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Chapter 4 Mechanical properties and microstructure 

4.1 Experimental Methods 

4.1.1 Optical microscopy 

 Sections of the as quenched and aged specimens were cut from the blocks utilizing a 

Struers Accutom-5 abrasive saw and mounted in phenolic. The specimens were ground and 

polished utilizing standard metallographic procedures to a final surface finish of 0.05 μm for 

optical microscopy. The mounted specimens were etched for approximately 15 – 20 seconds 

with a 2 vol. % Nital solution. Optical microscopy was performed utilizing an Olympus PMG-3 

microscope. 

4.1.2 Scanning electron microscopy (SEM) and electron backscatter diffraction (EBSD) 

 Sections similar to those utilized for optical microscopy were polished to a surface finish 

of 0.05 μm. Images at 4000x magnification were initially obtained utilizing a Hitachi S-3500 

Scanning Electron Microscope (SEM) operated at 15 kV. Three total specimens, two specimens 

aged at 500 °C for 4 h for NUCu-170 and NUCu-140-1 and one specimen aged at 550 °C for 1 h 

and at 200 °C for 2 h (double aging treatment) for NUCu-140-3, which correspond to the peak or 

near peak yield strength condition, were subsequently vibratory polished between two and four 

hours to a final surface finish of 0.02 μm. The specimens were scanned, 0.08 μm per step and 

2000x magnification, utilizing a JEOL-JSM 7000F Field Emission Analytical SEM with a HKL 

Technology electron backscatter diffraction (EBSD) system with a Nordlys II detector at 30 kV 

and 5 nA (Center for Microanalysis of Materials (CMM), Frederick Seitz Materials Research 

Laboratory, University of Illinois at Urbana-Champaign (UIUC)). The data was analyzed using 

the Channel 5, HKL Technology analysis software. 
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4.1.3 Mechanical properties 

 Sections were cold mounted in acrylic and polished utilizing standard metallographic 

procedures to a final surface finish of 1 μm for hardness testing. Hardness testing was performed 

in accordance with ASTM standards (ASTM E 384 – 99) using a Buehler Micromet II with a 

Vickers microhardness indenter, a load of 500 grams, and a testing time of 15 seconds. The 

reported microhardness values are averaged from 10 measurements on each specimen. 

 The tensile specimens are ASTM standard specimens (ASTM E8 – 04) with a gage 

length of 25.4-mm (1-inch) and a diameter of 6-mm (0.25-inch). Tensile testing was performed 

on a Sintech 20/G screw driven testing machine in accordance with ASTM standards, with a 20-

kilopound (kip) load cell under displacement control at a strain rate of 0.04 s-1. The specimen 

strain was measured utilizing a 1-inch extensometer. Two specimens for each aging condition 

were tested. If a specimen failed outside of the extensometer an additional specimen was tested. 

NUCu-140-1 was not tested due to insufficient material. 

 The Charpy V-notch (CVN) specimens are ASTM standard size specimens (ASTM E 23 

– 02a). The CVN tests were performed using a Tinius Olsen impact-testing machine in 

accordance with ASTM standards. The CVN tests were performed at temperatures between 22 

and – 40 °C. 

4.2 Results 

4.2.1 Microstructure 

 Figures 4.1(a) through 4.1(c) present the as quenched microstructure after solutionizing at 

900 °C for NUCu-140-x and NUCu-170. The figures demonstrate predominantly two types of 

grains, which possess an irregular morphology. The first is characteristic of polygonal ferrite, 

whereas the second consists of parallel lath-like features that is characteristic of bainitic ferrite, 
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alternatively known as upper bainite (Honeycombe, 1980; Honeycombe & Bhadeshia, 1996), 

see below. The average grain size determined by the ASTM intercept method (ASTM 112 – 96) 

is 6.5 μm for NUCu-170, 7 μm for NUCu-140-1, and 8.6 μm for NUCu-140-3 (Vaynman, et al., 

Submitted 2007). 

 

Figure 4.1 As quenched microstructure after solutionizing at 900 °C for (a) NUCu-170; (b) 
NUCu-140-1; and (c) NUCu-140-3. The images were taken at 500x magnification. 

 
 The microstructures after solutionizing at 900 °C and aging at 500 °C for 4 h are 

displayed in Figures 4.2(a) through 4.2(d) for NUCu-170 and Figures 4.3(a) through 4.3(d) for 
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NUCu-140-1. The microstructure after aging at 550 °C for 1 h and subsequently at 200 °C for 

2 h is presented in figures 4.4(a) through 4.4(d) for NUCu-140-3. 

 The irregular morphology of both types of grains is clearly observable at 4 h for NUCu-

170 in Figure 4.2. Figure 4.2(a) also shows evidence of carbide precipitation within the 

polygonal ferrite. Also apparent are few elongated grains with a larger aspect ratio, which are 

characteristic of acicular ferrite (Honeycombe & Bhadeshia, 1996). Comparison of Figures 

4.1(a) and 4.2(a) demonstrates differences in microstructure between the as quenched and 4 h 

aged condition with a greater quantity of polygonal ferrite evident in the latter. Further aging to 

1024 h (Fig. 4.5(a)), however, does not demonstrate significant changes in microstructure, as 

both types of grains are still present in approximately similar quantities. The EBSD band contrast 

scan (Fig,. 4.2(c)) shows clearly the polygonal ferrite and regions of bainitic ferrite. The GBs are 

delineating by angles > 10° (solid lines) and sub-grain boundaries (sub-GBs) by angles between 2 

and 10° (gray lines), in Fig. 4.2(d). The large quantity of sub-grain boundaries found within the 

grains is apparent. The black solid lines indicate general high-angle boundaries and the colored 

solid lines, coincidence site lattice (CSL) boundaries. As shown in Fig. 4.2(d), 84.5% of the total 

is general high-angle boundaries, and 15.5% are CSLs.  The majority of the CSLs, 6.3%, are Σ3 

type (red lines), 3.2% are Σ13b type (peach lines), 2.4% are Σ39a type (green lines), and 0.6% 

are Σ11 type (yellow lines). The remaining CSL types are present in quantities < ca. 0.5% each. 

 Comparable results are illustrated in Figs. 4.3(a) through 4.3(d) and 4.5(b) for NUCu-

140-1.  The primary difference, besides average grain size, between NUCu-170 and NUCu-140-

1, is the quantity of GBs. As presented in Fig. 4.3(d), 92.5% of the combined total is general 
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high-angle boundaries and 7.5% are CSLs. Of the CSLs, 4.4% are Σ3 type (red lines). The 

remaining CSL types are present in quantities < ca. 0.5% each. 

 

Figure 4.2 Microstructure after solutionizing at 900 °C and aging at 500 °C for 4 h for NUCu-170 
as characterized by (a) optical microscopy at a magnification of 500x; (b) SEM at a 
magnification of 4000x; (c) EBSD band contrast map at a magnification of 2000x; and (d) GBs 
(angles > 10° in darker colors) and sub-grain boundaries (angles < 10° and > 2° in gray) at 2000x. 
The long lines in (c) are surface scratches. The black solid lines in (d) are general high-angle 
boundaries, whereas the colored solid lines are CSL boundaries. 
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Figure 4.3 Microstructure after solutionizing at 900 °C and aging at 500 °C for 4 h for NUCu-
140-1 as characterized by (a) optical microscopy at a magnification of 500x; (b) SEM at a 
magnification of 4000x; (c) EBSD band contrast map at a magnification of 2000x; and (d) GBs 
(angles > 10° in darker colors) and sub-grain boundaries (angles < 10° and > 2° in gray) at 2000x. 
The long lines in (c) are surface scratches. The black solid lines in (d) are general high-angle 
boundaries, whereas the colored solid lines are CSL boundaries. 
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Figure 4.4 Microstructure after solutionzing at 900 °C and aging at 550 °C for 1 h followed by 
200 °C for 2h for NUCu-140-3 as characterized by (a) optical microscopy at a magnification of 
500x; (b) SEM at a magnification of 4000x; (c) EBSD band contrast map at a magnification of 
2000x; and (d) GBs (angles > 10° in darker colors) and sub-grain boundaries (angles < 10° and > 
2° in gray) at 2000x. The long lines in (c) are surface scratches. The black solid lines in (d) are 
general high-angle boundaries, whereas the colored solid lines are CSL boundaries. 
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Figure 4.5 Microstructure after solutionizing at 900 °C and aging at 500 °C for 1024 h for (a) 
NUCu-170; and (b) NUCu-140-1 as characterized by optical microscopy at a magnification of 
500x. 

 
 The results for the double aging treatment NUCu-140-3 specimen are similar, but not 

exactly the same, as NUCu-170 and NUCu-140-1. Larger average grain size and larger regions 

of bainitic ferrite, which are clearly evident in the band contrast image (Fig. 4.4(c)), and in Fig. 

4.4(d), characterize NUCu-140-3. Additionally, a greater quantity, when compared to NUCu-170 

and NUCu-140-1, of elongated grains characteristic of acicular ferrite, are present. Observable in 

Fig. 4.4(d) is the large quantity of sub-grains present. In addition, of the total GBs, 95.3% are 

general high-angle boundaries, and 4.7% are CSLs. Of the CSLs, 2.2% are Σ3 type (red lines). 

The remaining CSL types are present in quantities < ca. 0.5% each. 

4.2.2 Mechanical properties 

 Figure 4.6 shows the hardness versus aging time for NUCu-170 and NUCu-140-1 aged at 

500 °C, and NUCu-140-3 aged at 550 °C and also at 550 °C + 2 h at 200 °C. As demonstrated by 

the hardness curves the steel ages faster at a temperature of 550 °C. Aging at 500 °C, however, 

results in greater values of HVN. Aging at 500 °C demonstrates a hardness plateau for both 

NUCu-170 and NUCu-140-1, whereas aging at 550 °C does not demonstrate clearly a similar 
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plateau. A maximum value of ca. 395 HVN for NUCu-170 and ca. 332 HVN for NUCu-140-1 

and a maximum of 278.6 ± 7.7 HVN for NUCu-140-3 and 288.6 ± 8.7 HVN for NUCu-140-3 

(double aging treatment) are attained. Overaging occurs at times greater than approximately 16 h 

at 500 °C and ca. 0.25 h at 550 °C. Higher hardness is attainable in NUCu-170, which contains a 

greater concentration of Cu, when compared to NUCu-140-1. 

 

Figure 4.6 Vickers microhardness (HVN) of NUCu-170 and NUCu-140-1 aged at 500 °C and 
NUCu-140-3 aged at 550 °C and also at 550 °C + 2 h at 200 °C. 
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 Representative engineering tensile curves for NUCu-170 and NUCu-140-3 (double 

aging treatment) are presented in Fig. 4.7. Tensile curves for NUCu-140-1 are found in 

(Vaynman, et al., Submitted 2007). The four curves for NUCu-170 show the effect of thermal 

treatment on tensile properties. The furnace annealed (FA) condition is less strong (572 MPa 

yield strength), demonstrates a double yield point, and significant elongation-to-failure equal to 

32.3%. The air-cooled (AC) condition is stronger (672 MPa yield strength), does not demonstrate 

a double yield point, and an elongation-to-failure equal to 29.3%. NUCu-170 at 4 h attains the 

highest yield strength, σYS , equal to 1193 ± 0.4 MPa, a “kink” in the stress-strain curve is 

observed, see below, and significantly lower elongation-to-failure equal to 19.7 ± 1.7%. Further 

aging to 1024 h illustrates the effect of overaging, which reduces σYS  by ca. 200 MPa. The 

NUCu-140-3 (double aging treatment) curve attains a yield strength equal to 817.0 MPa, a 

double yield point is apparent, and an elongation-to-failure equal to 20.3%. The curves for 

NUCu-140-3 aged at 550 °C are qualitatively similar to the double aging treatment specimens. 

The tensile fracture surfaces of all the specimens exhibit a classic cup-and-cone type surface with 

dimpling indicating ductile fracture. 

 The variation of σYS , the ratio of yield strength to ultimate tensile strength, σYS σUTS , and 

fracture strength, σFS , as a function of aging time are presented in Figs. 4.8(a) through 4.8(c), 

based on engineering stress values. The quantity σYS  reaches a maximum value equal of 1193 ± 

0.4 MPa at 4 h for NUCu-170. The maximum values for NUCu-140-3 and NUCu-140-3 (double 

aging treatment) are similar within the defined experimental uncertainity, ca. 800 MPa at 0.25 h 

and 1 h. The ratio of σYS σUTS  reaches a value of 1.0 for NUCu-170 at 0.25 h, whereas NUCu-

140-3 and NUCu-140-3 (double aging treatment) attain similar values of ca. 0.93 at 0.25 h. The 
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σFS  follows a pattern similar to that observed for σYS  in Fig. 4.8(a), with maximums seen at 

approximately the same aging times as σYS . 

 

Figure 4.7 Representative tensile curves for NUCu-170 and NUCu-140-3 (double aging 
treatment). 
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Figure 4.8 Variation of (a) yield strength; (b) ratio of σYS σUTS ; and (c) fracture strength based 
on engineering stress values, as a function of aging time for NUCu-170, NUCu-140-3, and 
NUCu-140-3 (double aging treatment). 
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Figure 4.9 Variation in % elongation-to-failure and % reduction area as a function of aging time 
for NUCu-170, NUCu-140-3, and NUCu-140-3 (double aging treatment). 

 
 The variation in % elongation-to-failure (%ELF) and % reduction area (%RA) are 

presented in Figs. 4.9(a) and 4.9(b). The %ELF for NUCu-170 increases from the AQ condition 

to a maximum at 1 h and then decreases to 64 h and subsequently increases to 1024 h. The %RA 

for NUCu-170 decreases from the AQ condition and demonstrates a generally increasing trend 
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from 0.25 to 1024 h, within the defined experimental uncertainity. The %ELF for both NUCu-

140-3 thermal treatments show an increase from the AQ condition to 0.25 h and then does not 

change for NUCu-140-3, greater variation exists for NUCu-140-3 (double aging treatment). The 

%RA, however, shows a consistent increase for all aging times studied for both NUCu-140-3 

thermal treatments.  

 

 

Figure 4.10 Yield strength as a function Vickers microhardness. The results yield a linear 
relationship. 
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Figure 4.11 Charpy V-notch for NUCu-170 and NUCu-140-x for the thermal treatments listed in 
the legend. The dark solid line demarcates the 500 and 550 °C aging condition results. Specimens 
containing ≥ 0.01 wt. % phosphorous are indicated. Testing conditions denoted (a) are courtesy 
of Dr. Semyon Vaynman and are reported in (Vaynman, et al., Submitted 2007). 

 
A plot of σYS  as a function of HVN is presented in Fig. 4.10. The results show a linear 

relationship with fit given by, 

σYS = 22.3 + 3.0 HVN( ).         ( 4.1 ) 

 The results of CVN impact testing are presented in Fig. 4.11. The stark difference in 

CVN values for specimens aged at 500 °C when compared to 550 °C is clearly apparent. Those 

aged for 550 °C possess greater impact toughness. Also evident is the pronounced detrimental 
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effect P concentrations ≥ 0.01 wt. % has on absorbed impact energy, further detail and 

micrographs comparing NUCu-140-1 and NUCu-140-2, which contains ≥ 0.01 wt. % P, is found 

in (Vaynman, et al., Submitted 2007). The ten results at – 40 °C demonstrates the repeatability of 

the results at that temperature. 

4.3 Discussion 

 The presence of irregularly shaped polygonal ferrite with sub-grains is consistent with 

earlier studies showing that Ni additions in steel resulted in comparable morphologies 

(Goodenow & Hehemann, 1965). Additionally, the results of (Ricks, et al., 1979; Ricks, et al., 

1980) demonstrated that additions of Cu also yields an irregular ferrite morphology with sub-

grain structure. The presence of bainitic ferrite is also consistent with the results of (Goodenow 

& Hehemann, 1965; Ricks, et al., 1979; Ricks, et al., 1980); who observed comparable 

microstructure. 

 The hardness plateau seen in Fig. 4.6 is related to the temporal evolution of the complex 

Cu-rich and NbC carbides. Earlier research on NUCu-100 showed that bcc Cu and NbC carbides 

nucleate and grow at different rates, which can result in a hardness plateau or possibly multiple 

hardening peaks (Gagliano & Fine, 2001; Gagliano & Fine, 2004). This observation is 

characteristic of the NUCu steels and present in NUCu-100, NUCu-140-x, and NUCu-170. 

Comparable results are reported in (Vaynman, et al., Submitted 2007). A plateau or multiple 

hardening peaks was not observed for the two thermal treatments of NUCu-140-3, which are 

aged a maximum of 4 h at 550 °C. Earlier experiments on NUCu-140-1 at 550 °C, however, 

indicates that a second peak occur between five and six hours (Vaynman, et al., Submitted 

2007). The differences in hardness and yield strength between NUCu-170 and NUCu-140-1 

(Vaynman, et al., Submitted 2007) is primarily a result of the higher Cu concentration in the 
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former. As seen in Chapters Five through Seven a higher Cu concentration results in larger 

 for a given aging time, which increases strengthening. Additionally, the difference in 

hardness in as quenched condition indicates that solid solution strengthening is occurring, which 

is affected by the differences in alloying content (Table 3.1). The lower hardness and yield 

strength of both NUCu-140-3 thermal treatments is due to lower 

NV t( )

NV t( ) at 550 °C aging, see 

Chapter Seven. In addition variation in Hall–Petch strengthening (Hall, 1951; Petch, 1954) 

resulting from the differences in grain size, contributes to the measured variation in hardness and 

yield strength. 

 The occurrence of a double yield point in NUCu-140-3 is possibly a result of pinning or 

locking of dislocations by Cottrell atmospheres (Cottrell & Bilby, 1949; Honeycombe & 

Bhadeshia, 1996) or the rapid movement of freshly generated dislocations (Johnston & Gilman, 

1959; Honeycombe & Bhadeshia, 1996). The same phenomena possibly result in the “kink” seen 

in the NUCu-170 tensile curves, which is then followed by incomplete Lüders band front 

propagation producing inhomogeneous deformation and manifesting as an incomplete double 

yield point (Foley & Fine, 1991). 

 The observation of higher hardness and yield strength at 500 °C aging when compared to 

550 °C and better CVN absorbed impact energy values at 550 °C aging when compared to 500 °C 

is consistent with the results reported in (Vaynman, et al., Submitted 2007) and earlier 

observations in HSLA-type steels. Isothermal aging experiments demonstrated that aging at 

temperatures between approximately 400 and 500 °C resulted in higher strengths but lower 

impact toughness, whereas aging at approximately 550 to 650 °C resulted in yield strength 

reductions but an improvement in impact toughness (Asada & Watanabe, 1968; Hicho, et al., 

1987; Fox, et al., 1991; Lis, et al., 1991; Dhua, et al., 2001a; Dhua, et al., 2001b). This 
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observation has been attributed previously to the presence of thermally stable austenite at lath 

boundaries (Lis, et al., 1991) and to a combination of coarsening of the Cu precipitates and 

partial recovery of martensitic laths (Dhua, et al., 2001a; Dhua, et al., 2001b). In addition, the 

good CVN absorbed impact energy at temperatures below 0 °C has been attributed to possible 

reduction of the Peierls stress at the Cu precipitate and α-Fe matrix interface (Vaynman, et al., 

Submitted 2007). A difficulty in applying the explanation of Lis et al. to NUCu-140-x or NUCu-

170 is that retained austenite has not been observed utilizing conventional XRD. Additionally, 

lath martensite has not been observed utilizing microscopy or conventional XRD when NUCu 

steels are solutionized at 900 °C (Vaynman, et al., Submitted 2007). In addition, earlier research 

on rolled and air-cooled steels showed that additions of Cu, Ni, and Nb, when compared to a 

base steel without these elemental additions, improved the DBTT from 5 °F (-15 °C) to -80 °F (ca 

-62 °C) and also increased the upper shelf by ca. 12 J (9 ft-lbs) (DePaul & Kitchin, 1970). The 

authors did not report a potential mechanism. Their results show, however, an irregular ferrite 

morphology and refinement of the grains, comparable to the results for NUCu-170 and NUCu-

140-x. Furthermore, the presence of acicular ferrite can result in better impact toughness values 

(Honeycombe & Bhadeshia, 1996). Therefore, the measured good impact toughness values are 

possibly a combination of coarsening of the Cu-rich precipitates, grain refinement due to Nb and 

Al additions, the presence of acicular ferrite, and irregular morphology of the polygonal ferrite 

and bainitic ferrite. 

 The poor values of impact toughness measured for NUCu-170 when aged at 500 °C is 

primarily due to the presence of P in quantities ≥ 0.01 wt. %. Comparable results are seen for 

NUCu-140-2, which also contains ≥ 0.01 wt.% P. Elevated concentrations of P, which segregates 
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to GBs, is known to result in embrittlement of steels (Guttman & McLean, 1979; Stein & 

Heldt, 1979; Tetsuya, et al., 1996; McMahon Jr., 2004). 

Conclusions 

1) The grains in NUCu-170 and 140-x possess an irregular morphology, which are a mixture of 

polygonal and bainitic ferrite. A smaller quantity of acicular ferrite is also present. The grains 

contain a significant quantity of sub-grain boundaries. 

2) Higher hardness and yield strength is attainable when aging at 500 °C when compared to 550 

°C. Higher hardness and yield strength is attainable in NUCu-170 at 500 °C aging, which 

contains a greater concentration of Cu, 1.82 at. %, when compared to NUCu-140-1, which 

contains 1.17 at. % Cu. Peak hardness and strength occurs at ca. 4 h for NUCu-170 and NUCu-

140-1 when aging at 500 °C, and ca. 1 h for both thermal treatments of NUCu-140-3 when aging 

at 550 °C. 

3) Additional aging at 200 °C at 2 h for NUCu-140-3 aged at 550 °C yields hardness and yield 

strength increases with little change in Charpy V-notch absorbed impact energy values at – 40 

°C. 

4) Aging at 550 °C produces better impact toughness and lower yield strength, whereas aging at 

500 °C gives higher yield strength but lower impact toughness. The good impact toughness 

results from a combination of coarsening of the Cu-rich precipitates, grain refinement due to Nb 

and Al additions, the presence of acicular ferrite, and irregular morphology of the polygonal and 

bainitic ferrite. 

5) The presence of P impurities at bulk concentrations > 0.01 wt. % results in poor CVN 

absorbed impact energy values. 
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Chapter 5 The temporal evolution of the decomposition of a concentrated 

multicomponent Fe–Cu based steel  

5.1 Introduction 

 Copper precipitation-strengthened structural steels are of considerable commercial 

importance due to their high strength, good impact toughness, excellent weldability without 

preheat or postheat, and corrosion resistance (Montemarano, et al., 1986; Czyrycka, et al., 1990; 

Dhua, et al., 2001a; Vaynman, et al., Submitted 2007). This desirable combination of properties 

is derived from Cu precipitates, formed after solutionizing and thermal aging, found within these 

steels. The sequence of precipitation, structure, and composition have been studied utilizing 

Mössbauer spectroscopy studies (Lahiri, et al., 1969), field-ion microscopy (FIM) (Youle & 

Ralph, 1972; Goodman, et al., 1973a), atom-probe field-ion microscopy (APFIM) (Goodman, et 

al., 1973b; Worrall, et al., 1987; Pareige, et al., 1996; Maruyama, et al., 1999), atom-probe 

tomography (APT) (Miller, et al., 1998), conventional and high-resolution electron microscopies 

(CTEM and HREM) (Hornbogen & Glenn, 1960; Speich & Oriani, 1965; Watanabe, 1975; 

Othen, et al., 1991; Othen, et al., 1994; Charleux, et al., 1996; Maruyama, et al., 1999; Monzen, 

et al., 2000; Deschamps, et al., 2001), small-angle neutron scattering (SANS) (Kampmann & 

Wagner, 1986; Osamura, et al., 1993; Osamura, et al., 1994a; Osamura, et al., 1994b), extended 

x-ray absorption fine structure (EXAFS) (Pizzini, et al., 1990), X-ray absorption spectroscopy 

(XAS) (Maury, et al., 1994), small-angle X-ray scattering (SAXS) (Charleux, et al., 1996; 

Deschamps, et al., 2001), and computer simulations (Soisson, et al., 1996; Ludwig, et al., 1998; 

Blackstock & Ackland, 2001; Zhang, et al., 2004; Koyama & Onodera, 2005; Liu, et al., 2005; 

Koyama, et al., 2006; Nagano & Enomoto, 2006; Zhang & Enomoto, 2006). Most of these 
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studies have been on model binary, ternary, and quaternary Fe–Cu based carbon-free alloys 

and low-carbon steels. Fewer studies exist on Cu precipitation in multicomponent steels with 

increased alloying concentrations and microstructural complexity. The recent studies of 

(Vaynman, et al., Submitted 2007) and (Isheim & Seidman, 2004; Isheim, et al., 2006a; Isheim, 

et al., 2006b) characterized the Cu-rich precipitates found within multicomponent Fe–Cu based 

steels. The precipitates were studied at near-peak hardness and in the slightly over-aged 

condition. 

 Studies of growth and coarsening (Ostwald ripening) of the Cu precipitates are likewise 

few in number. The study of (Speich & Oriani, 1965) studied coarsening in binary Fe–Cu alloys 

containing 2.3 to 5.4 wt. % Cu, at aging temperatures between 730 and 830 °C. These authors 

reported that the kinetics obey the t  power-law law for mean radius, 1/ 3 R t( ) , predicted by the 

Lifshitz–Slyzov–Wagner (LSW) (Lifshitz & Slyzov, 1961; Wagner, 1961) model for coarsening. 

The study of (Monzen, et al., 2003; Monzen, et al., 2004) studied an Fe–1.5 Cu wt. % alloy at 

temperatures between 600 and 750 °C and also reported good agreement with the  power-law 

for 

t1/ 3

R t( ) . These authors also reported that the kinetics of the matrix supersaturation, followed 

using electrical resistivity measurements, obey the t−1/ 3 power-law, as predicted by the LSW 

model. The study of (Soisson, et al., 1996) studied, by lattice kinetic Monte Carlo simulations, a 

binary Fe–1.34 Cu at. % alloy aged between 300 and 500 °C; they reported a  dependency for t1/ 3

R t( ) . Recently, investigations by (Isheim, et al., 2006b) describe the temporal evolution of 

R t( ) , number density, , and concentration profiles for a multicomponent Fe–Cu based 

steel. 

NV t( )
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 The LSW model describes mean-field diffusion-limited coarsening of precipitates in 

dilute binary alloys (Wagner, et al., 2001) and (Ratke & Voorhees, 2002). The asymptotic 

solutions of the LSW model (Lifshitz & Slyzov, 1961; Wagner, 1961) predict: 

R t( ) − R t0( ) ∝ t1/ 3;         ( 5.1 ) 

where t is the time and R t0( )  is the mean radius at the onset of quasi-stationary coarsening, 

where t0 is greater than zero. The model also predicts 

NV t( )− NV t0( )∝ t−1;         ( 5.2 ) 

where  is the number density at the onset of coarsening, and NV t0( )

ΔCi
mat. t( )= Ci

mat ., ff t( ) − Ci
mat.,eq . ∞( )[ ]∝ t−1/ 3 ;      ( 5.3 ) 

where Δ  is the matrix (mat.) supersaturation of an element i at time t between the far-

field concentration of element i, 

Ci
mat. t( )

Ci
mat., ff t( ) , and equilibrium concentration, . The 

assumptions of the LSW model are: (1) the linearized Gibbs-Thompson equation is valid; (2) the 

precipitate volume fraction is essentially zero; (3) the diffusion fields of the precipitates do not 

overlap, (4) dilute solution theory applies; (5) no elastic interactions occur among the 

precipitates; (6) the precipitates have a spherical morphology; (7) the precipitates form and 

coarsen with the composition given by the equilibrium phase diagram; (8) the evaporation-

condensation mechanism is implicit in the model; and (9) the system is in the stationary-state, 

which is obtained from the asymptotic solutions at infinite time. The UO model (Umantsev & 

Olson, 1993) extends the LSW model from binary to multicomponent alloys, employing the 

same assumptions excluding that the alloy is a dilute solution and the precipitating phase has a 

volume fraction of zero. It predicts the same time exponents as the LSW model albeit with 

Ci
mat.,eq. ∞( )
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different rate constants. And finally, (Kuehmann & Voorhees, 1996) (KV) have analyzed 

ternary alloys in significantly greater detail. 

 The focus of this investigation is the nucleation (to a limited extent), growth, and 

coarsening of the Cu-rich precipitates in a concentrated multicomponent Fe–Cu based steel 

containing 1.82 at. % Cu. This steel is being studied as part of a program to develop an 

explosion-resistant steel for the US Navy (Vaynman, et al., 2004b; Vaynman, et al., 2006; 

Vaynman, et al., Submitted 2007). The temporal evolution of the morphologies and 

compositions of the Cu-rich precipitates, from the as-quenched condition to 1024 h, when aged 

at 500 °C, is studied utilizing atom-probe tomography (APT) (Miller, 2000a). We discuss the 

temporal evolution of the precipitate core and precipitate/matrix heterophase interface 

compositions in detail. The power-law time exponents are experimentally determined for R t( ) , 

, and Δ . Additionally, we determine the exponents for the precipitate (ppt.) core, NV t( ) Ci
mat. t( )

ΔCi
ppt . t( )= Ci

ppt. t( ) − Ci
ppt.,eq. ∞( )[ ], and heterophase interfacial region (int.), 

ΔCi
int . t( )= Ci

int . t( ) − Ci
int .,eq. ∞( )[ ], supersaturations of an element i at time t, where  is the 

concentration as a function of time and C

Ci
j t( )

i
j.eq. ∞( ) is the equilibrium concentration for phase j (j = 

mat., ppt., or int.). The results obtained are compared to predictions of Umantsev’s and Olson’s 

(UO) model (Umantsev & Olson, 1993) and to earlier investigations for coarsening in binary Fe–

Cu alloys (Speich & Oriani, 1965; Soisson, et al., 1996; Monzen, et al., 2003; Monzen, et al., 

2004). Furthermore, we discuss the equilibrium morphology of the precipitates and delineate the 

formation of a possible Ni–Al–Mn phase at the Cu-rich precipitate and α-Fe matrix interfaces. 
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5.2 Experimental Methods 

5.2.1 Material details 

 A 45.5-kg (100-lb) steel heat was vacuum induction melted and cast at ArcelorMittal 

Steel USA Research Center, East Chicago, Indiana. The heat was reheated to approximately 

1150 °C and hot-rolled in multiple passes to a thickness of 12.5 mm and then air-cooled to room 

temperature. The final hot-rolling temperature was 900 °C. The bulk composition of the steel, 

determined by spectrographic analysis at ArcelorMittal Steel USA Research Center, is presented 

in (Table 3.1). We denote this steel NUCu-1702 (170 designates the yield strength in ksi); details 

regarding the development of the NUCu series of steels can be found in reference (Vaynman, et 

al., Submitted 2007). The plates were trimmed and cut into rods 12.5 mm x 12.5 mm x 250 mm 

and solutionized at 900 °C for 1 h and then quenched into water at 25 °C. Material (12.5 mm x 

12.5 mm x 25 mm blocks) for hardness testing and APT were aged at 500 °C for 0.25, 1, 4, 16, 

64, 256, or 1024 h and subsequently quenched into water at 25 °C. 

5.2.2 Vickers microhardness 

 Sections were cold mounted in acrylic and polished utilizing standard metallographic 

procedures to a final surface finish of 1 μm for hardness testing. Hardness testing was performed 

in accordance with ASTM standards (ASTM E 384 – 99) using a Buehler Micromet II 

microhardness tester with a Vickers microhardness indenter, a load of 500 grams, and a testing 

time of 15 seconds. The reported microhardness values are derived from 10 measurements on 

each specimen. 

 
2 The term NUCu stands for Northwestern University copper alloyed steel. 
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5.2.3 Atom-probe tomography 

 The steel blocks were further reduced to 0.3 mm × 12.5 mm × 25 mm coupons, cut from 

the center, utilizing an abrasive saw. The APT tip blanks (0.3 mm × 0.3 mm × 25 mm) were 

mechanically cut from the coupons and electropolished using standard techniques (Tsong, 1990; 

Miller, 2000a). Initial polishing was performed with a solution of 10 vol. % perchloric acid in 

acetic acid at 15 – 10 Vdc at room temperature. This was followed by a manually controlled 

pulsed final-polishing step using a solution of 2 vol. % perchloric acid in butoxyethanol at 10 – 5 

Vdc at room temperature, producing a tip with a radius <50 nm. LEAP™ tomography (Kelly, et 

al., 2004; Seidman, 2007) was performed at a specimen temperature of 50 K under ultrahigh 

vacuum (UHV) conditions of ca. 1.0 ×10−8 Pa (ca. 7.5 ×10−11 torr). The pulse repetition rate was 

 Hz and the pulse-voltage-to-standing-dc voltage ratio (pulse fraction) was 15 – 20%. 2 ×105

 Visualization and reconstruction of the steel data is performed using the Imago 

Visualization and Analysis Software (IVAS®) package. The precipitates are identified utilizing 

an isoconcentration surface methodology (Hellman, et al., 2003) with the threshold concentration 

set at 10 at. % Cu, which gives morphologically and compositionally stable results. The 

parameters chosen in obtaining noise-free isoconcentration surfaces are a voxel size of 1 nm, a 

delocalization distance of 4 nm, a sample count threshold of 5%, and a polygon filter level of 10 

– 20. 

 Concentration profiles with respect to distance from the reference isoconcentration 

surfaces are obtained utilizing the proximity histogram (proxigram for short) with a bin width of 

0.25 nm (Hellman, et al., 2000). The ±2σ standard deviations for the reported concentrations are 

given by counting statistics, 
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σ =
ci 1− ci( )

NTOT

;         ( 5.4 ) 

where ci is the atomic fraction of an element i in a bin and NTOT is the total number of ions in a 

bin. 

 The spherical volume equivalent radius, R, of a precipitate (Kolli & Seidman, 2007) is 

given by, 

R =
3

4π
Natoms

ρth η

⎛ 

⎝ 
⎜ ⎜ 

⎞ 

⎠ 
⎟ ⎟ 

1
3

;         ( 5.5 ) 

where Natoms is the number of atoms detected within a delineated precipitate, ρth , is the 

theoretical atomic density, which is equal to 84.3 atoms nm-3 for this steel, and η is the estimated 

detection efficiency of 0.5 of the multichannel plate detector. The value of Natoms belonging to a 

precipitate is determined from the envelope method (Miller, 2000a; Miller & Kenik, 2004), 

based on a maximum separation distance, dmax, of 0.5 – 0.6 nm, a minimum number of solute 

atoms, Nmin, of 11 – 100 Cu atoms (depending on the aging time), and a grid spacing of 0.2 nm. 

The details regarding selection of values for the parameters utilized in the envelope method for 

this steel are found in reference (Kolli & Seidman, 2007). 

 The radial distribution function (RDF) (Sudbrack, et al., 2006a), with respect to Cu for 

this steel, is defined as the average concentration of an element i at a distance r from the Cu 

atoms, Ci
Cu r( ) , normalized to the overall concentration of the element i, C , in the alloy, i

o

RDF =
Ci

Cu r( )
Ci

o =
1

Ci
o

Ni
k r( )

Ntot
k r( )k=1

NCu

∑ ;       ( 5.6 ) 

where  is the number of i atoms in a radial shell around the kNi
k r( ) th Cu atom at a distance r, and 

 is the total number of atoms within the shell at a distance r. The RDFs are calculated Ntot
k r( )
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using 0.01 nm increments from 0.2 to 1.0 nm. Only the RDFs for r ≥ 0.2 nm are displayed, as 

the physical interpretation at smaller r values is difficult due to possible ion trajectory effects. 

The results are smoothed by a weighted moving average using a Gaussian-type spline function 

(Hellman, et al., 2003). RDF values > 1 imply a positive correlation with Cu atoms, whereas 

values < 1 imply a negative correlation with Cu atoms. A value of unity indicates a random 

distribution of element i with respect to Cu. Greater detail regarding the RDF can be found in 

references (Sudbrack, 2004; Sudbrack, et al., 2006a). The RDF is utilized to evaluate any 

potential clustering, in the as-quenched specimen, with a greater degree of sensitivity than the 

isoconcentration surface (Hellman, et al., 2003) or envelope (Miller, 2000a; Miller & Kenik, 

2004) methodologies. 

5.2.4 Transmission electron microscopy 

 Specimens for conventional transmission electron microscopy (TEM) were mechanically 

cut from the 0.3 mm × 12.3 mm × 25 mm coupons aged for 1024 h. The 3-mm foils were then 

mechanically ground to a thickness of approximately 150 μm and subsequently twin-jet 

electropolished in a solution of 5 vol. % perchloric acid in methanol at –60 °C and 15 V. The 

specimen perforations were further thinned utilizing ion-beam thinning (IBT) at 3.0 kV and 3.5 

mA. The specimens were examined in an Hitachi H-8100 TEM microscope operating at 200 kV. 

5.3 Results 

5.3.1 Temporal evolution of the morphology 

 Figure 5.1 displays the Vickers microhardness (VHN) as function of aging time. This 

figure demonstrates that a significant increase in hardness is attainable when the steel is aged at 

500 °C. Prior to 2 h of aging the steel is under aged. From 2 to 16 h of aging the microhardness 

reaches a plateau of approximately 395 VHN. The observed hardness plateau is a result of 



 75
different nucleation and growth rates of the Cu-rich precipitates and NbC carbides (Gagliano 

& Fine, 2001; Gagliano & Fine, 2004) present within the steel and is consistent with earlier 

observations on NUCu steels containing ca. 1.13 – 1.20 at. % Cu (Vaynman, et al., Submitted 

2007). At 64 h of aging the microhardness decreases to 384.0 ± 8.7 VHN indicating the steel is 

over aged. Aging for times greater than 64 h results in further reduction of the hardness, reaching 

a value of 310.9 ± 6.1 VHN at 1024 h. Other researchers have reported aging times ranging from 

1.94 to ca. 10 h to achieve peak hardness in model Fe–Cu based alloys containing 1.1 to 1.5 at. 

%. Cu, when aged at 500 °C (Hornbogen & Glenn, 1960; Russell & Brown, 1972; Youle & 

Ralph, 1972; Osamura, et al., 1994b; Charleux, et al., 1996; Pareige, et al., 1996; Barbu, et al., 

1998; Miller, et al., 1998; Zhang, et al., 2004). 

 Evolution of the Cu-rich precipitate morphology is seen qualitatively in Figs. 5.2(a) 

through 5.2(g), which depict 10 ×10 × 30 nm3 (3000 nm3) subsets of an analyzed volume for 

each aging time studied, containing approximately 130,000 atoms. These figures illustrate that 

the precipitates, which are delineated with 10 at. % Cu isoconcentration surfaces, grow and 

coarsen with increasing aging time. The precipitates are initially spheroidal and become more 

rodlike or ellipsoidal at 1024 h of aging, although, as discussed below, not all precipitates at 

1024 h have a rodlike morphology. 
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Figure 5.1 Vickers microhardness (VHN) as a function of aging time (h) when the NUCu-170 
steel is aged at 500 °C. A plateau of ca. 395 VHN is seen between 2 and 16 h. 
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Figure 5.2 Copper-rich precipitates as delineated by 10 at. % Cu isoconcentration surfaces, when 
the steel is aged at 500 °C for: (a) 0.25 h; (b) 1 h; (c) 4 h; (d) 16 h; (e) 64 h; (f) 256 h; (g) 1024 h. 
Each reconstruction, 10  nm×10 × 30 3 (3000 nm3), is a subset of an analyzed volume and 
contains approximately 130,000 atoms. 
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 A representative Cu-rich precipitate for a 1 h aging time is presented in Fig. 5.3(a). The 

Cu atoms are orange, the Ni atoms are green, the Al atoms are teal, the Mn atoms are mustard, 

the Fe atoms are blue, and the Si atoms are gray, within Figs. 5.3(a) through 5.3(c). The 

distribution of Ni, Al, and Mn atoms adjacent to the Cu atoms, at the precipitate/matrix 

heterophase interface, is illustrated. The segregation is more pronounced on one side of the 

precipitate. Other precipitates for this aging time exhibit similar segregation and this observation 

is consistent with previously reported results in similar concentrated multicomponent steels 

(Isheim & Seidman, 2004; Isheim, et al., 2006a; Isheim, et al., 2006b). A representative 

precipitate for the 4 h aging time is displayed in Fig. 5.3(b). The observed Ni, Al, and Mn 

segregation is similar to that observed at 1 h, which is discussed in detail below. We observe 

similar segregation behavior for Ni, Al, and Mn in other precipitates at this aging state. The 

precipitate displayed in Fig. 5.2(g), 1024 h of aging, is larger than the cross-sectional area 

employed, and extends beyond the boundaries of the volume displayed. The exact same 

precipitate is presented in Fig. 5.3(c). The precipitate has a rodlike morphology consisting almost 

entirely of Cu atoms in its core and is partially surrounded by Ni, Al, and Mn atoms, where the 

observed segregation is greater qualitatively than for the 4 h aged state, see below. The 

segregation of the elements Ni, Al and Mn is not uniform around the Cu atoms in the core of the 

precipitates. Unlike for the 1 h and 4 h aging conditions, the observed segregation occurs 

predominantly on two sides of this precipitate. All precipitates at this aging time do not possess 

the same morphology presented in Figs. 5.2(g) and 5.3(c). Other precipitates exhibit a more 

spheroidal morphology with Ni, Al, and Mn segregating toward one side of the Cu-rich core, 

Fig. 5.4. 
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Figure 5.3 Three-dimensional atom-probe tomographic reconstructions of representative 
precipitates in the: (a) 1 h; (b) 4 h; and (c) 1024 h aged conditions. The Cu, Ni, Al, and Mn 
atoms are shown as spheres (not to scale) allowing visualization of the precipitates and 
heterophase interfaces. Only 20% of the Fe and 50% of the Cu, Ni, Al, and Mn atoms are shown 
in (c) for clarity. 

 
Figure 5.4 Three-dimensional atom-probe tomographic reconstruction of a second precipitate 
found in the 1024 h aged condition. The Cu, Ni, Al, and Mn atoms are shown as spheres (not to 
scale) allowing visualization of the precipitates and heterophase interfaces. Only 20% of the Fe 
and 50% of the Cu, Ni, Al, and Mn atoms are shown for clarity. 
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5.3.1.1 Nucleation and growth 

 We do not find any evidence of precipitation within the matrix in the as-quenched state 

utilizing the isoconcentration surface methodology (Hellman, et al., 2003) with the designated 

parameters. Reduction of the threshold concentration to values as small as the bulk Cu 

concentration does not affect the observed result. We also do not find any evidence of 

precipitation utilizing the envelope method (Miller, 2000a; Miller & Kenik, 2004) with the 

designated parameters and the methodology described in reference (Kolli & Seidman, 2007). The 

steel, when in the supersaturated state, exhibits some evidence of forming metastable clusters 

(embryos). Utilizing the same value for dmax and setting Nmin = 3 Cu atoms gives 813 clusters 

(embryos) containing 3 to 20 Cu atoms. The majority of clusters (embryos), 801, contain less 

than 11 Cu atoms suggesting they are metastable clusters (embryos) in the language of classical 

nucleation theory (CNT). The larger agglomerations are possibly stable clusters, that is, early-

stage stable nuclei in the language of CNT. 

 To further evaluate this steel in the as-quenched state an experimental RDF, determined 

by Eq. (5.6) and presented in Figs. 5.5(a) to 5.5(f), is utilized. The first through sixth nearest-

neighbor (NN) distances and NN numbers for body centered cubic (bcc) α-Fe are given on the 

top abscissa. These figures illustrate that strong overall positive correlations exist for Cu–Cu 

(Fig. 5.5(a)), Cu–Al (Fig. 5.5(d)), and Cu–Si (Fig. 5.5(f)) atoms, whereas a strong negative 

correlation exists for Cu–Mn (Fig. 5.5(e)) atoms. The strong positive oscillation for Cu–Cu 

between the 2nd and 3rd NN positions along with the results of the envelope method suggests that 

the onset of phase decomposition may occur as early as after solutionizing and quenching to 

room temperature. The slight negative oscillation for Cu–Fe (Fig. 5.5(b)) is a minimum between 

the 1st and 2nd NN distance suggesting that Cu and Fe are negatively correlated at this location.  
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Figure 5.5 Experimental radial distribution function (RDF) in the as-quenched state for: (a) Cu–
Cu atoms; (b) Cu–Fe atoms; (c) Cu–Ni atoms; (d) Cu–Al atoms; (e) Cu–Mn atoms; and (f) Cu–
Si atoms. Values of RDF > 1 indicate a positive correlation between atoms, while values of RDF 
< 1 indicate a negative correlation between atoms; when the RDF = 1 this indicates a random 
distribution. The first through sixth nearest neighbor (NN) distances and NN numbers for bcc Fe 
are indicated on the top abscissa. 
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Although, the closeness of the RDF to unity, indicates that Fe is almost randomly distributed 

relative to Cu. The Cu–Ni RDF (Fig. 5.5(c)) demonstrates a weak overall negative correlation 

but the proximity of the RDF to unity between the 1st and 2nd NN positions suggests a random 

distribution of Ni with respect to Cu. 

 By 0.25 h, Cu-rich precipitates have formed within the matrix (Fig. 5.2(a)) with 

R = 1.2 ± 0.1 nm (Fig. 5.6(a)), where the error is given by standard error of the mean. At 0.25 h, 

 mNV = 5.2 ±1.8( )×1023 -3 (Fig. 5.6(b)) and the volume fraction, φ, is equal to 0.3 ± 0.01%, 

where the reported error is based on counting statistics for both quantities. Further aging to 1 h 

results in a significant increase of NV t( ) to 4.2 ± 0.5( )×1024 m-3, with R = 1.5 ± 0.05 nm, and φ 

equal to 3.6 ± 0.06%. The increase in NV t( ) occurs with a temporal dependency of , in 

conjunction with a time exponent for 

t 2.7

R t( )  equal to 0.16, indicating that nucleation is occurring. 

The slowly increasing value of R t( )  indicates, however, that growth is also occurring 

simultaneously. 
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Figure 5.6 The (a) mean precipitate radius, R t( ) ; and (b) number density, , as a function 
of aging time for an aging temperature of 500 

NV t( )
°C. 
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5.3.1.2 Growth and coarsening 

 The quantity NV t( ) reaches a maximum at 1 h of aging and subsequently decreases 

indicating the onset of coarsening. The value of R t( )  increases from 1.5 ± 0.05 nm at 1 h to 6.5 

± 0.7 nm at 1024 h (Fig. 5.6(a) and the temporal dependencies for R t( )  are  from 1 to 

64 h and  from 64 to 1024 h. Only from 64 h onwards is the time exponent equal to that 

predicted by Eq. (5.1). The quantity N

t 0.16±0.01

t 0.34 ±0.09

V t( ) decreases by a factor of 56 to 7.4 ± 0.5( )×1022 m-3 at 

1024 h with φ equal to 4.3 ± 0.06%. The temporal dependencies for NV t( ) are  from 1 to 

64 h and  from 64 to 1024 h, which indicates coarsening is occurring slower than that 

predicted by Eq. (5.2). 

t−0.45±0.03

t−0.63±0.07

5.3.2 Temporal evolution of composition 

 The temporal evolution of the concentration profiles is presented in Figs. 5.7 and 5.8(a) 

through 5.8(c). The figures represent the temporal evolution of the Cu, Fe, Ni, Al, Mn, and Si 

profiles from the under aged condition, 0.25 h (Fig. 5.7) and 1 h (Fig. 5.8(a)), to the peak yield-

strength aged condition, 4 h (Fig. 5.8(b)), and finally to the over-aged condition at 1024 h (Fig. 

5.8(c)). These figures demonstrate clearly that the composition of the precipitates, 

precipitate/matrix heterophase interfaces, and matrix are evolving temporally. The observed 

segregation of Ni, Al, and Mn is non-monotonic (confined), whereas the observed segregation of 

Cu, Fe, and Si is monotonic (non-confined). 
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Figure 5.7 Proxigram concentration profiles (at. %) for Cu, Fe, Al, Si, and Mn, when the steel is 
aged at 500 °C for 0.25 h. The dotted vertical line corresponds to the matrix/precipitate 
heterophase interface. 
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Figure 5.8 Proxigram concentration profiles (at. %) for Cu, Fe, Ni, Al, Si, and Mn, when the 
steel is aged at 500 °C, for (a) 1 h; (b) 4 h; and (c) 1024 h. The dotted vertical lines indicate the 
matrix/precipitate heterophase interface. 

5.3.2.1 Far-field matrix compositions 

 In this investigation the plateau points (Sudbrack, et al., 2004) within the matrix (far-

field) yield the a-Fe matrix concentrations (Table 5.1), where the plateau region of the proxigram 

is delineated by utilizing the Fe concentration profiles as a fiducial marker. Only data points 

within the flat region of the profile, a minimum of 1.5 nm away from the heterophase interface 

and with ± 2σ < 0.4 at. % are included. The concentration of Cu decreases in the α-Fe matrix 

reaching a value of 0.2 ± 0.01 at. % at 1024 h of aging. The concentrations of Ni, Al, and Mn in 
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the α-Fe matrix also decrease with prolonged aging time. The concentrations of Si and Fe 

increase in the α-Fe matrix with increasing aging time, which becomes enriched in these 

elements at 1024 h. Niobium is not detected within the α-Fe matrix, with the exception of the 1 h 

aged state, while C is detected at a reduced concentration when compared to its nominal value. In 

the NUCu steels, Nb is not normally detected by APT due to the existence of NbC carbides at a 

smaller number density (≤ 1021 m-3) than the Cu-rich precipitates (Gagliano & Fine, 2001; 

Gagliano & Fine, 2004; Vaynman, et al., Submitted 2007). In the 1 h aged state the presence of a 

single NbC carbide at the boundary of an analyzed volume gives the measured Nb concentration. 

Similarly, C is detected at lower concentrations within the matrix due to the presence of Fe3C  

and NbC carbides (Isheim, et al., 2006b), and segregation at grain boundaries (Isheim, et al., 

2006b). 

Table 5.1 Composition in at. % of the α-Fe matrix as determined by atom-probe tomography. 

 

5.3.2.2 Composition of the Cu-rich precipitates 

 At 0.25 h of aging the precipitate cores are Cu-rich (46.7 ± 4.3 at. %) but also contain 

significant concentrations of Fe, Ni, and Al, and smaller quantities of Si and Mn (Table 5.2). At 

1 h of aging the precipitate cores are also Cu-rich (44.6 ± 3.1 at. %) but still contain significant 

amounts of Fe, Ni, Al, Mn, and Si. As aging progresses, the Cu concentration within the cores 

increases to 53.5 ± 2.3 at. % at 4 h and achieves a value of 97.1 ± 0.8 at. % Cu at 1024 h. 
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Concomitantly, the concentrations of Fe and Si decrease, reaching a value of 0.3 ± 0.2 at. % 

and zero, respectively, at 1024 h. The concentrations of Ni, Al, and Mn within the cores have a 

more complicated behavior, which is discussed below. Prior to 1024 h, however, all three 

elements are found enhanced within the cores at the aging times studied. At 1024 h the cores are 

depleted in Ni (0.7 ± 0.4 at. %) and Al (1.2 ± 0.4 at. %), relative to their nominal concentrations, 

whereas Mn is enriched (0.8 ± 0.4 at. %). Carbon and Nb are not found within the precipitate 

cores, within the prescribed experimental uncertainty. 

Table 5.2 Composition in at. % of the Cu-rich precipitate cores as determined by atom-probe 
tomography. 

 

5.3.2.3 Composition of precipitate/matrix heterophase interfaces 

 The composition of the precipitate/matrix heterophase interfaces is also illustrated in 

Figs. 5.7 and 5.8(a) through 5.8(c). The heterophase interfacial region, at as early as 0.25 h of 

aging, is enriched in Cu, Ni, Al, and Mn but is depleted in Fe (Table 5.3). The Ni peak 

concentration (8.3 ± 1.8 at. %) is located at a distance of 0.875 nm close to the Mn peak 

concentration (1.3 ± 0.5 at. %), which is found at a distance of 0.625 nm. The Al peak 

concentration (13.5 ± 7.2 at. %) is located toward the center of the precipitate at 1.375 nm. At 1 

h, the Ni (9.9 ± 0.5 at. %) and Mn (1.5 ± 0.2 at. %) peak concentrations are located at a distance 

of 0.375 nm, whereas the Al peak concentration (7.1 ± 1.7 at. %) is found closer to the center of 
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the precipitate at a distance of 1.375 nm. At 4 h the Ni (10.7 ± 0.3 at. %) and Mn (1.7 ± 0.4 at. 

%) peak concentrations are collocated at a distance of 0.625 nm, while the Al peak concentration 

(12.2 ± 3.2 at. %) is at a distance of 1.625 nm. At 1024 h of aging a distinct enhancement of Ni, 

Al, and Mn is observed at the heterophase interfaces, with peak concentrations of 22.1 ± 0.8 at. 

% Ni and 21.2 ± 0.8 at. % Al at a distance of 0.875 nm and 3.3 ± 0.3 at. % Mn at a distance of 

0.625 to 0.875 nm. The evolution of the Ni, Al, and Mn concentrations within the heterophase 

interfaces is related to that within the precipitate cores and is discussed below. Silicon is also 

found within the heterophase interfacial region at a slightly enhanced concentration of 

approximately 1.1 – 1.3 at. %. Niobium is not detected, with the exception of the 1 h aged 

condition, while C is detected at a reduced concentration when compared to its nominal value. 

Table 5.3 Composition in at. % of the precipitate/matrix heterophase interfaces as determined by 
atom-probe tomography. 

 

5.3.2.4 Partitioning ratios 

 The temporal evolution of the partitioning ratio (Kolli & Seidman, 2007), 

κ i
ppt. / mat. t( )= Ci

ppt. t( )
Ci

mat., ff t( );       ( 5.7 ) 

is displayed in Fig. 5.9. The standard error for κ i is determined by standard error propagation 

methods for the concentration errors (Meyer, 1975). This figure illustrates clearly that Cu 

partitions to the precipitates, whereas Fe and Si partition to the matrix. The dashed line, beyond 
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256 h, for the Si ratio, represents the zero Si concentration within the precipitate core at 1024 

h of aging. Nickel, Al, and Mn exhibit a more complicated behavior but prefer slightly the Cu-

rich precipitate phase from 0.25 to 256 h. At 1024 h Fig. 5.9 shows that Al and Mn have a slight 

preference for the precipitate, whereas Ni has a slight preference for the α-Fe matrix. The  

 

Figure 5.9 Partitioning ratios, κ i
ppt. / mat. t( ), of the concentrated multicomponent Fe–Cu steel as a 

function of aging time, when aged at 500 °C, from 0.25 to 1024 h. The horizontal dashed line 
indicates the division between the precipitate and matrix phases. The dashed arrow for the Si 
ratio represents the zero Si concentration within the precipitate at 1024 h. 
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proximity of all three elements, though, to the dashed line separating precipitate and matrix 

phases indicates that the three elements partition to the interfacial region. The partitioning ratios 

for Ni and Mn exhibit similar trends from 0.25 to 16 h, where they diverge slightly, whereas the 

profiles of Ni and Al follow similar trends from 64 to 1024 h. 

5.3.2.5 Coarsening kinetics 

 The matrix, precipitate core, and precipitate/matrix heterophase interface 

supersaturations, are displayed in Figs. 5.10 through 5.12. The equilibrium concentrations are 

obtained by extrapolating the concentration of each element as a function of (aging time)-1/3 to 

infinite time, analogous to the procedure found in reference (Yoon, et al., 2007b). The 

experimentally determined equilibrium concentration values, the concentrations measured at 

1024 h of aging, and those predicted by Thermo-Calc are displayed in (Table 5.4). The time 

exponents for  (Figs. 5.10(a) through 5.10(c)) are  -0.23 ± 0.07 for Cu, -0.32 ± 0.06 for 

Fe, -0.25 ± 0.03 for Ni, -0.22 ± 0.09 for Al, -0.14 ± 0.14 for Mn, and -0.25 ± 0.13 for Si. The 

time exponents for all elements, except Si, are derived from aging times of 1 to 1024 h, while 

that of Si is from 1 to 64 h, since Δ

ΔCi
mat. t( )

Ci
mat. t( )= 0 at. %, is reached at 256 h for Si. The time 

exponents for  (Figs. 5.11(a) through 5.11(c)) are -0.26 ± 0.06 for Cu, -0.37 ± 0.04 for 

Fe, and -0.41 ± 0.05 for Si. The exponents for Cu and Fe are derived for aging times of 1 to 1024 

h, while the exponent for Si is from 1 to 256 h. The equilibrium concentration of Si is ca. 0 at. %, 

which is reached at 1024 h. The time exponents for 

ΔCi
ppt. t( )

ΔCi
int . t( ) (Figs. 5.12(a) through 5.12(c)) are -

0.16 ± 0.12 for Ni, -0.30 ± 0.07 for Al, and -0.20 ± 0.09 for Mn, where the exponents are derived 

for aging times of 1 to 1024 h. 
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Table 5.4 Extrapolated equilibrium compositions of the Cu-rich precipitates, α-Fe matrix, and 
heterophase interfaces compared to measured overall composition at 1024 h and also calculated 
from Thermo-Calc. 
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Figure 5.10 Double logarithmic plots of matrix supersaturations, ΔCi
mat. t( ), as a function of aging 

time, when aged at 500 °C, for (a) Cu and Fe; (b) Ni and Al; and (c) Mn and Si. The slopes of the 
plots yield the coarsening time exponents of the UO coarsening model for each element. 
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Figure 5.11 Double logarithmic plots of the supersaturations in the Cu-rich precipitates cores, 

, as a function of aging time, when aged at 500 ΔCi
ppt. t( ) °C, for (a) Cu; (b) Fe; and (c) Si. The 

slopes of the plots yield the coarsening time exponents of the UO coarsening model for each 
element. 
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Figure 5.12 Double logarithmic plots of the supersaturations in the heterophase interfaces, 

, as a function of aging time, when aged at 500 ΔCi
int . t( ) °C, for (a) Ni; (b) Al; and (c) Mn. The 

slopes of the plots yield the coarsening time exponents of the UO coarsening model for each 
element. 
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5.4 Discussion 

5.4.1 Morphology 

 The morphologies observed by APT in this investigation are consistent with earlier TEM 

studies, which show that the bcc Cu → 9RCu → 3RCu → fcc ε − Cu phase changes (Hornbogen 

& Glenn, 1960; Othen, et al., 1991; Phythian, et al., 1992; Othen, et al., 1994) are accompanied 

by a morphological change. The bcc and 9R crystalline structure precipitates are spheroidal, 

whereas the 3R and face centered cubic (fcc) structure precipitates have a ellipsoidal or rodlike 

morphology (Hornbogen & Glenn, 1960; Speich & Oriani, 1965; Othen, et al., 1994). Our 

observation of a rodlike morphology, by APT, in our over-aged Fe–Cu alloy system is, to the 

best of our knowledge, reported for the first time. TEM observations of the 1024 h aged 

condition confirm the rodlike morphology of the precipitates (Fig. 5.13). The precipitates orient 

along the 110[ ]Cu 111[ ]α−Fe, 111( )Cu 110( )α−Fe  direction, which is the Kurdjumov–Sachs 

relationship, and is consistent with earlier observations (Hornbogen & Glenn, 1960; Speich & 

Oriani, 1965; Othen, et al., 1994; Charleux, et al., 1996; Monzen, et al., 2003; Monzen, et al., 

2004) for binary Fe–Cu alloys. 
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Figure 5.13 Bright-field TEM micrograph of the steel when aged at 500 °C for 1024 h. The 
precipitates are aligned along the Kurdjumov–Sachs orientation, 
110[ ]Cu 111[ ]α−Fe, 111( )Cu 110( )α−Fe . 
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 The rodlike morphology of Cu precipitates in Fe–Cu based alloys has been previously 

attributed to the minimization of elastic strain energy (Hornbogen & Glenn, 1960) or anisotropy 

of the interfacial energy (Speich & Oriani, 1965). More recently the morphology has been 

attributed to shear associated with partial dislocations producing an invariant plane-strain 

transformation to the 3R structure from the 9R structure, followed by relaxation to the fcc 

structure by diffusional growth to minimize interfacial energy (Othen, et al., 1994). The 

equilibrium morphology of a precipitate is determined by the balance between elastic and 

interfacial energies (Wagner, et al., 2001). Thompson et al. (Thompson, et al., 1994) have 

introduced the L parameter, which represents the equilibrium energy state of a precipitate, and is 

given by, 

L =
δ 2C44 l

σ ppt. / mat. ;          ( 5.8 ) 

where δ is the lattice misfit, C  is an elastic shear modulus, l is a characteristic dimension of the 

precipitate, and 

44

σ ppt . / mat .  is the interfacial free energy. For the purpose of calculating the L 

parameter we utilize initially values for δ, , and C44 σ ppt . / mat .  for a binary Fe–Cu alloy. The 

quantity δ f .c.c.−Cu / b .c.c.−Fe  is equal to 0.231 where the lattice parameter, , is equal to 0.3611 nm 

for Cu (fcc) and 0.28665 nm for α-Fe (bcc) (Harry & Bacon, 2002). The remaining quantities are 

 GPa (Harry & Bacon, 2002), which is also approximately the mid-point for the 

range of reported experimental and simulated values (Overton Jr. & Gaffney, 1955; Harry & 

Bacon, 2002; Liu, et al., 2005); l = 13 nm; and 

a0

C44
f .c.c.−Cu = 75

σ ppt . / mat . ≈ 600 mJ m-2 (Goodman, et al., 1973b), 

where we assume σ ppt . / mat .  is isotropic. Equation (5.8) yields L = 87, which suggests an 

equilibrium morphology controlled solely by the elastic energy. Other reported values for 

σ ppt . / mat .  yield similar results. Ludwig et al. (Ludwig, et al., 1998) report a value of 
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σ ppt . / mat . = 245 mJ m-2 for the sides of a cylindrical precipitate, which gives L = 212. Speich 

and Oriani (Speich & Oriani, 1965) estimate a value of σ ppt . / mat . = 466 mJ m-2 for the ends of a 

rod-shaped precipitate, which gives L = 112. Monzen et al. (Monzen, et al., 2003) report a value 

of σ ppt . / mat . = 1100 mJ m-2 for the ends of a rod-shaped precipitate, which gives L = 47. Lee et al. 

(Lee, et al., 1977) have shown, however, that the equilibrium morphology of precipitates that are 

elastically softer than the matrix, such as  Cu (fcc) precipitates within an α-Fe (bcc) matrix 

(  GPa (Harry & Bacon, 2002) or C44
b.c.c.−Fe = 116 C44

b.c.c.−Fe = 101 (Liu, et al., 2005)) is a platelet, 

irrespective of elastic anisotropy and orientation relationship. The experimentally observed 

precipitates possess the two-fold symmetry of platelets but also have rounded edges and 

ellipsoidal bodies, which suggests that both elastic and interfacial energy affect the equilibrium 

morphology. The differences between our observations and the results of Eq. (5.8) are partially 

attributed to an uncertain interfacial energy, which is greater than the reported values, and is also 

affected by the formation of a Ni–Al–Mn shell, which is discussed below. Aging beyond 1024 h 

or at higher temperatures may result in a platelet morphology. Other researchers, however, did 

not observe platelet morphologies in binary Fe–Cu alloys when aging at 500 to 700 °C for 1000 h 

(Hornbogen & Glenn, 1960), or at 730 to 830 °C for 300 h (Speich & Oriani, 1965), and at 550 

°C for 1000 h (Othen, et al., 1994). 

 An additional consideration is that the L parameter assumes the same elastic constants for 

the precipitate and matrix phases, which is not the case for a Cu (fcc) precipitate in an α-Fe (bcc) 

matrix. Since C  is greater than 44
b.c.c.−Fe C44

f .c.c.−Cu (Harry & Bacon, 2002), the difference in elastic 

constants can not alone account for disparity between our observations and the results of Eq. 

(5.8). The precipitates, however, are more complicated than a pure binary phase interface. The 
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formation of a Ni–Al–Mn shell also affects the elastic constants and lattice misfit of the Cu-

rich precipitates. For the purpose of calculating L we utilize the values of δ, , and C44 σ ppt . / mat .  for 

a binary equiatomic NiAl (B2 structure). For NiAl (B2 structure), a0 = 0.2887 nm (Miracle, 

1993) yielding δ B 2−NiAl / b.c.c.−Fe = 0.0071. The quantity C44
B 2−NiAl = 114.7  GPa (Jiang, et al., 2006), 

which is also approximately the mid-point for the range of reported experimental values 

(Rusović & Warlimont, 1977; Davenport, et al., 1999). Since the interfacial energy of NiAl in α-

Fe is unknown we utilize initially the surface energy of NiAl, σ ppt . / mat . ≅ 1850 mJ m-2 (Miracle, 

1993; Mutasa & Farkas, 1998), where we assume σ ppt . / mat .  is isotropic. Since approximately 50% 

of the Ni and Al bonds at a surface are free, this estimate represents an upper bound for σ ppt . / mat . . 

Equation (5.8) yields L = 0.056, which suggests an equilibrium morphology controlled solely by 

interfacial energy. A smaller value for σ ppt . / mat .  would result in a larger L value, but assuming 

linearity, a 50% reduction in σ ppt . / mat .  would still yield an equilibrium morphology controlled by 

interfacial energy. 

 Clearly, both elastic and interfacial energy contribute to the equilibrium morphology of 

the precipitates. The ends of the rodlike precipitates are dominated by elastic energy whereas the 

sides are controlled by interfacial energy, which is where the Ni, Al, and Mn segregation is 

predominantly found. 

5.4.2 Coarsening kinetics 

 Wagner et al. (Wagner, et al., 2001) suggest, based upon a numerical simulation of 

nucleation, growth and coarsening of binary alloys, that the time exponent for R t( )  is 

temporally dependent. For a model binary Cu–1.9 at. % Ti the exponent is approximately 0.15 

during nucleation, increases to 1/2 for diffusion-controlled growth, followed by a reduction to ca. 
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0.1 at the start of the transition regime. It then increases slowly and continuously to the 

predicted value of 1/3 in LSW-type coarsening. Our experimental results may follow a similar 

pattern, where we observe nucleation prior to 0.25 h, nucleation and growth from 0.25 to 1 h, 

followed by a transition, and subsequently, after 64 h, an increasing proportion of growth and 

coarsening. A time-law exponent of 1/2, for diffusion-controlled growth (Zener, 1949; Wagner, 

et al., 2001), however, is not observed, contrary to earlier investigations by TEM (Hornbogen & 

Glenn, 1960) and APFIM (Goodman, et al., 1973a) in model binary Fe–Cu alloys. Assuming 

coarsening starts at 64 h gives a temporal dependency of t 0.34 ±0.09 for R t( ) , which is in 

approximate agreement with the UO model value of 1/3 and indicates a diffusion-limited LSW-

type coarsening mechanism. A value of 1/2 would suggest an interface-limited diffusion 

mechanism. Assuming coarsening starts at 64 h gives a temporal dependency for  of 

, which is not in agreement with the UO model prediction of -1 and indicates a slower 

coarsening rate and an admixture of growth and coarsening. 

NV t( )

t−0.63±0.07

 Our results differ from those reported by Speich and Oriani (Speich & Oriani, 1965) and 

Monzen et al. (Monzen, et al., 2003; Monzen, et al., 2004). Both authors report good agreement 

for the t1/3 power-law for R t( )  to aging times of ca. 300 h. The alloys in their studies are binary 

Fe–Cu and ternary Fe–Cu–Ni carbon-free alloys, respectively, which can account for the 

differences with our results. Additionally, the aging temperatures in reference (Speich & Oriani, 

1965) were between 730 and 830 °C, and in references (Monzen, et al., 2003) and (Monzen, et 

al., 2004) were between 600 and 750 °C, which is significantly greater than the 500 °C we 

employed. At the reported temperatures quasi stationary-state coarsening would be achieved 

more rapidly than at 500 °C. Our results also differ from the lattice kinetic Monte Carlo 
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simulations of Soisson et al. (Soisson, et al., 1996) who obtained a  dependency for t1/ 3

R t( )  in a binary Fe–1.34 Cu at. % alloy aged at 300 and 500 °C. Their simulations, however, 

did not include elastic strain effects, which can have a significant effect on growth and 

coarsening at longer aging times in a Fe–Cu system. 

 The time exponents for R t( )  from 1 to 64 h are closer to the 1/6 to 1/4 values predicted 

for the cluster-diffusion-coagulation coarsening mechanism, which can occur during the 

intermediate stages of coarsening (Wagner, et al., 2001). The recent observations of (Sudbrack, 

et al., 2006b) and (Mao, et al., 2007) on a model Ni–Al-Cr superalloy indicate that precipitates 

following such a mechanism would form interconnected necks with clearly delineated lattice 

planes. We do not, however, observe interconnected necks with lattice planes employing 

LEAP™ tomography, indicating that the cluster-diffusion-coagulation mechanism is inoperative. 

 The experimentally determined time exponents for ΔCi
mat. t( ), with the exception of Fe, 

do not satisfy the UO model prediction of -1/3. The deviation from the model value of the 

exponent for Si is possibly due to the rapid approach of the Si matrix concentration to its 

equilibrium value; Si is a comparatively fast diffusing element in α-Fe (Table 5.5). The ΔCi
mat. t( ) 

time exponents for Cu, Ni, Al, and Mn are affected by the bcc Cu → 9RCu → fcc ε − Cu  

(Hornbogen & Glenn, 1960; Othen, et al., 1991; Phythian, et al., 1992; Othen, et al., 1994) phase 

changes of the precipitates and the formation of the Ni–Al–Mn shells. The time exponents for 

 and  are also affected, but more significantly, by the phase changes and 

formation of the Ni–Al–Mn shell adjacent to the Cu-rich precipitate cores. The temporal 

dependencies for  are  for Cu, 

ΔCi
ppt. t( ) ΔCi

int . t( )

ΔCi
ppt. t( ) t−0.26±0.06 t−0.37±0.04  for Fe, and t−0.41±0.06  for Si. Within the 

heterophase interfaces (Fig. 5.12(a) through 5.12(c)) only the time exponent for Al is close, but 
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not exactly, to the model prediction, which can possibly be ascribed to the relatively large 

diffusivity of Al in α-Fe (Table 5.5). The temporal dependency for Mn is less than that of Al but 

greater than that of Ni, which corresponds to the diffusivity of Mn, which is slower than Al but 

faster than Ni (Table 5.5). The phase changes affect the solid solubility of Ni, Al, and Mn within 

the Cu-rich precipitates. For example, when the precipitates are < 2 nm in radius, which 

corresponds to the bcc structure, the Mn concentration initially increases from 0.6 ± 0.6 at. % at 

0.25 h to 1.5 ± 0.6 at. % at 4 h. The Mn concentration subsequently decreases to 1.1 ± 0.6 at. % 

at 64 h of aging and then increases to 2.3 ± 1.1 at. % at 256 h, before decreasing to 0.8 ± 0.4 at. 

% at 1024 h. At an aging time of 1024 h the observed admixture of spheroidal and rodlike 

precipitates indicates a 9R (spheroidal) and 3R or fcc (ellipsoidal) precipitates. Our observations 

support the recent phase-field simulations of Koyama et al. (Koyama, et al., 2006). The authors 

illustrate that the Mn concentration increases within the Cu-rich bcc precipitates but upon 

transformation to the fcc phase the Mn concentration decreases. The authors did not report the 

effect of the 9R and 3R phases on Mn concentration. 

Table 5.5 Tracer diffusivities of Cu, Ni, Mn, Si, and Al in α-Fe at 500 °C. 

 
 
 Our results differ from those of Monzen et al. (Monzen, et al., 2003; Monzen, et al., 

2004) who report agreement with the t−1/ 3 power-law for the kinetics of depletion of 
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supersaturation within the α-Fe matrix. The alloys in their studies are binary Fe–Cu and 

ternary Fe–Cu–Ni carbon-free alloys and were aged between 600 and 750 °C, and the alloys 

should reach stationary-state coarsening more rapidly than our more complex alloy. 

5.4.3 Composition of the Cu-rich precipitates 

5.4.3.1 Precipitates less than 2 nm in radius 

 We measure an Fe concentration between 39.9 ± 4.2 and 27.6 ± 2.1 at. % when the Cu-

rich precipitates are smaller than 2 nm in radius (Fig. 5.6(a)), which corresponds to the bcc 

structure (Lahiri, et al., 1969; Pizzini, et al., 1990; Othen, et al., 1994). This is consistent with 

observations in a similar steel, with 1.17 at. % Cu, denoted NUCu-140-1 (140 designates the 

yield strength in ksi and 1 designates the experimental heat number), where the Fe concentration 

of the precipitates was measured to be ca. 25 at. % near peak hardness (Vaynman, et al., 

Submitted 2007). Earlier atom-probe studies of Fe–Cu based alloys, thermally aged at 500 °C, 

have also detected significant Fe within Cu-rich precipitates smaller than 2 nm in radius in both 

binary (Goodman, et al., 1973b; Worrall, et al., 1987; Zhang, et al., 2004) and multicomponent 

(Worrall, et al., 1987; Pareige, et al., 1996; Isheim, et al., 2006b) alloys. In contrast to atom-

probe measurements, SANS measurements infer, based on several strong assumptions, an Fe 

concentration of less than 10 at. % (Kampmann & Wagner, 1986; Osamura, et al., 1993); Fine et 

al. (Fine, et al., 2007) recently discuss the potential sources of the differences between atom-

probe and SANS measurements in binary Fe–Cu alloys. Furthermore, recent first principles 

calculations by Liu et al. (Liu, et al., 2005) predict that in a binary Fe–Cu alloy, bcc precipitates 

with Cu concentrations greater than ca. 50% are mechanically unstable at 0 K. Although, strictly 

speaking, the argument of references (Liu, et al., 2005; Fine, et al., 2007) only apply to binary 



 105
alloys, we also measure a Cu concentration ranging between 44.6 ± 3.1 and 53.5 ± 2.3 at. % 

when the precipitates are < 2nm in radius. This is consistent with earlier observations for binary 

(Goodman, et al., 1973b) and muticomponent (Pareige, et al., 1996; Isheim, et al., 2006b) Fe–Cu 

based alloys. 

 When the precipitates are < 2 nm in radius they also contain quantities of Ni, Al, Mn, and 

Si, which is consistent with earlier atom-probe measurements of model ternary Fe–Cu–Ni 

(Worrall, et al., 1987; Pareige, et al., 1996) and multicomponent (Isheim, et al., 2006b) Fe–Cu 

based alloys. The recent phase-field simulations of model quaternary Fe–Cu–Ni–Mn alloys also 

illustrate Cu-rich precipitates containing Ni and Mn at early (non-dimensionless time) stages of 

phase decomposition (Koyama & Onodera, 2005; Koyama, et al., 2006). Additionally, the 

EXAFS results of Pizzini et al. (Pizzini, et al., 1990) demonstrate that the precipitates retain a 

bcc structure longer in a model ternary alloy containing Ni, when compared to the binary Fe–Cu 

alloy. Therefore, the presence of Fe and other alloying elements may be mechanically stabilizing 

the bcc precipitates. 

 In the over aged condition the precipitate cores are enriched in Cu (97.1 ± 0.8 at. %), 

achieving an almost elemental concentration at 1024 h. This is consistent with earlier atom-probe 

and SANS investigations of both binary (Goodman, et al., 1973b; Kampmann & Wagner, 1986; 

Auger, et al., 1994) and ternary (Worrall, et al., 1987; Pareige, et al., 1996) Fe–Cu based alloys.  

5.4.3.2 Formation of Ni–Al–Mn shells 

  Nickel, Al, and Mn are found enriched at the precipitate/matrix heterophase interfaces as 

early as 0.25 h of aging (Fig. 5.7 and Table 5.3). The observed interfacial segregation becomes 

more pronounced with increasing aging time, thereby forming a distinct shell containing Ni, Al, 
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and Mn adjacent to the Cu-rich precipitate cores at 1024 h. Similar segregation has been 

observed experimentally and in simulations in over aged Fe–Cu–Ni (Worrall, et al., 1987; 

Pareige, et al., 1996; Koyama & Onodera, 2005; Koyama, et al., 2006; Zhang & Enomoto, 

2006), Fe–Cu–Mn (Maruyama, et al., 1999; Koyama & Onodera, 2005; Koyama, et al., 2006; 

Zhang & Enomoto, 2006), Fe–Cu–Ni–Al (Watanabe, 1975), and Fe–Cu–Ni–Mn (Osamura, et 

al., 1994a; Koyama & Onodera, 2005; Koyama, et al., 2006) alloys. Isheim et al. (Isheim & 

Seidman, 2004; Isheim, et al., 2006a; Isheim, et al., 2006b) have reported comparable 

segregation effects in similar concentrated multicomponent Fe–Cu steels. At 1024 h the shell has 

a Ni:Al:Mn stoichiometric ratio of 0.51:0.41:0.08 (Table 5.6), which suggests a NiAl-type B2 

phase with Mn substituting for Al on the latter’s sublattice. The conclusion that it has a B2 

structure cannot, however, be made by stoichiometry alone. We have recently performed 

synchrotron radiation studies at the Advanced Photon Source (APS), Argonne, Illinois, that 

demonstrate that this shell does indeed have the B2 structure (Kolli & Seidman, Submitted 

2007a), Chapter Eight, and Appendix C. 

Table 5.6 Temporal evolution of Ni:Al:Mn stoichiometric ratio within the heterophase interfaces 
as a function of aging time. 

 
  

 The experimental results illustrate that the shells form by segregation of Ni at the 

heterophase interfaces with a smaller quantity of Mn and Al also present. The Ni and Mn 
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concentration peaks are initially associated with each other, whereas the Al concentration 

peak is found closer to the center of the precipitate in possible association with Cu. Further aging 

results, in increasing interfacial segregation of all three elements, from the matrix and precipitate 

cores, to the heterophase interfaces; concomitantly the Al concentration peak moves toward the 

Ni and Mn peaks. As seen from Table 5.6 the stoichiometric ratio of the heterophase interfaces 

also evolves temporally, as Al increasingly partitions to the heterophase interfaces. Our 

observations are in agreement with those of (Isheim, et al., 2006b) and (Vaynman, et al., 

Submitted 2007) for the NuCu-140-1 steel and recent phase field simulations of model 

quaternary Fe–Cu–Mn-Ni alloys (Koyama & Onodera, 2005; Koyama, et al., 2006). The shells 

are not homogenous around the Cu-rich cores; as Figs. 5.3(a) through 5.3(c) and Fig. 5.4 

demonstrates that the interfacial segregation is nonuniform. The Cu-rich precipitates and α-Fe 

matrix interfaces may be acting as nucleation sites for a Ni0.5(Al0.5-xMnx) phase. The observed 

compositional heterogeneity at the interfaces may also be due to possible trajectory aberrations. 

Comparable heterogeneous nucleation on Cu precipitates, with nonuniform interfacial 

segregation, however, has also been reported in amorphous FINEMET alloys (Hono, et al., 1999) 

and maraging stainless steels (Hättestrand, et al., 2004). Our observations, however, do not 

support the three-phase Cu-rich precipitate core, fcc homogeneous shell, and α-Fe matrix model 

proposed in reference (Osamura, et al., 1994a). The presence of a Ni0.5(Al0.5-xMnx) phase at the 

precipitate/matrix heterophase interfaces is consistent with Cahn’s local phase rule for 

heterophase interfaces (Cahn, 1982), which predicts that a single phase at this heterophase 

interface is permitted thermodynamically. 
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5.4.3.3 Equilibrium compositions 

 Table 5.4 compares the equilibrium compositions of the Cu-rich precipitate cores, 

heterophase interfaces, and α-Fe matrix derived by three methodologies: (a) extrapolated from 

APT data as a function of (aging time)-1/3; (b) as measured from specimens aged for 1024 h; and 

(c) as calculated from Thermo-Calc utilizing the Scientific Group Thermodata Europe (SGTE) 

solutions database (Thermo-Calc, ver. n). Reasonable agreement exists for the first two 

methodologies but significant differences exist, for the Cu-rich precipitates, with the Thermo-

Calc calculations. Thermo-Calc predicts the existence of both bcc and fcc precipitates, with 

different compositions, for aging at 500 °C. We do not find APT evidence for precipitates with 

such disparate compositions at the longest aging time we studied, 1024 h; nor do we find, 

employing conventional X-ray diffraction (XRD), evidence for both bcc and fcc precipitates. 

Additionally, the coexistence of both structures at long aging times is not consistent with earlier 

TEM investigations of Fe–Cu based alloys (Hornbogen & Glenn, 1960; Speich & Oriani, 1965; 

Othen, et al., 1991; Othen, et al., 1994). 

 The equilibrium concentrations of Cu, Fe, Ni, and Mn within the matrix are similar for all 

three methodologies. The Thermo-Calc prediction for Si is 1.0 at. %, whereas both APT 

determined results yield ca. 1.3 ± 0.02 at. %. The greatest variation is present for the 

concentration of Al, where the APT results of ca. 0.7 ± 0.01 at. %, are one-half the value 

determined using Thermo-Calc. The measured Cu concentration in the matrix is 0.2 ± 0.01 at. % 

at 1024 h, which is equal to 0.2 ± 0.008 at. % obtained by extrapolation of our APT data and 

larger than 0.1 at. % predicted by Thermo-Calc. The three values, however, are similar indicating 

that at 1024 h the Cu matrix concentration is approaching its equilibrium value. Miller et al. 
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(Miller, et al., 1998) reported that the Cu equilibrium matrix concentration is reached after 

100 h of aging at 500 °C in a model ternary Fe–Cu–Ni alloy and reported agreement with 

Thermo-Calc predictions utilizing the Kaufman database. 

 At an aging temperature of 500 °C Thermo-Calc does not predict the formation of a NiAl-

type (B2 structure) phase. At temperatures less than ca. 480 °C, however, the formation of NiAl 

precipitates, consisting of 49.6 at. % Al and 50.4 at. % Ni, is predicted. While the limitations of 

the existing Thermo-Calc database do not give results in exact agreement with our experimental 

values, it is important that a NiAl phase is predicted at a temperature near 500 °C, indicating that 

the existence of a B2-type phase is thermodynamically possible. The Ni, Al, and Mn enrichments 

at the heterophase interfaces and the previously reported existence of NiAl-type precipitates at a 

grain boundary in NUCu-140-1 (Vaynman, et al., Submitted 2007) indicates, however, that the 

driving force for homogeneous nucleation within the α-Fe matrix is not sufficient, for the given 

composition and thermal treatment. 

 The segregation of Ni, Al, and Mn observed at 1024 h reduces the interfacial energy of 

the heterophase interface. The relative Gibbsian interfacial excess, Γi
relative , is the thermodynamic 

quantity measuring solute segregation of an element i. The relative excess for i = Ni, Al, or Mn 

relative to Fe and Cu is given by (Defay, et al., 1966; Dregia & Wynblatt, 1991), 

Γi
Fe,Cu = Γi − ΓFe

ci
αcCu

β − ci
βcCu

α

cFe
α cCu

β − cFe
β cCu

α − ΓCu
cFe

α ci
β − cFe

β ci
α

cFe
α cCu

β − cFe
β cCu

α ;     ( 5.9 ) 

where Γ  is the Gibbsian interfacial excess of an element i, and c  is the concentration of a 

species i in a phase j (j = α or β), where α refers to the α-Fe matrix phase and β is the Cu-rich 

precipitate phase. The values for Γ  and  are obtained from the proxigrams of Fig. 5.8(c). 

Greater details regarding the calculation of 

i i
j

i ci
j

Γi
Fe,Cu  are given in reference (Kolli, et al., To be 
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submitted 2007b), Chapter Ten, and in Appendix D. Equation (5.9) yields values of 

 atoms nmΓNi
Fe,Cu = 46.6 ± 3.0 -2, ΓAl

Fe,Cu = 46.2 ± 3.2 atoms nm-2, ΓMn
Fe,Cu = 7.4 ± 1.4  atoms nm-2. 

Thus, significant positive relative Gibbsian interfacial excesses with respect to Fe and Cu exist 

for Ni, Al, and Mn at this heterophase interface. 

 The reduction in interfacial energy due to segregation, assuming ideal solution behavior, 

is calculated utilizing the Gibbs adsorption isotherm: 

Γi
Fe,Cu = −

ci

kBT
∂σ ppt. / mat.

∂ci

⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ ;        ( 5.10 ) 

where ci is the atomic fraction of an element i within the matrix,  is Boltzmann’s constant, and 

T is the absolute temperature. Equation (5.10) yields a reduction of -625.6 mJ m

kB

-2 for Ni, -620.3 

mJ m-2 for Al, and -99.4 mJ m-2 for Mn. The values for Ni and Al exceed the estimated fcc-Cu 

precipitate and α-Fe matrix σ ppt . / mat .  values in references (Speich & Oriani, 1965; Goodman, et 

al., 1973b; Ludwig, et al., 1998) but are approximately 55% of the value reported in reference 

(Monzen, et al., 2003). This suggests that at the ends of the rod-shaped precipitates σ ppt . / mat .  is 

greater than the previously reported values for binary Fe–Cu alloys. A larger value of σ ppt . / mat .  

will also reduce the L parameter to a value more in accordance with our experimental 

observations. 

 The concentrated multicomponent Fe–Cu steel in this investigation does not strictly obey 

the UO model asymptotic temporal power laws. The significant differences between the 

experimentally determined results and the UO model predictions are due to violations of the 

assumptions of the model. The experimental evidence shows that the morphology of the 

precipitates become rodlike at longer aging times and are affected by elastic strain energy, the 

compositions of the Cu-rich precipitates evolve temporally, a Ni0.5(Al0.5–xMnx) phase forms at 
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the heterophase interfacial region, the precipitates change phase, and the system has not 

achieved a quasi stationary-state at 1024 h. 

5.5 Conclusions 

  The nucleation (to a limited extent), growth, and coarsening behavior of Cu-rich 

precipitates in a concentrated multicomponent Fe–Cu based steel containing 1.82 at. % Cu 

(Table 3.1) was studied experimentally. The steel, denoted NUCu-170 (170 designates the yield 

strength in ksi), is aged at 500 °C for times between 0.25 and 1024 h. The investigation resulted 

in the following findings: 

1. When the Cu-rich precipitates are less than 2 nm in radius the Cu concentration ranges 

between 44.6 ± 3.1 and 53.5 ± 2.3 at. % Cu and the Fe content ranges between 39.9 ± 4.2 and 

27.6 ± 2.1 at. %. 

2. At peak yield strength (4 h aging) the Cu-rich precipitates contain 53.5 ± 2.3 at. % Cu and 

significant concentrations of Fe, Ni, Al, Mn, and Si. The precipitates at 1024 h contain 97.1 ± 0.8 

at. % Cu. 

3. Copper partitions to the precipitate cores, whereas Ni, Al, and Mn partition to the 

heterophase interfaces, and Fe and Si partition to the α-Fe matrix during aging to 1024 h. The 

temporal evolution of Ni, Al, and Mn concentrations within the precipitate cores and heterophase 

interfaces are nonmonotonic. 

4. The Ni:Al:Mn stoichiometric ratio at the heterophase α-Fe/Cu-rich precipitate interfaces 

is 0.51:0.41:0.08 at 1024 h, which corresponds chemically to the B2 structure with Mn 

substituting for Al on the latter’s sublattice. The segregation of Ni, Al, and Mn at this 
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heterophase interface reduces the interfacial energy by -625.6 mJ m-2, -620.3 mJ m-2, and -

99.4 mJ m-2, respectively. 

5. The spherical volume equivalent mean radius, R t( ) , increases from 1.2 ± 0.1 nm at 0.25 

h to 6.5 ± 0.7 at 1024 h. The temporal dependencies are  between 0.25 to 1 h,  

between 1 and 64 h, and  from 64 to 1024 h, agreeing with the Umantsev–Olson (UO) 

coarsening model predicted value of 1/3 between only 64 and 1024 h. 

t 0.16 t 0.16±0.01

t 0.34 ±0.09

6. The number density, NV t( ), increases from (5.2 ± 0.8) x 1023 m-3 at 0.25 h to (4.2 ± 0.5) 

x 1024 at 1 h. Then the quantity  decreases to (7.4 ± 0.5) x 10NV t( ) 22 m-3 at 1024 h. The temporal 

dependencies are  between 0.25 to 1 h, t 2.7 t−0.45±0.03 between 1 and 64 h, and  from 64 to 

1024 h. The coarsening power-law exponents do not satisfy the coarsening model predicted 

value of -1, indicating a slower rate of coarsening and the lack of achievement of a stationary 

state. 

t−0.63±0.07

7. The coarsening power-law time exponents for the matrix supersaturations, ΔCi
mat. t( ), are  

-0.23 ± 0.07 for Cu, -0.32 ± 0.06 for Fe, -0.25 ± 0.03 for Ni, -0.22 ± 0.09 for Al, -0.14 ± 0.14 for 

Mn, and -0.25 ± 0.13 for Si. With the exception of Fe, the exponents do not satisfy the UO 

coarsening model prediction of -1/3. The time exponents for the Cu-rich precipitate core 

superaturations, Δ , are -0.26 ± 0.06 for Cu, -0.37 ± 0.04 for Fe, and -0.41 ± 0.05 for Si, 

which do not agree with the predicted temporal dependency. The time exponents for the 

heterophase interface supersaturations, 

Ci
ppt .

ΔCi
int . t( ), are -0.16 ± 0.12 for Ni, -0.30 ± 0.07 for Al, and 

-0.20 ± 0.09 for Mn, which do not agree with the coarsening model predicted value. These 

disagreements are most likely due to the lack of achievement of a stationary state. 
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8. The equilibrium concentrations of the precipitate phase, as determined by APT, do 

not match those predicted by Thermo-Calc. Reasonable agreement exists for the α-Fe matrix 

phase. 

9. The rodlike precipitates observed by APT and TEM at 1024 h have the Kurdjumov–

Sachs orientation relationship. The morphology is affected by both elastic strain energy and 

interfacial energy and the presence of a Ni0.5(Al0.5-xMnx) phase, adjacent to the Cu-rich 

precipitates, found at the heterophase precipitate/matrix interfaces. 

10. From the above conclusions it is clear that it is difficult to describe the temporal 

coarsening behavior of a concentrated multicomponent alloy using classical coarsening models. 

An alternative approach is to utilize PrecipiCalc (Jou, et al., 2004), which is a more general 

approach to the problem of phase decomposition and includes nucleation, growth and 

coarsening. There are not yet, however, adequate thermodynamic and mobility databases that 

would allow its use for the Fe–Cu based steel we are reporting on in this article. 



 114
 

Chapter 6 A subnanoscale study of the nucleation, growth, and coarsening kinetics of a 

concentrated multicomponent Fe–Cu based steel 

6.1 Introduction 

 Copper precipitation strengthened steels are of considerable commercial importance due 

to their high strength, good impact toughness, excellent weldability without preheat or postheat, 

and corrosion resistance (Montemarano, et al., 1986; Czyrycka, et al., 1990; Dhua, et al., 2001a; 

Vaynman, et al., Submitted 2007). This desirable combination of properties is derived from Cu 

precipitates, formed after solutionizing and thermal aging, found within these steels. The phase 

decomposition of binary, ternary, and quaternary Fe–Cu based carbon-free alloys or low-carbon 

steels has been studied utilizing Mössbauer spectroscopy (Lahiri, et al., 1969), field-ion 

microscopy (FIM) (Youle & Ralph, 1972; Goodman, et al., 1973a), atom-probe field-ion 

microscopy (APFIM) (Goodman, et al., 1973b; Worrall, et al., 1987; Pareige, et al., 1996; 

Maruyama, et al., 1999), atom-probe tomography (APT) (Miller, et al., 1998), conventional and 

high-resolution electron microscopies (CTEM and HREM) (Hornbogen & Glenn, 1960; Speich 

& Oriani, 1965; Watanabe, 1975; Othen, et al., 1991; Othen, et al., 1994; Charleux, et al., 1996; 

Maruyama, et al., 1999; Monzen, et al., 2000; Deschamps, et al., 2001), small-angle neutron 

scattering (SANS) (Kampmann & Wagner, 1986; Osamura, et al., 1993; Osamura, et al., 1994a; 

Osamura, et al., 1994b), extended X-ray absorption fine structure (EXAFS) (Pizzini, et al., 

1990), X-ray absorption spectroscopy (XAS) (Maury, et al., 1994), small-angle X-ray scattering 

(SAXS) (Charleux, et al., 1996; Deschamps, et al., 2001), and computer simulations (Soisson, et 

al., 1996; Blackstock & Ackland, 2001; Zhang, et al., 2004; Koyama & Onodera, 2005; Liu, et 

al., 2005; Koyama, et al., 2006; Nagano & Enomoto, 2006; Zhang & Enomoto, 2006). Fewer 
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studies exist on multicomponent steels with increasing alloying content and microstructural 

complexity. The recent studies of (Vaynman, et al., Submitted 2007) and (Isheim & Seidman, 

2004; Isheim, et al., 2006a; Isheim, et al., 2006b) characterized the Cu-rich precipitates found 

within multicomponent Fe–Cu based steels at near-peak hardness and in the slightly over aged 

condition. 

 We have recently reported on the phase decomposition of a similar concentrated 

multicomponent Fe–Cu based steel containing 1.82 at. % Cu, denoted NUCu-170 (170 

designates the yield strength in ksi) (Kolli & Seidman, Submitted 2007b). We described in detail 

the temporal evolution of the morphology and composition of the Cu-rich precipitates from the 

as-quenched condition to 1024 h, when aged at 500 °C. The results are compared to the Lifshitz–

Slyzov–Wagner (LSW) model (Lifshitz & Slyzov, 1961; Wagner, 1961) for coarsening, 

modified for concentrated multicomponent alloys by Umantsev and Olson (UO) (Umantsev & 

Olson, 1993) and shown not to satisfy strictly the temporal dependencies for mean radius, R t( ) ; 

number density, ; and matrix (mat.), precipitate (ppt.), and interface (int.) supersaturations, 

, of an element i in phase j (j = mat., ppt., and int.). The temporal dependency for 

NV t( )

ΔCi
j t( ) R t( )  

agrees with the 1/3 model prediction only at aging times greater than 64 h, whereas the exponent 

for  is less than the -1 model prediction, even at long aging times. The temporal 

dependencies for supersaturations agree only for Fe within the α-Fe matrix. The significant 

differences between the experimentally determined results and the UO model predictions are due 

to violations of the assumptions of the model, which affect the growth and coarsening behavior 

of the precipitates. The morphology of the precipitates become rodlike at longer aging times and 

are affected by elastic strain energy, the composition of the Cu-rich precipitates evolve 

NV t( )
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temporally, a Ni0.5(Al0.5-xMnx) phase forms at the heterophase interfacial region, the 

precipitates are known to change phase, and the system has not achieved a stationary state. 

 The focus of this investigation is the nucleation, growth, and coarsening of the Cu-rich 

precipitates in a concentrated multicomponent Fe–Cu based steel containing 1.17 at. % Cu. This 

steel is being studied as part of a program to develop an explosion-resistant steel for the US 

Navy (Vaynman, et al., 2004b; Vaynman, et al., 2006; Vaynman, et al., Submitted 2007). This 

steel, denoted NUCu-140-1 (140 designates the yield strength in ksi and 1 is the heat number) 

can attain a yield strength of 965 MPa, Charpy V-notch (CVN) absorbed impact-energy values 

of ca. 70 J at -40 °C, and an elongation-to-failure greater than 15%; details regarding the 

mechanical properties and microstrucuture of the steel are given in reference (Vaynman, et al., 

Submitted 2007). NUCu-140-1 is less strong than NUCu-170 but possesses significantly better 

impact toughness resulting from a smaller phosphorous content (Isheim, et al., 2006b; Vaynman, 

et al., Submitted 2007). In this study we present results on the temporal evolution of the 

morphology and composition of the Cu-rich precipitates from the as-quenched condition to 1024 

h, when aged at 500 °C, utilizing atom-probe tomography (APT). The power-law time exponents 

are experimentally determined for R t( ) , NV t( ), and ΔCi
j t( ), of an element i in phase j (j = 

mat., ppt., and int.). The results are discussed in context of the UO model and compared to the 

results of the NUCu-170 steel (Kolli & Seidman, Submitted 2007b). We also compare in detail 

the results for  to published values for different aging times at 500 NV t( ) °C. Additionally, we 

present a Thermo-Calc (Thermo-Calc, ver. n) determined phase diagram for both NUCu-140-1 

and NUCu-170 and discuss it in terms of our experimental results. 
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6.2 Experimental Methods 

6.2.1 Material details 

 A 45.5-kg (100-lb) steel heat was vacuum induction melted and cast at ArcelorMittal 

Steel USA Research Center, East Chicago, Indiana. The heat was reheated to approximately 

1150 °C and hot-rolled in multiple passes to a thickness of 12.5 mm and then air-cooled to room 

temperature. The final hot-rolling temperature was 900 °C. The bulk composition of NUCu-140-

1, determined by spectrographic analysis at ArcelorMittal Steel USA Research Center, is 

presented in (Table 3.1). The plates were trimmed and cut into rods 12.5 mm x 12.5 mm x 250 

mm and solutionized at 900 °C for 1 h and then quenched into water at 25 °C. Material (12.5 mm 

x 12.5 mm x 25 mm blocks) for hardness testing and APT were aged at 500 °C for 0.25, 1, 4, 16, 

64, 256, and 1024 h and subsequently quenched into water at 25 °C. 

6.2.2 Vickers microhardness 

 Sections were cold mounted in acrylic and polished utilizing standard metallographic 

procedures to a final surface finish of 1 μm for hardness testing. Hardness testing was performed 

in accordance with ASTM standards (ASTM E 384 – 99) using a Buehler Micromet II 

microhardness tester with a Vickers microhardness indenter, a load of 500 grams, and a testing 

time of 15 seconds. The reported microhardness values are derived from 10 measurements on 

each specimen. 

6.2.3 Atom-probe tomography 

 The steel blocks were further reduced to 0.3 mm × 12.5 mm × 25 mm coupons, cut from 

the center, utilizing an abrasive saw. The APT tip blanks (0.3 mm × 0.3 mm × 25 mm) were 

mechanically cut from the coupons and electropolished using standard techniques (Tsong, 1990; 

Miller, 2000a). Initial polishing was performed with a solution of 10 vol. % perchloric acid in 
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acetic acid at 15 – 10 Vdc at room temperature. This was followed by a manually controlled 

pulsed final-polishing step using a solution of 2 vol. % perchloric acid in butoxyethanol at 10 – 5 

Vdc at room temperature, producing a tip with a radius <50 nm. LEAP™ tomography (Kelly, et 

al., 2004; Seidman, 2007) was performed at a specimen temperature of 50 K under ultrahigh 

vacuum (UHV) conditions of ca. 10-8 Pa (ca. 10-11 torr). The pulse repetition rate was 2 ×105 Hz 

and the pulse-voltage-to-standing-dc voltage ratio (pulse fraction) was 15 – 20%. 

 Visualization and reconstruction of the steel data is performed using the Imago 

Visualization and Analysis Software (IVAS®) package. The precipitates are identified utilizing 

an isoconcentration surface methodology (Hellman, et al., 2003) with the threshold concentration 

set at 10 at. % Cu, which gives morphologically and compositionally stable results. For the 0.25 

h aging condition the threshold concentration is set at 4 at. % Cu, see below. The parameters 

chosen in obtaining noise-free isoconcentration surfaces are a voxel size of 1 nm, a 

delocalization distance of 4 nm, a sample count threshold of 5%, and a polygon filter level of 10 

– 20. 

 Concentration profiles with respect to distance from the reference isoconcentration 

surfaces are obtained utilizing the proximity histogram (proxigram for short) with a bin width of 

0.25 nm (Hellman, et al., 2000). The ± 2σ errors for the reported concentrations are given by 

counting statistics, 

σ =
ci 1− ci( )

NTOT

;          ( 6.1 ) 

where ci is the atomic fraction of an element i in a bin and NTOT is the total number of ions in a 

bin. 
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 The spherical volume equivalent radius, R, of a precipitate (Kolli & Seidman, 2007) 

is given by, 

R =
3

4π
Natoms

ρthη

⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ 

1
3
          ( 6.2 ) 

where Natoms is the number of atoms detected within a delineated precipitate, ρth , is the 

theoretical atomic density, which is equal to 84.3 atoms nm-3 for this steel, and η is the estimated 

detection efficiency of 0.5 of the multichannel plate detector. The value of Natoms belonging to a 

precipitate is determined from the envelope method (Miller, 2000a; Miller & Kenik, 2004), 

based on a maximum separation distance, dmax, of 0.5 – 0.6 nm, a minimum number of solute 

atoms, Nmin, of 10 – 100 Cu atoms (depending on the aging time), and a grid spacing of 0.2 nm. 

The details regarding selection of values for the parameters utilized in the envelope method for 

this steel are found in reference (Kolli & Seidman, 2007). 

 The radial distribution function (RDF) (Sudbrack, et al., 2006a), with respect to Cu for 

this steel, is defined as the average concentration of an element i at a distance r from the Cu 

atoms, Ci
Cu r( ) , normalized to the overall concentration of the element i, C , in the alloy, i

o

RDF =
Ci

Cu r( )
Ci

0 =
1

Ci
0

Ni
k r( )

Ntot
k r( )k=1

NCu

∑         ( 6.3 ) 

where  is the number of i atoms in a radial shell around the kNi
k r( ) th Cu atom at a distance r, and 

 is the total number of atoms within the shell at a distance r. The RDFs are calculated 

using 0.01 nm increments from 0.2 to 1.0 nm. Only the RDFs fo

Ntot
k r( )

r r ≥ 0.2 nm are displayed, as 

the physical interpretation at smaller r is difficult due to possible ion trajectory effects. The 

results are smoothed by a weighted moving average using a Gaussian-type spline function 
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(Hellman, et al., 2003). RDF values > 1 imply a positive correlation with Cu atoms, whereas 

values < 1 imply a negative correlation with Cu atoms. A value of unity indicates a random 

distribution of element i with respect to Cu. Greater detail regarding the RDF can be found in 

references (Sudbrack, 2004; Sudbrack, et al., 2006a). The RDF is utilized to evaluate any 

potential clustering, in the as-quenched specimen, with a greater degree of sensitivity than the 

isoconcentration surface (Hellman, et al., 2003) or envelope (Miller, 2000a; Miller & Kenik, 

2004) methodologies. 

6.3 Results 

6.3.1 Temporal evolution of the morphology 

 Figure 6.1 displays the Vickers microhardness (VHN) as function of aging time. This 

figure demonstrates that a significant increase in hardness is attainable when NUCu-140-1 is 

aged at 500 °C. A small decrease from 283.6 ± 9.6 VHN in the as-quenched condition to 273.6 ± 

10.8 VHN at 0.25 h is observable, which we attribute to softening of the matrix. Prior to 1 h of 

aging the steel is under aged. From 1 to 16 h of aging the microhardness reaches a plateau of 

approximately 333 VHN. The observed hardness plateau is a result of different nucleation and 

growth rates of the Cu-rich precipitates and NbC carbides (Gagliano & Fine, 2001; Gagliano & 

Fine, 2004) present within the steel and is consistent with earlier observations (Vaynman, et al., 

Submitted 2007). At 64 h of aging the microhardness decreases to 323.0 ± 8.0 VHN indicating 

the steel is over aged. Aging for times greater than 64 h results in a further reduction of hardness, 

reaching a value of 275.2 ± 4.5 VHN at 1024 h. When compared to NUCu-170, NUCu-140-1 is 

weaker, attaining a peak microhardness of ca. 60 VHN less. Additionally the change in VHN is 

greater for NUCu-170 when compared to NUCu-140-1. 
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Figure 6.1 Vickers microhardness (VHN) as a function of aging time for NUCu-140-1 and 
NUCu-170 steels aged at 500 °C. 
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Figure 6.2 Isoconcentration surfaces, when the steel is aged at 500 °C for (a) 0.25 h; (b) 1 h; (c) 4 
h; (d) 16 h; (e) 64 h; (f) 256 h; (g) 1024 h. The copper-rich precipitates are delineated by 4 at. % 
(a) and 10 at. % Cu ((b) through (g)). Each reconstruction, 10 ×10 × 30 nm3 (3000 nm3), is a 
subset of an analyzed volume and contains approximately 130,000 ions. 
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Evolution of the Cu-rich precipitate morphology is seen qualitatively in Figs. 6.2(a) 

through 6.2(g), which depict 10 ×10 × 30 nm3 (3000 nm3) subsets of an analyzed volume for 

each aging time studied, containing approximately 130,000 atoms. These figures illustrate that 

the precipitates grow and coarsen with increasing aging time. The precipitates are delineated 

with 10 at. % Cu isoconcentration surfaces, with the exception of 0.25 h, which are delineated 

with 4 at. % Cu surfaces, see below. The precipitates are initially spheroidal and become more 

ellipsoidal or rodlike at 1024 h of aging, although, as discussed below, not all precipitates at 

1024 h have a rodlike morphology. 

 A representative Cu-rich precipitate for a 1 h aging time is presented in Fig. 6.3(a). The 

Cu atoms are orange, the Ni atoms are green, the Al atoms are teal, the Mn atoms are mustard, 

the Fe atoms are blue, and the Si atoms are gray, within Figs. 6.3(a) through 6.3(c). The 

distributions of Ni, Al, and Mn atoms adjacent to the Cu atoms, at the precipitate/matrix 

heterophase interface, are illustrated. The segregation is more pronounced on one side of the 

precipitate. Other precipitates for this aging time exhibit similar segregation and this observation 

is consistent with previously reported results in similar concentrated multicomponent steels 

(Isheim & Seidman, 2004; Isheim, et al., 2006a; Isheim, et al., 2006b) and in NUCu-170 (Kolli 

& Seidman, Submitted 2007b). A representative precipitate for the 4 h aging time is displayed in 

Fig. 6.3(b). The observed Ni, Al, and Mn segregation is similar to that observed at 1 h, which is 

discussed in detail below. We observe similar segregation behavior for Ni, Al, and Mn in other 

precipitates at this aging state. The precipitate displayed in Fig. 6.2(g), 1024 h of aging, is larger 

than the cross-sectional area employed, and extends beyond the boundaries of the volume 

displayed. The exact same precipitate is presented in Fig. 6.3(c). This precipitate has a rodlike 

morphology consisting almost entirely of Cu atoms in its core, but not 100%, and is surrounded 
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by Ni, Al, and Mn atoms, where the observed segregation is greater than for the 4 h aged 

state, see below. The segregation of the elements Ni, Al and Mn is clearly not uniform around 

the Cu atoms. All precipitates at this aging time do not possess the same morphology presented 

in Figs. 6.2(g) and 6.3(c). Other precipitates exhibit a more spheroidal morphology with more 

uniform Ni, Al, and Mn segregation, Fig. 6.4. The precipitates displayed in Figs. 3(c) and 4 

demonstrate qualitatively different segregation behavior than those discussed in NUCu-170 

(Kolli & Seidman, Submitted 2007b). 

 

 

Figure 6.3 Three-dimensional atom-probe tomographic reconstructions of representative 
precipitates in the (a) 1 h; (b) 4 h; and (c) 1024 h aged conditions. The Cu, Ni, Al, and Mn atoms 
are shown as spheres (not to scale) allowing visualization of the precipitates and heterophase 
interfaces. Only 20% of the Fe atoms, 25% of the Cu, and 10% of the Ni, Al, and Mn atoms are 
shown in (c) for clarity. 
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Figure 6.4 Three-dimensional atom-probe tomographic reconstruction of a second precipitate 
found in the 1024 h aged condition. The Cu, Ni, Al, and Mn atoms are shown as spheres (not to 
scale) allowing visualization of the precipitates and heterophase interfaces. Only 20% of the Fe 
atoms and 50% of the Cu, Ni, Al, and Mn atoms are shown in (c) for clarity. 

6.3.1.1 Nucleation and growth  

 We do not find any evidence of precipitation in the as-quenched state utilizing the 

isoconcentration surface methodology (Hellman, et al., 2003) with the designated parameters. 

Reduction of the threshold concentration to values as small as the bulk Cu concentration does not 

affect the observed result. We also do not find any evidence of precipitation utilizing the 

envelope method (Miller, 2000a; Miller & Kenik, 2004) with the designated parameters and the 

methodology described in reference (Kolli & Seidman, 2007). The steel, when in the 

supersaturated state, exhibits some evidence of forming metastable clusters (embryos). Utilizing 

the same value for  and setting dmax Nmin = 3 Cu atoms gives 2670 clusters, which all contain ≤ 

10 Cu atoms, suggesting they are metastable clusters (embryos) in the language of classical 

nucleation theory (CNT). 

 To further evaluate this steel in the as-quenched state an experimental RDF, determined 

by Eq. (6.3) and presented in Figs. 6.5(a) through 6.5(f), is utilized. The first through sixth  
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Figure 6.5 Experimental radial distribution functions (RDFs) in the as-quenched state for: (a) 
Cu–Cu atoms; (b) Cu–Fe atoms; (c) Cu–Ni atoms; (d) Cu–Al atoms; (e) Cu–Mn atoms; and (f) 
Cu–Si atoms. Values of RDF > 1 indicate a positive correlation between atoms, while values of 
RDF < 1 indicate a negative correlation between atoms; when the RDF = 1 this indicates a 
random distribution. The first through sixth nearest neighbor (NN) distances and NN numbers 
for bcc Fe are indicated on the top abscissa. 

 



 127
nearest-neighbor (NN) distances and NN numbers for body centered cubic (bcc) α-Fe are 

given on the top abscissa. These figures illustrate that overall positive correlations exist for Cu–

Cu (Fig. 6.5(a)), Cu–Ni (Fig. 6.5(c)), Cu–Al (Fig. 6.5(d)), and Cu–Si (Fig. 6.5(f)) atoms, whereas 

a negative correlation exists for Cu–Mn (Fig. 6.5(e)) atoms. The slight negative oscillation for 

Cu–Fe (Fig. 6.5(b)) is a minimum near the 1st NN distance suggesting that Cu and Fe are 

negatively correlated at this location. Although, the closeness of the RDF to unity, indicates that 

Fe is almost randomly distributed relative to Cu. These results, with the exception of Cu–Ni, are 

qualitatively similar to NUCu-170 (Kolli & Seidman, Submitted 2007b). In NUCu-140-1, Cu 

and Ni demonstrate a positive correlation whereas in NUCu-170, Ni demonstrates a random 

distribution with respect to Cu between the 1st and 2nd NN positions, and a slightly negative 

correlation at greater NN positions. 

 At 0.25 h we also do not find a clear indication of precipitation utilizing the 

isoconcentration surface methodology (Hellman, et al., 2003) with the designated parameters. 

Reduction of the threshold concentration to values as small as the bulk concentration 

demonstrates the presence of possible stable nuclei. For example, with the threshold 

concentration set at 4 at. % Cu we observe the presence of possible nuclei with 

 mNV = 2.4 ± 0.8( )×1023 -3, where the error is given by counting statistics, and R ~ 0.4  nm. 

Threshold concentrations between 5 and 10 at. %, however, do not demonstrate the presence of 

embryos, nuclei, or precipitates. The envelope method (Miller, 2000a; Miller & Kenik, 2004), 

with the designated parameters and the methodology described in reference (Kolli & Seidman, 

2007), yields similar results. Utilizing dmax = 0.6 nm and setting Nmin = 3 Cu atoms gives 650 
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clusters containing 3 to 21 Cu atoms. The majority of clusters, 638, contain less than 11 Cu 

atoms suggesting they are embryos. The choice of 11 Cu atoms to delineate stable nuclei is  
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Figure 6.6 The (a) mean precipitate radius, R t( ) ; and (b) number density, , as a 
function of aging time for NUCu-140-1 and NUCu-170, when aged at 500 

NV t( )
°C. The values at 0.25 

h are based upon 4 at. % Cu isoconcentration surface (open triangles) or the envelope method 
(gray triangles). 

explained in detail in reference (Kolli & Seidman, 2007). The larger clusters are possibly stable 

nuclei with  mNV = 2.5 ± 0.8( )×1023 -3 and R = 0.5 ± 0.01 nm, where error is given by standard 

error of the mean. The differences between the isoconcentration surface and envelope 

methodologies are discussed in reference (Kolli & Seidman, 2007). 

 Aging to 1 h results in clearly visible precipitation with R = 1.1± 0.05 nm and NV t( ) 

equal to  m1.2 ± 0.2( )×1024 -3 and the volume fraction, φ, equal to 0.5 ± 0.01%, where the error is 

based on counting statistics. Further aging to 4 h yields NV = 1.0 ± 0.3( )×1024  m-3, with 

R = 1.8 ± 0.1, and φ equal to 2.8 ± 0.03%. The relatively constant value for  occurs with a 

temporal dependency of , (Fig. 6.6(b)), in conjunction with a temporal exponent for 

NV t( )

t−0.13 R t( )  

equal to 0.5 (Fig. 6.6(a)) indicating that growth is occurring. 

6.3.1.2 Growth and coarsening 

 Beyond 4 h the quantity  decreases indicating the onset of coarsening. The value of NV t( )

R  increases from 1.8 ± 0.1 nm at 4 h to 8.6 ± 1.0 nm at 1024 h (Fig. 6.6(a)), a factor of 4.8. 

The temporal dependencies for R t( )  are t 0.28±0.02  from 4 to 64 h and  from 64 to 1024 h 

(Fig. 6.6(a)). Only from 64 h onwards is the temporal exponent equal to that predicted by UO 

model. The quantity  decreases by a factor of 63 to 

t 0.33±0.07

NV t( ) 1.9 ± 0.7( )×1022 m-3 at 1024 h with φ 

equal to 2.9 ± 0.01%. The temporal dependencies for NV t( ) are t−0.45±0.07 from 4 to 64 h and 

 from 64 to 1024 h (Fig. 6.6(b)). t−0.74 ±0.13
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6.3.2 Temporal evolution of composition 

 The temporal evolution of the concentration profiles is presented in Figs. 6.7 and 6.8(a) 

through 6.8(c). The figures represent the temporal evolution of the Cu, Fe, Ni, Al, Mn, and Si 

profiles from the under aged condition, 0.25 h (Fig. 6.7) and 1 h (Fig. 6.8(a)), to the peak yield-

strength aged condition, 4 h (Fig. 6.8(b)), and to the over-aged condition at 1024 h (Fig. 6.8(c)). 

These figures demonstrate clearly that the composition of the precipitates, precipitate/matrix 

heterophase interfaces, and matrix are evolving temporally. The observed segregation of Ni, Al, 

and Mn is non-monotonic (confined), whereas the observed segregation of Cu, Fe, and Si is 

monotonic (non-confined). 
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Figure 6.7 Proxigram concentration profiles (at. %) for Cu, Fe, Al, Si, and Mn, when the steel is 
aged at 500 °C for 0.25 h. The dotted vertical line corresponds to the matrix/precipitate 
heterophase interface. 
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Figure 6.8 Proxigram concentration profiles (at. %) for Cu, Fe, Ni, Al, Si, and Mn, when the 
steel is aged at 500 °C, for: (a) 1 h; (b) 4 h; and (c) 1024 h. The dotted vertical lines indicate the 
matrix/precipitate heterophase interface. 

6.3.2.1 Far-field matrix compositions 

 In this investigation the plateau points (Sudbrack, et al., 2004) within the matrix (far-

field) yield the α-Fe matrix concentrations (Table 6.1), where the plateau region of the 

proxigram is delineated by utilizing the Fe concentration profiles as a fiducial marker. Only data 

points within the flat region of the profile, a minimum of 1.5 nm away from the heterophase 

interface and with ± 2σ < 0.4 at. % are included. The concentration of Cu decreases in the α-Fe 

matrix reaching a value of 0.1 ± 0.001 at. % at 1024 h of aging. The concentrations of Ni, Al, 
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and Mn in the α-Fe matrix also decrease with prolonged aging time. With increasing aging 

time the concentration of Fe increases in the α-Fe matrix, whereas the concentration of Si is 

relatively constant but enhanced relative to the nominal bulk concentration. Niobium is not 

detected within the α-Fe matrix, whereas C is detected at a reduced concentration when 

compared to its nominal value. In the NUCu steels, Nb is not normally detected by APT due to 

the existence of NbC carbides at a smaller number density (≤ 1021 m-3) than the Cu-rich 

precipitates (Gagliano & Fine, 2001; Gagliano & Fine, 2004; Vaynman, et al., Submitted 2007). 

Similarly, C is detected at lower concentrations within the matrix due to the presence of Fe3C 

and NbC carbides (Isheim, et al., 2006b), and segregation at grain boundaries (GB) (Isheim, et 

al., 2006b). The C concentration within the matrix, however, decreases from 0.06 ± 0.004 at. % 

at 0.25 h to 0.01 ± 0.01 at. % at 1024 h, which we attribute to further segregation of C to NbC 

carbides and GBs. 

Table 6.1 Composition in at. % of the α-Fe matrix as determined by atom-probe tomography. 

 

6.3.2.2 Composition of the Cu-rich precipitates 

 At 0.25 h of aging the precipitates’ cores contain 17.5 ± 4.2 at. % Cu but are 

predominantly Fe (72.6 ± 4.9 at. %) with smaller quantities of Ni and Al (Table 6.2). Neither Si 

nor Mn are found within the cores, within the defined experimental uncertainty. At 1 h of aging 

the precipitates’ cores are Cu-rich (50.5 ± 3.5 at. %) but still contain significant amounts of Fe, 
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Ni, Al, Mn, and Si. As aging progresses, the Cu concentration within the cores increases to 

56.6 ± 1.6 at. % at 4 h of aging and attains a value of 88.8 ± 0.5 at. % Cu at 1024 h. 

Concomitantly, the concentrations of Fe and Si decrease, reaching a value of 0.4 ± 0.1 at. % and 

0.02 ± 0.02 at. %, respectively, at 1024 h. The concentrations of Ni, Al, and Mn within the cores 

have a more complicated behavior, which we believe is related to the 

bcc Cu → 9R Cu → 3R Cu → fcc ε − Cu phase changes (Hornbogen & Glenn, 1960; Othen, et 

al., 1991; Phythian, et al., 1992; Othen, et al., 1994) and the formation of a Ni–Al–Mn phase at 

the heterophase interfaces, and has been discussed in detail, for NUCu-170, in references (Kolli 

& Seidman, Submitted 2007a; Kolli & Seidman, Submitted 2007b). All three elements, however, 

are consistently found enhanced in the cores at the aging times studied, with the exception of Ni 

at 256 h. Carbon and Nb are not found in the precipitates’ cores, within the prescribed 

experimental uncertainty. 

Table 6.2 Composition in at. % of the Cu-rich precipitate cores as determined by atom-probe 
tomography. 

 

6.3.2.3 Composition of precipitate/matrix heterophase interfaces 

 The compositions of the precipitate/matrix heterophase interfaces are also displayed in 

Figs. 6.7 and 6.8(a) through 6.8(c). The heterophase interfacial region, at as early as 0.25 h of 

aging, is enriched in Cu, Ni, Al, and Mn but is depleted in Fe (Table 6.3). We observe 
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enhancement of Ni, Al, and Mn within the interfacial region in Fig. 6.7. With the exception 

of Ni, clearly delineated peak concentrations are not defined within the prescribed experimental 

uncertainty. The larger errors for the concentration within the precipitate cores and heterophase 

interfaces at this aging condition are a result of the smaller number of atoms found within the 

nuclei, see below. The Ni peak concentration within the interfacial region (4.1 ± 1.5 at. %) is 

located at a distance of – 0.125 nm. A second enhancement of it is shown in Fig. 6.7 toward the 

center of the precipitates at 0.375 nm but is quantitatively zero within the defined experimental 

uncertainty. Aluminum enhancement is observed between -0.625 and 0.365 nm, while Mn 

enhancement is found between -1.875 and 0.125 nm. At 1 h the Ni (10.5 ± 1.2 at. %) and Mn 

(1.2 ± 0.4 at. %) peak concentrations are located at a distance of 0.875 nm, whereas the Al peak 

concentration (13.6 ± 5.6 at. %) is found closer to the center of the precipitate at a distance of 

1.625 nm. At 4 h Ni (11.6 ± 0.8 at. %) is found at a distance of 0.375 nm, the Mn (1.7 ± 0.4 at. 

%) peak concentration is located at a distance of 0.625 nm, while the Al peak concentration (11.7 

± 0.9 at. %) is at a distance of 0.875 nm. At 1024 h of aging a distinct enhancement of Ni, Al, 

and Mn is observed at the heterophase interfaces, with peak concentrations of 29.7 ± 0.5 at. % 

Ni, 24.2 ± 0.8 at. % Al, and 3.9 ± 0.2 at. % Mn at a distance of 0.625 nm. The evolution of the 

Ni, Al, and Mn concentrations within the heterophase interfaces is related to that within the 

precipitate cores and is also potentially affected by the phase changes of the precipitate. Silicon 

is also found within the heterophase interfacial region at a concentration of approximately 0.8 – 

1.1 at. %. Niobium is not detected, whereas C is detected at a reduced concentration when 

compared to its nominal value. 

 



 136
 

Table 6.3 Composition in at. % of the precipitate/matrix heterophase interfaces as determined by 
atom-probe tomography. 

 

6.3.2.4 Partitioning ratios 

The temporal evolution of the partitioning ratio (Kolli & Seidman, 2007), 

κ i
ppt. / mat. t( )= Ci

ppt. t( )
Ci

mat., ff t( );        ( 6.4 ) 

is displayed in Fig. 6.9. The standard error for κ i is determined by standard error propagation 

methods of the concentration errors (Meyer, 1975). This figure illustrates clearly that Cu 

partitions to the precipitates, whereas Fe and Si partition to the matrix. The dashed line, from 64 

to 256 h, for the Si ratio, represents the zero Si concentration within the precipitates’ cores at 256 

h of aging. The concentration increase of Si at 1024 h to 0.02 ± 0.02 at. % is also represented by 

a dashed line from 256 to 1024 h. Within the prescribed experimental uncertainty the partitioning 

ratio for Si at 1024 h is zero. Nickel, Al, and Mn exhibit a more complicated behavior but prefer 

the Cu-rich precipitate phase from 0.25 to 256 h. At 256 h Fig. 6.9 shows that Al and Mn have a 

slight preference for the precipitate, whereas Ni is found almost exactly at the interface. The 

proximity of Al and Mn, though, to the dashed line separating precipitate and matrix phases 

indicates that all three elements partition to the interfacial region. The partitioning ratios for Ni 
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and Mn exhibit similar trends from 0.25 to 16 h, where they diverge slightly, whereas the 

profiles of Ni and Al follow similar trends from 64 to 1024 h. 

 

Figure 6.9 Partitioning ratios, κ i
ppt. / mat. t( ), of the concentrated multicomponent Fe–Cu steel as a 

function of aging time, when aged at 500 °C, from 0.25 to 1024 h. The horizontal dashed line 
indicates the division between the precipitate and matrix phases. The dashed arrow for the Si 
ratio represents the zero Si concentration measured within the precipitate at 256 h. 

6.3.2.5 Coarsening kinetics 

 The matrix, precipitate core, and precipitate/matrix heterophase interface 

supersaturations, are displayed in Figs. 6.10 through 6.12. The equilibrium concentrations are 

obtained by extrapolating the concentration of each element as a function of (aging time)-1/3 to 

infinite time, analogous to the procedure found in reference (Yoon, et al., 2007b). The 
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experimentally determined equilibrium concentration values, the concentrations measured at 

1024 h of aging, and those predicted by Thermo-Calc are presented in (Table 6.4). The temporal 

exponents for  (Figs. 6.10(a) through 6.10(c)) are -0.35 ± 0.17 for Cu, -0.21 ± 0.19 for 

Fe, -0.1 ± 0.15 for Ni, -0.02 ± 0.02 for Al, -0.11 ± 0.11 for Mn, and -0.21 ± 0.04 for Si. The 

temporal exponents for all elements are derived from aging times of 4 to 1024 h, while that of Si 

excludes the supersaturation values at 64 and 256 h due to the large errors at those times. The 

temporal exponents for  (Figs. 6.11(a) through 6.11(c)) are -0.32 ± 0.1 for Cu, -0.61 ± 

0.1 for Fe, and -0.32 ± 0.09 for Si. The exponents for all elements are derived from aging times 

of 4 to 1024 h, while that of Si excludes 256 h since the concentration of Si within the precipitate 

is 0 at. % at that time. The temporal exponents for 

ΔCi
mat. t( )

ΔCi
ppt. t( )

ΔCi
int . t( ) (Figs. 6.12(a) through 6.12(c)) are -

0.17 ± 0.07 for Ni, -0.30 ± 0.04 for Al, and -0.26 ± 0.07 for Mn, where the exponents are derived 

for aging times of 4 to 256 h. 

Table 6.4 Extrapolated to infinite time equilibrium compositions of the Cu-rich precipitates, α-
Fe matrix, and heterophase interfaces compared to measured overall composition at 1024 h and 
also calculated from Thermo-Calc. 
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Figure 6.10 Double logarithmic plots of matrix supersaturations, ΔCi

mat. t( ), as a function of aging 
time, when aged at 500 °C, for: (a) Cu and Fe; (b) Ni and Al; and (c) Mn and Si. The slopes of 
the plots, which are calculated, starting at aging times of 4 h, yield the coarsening time exponents 
of the UO coarsening model for each element. 
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Figure 6.11 Double logarithmic plots of the supersaturations in the Cu-rich precipitates cores, 

, as a function of aging time, when aged at 500 ΔCi
ppt. t( ) °C, for: (a) Cu; (b) Fe; and (c) Si. The 

slopes of the plots, which are calculated, starting at aging times of 4 h, yield the coarsening time 
exponents of the UO coarsening model for each element. 
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Figure 6.12 Double logarithmic plots of the supersaturations in the heterophase interfaces, 

, as a function of aging time, when aged at 500 ΔCi
int . t( ) °C, for: (a) Ni; (b) Al; and (c) Mn. The 

slopes of the plots, which are calculated, between aging times of 4 and 256 h, yield the 
coarsening time exponents of the UO coarsening model for each element. 
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6.4 Discussion 

6.4.1 Morphology 

 The morphology of the precipitates is consistent with that observed in NUCu-170 and 

discussed in detail in reference (Kolli & Seidman, Submitted 2007b). In addition, we discussed 

the equilibrium morphology of the precipitates and determined the rodlike morphology, observed 

at long aging times in this study and in reference (Kolli & Seidman, Submitted 2007b), is a 

function of both elastic and interfacial energies. The ends of the precipitates are dominated by 

elastic strain energy whereas the sides are controlled by interfacial energy, which is where the 

Ni, Al, and Mn segregation is predominantly found. The rodlike morphology is consistent with 

the observations in references (Hornbogen & Glenn, 1960; Speich & Oriani, 1965; Othen, et al., 

1991; Othen, et al., 1994; Monzen, et al., 2000) and the TEM results presented in reference 

(Kolli & Seidman, Submitted 2007b). 

6.4.2 Nucleation 

 We observe nucleation prior to 1 h with critical nuclei forming at approximately 0.25 h or 

earlier. Furthermore, the strong positive oscillation for Cu–Cu between the 1st and 2nd NN 

positions of the experimental RDF (Fig. 6.5(a)) in the as-quenched condition, in addition to the 

results of the envelope method, suggests that the onset of phase decomposition may occur as 

early as after solutionizing and while quenching to room temperature. 

 When compared to NUCu-170 nucleation occurs slower in NUCu-140-1 (Fig. 6(a)). At 

0.25 h, we measure R = 1.5 ± 0.05 nm for the precipitates in NUCu-170 whereas for NUCu-

140-1 we observe possible nuclei with a radius of approximately 0.4 to 0.5 nm. Between 0.25 

and 1 h we observe nucleation and growth for NUCu-170 whereas we observe only nucleation 

for NUCu-140-1. 
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 The larger NV t( ) value for NUCu-170 when compared to NUCu-140-1 (Fig. 6(b)) is 

consistent with CNT, where the stationary state nucleation current giving the number of 

precipitates per unit time per unit volume, J st , is given by (Aaronson & LeGoues, 1992), 

Jst ∝exp −WR
*

kBT
⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ ;          ( 6.5 ) 

where W  is the critical net reversible work required for formation of a critical spherical nucleus 

and  is Boltzmann’s constant and T is the absolute temperature. The quantity W  is the 

nucleation barrier, which is inversely proportional to the square of the volume free energy 

change, Δ

R
*

kB R
*

FV , involved in making a nucleus, where F is the Helmholtz free energy. The quantity, 

ΔFV , is dependent on the matrix supersaturation, which is greater in NUCu-170 than NUCu-140-

1, at shorter aging times. 

 The measured values, at 0.25 h, for R t( )  and the number of atoms measured within the 

nuclei are comparable to that reported within the literature for a critical nucleus. Goodman et al. 

(Goodman, et al., 1973b) calculated, utilizing CNT modified for a variable nucleus composition, 

a critical radius of 0.66 nm containing only 13 atoms for a binary Fe–1.4 at. % Cu alloy. 

Kampmann and Wagner (Kampmann & Wagner, 1986) reported, based on their numerical 

simulation model, a critical number of atoms equal to seven for a binary Fe–1.38 at. % Cu alloy. 

They also reported that nucleation is complete at approximately 15 minutes with R < 0.6 nm. 

Nagano and Enomoto (Nagano & Enomoto, 2006) recently reported a critical radius between 0.3 

and 0.35 nm for a binary Fe–1.5 at. % Cu alloy, where they assumed Cahn–Hilliard (Cahn & 

Hilliard, 1959)non-CNT for an alloy outside the spinodal. Seko et al. (Seko, et al., 2004) also 

report a similar critical number of atoms equal to 13 for a binary Fe–Cu alloy, utilizing first-
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principle calculations; they assume the nuclei are pure Cu and employ dilute solution theory 

thermodynamics. 

 Osamura et al. (Osamura, et al., 1994a) have reported previously that the addition of 

alloying elements such as Ni and Mn promote the precipitation reaction when compared to a 

binary Fe–Cu alloy. The values of NV t( ) that we observe in NUCu-140-1 and NUCu-170 during 

nucleation are generally, but not always, greater than that for binary Fe–Cu and a quaternary Fe–

Cu–Ni–Mn low-carbon alloys reported in the literature (Fig. 6.13). During growth and 

coarsening, however,  for NUCu-140-1 and NUCu-170 are consistently larger, which we 

attribute to the greater alloying content of the NUCu steels, see below. This implies that a larger 

nucleation current must exist for NUCu-140-1 and NUCu-170. This observation is consistent 

with the Langer-Schwartz simulations of Zhang and Enomoto (Zhang & Enomoto, 2006), for a 

Fe–1.5 at. % Cu alloy, where the authors assumed Cahn–Hilliard (Cahn & Hilliard, 1959) non-

CNT for an alloy outside the spinodal, and show that during isothermal aging the addition of Ni 

or Mn results in greater nucleation currents and 

NV t( )

NV t( ), when compared to binary alloys. 

Furthermore, the authors reported that Ni addition decreases W  for a critical nucleus more than 

the addition of Mn and therefore it has a greater effect on increasing 

R
*

NV t( ). Seko et al. (Seko, et 

al., 2004) also report that W  is reduced by the addition of Ni to a binary Fe–Cu alloy, since both 

the enthalpy and configurational entropy of nucleation are reduced. The significant variation in 

 displayed in Fig. 6.13, at shorter aging times, is possibly due to difficulties in measuring 

 utilizing APFIM or to violations of model assumptions in the analysis of SANS data. 

R
*

NV t( )

NV t( )
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Figure 6.13  as a function of aging time for NUCu-170 and NUCu-140-1 (solid black 
symbols) compared to reported results for a quaternary low-carbon alloy and binary carbon-free 
alloys taken from the listed references. The results taken from the literature are from SANS 
(solid gray symbols) and FIM or APFIM (open symbols) measurements. The results enclosed by 
the dashed polygon are for short aging times, which represent nucleation and/or growth, and are 
not included in the comparison to calculate temporal dependencies. 

NV t( )

6.4.3 Growth and coarsening kinetics 

 The growth and coarsening kinetics of NUCu-140-1 are different from those of NUCu-

170, reported in reference (Kolli & Seidman, Submitted 2007b). We observe constant NV t( ) in 

NUCu-140-1 between 1 and 4 h followed by growth and coarsening. This is comparable, but not 

exactly the same, as NUCu-170, where we observe a transition regime (Wagner, et al., 2001) 
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between 1 and 64 h, followed by an increasing proportion of growth and coarsening.  We do 

not observe a constant  for NUCu-170, NV t( ) NV t( ) decreases monotonically from 1 to 1024 h. 

 The difference in power-law time exponents for R t( ) , at aging times less than 64 h, is 

seen qualitatively in Fig. 6.6(a). Unlike NUCu-170, we observe in NUCu-140-1, a power-law 

exponent of 1/2, which indicates diffusion controlled growth (Zener, 1949; Wagner, et al., 2001). 

The presence of diffusion-controlled growth for a short time is consistent with the numerical 

model simulations discussed in reference (Wagner, et al., 2001). For NUCu-140-1 we observe a 

temporal dependency of  between 4 and 64 h whereas for NUCu-170 we obtain tt 0.28±0.02 0.16±0.01 

between 1 and 64 h. We do not observe temporal dependencies for R t( )  that would indicate 

clearly a transition regime for NUCu-140-1. At aging times between 64 and 1024 we observe 

similar temporal dependencies of t 0.33±0.07  for NUCu-140-1 and t 0.34 ±0.09 for NUCu-170, which 

are in approximate agreement with the predicted model value of 1/3 and indicate a diffusion-

limited coarsening mechanism. Our results for NUCu-140-1 do not concur exactly with the 

reported agreement with the  power-law for binary Fe–Cu (Speich & Oriani, 1965; Monzen, 

et al., 2003) and ternary Fe–Cu–Ni (Monzen, et al., 2004) carbon-free alloys aged between 600 

and 830 

t1/ 3

°C. Our results also differ from the lattice kinetic Monte Carlo simulations of Soisson et 

al. (Soisson, et al., 1996) who reported  dependency for t1/ 3 R t( )  in a binary Fe–Cu alloy. 

 The difference in temporal dependencies for R t( )  between the two steels, at aging times 

less than 64 h, can be attributed to variations in the growth rates of the precipitates. Assuming a 

mean-field approximation the growth rate of a spherical precipitate in a binary alloy is given by 

(Ratke & Voorhees, 2002), 
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dR t( )

dt
=

Ci
mat., ff − Ci

mat .,R( )Di

Ci
ppt. − Ci

mat .( )R
;        (6.6) 

 

where Di is the diffusivity of an element i, and  is the concentration of element i on the 

matrix side of the heterophase interfaces. For the concentrated multicomponent NUCu steels, Eq. 

(6.6) represents a significant simplification since the concentrations and radius mostly vary with 

time. Additionally, the phase changes and the formation of the Ni–Al–Mn heterophase interfacial 

phase introduce a greater degree of complexity. At aging times greater than 64 h an increasing 

proportion of LSW-type coarsening occurs resulting in similar temporal dependencies for 

Ci
mat.,R

R t( )  

for both steels. 

 The temporal dependencies for NV t( ) do not differ significantly, after the onset of 

coarsening, between the two steels. We obtain for NUCu-140-1 t−0.13  between 1 and 4 h and 

 between 4 and 64 h, whereas for NUCu-170 it is tt−0.45±0.07 −0.45±0.03 between 1 and 64 h. At aging 

times between 64 and 1024 h we observe a slightly greater rate of coarsening for NUCu-140-1 

with  than NUCu-170 with t−0.74 ±0.13 t−0.63±0.07. Both values, however, are not in agreement with 

the UO model prediction of -1 and indicate a slower coarsening rate. 

 In Fig. 6.13 we plot reported data for NV t( ) for a quaternary Fe–Cu–Ni–Mn low-carbon 

alloy (Osamura, et al., 1994b) and binary Fe–Cu carbon-free alloys (Goodman, et al., 1973a; 

Kampmann & Wagner, 1986; Barbu, et al., 1998; Zhang, et al., 2004) aged at 500 °C with that of 

NUCu-140-1 and NUCu-170. The data in references (Kampmann & Wagner, 1986; Osamura, et 

al., 1994b; Barbu, et al., 1998) were obtained from SANS measurements (gray solid symbols), 

while the data from references (Goodman, et al., 1973a; Zhang, et al., 2004) were obtained from 
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FIM or APFIM measurements (open symbols). The data can be divided into two regions; the 

first, delineated by the dashed polygon represents nucleation and growth and demonstrates 

significant variations among the different alloys; the second, at times greater than approximately 

4 to 5 h represents growth and coarsening. For comparison with our data we consider only the 

second region. Within this region, the quantity NV t( ) for the binary alloys is between one and 

two orders of magnitude less than NUCu-140-1 and NUCu-170. The greater concentrations of 

solute elements in the NUCu steels, when compared to the binary and quaternary Fe–Cu alloys, 

results in increased  values, as discussed above. The quantity NV t( ) NV t( ) for NUCu-140-1 and 

NUCu-170 is greater than the values reported by Osamura et al. in reference (Osamura, et al., 

1994b) for a quaternary Fe–Cu–Ni–Mn alloy, due to the greater alloying content of the NUCu 

steels. Comparable results were reported by Miller et al. (Miller, et al., 2003) for irradiated Fe–

Cu alloys, where the authors measured a NV t( ) approximately one order of magnitude greater 

for a ternary Fe–Cu–Mn alloy when compared to a binary Fe–Cu alloy, utilizing SANS 

measurements; this is most likely due to the effect of radiation produced point defects. 

 The literature does not contain comparisons of the temporal dependencies for NV t( ) in 

isothermally aged Fe–Cu alloys with the LSW (binary alloys) or UO (multicomponent alloys) 

model prediction. We calculate temporal dependencies of t5−16.67h
−1.4  for the data of Osamura et al. 

(Osamura, et al., 1994b),  for the data of Kampmann and Wagner (Kampmann & 

Wagner, 1986),  for the data of Barbu et al. (Barbu, et al., 1998), and  for the 

data of Goodman et al. (Goodman, et al., 1973a), where error is calculated for data with more 

than two data points. The power-law time exponents for the reported results of references 

(Goodman, et al., 1973a; Barbu, et al., 1998) are comparable to our results. The temporal 

t16.67−200h
−1.1

t5−25h
−0.71±0.27 t12−100h

−0.71±0.28
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exponents for the reported results of references (Kampmann & Wagner, 1986; Osamura, et 

al., 1994b) are greater than the predicted value of -1, which may be a result of insufficient data at 

longer aging times. The plot shows clearly that the data extracted from the literature were for 

aging times approximately one to two orders of magnitude less than our studies, with the longest 

time being 200 h (Kampmann & Wagner, 1986). Additionally, the observed variations in NV t( ) 

may possibly be a result of differences in measurement techniques.  

 The experimentally determined temporal exponents for ΔCi
mat. t( ) do not satisfy the UO 

model prediction of -1/3. We believe that the ΔCi
mat. t( ) temporal exponents for Cu, Ni, Al, and 

Mn are affected by the bcc Cu → 9R Cu → 3R Cu → fcc ε − Cu (Hornbogen & Glenn, 1960; 

Othen, et al., 1991; Phythian, et al., 1992; Othen, et al., 1994) phase changes of the precipitates 

and the formation of the Ni–Al–Mn phase. The temporal exponents for Δ  and Ci
ppt. t( ) ΔCi

int . t( ) 

are also affected, but more significantly, by the phase changes and formation of the 

Ni0.5(Al0.5Mn0.5–x) phase on the peripheries of the Cu-rich precipitates (Kolli & Seidman, 

Submitted 2007a). The temporal dependencies for ΔCi
ppt. t( ) for Cu and Si, however, are in 

approximate agreement with the model prediction, whereas that of Fe is greater than -1/3. Within 

the heterophase interfaces the temporal exponent for Al is close, but not exactly, equal to the 

model prediction. The phase changes also affect the solid solubility of Ni, Al, and Mn within the 

Cu-rich precipitates, which we discuss in detail in reference (Kolli & Seidman, Submitted 

2007b). The results for NUCu-140-1 differ from that of NUCu-170, which we attribute to 

differences in supersaturations and proximity to the solvus line, which affect the kinetics of 

phase decomposition. Our results also differ from those of Monzen et al. (Monzen, et al., 2003; 

Monzen, et al., 2004) who report agreement with the t−1/ 3 power-law for the kinetics of depletion 
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of supersaturation within the α-Fe matrix. The alloys in their studies are model binary Fe–Cu 

and ternary Fe–Cu–Ni carbon-free alloys and were aged between 600 and 750 °C, and therefore 

their alloys should reach a stationary state coarsening more rapidly than our more complex alloy. 

6.4.4 Composition of the Cu-rich precipitates and partitioning 

 We measure, after nucleation, an Fe content ranging between 27.8 ± 3.1 and 24.2 ± 1.4 

at. % when the Cu-rich precipitates are smaller than 2 nm in radius (Fig. 6.6(a)), which 

corresponds to the bcc structure (Lahiri, et al., 1969; Pizzini, et al., 1990; Othen, et al., 1994). 

This is consistent with earlier observations in NUCu-140-1, where the Fe content of the 

precipitates was measured to be ca. 25 at. % near peak hardness (Vaynman, et al., Submitted 

2007). It is also consistent, but slightly less than, our observations in NUCu-170 where we 

measure an Fe content ranging between 39.9 ± 4.2 and 27.6 ± 2.1 at. %. We discuss the 

differences that occur between APT and SANS measurements of Fe content in precipitates < 2 

nm in radius, in reference (Kolli & Seidman, Submitted 2007b). 

We also measure, after nucleation, a Cu content ranging between 50.5 ± 3.5 and 56.6 ± 1.6 at. 

% when the precipitates are < 2 nm in radius. This is slightly greater than the concentrations 

observed in NUCu-170 where the precipitates contain between 44.6 ± 3.1 and 53.5 ± 2.3 at. % 

Cu (Kolli & Seidman, Submitted 2007b). Our observations are in general agreement with the 

Langer-Schwartz simulations of Nagano and Enomoto for a Fe–1.5 at. % Cu and Fe–3.0 at. % 

Cu binary alloys (Nagano & Enomoto, 2006), which show an increasing Cu concentration at the 

center of a nucleus with decreasing bulk Cu content. The bulk Cu concentration of NUCu-140-1 

is 1.17 at. %, while NUCu-170 contains 1.82 at. %. The precipitates also contain quantities of Ni, 

Al, Mn, and Si, which is similar to NUCu-170 (Kolli & Seidman, Submitted 2007b), earlier 
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atom-probe measurements in model ternary (Worrall, et al., 1987; Pareige, et al., 1996) and 

multicomponent  Fe–Cu based alloys (Isheim, et al., 2006b), recent phase field simulations of 

model quaternary Fe–Cu–Ni–Mn alloys (Koyama & Onodera, 2005; Koyama, et al., 2006), and 

Langer-Schwartz simulations of model Fe–Cu–Ni and Fe–Cu–Mn alloys (Zhang & Enomoto, 

2006). 

6.4.5 Ni–Al–Mn segregation 

 The observed segregation of Ni, Al, and Mn to the heterophase interfaces in NUCu-140-1 

is comparable to NUCu-170. We discuss elsewhere in detail the formation of the Ni–Al–Mn 

phase adjacent to the Cu-rich precipitates in reference (Kolli & Seidman, Submitted 2007b).  In 

NUCu-170 the stoichiometric ratio for Ni:Al:Mn was observed to evolve temporally, reaching a 

ratio of 0.51:0.41:0.08 at 1024 h. This ratio is suggestive of a NiAl-type B2 phase. We have 

recently performed synchrotron radiation studies at the Advanced Photon Source (APS), 

Argonne, Illinois, that demonstrate that this shell does indeed have the B2 structure (Kolli & 

Seidman, Submitted 2007a). Comparable to NUCu-170 the Ni:Al:Mn stoichiometric ratio 

evolves temporally in NUC-140-1 (Table 6.5). The values are similar, but not exactly the same, 

as NUCu-170. The observed variations are attributed to differences in solute concentrations of 

the two steels, which affect the formation kinetics of the Ni–Al–Mn phase. 

Table 6.5 Temporal evolution of Ni:Al:Mn stoichiometric ratio within the heterophase interfaces 
as a function of aging time. 
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6.4.6 Equilibrium compositions and phase diagram 

 Table 6.4 compares the equilibrium compositions of the Cu-rich precipitate cores, 

heterophase interfaces, and α-Fe matrix derived by three methodologies: (a) extrapolated from 

APT data as a function of (aging time)-1/3; (b) as measured from specimens aged for 1024 h; and 

(c) as calculated from Thermo-Calc utilizing the Scientific Group Thermodata Europe (SGTE) 

solutions database (Thermo-Calc, ver. n). The values determined by Thermo-Calc, for NUCu-

140-1, are similar, but not exactly the same, as NUCu-170 in reference (Kolli & Seidman, 

Submitted 2007b), due to differences in alloying concentrations. Similar to NUCu-170, however, 

reasonable agreement exists for the first two methodologies but significant differences exist, 

especially for the Cu-rich precipitates, with the Thermo-Calc calculations. Greater variations are 

seen in NUC-140-1 for the precipitate concentrations of Cu, Ni, and Al, determined by 

methodologies (a) and (b), than in NUCu-170. Thermo-Calc predicts the existence of both bcc 

and fcc precipitates, with different compositions, for aging at 500 °C. We do not find APT 

evidence for precipitates with such disparate compositions at the longest aging time we studied, 

1024 h, nor do we find, employing conventional X-ray diffraction (XRD), evidence for bcc and 

fcc precipitates, we observe only the latter. Additionally, the coexistence of both structures at 

long aging times is not consistent with earlier TEM investigations of Fe–Cu based alloys 

(Hornbogen & Glenn, 1960; Speich & Oriani, 1965; Othen, et al., 1991; Othen, et al., 1994). 
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 The equilibrium concentrations of Cu, Ni, Si, and Mn within the matrix are similar 

for all three methodologies. The Thermo-Calc prediction for Fe is 95.1 at. %, whereas we 

measure a value of 95.5 ± 0.008 at. % at 1024 h and obtain by extrapolation a value of 95.4 ± 

0.01 at. %. For Al, the APT results yield a value of ca. 0.9 ± 0.003 at. %, whereas the value 

determined using Thermo-Calc is 1.2 at. %. The measured Cu concentration in the matrix is 0.1 

± 0.001 at. % at 1024 h, which is the same as determined by extrapolation of our APT data and 

Thermo-Calc, indicating that at 1024 h the Cu matrix concentration is near its equilibrium value. 

A similar situation exists for Ni, Si, and Mn, where all three methodologies yield approximately 

the same values for their equilibrium concentrations within the matrix. 

 We present in Fig. 6.14 the phase diagram calculated utilizing Thermo-Calc with the 

Scientific Group Thermodata Europe (SGTE) solutions database (Thermo-Calc, ver. n). The 

solid gray ovals in the region denoted “D” delineates the studied steels, NUCu-140-1 (1.17 at. % 

or 1.34 wt. % Cu) and NUCu-170 (1.82 at. % or 2.09 wt. % Cu). The phase diagram is more 

complex than that reported in reference (Gagliano & Fine, 2001) for a similar steel containing 

1.37 wt. % Cu but significantly less Ni (0.82 wt. %) and Al (0.034 wt. %), denoted NUCu-100. 

The temperature, at which the transformation from austenite to ferrite begins, A3, and the 

temperature at which the transformation is complete, A1, are indicated. The region denoted “A” 

reveals the possible presence of γ-Fe at temperatures below the A1 line for more dilute 

concentrations of Cu. The region to the right of the dashed tie line denoted “B” does not exhibit a 

γ-Fe phase. The region represented by the letter “C” is slightly larger in size for NUCu-140-1, 

whereas the region denoted “D’ is smaller. These two regions, as shown, are for NUCu-170. The 

presence of a NiAl-type (B2 structure) phase is present in the region denoted “E”. The two steels 
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in our study, however, are aged at 500 °C, while Thermo-Calc indicates that aging must occur 

at less than ca. 480 °C to obtain the NiAl (B2) phase. While the limitations of the existing 

Thermo-Calc database do not give results in exact agreement with our experimental values, it is 

important that a NiAl (B2) phase is predicted at a temperature near 500 °C, indicating that the 

existence of a B2-type phase is thermodynamically possible. The observation of a Ni–Al–Mn 

phase adjacent to the Cu-rich precipitates indicates, however, that the driving force for 

homogeneous nucleation within the α-Fe matrix is insufficient, for the given composition and 

thermal treatment. Furthermore, the presence of a Ni–Al–Mn phase at the heterophase interfaces 

is consistent with Cahn’s local phase rule for heterophase interfaces (Cahn, 1982), which 

predicts that one phase at this heterophase interface is permitted thermodynamically. 
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Figure 6.14 Phase diagram as calculated utilizing Thermo-Calc with the Scientific Group 
Thermodata Europe (SGTE) solutions database [44]. The solid-gray ovals in the region denoted 
“D” delineates the studied steels, NUCu-140-1 (1.17 at. % or 1.34 wt. %) and NUCu-170 (1.82 
at. % or 2.09 wt. %). 

 The concentrated multicomponent Fe–Cu steel in this investigation does not obey strictly 

the UO model asymptotic temporal power laws. The differences between the experimentally 

determined results and the UO model predictions are due to violations of the assumptions of the 

model. The experimental evidence shows that the morphology of the precipitates become rodlike 

at longer aging times and are affected by elastic strain energy, the compositions of the Cu-rich 

precipitates evolve temporally, a Ni–Al–Mn phase forms at the heterophase interfacial region, 
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the precipitates change phase, and the system has not yet achieved a stationary state at 1024 

h. Furthermore, variations in the nucleation, growth, and coarsening kinetics, exist between 

NUCu-140-1 and NUCu-170, which are attributed to differences in alloying element 

concentrations, which affect the kinetics of precipitation. 

Conclusions 

 The nucleation, growth, and coarsening behavior of Cu-rich precipitates in a concentrated 

multicomponent Fe–Cu based steel containing 1.17 at. % Cu (Table 3.1) was studied 

experimentally. The steel denoted NUCu-140-1 (140 designates the yield strength in ksi and 1 

the heat number), is aged at 500 °C for times between 0.25 and 1024 h. This investigation 

resulted in the following findings: 

1. After nucleation, when the Cu-rich precipitates are less than 2 nm in radius the Cu 

concentration ranges between 50.5 ± 3.5 and 56.6 ± 1.6 at. % Cu and the Fe concentration 

between 27.8 ± 3.1 and 24.2 ± 1.4 at. % with smaller quantities of Ni, Al, Mn, and Si. 

2. Copper partitions to the precipitate core, whereas Ni, Al, and Mn partition to the heterophase 

interfaces, and Fe and Si partition to the α-Fe matrix during aging to 1024 h. The temporal 

evolution of the Ni, Al, and Mn concentrations within the precipitate core and heterophase 

interfaces are nonmonotonic. 

3. Prior to 1 h of aging we observe nucleation with critical nuclei of approximately 0.4 to 0.5 nm 

in radius forming by 0.25 h at a number density, NV t( ), approximately equal to 2.5  m×1023 -3. 

Furthermore, the results of the experimental RDF suggest strongly that the onset of phase 

decomposition may occur as early as after solutionizing and quenching to room temperature. 
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4. The spherical volume equivalent mean radius, R t( ) , increases from 1.1 ± 0.05 nm at 1 h 

to 8.6 ± 1.0 at 1024 h. The temporal dependencies are  between 1 and 4 h,  between 4 

and 64 h, and  between 64 and 1024 h; the latter agreeing with the Umantsev–Olson 

(UO) coarsening model predicted value of 1/3 between only 64 and 1024 h. 

t 0.5 t 0.28±0.02

t 0.33±0.07

5. The temporal dependency for R t( )  of 0.5 between 1 and 4 h with constant NV t( ), of 

 m1.2 ± 0.2( )×1023 -3 at 1 h and 1.0 ± 0.3( )×1023 m-3 at 4 h, suggests the occurrence of diffusion-

controlled growth in this time range. 

6. The quantity  decreases to NV t( ) 1.9 ± 0.7( )×1022 m-3 at 1024 h. The temporal dependencies 

are  from 4 to 64 h and t−0.45±0.07 t−0.73±0.13 from 64 to 1024 h. The coarsening power-law exponents 

do not satisfy the coarsening model predicted value of -1, indicating a slower rate of coarsening 

and lack of achievement of a stationary state. 

7. The greater alloying concentrations of NUCu-140-1 and NUCu-170 result in larger values of 

 when compared to values reported in the literature for model binary and quaternary Fe–Cu 

alloys. 

NV t( )

8. The coarsening power-law time exponents for matrix supersaturations, Δ , are -035 ± 

0.17 for Cu, -0.21 ± 0.19 for Fe, -0.1 ± 0.15 for Ni, -0.02 ± 0.02 for Al, -0.11 ± 0.11 for Mn, and 

-0.21 ± 0.04 for Si, which do not satisfy the coarsening model prediction of -1/3. The temporal 

exponents for the Cu-rich precipitate core supersaturations, 

Ci
mat. t( )

ΔCi
ppt. t( ), are -0.32 ± 0.1 for Cu, -

0.61 ± 0.1 for Fe, and -0.32 ± 0.09 for Si. The temporal dependencies for Cu and Si are in 

approximate agreement with the UO model prediction. The temporal exponents for the 

heterophase interface supersaturations, ΔCi
int . t( ), are -0.17 ± 0.03 for Ni, -0.30 ± 0.04 for Al, and 
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-0.26 ± 0.07 for Mn, which do not agree with the coarsening model predicted value. These 

disagreements are most likely due to violations of the coarsening model assumptions. 

9. The extrapolated equilibrium concentrations of the precipitate phase, as determined by APT, 

do not match those predicted by Thermo-Calc, which is a thermodynamic-based model that does 

not include the kinetic pathways for achieving equilibrium. Reasonable agreement exists for the 

composition of the α-Fe matrix phase. We present a Thermo-Calc determined phase diagram in 

Fig. 6.14. 

10. From the above conclusions it is clear that it is difficult to describe the temporal coarsening 

behavior of a concentrated multicomponent alloy using classical coarsening models. An  

alternative approach is to utilize PrecipiCalc (Jou, et al., 2004), which is a more general 

approach to the problem of phase decomposition that includes kinetics. There are not yet, 

however, adequate thermodynamic and mobility databases that would allow its use for the Fe–Cu 

based steel we are reporting on in this article. 
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Chapter 7 Coarsening kinetics of a concentrated multicomponent Fe–Cu based steel 

7.1 Introduction 

 Copper precipitation strengthened steels are of considerable commercial importance due 

to their high strength, good impact toughness, excellent weldability without preheat or postheat, 

and corrosion resistance (Montemarano, et al., 1986; Czyrycka, et al., 1990; Dhua, et al., 2001a; 

Vaynman, et al., Submitted 2007). This desirable combination of properties is derived from Cu 

precipitates, formed after solutionizing and thermal aging, found within these steels. The phase 

decomposition of binary, ternary, and quaternary Fe–Cu based carbon-free alloys or low-carbon 

steels has been studied utilizing Mössbauer studies (Lahiri, et al., 1969), field-ion microscopy 

(FIM) (Youle & Ralph, 1972; Goodman, et al., 1973a), atom-probe field-ion microscopy 

(APFIM) (Goodman, et al., 1973b; Worrall, et al., 1987; Pareige, et al., 1996; Maruyama, et al., 

1999), atom-probe tomography (APT) (Miller, et al., 1998), conventional and high-resolution 

electron microscopies (CTEM and HREM) (Hornbogen & Glenn, 1960; Speich & Oriani, 1965; 

Watanabe, 1975; Othen, et al., 1991; Othen, et al., 1994; Charleux, et al., 1996; Maruyama, et 

al., 1999; Monzen, et al., 2000; Deschamps, et al., 2001), small-angle neutron scattering (SANS) 

(Kampmann & Wagner, 1986; Osamura, et al., 1993; Osamura, et al., 1994a; Osamura, et al., 

1994b), extended X-ray absorption fine structure (EXAFS) (Pizzini, et al., 1990), X-ray 

absorption spectroscopy (XAS) (Maury, et al., 1994), small-angle X-ray scattering (SAXS) 

(Charleux, et al., 1996; Deschamps, et al., 2001), and computer simulations (Soisson, et al., 

1996; Blackstock & Ackland, 2001; Zhang, et al., 2004; Koyama & Onodera, 2005; Liu, et al., 

2005; Koyama, et al., 2006; Nagano & Enomoto, 2006; Zhang & Enomoto, 2006). Fewer studies 
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exist on multicomponent steels with increasing alloying content and microstructural 

complexity. The recent studies of (Vaynman, et al., Submitted 2007) and (Isheim & Seidman, 

2004; Isheim, et al., 2006a; Isheim, et al., 2006b) characterized the Cu-rich precipitates found 

within multicomponent Fe–Cu based steels at near-peak hardness and in the slightly overaged 

condition. 

 We have recently reported on the phase decomposition of similar concentrated 

multicomponent Fe–Cu based steels containing 1.82 at. % Cu, denoted NUCu-170 (170 

designates the yield strength in ksi) (Kolli & Seidman, Submitted 2007b), and 1.17 at. % Cu, 

denoted NUCu-140-1 (140 is the yield strength and 1 designates the experimental heat number) 

(Kolli, et al., To be submitted 2007a). We described in detail the temporal evolution of the 

morphology and composition of the Cu-rich precipitates from the as-quenched condition to 1024 

h, when aged at 500 °C. The results were compared to the Lifshitz–Slyzov–Wagner (LSW) 

model (Lifshitz & Slyzov, 1961; Wagner, 1961) for coarsening, modified for concentrated 

multicomponent alloys by Umantsev and Olson (UO) (Umantsev & Olson, 1993) and shown not 

to satisfy strictly the temporal dependencies for mean radius, R t( ) ; number density, NV t( ); and 

matrix (mat.), precipitate (ppt.), and interface (int.) supersaturations, ΔCi
j t( ), of an element i in 

phase j (j = mat., ppt., and int.). The temporal dependency for R t( )  agrees with the 1/3 model 

prediction only at aging times greater than 64 hours, whereas the exponent for  is less than 

the -1 model prediction, even to 1024 h. The differences between the experimentally determined 

results and the UO model predictions are due to violations of the assumptions of the model, 

which affect the growth and coarsening behavior of the precipitates. The morphology of the 

precipitates become rodlike at longer aging times and are affected by elastic strain energy, the 

NV t( )
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composition of the Cu-rich precipitates evolve temporally, a Ni0.5(Al0.5-xMnx) phase forms at 

the heterophase interfacial region, the precipitates are known to change phase, and the system 

has not achieved a stationary-state. Earlier investigations on the growth and coarsening of binary 

Fe–Cu carbon-free alloys at aging temperatures between 600 and 830 °C, which is greater than 

the 500 °C we employed, reported good agreement with the  power-law for t1/ 3 R t( )  (Speich & 

Oriani, 1965; Monzen, et al., 2003; Monzen, et al., 2004). 

 The focus of this investigation is the coarsening of the Cu-rich precipitates in a 

concentrated multicomponent Fe–Cu based steel containing 1.12 at. % Cu. This steel is being 

studied as part of a program to develop an explosion-resistant steel for the US Navy (Vaynman, 

et al., 2004b; Vaynman, et al., 2006; Vaynman, et al., Submitted 2007). This steel, denoted 

NUCu-140-3, has the same nominal composition as the NUCu-140-1 steel in reference (Kolli, et 

al., To be submitted 2007a) but is aged at 550 °C rather than 500 °C. The steels, when aged at 

550 °C, attain better Charpy V-notch (CVN) absorbed impact energy compared to aging at 500 

°C; aging at 500 °C, however, results in higher yield strengths (Vaynman, et al., Submitted 2007). 

In this study we present results on the temporal evolution of the morphology and composition of 

the Cu-rich precipitates from 0.25 to 4 h, when aged at 550 °C and also for the same times at 550 

°C + 2 h at 200 °C (double aging treatement), utilizing atom-probe tomography (APT). The 

power-law time exponents are experimentally determined for R t( )  and . The results are 

discussed in context of the UO model and compared to the results of the NUCu-170 (Kolli & 

Seidman, Submitted 2007b) and the NUCu-140-1 (Kolli, et al., To be submitted 2007a) steels. 

NV t( )
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7.2 Experimental Methods 

7.2.1 Material details 

 A 45.5-kg (100-lb) steel heat was vacuum induction melted and cast at ArcelorMittal 

Steel USA Research Center, East Chicago, Indiana. The heat was reheated to approximately 

1150 °C and hot-rolled in multiple passes to a thickness of 12.5 mm and air-cooled to room 

temperature. The final hot-rolling temperature was 900 °C. The bulk composition of the steel 

(NUCu-140-3), determined by spectrographic analysis at ArcelorMittal Steel USA Research 

Center, is presented in Table 3.1. The plates were trimmed and cut into rods 12.5 mm x 12.5 mm 

x 250 mm and solutionized at 900 °C for 1 h and then quenched into water at 25 °C. Material 

(12.5 mm x 12.5 mm x 25 mm blocks) for hardness testing and APT were aged at 550 °C for 

0.25, 1, or 4 h and subsequently quenched into water at 25 °C. A second group of specimens 

were further aged for 2 h at 200 °C and subsequently quenched into water at 25 °C (double aging 

treatment). 

7.2.2 Vickers microhardness 

 Sections were cold mounted in acrylic and polished utilizing standard metallographic 

procedures to a final surface finish of 1 μm for hardness testing. Hardness testing was performed 

in accordance with ASTM standards (ASTM E 384 – 99) using a Buehler Micromet II 

microhardness tester with a Vickers microhardness indenter, a load of 500 grams, and a testing 

time of 15 seconds. The reported microhardness values are derived from 10 measurements on 

each specimen. 

7.2.3 Atom-probe tomography 

 The steel blocks were further reduced to 0.3 mm × 12.5 mm × 25 mm coupons, which 

were cut from the center utilizing an abrasive saw. The APT tip blanks (0.3 mm × 0.3 mm × 25 
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mm) were mechanically cut from the coupons and electropolished using standard techniques 

(Tsong, 1990; Miller, 2000a). Initial polishing was performed with a solution of 10 vol. % 

perchloric acid in acetic acid at 15 – 10 Vdc at room temperature. This was followed by a 

manually controlled pulsed final-polishing step using a solution of 2 vol. % perchloric acid in 

butoxyethanol at 10 – 5 Vdc at room temperature, producing a tip with a radius <50 nm. Local-

electrode atom-probe (LEAP™) tomography (Kelly, et al., 2004; Seidman, 2007) was performed 

at a specimen temperature of 50 K under ultrahigh vacuum (UHV) conditions of ca. 1×10−8 Pa 

(ca.  torr). The pulse repetition rate was 27.5 ×10−11 ×105 Hz and the pulse-voltage-to-standing-

dc voltage ratio (pulse fraction) was 15 – 20%. 

 Visualization and reconstruction of the atom-probe data is performed using the Imago 

Visualization and Analysis Software (IVAS®) package. The precipitates are identified utilizing 

an isoconcentration surface methodology (Hellman, et al., 2003) with the threshold concentration 

set at 10 at. % Cu, which gives morphologically and compositionally stable results. The 

parameters chosen in obtaining noise-free isoconcentration surfaces are a voxel size of 1 nm, a 

delocalization distance of 4 nm, a sample count threshold of 5%, and a polygon filter level of 10 

– 20. 

 Concentration profiles with respect to distance from the reference isoconcentration 

surfaces are obtained utilizing the proximity histogram (proxigram for short) with a bin width of 

0.25 nm (Hellman, et al., 2000). The ± 2σ errors for the reported concentrations are given by 

counting statistics, 

σ =
ci 1− ci(

NTOT

) ;           ( 7.1 ) 
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where ci is the atomic fraction of an element i in a bin and NTOT is the total number of ions in 

a bin. 

 The spherical volume equivalent radius, R, of a precipitate (Kolli & Seidman, 2007) is 

given by, 

R =
3

4π
Natoms

ρthη

⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ ;          ( 7.2 ) 

where Natoms is the number of atoms detected within a delineated precipitate, ρth , is the 

theoretical atomic density, which is equal to 84.3 atoms nm-3 for this steel, and η is the estimated 

detection efficiency of 0.5 of the multichannel plate detector. The value of Natoms belonging to a 

precipitate is determined from the envelope method (Miller, 2000a; Miller & Kenik, 2004), 

based on a maximum separation distance, dmax, of 0.5 – 0.6 nm, a minimum number of solute 

atoms, Nmin, of 10 – 100 Cu atoms (depending on the aging time), and a grid spacing of 0.2 nm. 

The details regarding selection of values for the parameters utilized in the envelope method for 

this steel are found in reference (Kolli & Seidman, 2007). 

7.3 Results 

7.3.1 Temporal evolution of the morphology 

 Figure 7.1 displays the Vickers microhardness (VHN) as function of aging time. This 

figure demonstrates that an increase in hardness is attainable when NUCu-140-3 is aged at 550 

°C. The added 2 h at 200 °C aging treatment yields an additional small increase in hardness at the 

aging times studied. Both aging treatments attain peak hardness at 0.25 h. The steels are 

overaged at 1 h and reach a hardness of 230.2 ± 4.7 VHN when aged 4 h at 550 °C and 251.1 ± 

3.9 VHN for the double-aged specimens. When compared to NUCu-170 and NUCu-140-1, 

which are aged at 500 °C, NUCu-140-3 attains peak hardness at an earlier aging time with  
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Figure 7.1 Vickers microhardness (VHN) as a function of aging time when the NUCu-140-3 
steel is aged at 550 °C (open diamonds) and 550 °C + 2 h at 200 °C (open diamonds with solid 
circles); and when NUCu-140-1 (solid triangles) and NUCu-170 (solid circles) steel are aged at 
500 °C. 
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Figure 7.2 Copper-rich precipitates as delineated by 10 at. % Cu isoconcentration surfaces, when 
the steel is aged at 550 °C for: (a) 0.25 h; (b) 1 h; (c) 4 h; and at 550 °C + 2 h at 200 °C (d) 0.25 h; 
(e) 1 h; and (f) 4 h. Each reconstruction, 10 ×10 × 30  nm3 (3000 nm3), is a subset of an analyzed 
volume and contains approximately 130,000 atoms. 
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significantly smaller values. The change in hardness is also less than for NUCu-140-1 and 

NUCu-170. Furthermore, unlike NUCu-170 and NUCu-140-1, we do not observe a hardness 

plateau, which is most likely a result of faster kinetics at the higher aging temperature. 

Evolution of the Cu-rich precipitate morphology is seen qualitatively in Figs. 7.2(a) through 

7.2(f), which depict subsets of an analyzed volume, 10 ×10 × 30 nm3 (3000 nm3) containing 

approximately 130,000 atoms, for each aging time studied. The morphologies when aged at 

550°C are displayed in Figs. 7.2(a) through 7.2(c) and when aged at 550 °C + 2 h at 200 °C in 

Figs. 7.2(d) through 7.2(f). These figures illustrate that the precipitates grow and coarsen with 

increasing aging time. The precipitates, which are delineated with 10 at. % Cu isonconcentration 

surfaces, possess a spheroidal morphology 

 

Figure 7.3 Three-dimensional atom-probe tomographic reconstructions of representative 
precipitates when the steel is aged at 550 °C for: (a) 0.25 h; (b) 1 h; and (c) 4 h. The Cu, Ni, Al, 
and Mn atoms are shown as spheres (not to scale) allowing visualization of the precipitates and 
heterophase interfaces. 
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Figure 7.4 Three-dimensional atom-probe tomographic reconstructions of representative 
precipitates when the steel is aged at 550 °C for: (a) 0.25 h; (b) 1 h; and (c) 4 h aged conditions 
and subsequently aged for 2 h at 200 °C. The Cu, Ni, Al, and Mn atoms are shown as spheres 
(not to scale) allowing visualization of the precipitates and heterophase interfaces. 

  

 Representative Cu-rich precipitates are presented in Figs. 7.3(a) through 7.3(c) when 

aged at 550 °C and in Figs. 7.4(a) through 7.4(c) when aged at 550 °C + 2 h at 200 °C. The Cu 

atoms are orange, the Ni atoms are green, the Al atoms are teal, the Mn atoms are mustard, the 

Fe atoms are blue, and the Si atoms are gray, within the figures. The distribution of Ni, Al, and 

Mn atoms adjacent to the Cu atoms, at the precipitate/matrix heterophase interface, is illustrated 

for each aging time and thermal treatment. The segregation is more pronounced at certain 

locations around the precipitates. Other precipitates at the studied aging states exhibit similar 

segregation and this observation is consistent with previously reported results in similar 

concentrated multicomponent steels (Isheim & Seidman, 2004; Isheim, et al., 2006a; Isheim, et 

al., 2006b) and in NUCu-170 (Kolli & Seidman, Submitted 2007b) and NUCu-140-1 (Kolli, et 

al., To be submitted 2007a), where we discuss the observed segregation in detail. 
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7.3.1.1 Coarsening 

  We first present results for when the steel is aged at 550 °C. At 0.25 h, the Cu-rich 

precipitates have formed within the matrix (Fig. 7.2(a)) with R t( ) =1.2 ± 0.1 nm (Fig. 7.5(a)), 

where error is given by standard error of the mean. At 0.25 h, NV t( )= 1.1± 0.2( )×1024  m-3 (Fig. 

7.5(b)) and the volume fraction, φ, is equal to 0.5 ± 0.01%, where error is based on counting 

statistics for both quantities. The quantity NV t( ) is a maximum at 0.25 h and subsequently 

decreases indicating the onset of coarsening. At 1 h, R t( )  increases to 2.6 ± 0.2 nm, NV t( ) 

decreases to  m3.5 ± 0.9( )×1023 -3, and φ is equal to 1.5 ± 0.01%. Further aging to 4 h yields 

R t( ) = 3.9 ± 0.7 nm with NV t( )= 1.1± 0.5( )×1023 m-3, and φ equal to 1.8 ± 0.01%. The 

temporal dependency for R t( )  is t 0.38±0.08 , and for NV t( ) is t−0.82±0.01 from 0.25 to 4 h. 

  When the steel is subjected to the double aging treatment we measure slight variations in 

R t( )  and . At 0.25 h, NV t( ) R t( ) =1.4 ± 0.1 nm, NV t( )= 1.9 ± 0.5( )×1024  nm-3, and φ equal to 

1.1 ± 0.02%. The quantity  is a maximum at 0.25 h and subsequently decreases indicating 

the onset of coarsening. At 1 h, 

NV t( )

R t( )  increases to 2.2 ± 0.1 nm,  decreases to 

 m

NV t( )

5.3± 0.7( )×1023 -3, and φ is equal to 1.3 ± 0.01%. Further aging to 4 h yields R t( ) = 3.4 ± 0.3 

nm with  mNV t( )= 1.4 ± 0.4( )×1023 -3, and φ equal to 1.5 ± 0.01%. The quantity R t( )  is greater 

at 0.25 h but smaller at 1 and 4 h, compared to when the steel is aged only at 550 °C; whereas the 

quantity  is greater at 0.25 and 1 h but is the same at 4 h, within experimental uncertainity, 

see below. The temporal dependency for 

NV t( )

R t( )  is t 0.32±0.01, and for NV t( ) is  from 0.25 t−0.93±0.01
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to 4 h, which are similar, but not exactly the same, as the values when the steel is aged only 

at 550 °C, which we discuss in detail below. 

 

Figure 7.5 The (a) mean precipitate radius, R t( ) ; and (b) number density, , as a function 
of aging time for NUCu-140-3 when aged at 550 

NV t( )
°C (open diamonds), at 550 °C + 2 h at 200 °C 

(open diamonds with solid circles), and NUCu-140-1 (solid triangles) and NUCu-170 (solid 
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circles), when aged at 500 °C. The values at 0.25 h for NUCu-140-1 are based upon 4 at. % 
Cu isoconcentration surfaces (open triangles) or the envelope method (gray triangles). The data 
of Osamura et al. for  is shown (open diamonds with plus symbols) in (b). NV t( )

 
Figure 7.6 Proxigram concentration profiles (at. %) for Cu, Fe, Ni, Al, Si, and Mn, when the 
steel is aged at 550 °C, for (a) 0.25 h; (b) 1 h; and (c) 4 h. The dotted vertical lines indicate the 
matrix/precipitate heterophase interface. 
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Figure 7.7 Proxigram concentration profiles (at. %) for Cu, Fe, Ni, Al, Si, and Mn, when the 
steel is aged at 550 °C, for (a) 0.25 h; (b) 1 h; and (c) 4 h; and subsequently aged at 200 °C for 2 
h. The dotted vertical lines indicate the matrix/precipitate heterophase interface. 

 
7.3.2 Temporal evolution of composition 

 The temporal evolution of the concentration profiles is presented in Figs. 7.6(a) through 

7.6(c) and 7.7(a) through 7.7(c). The figures represent the temporal evolution of the Cu, Fe, Ni, 

Al, Mn, and Si profiles from 0.25 to 4 h. These figures demonstrate clearly that the composition 

of the precipitates, precipitate/matrix heterophase interfaces, and matrix are evolving temporally. 

The observed segregation of Ni, Al, and Mn is non-monotonic (confined), whereas the observed 
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segregation of Cu, Fe, and Si is monotonic (non-confined). Additional detail regarding the 

equilibrium and supersaturation concentrations is presented in Appendix B. 

 

7.3.2.1 Far-field matrix compositions 

 In this investigation the plateau points (Sudbrack, et al., 2004) within the matrix (far-

field) yield the α-Fe matrix concentrations (Table 7.1), where the plateau region of the 

proxigram is delineated by utilizing the Fe concentration profiles as a fiducial marker. Only data 

points within the flat region of the profile, a minimum of 1.5 nm away from the heterophase 

interface and with ± 2σ < 0.4 at. % are included. The concentration of Cu decreases within the α-

Fe matrix for both thermal treatments. The concentrations of Fe and Si are consistently greater 

than the nominal concentration for the aging times studied at both thermal treatments. Niobium 

is not detected within the α-Fe matrix, with the exception of the 4 h at 550 °C and 1 h at 550 °C + 

2 h at 200 °C aged states; whereas C is detected at a reduced concentration when compared to its 

nominal value. In the NUCu steels, Nb is not normally detected by APT due to the existence of 

NbC carbides at a smaller number density (≤ 1021 m-3) than the Cu-rich precipitates (Gagliano & 

Fine, 2001; Gagliano & Fine, 2004; Vaynman, et al., Submitted 2007). Similarly, C is detected at 

lower concentrations within the matrix due to the presence of Fe3C  and NbC carbides (Isheim, et 

al., 2006b), and segregation at grain boundaries (Isheim, et al., 2006b). In the 4 h at 550 °C and 1 

h at 550 °C + 2 h at 200 °C aged state the presence of NbC carbides at the boundary of an 

analyzed volume gives the measured Nb concentrations. 

Table 7.1 Composition in at. % of the α-Fe matrix as determined by atom-probe tomography. 
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7.3.2.2 Composition of the Cu-rich precipitates 

 We first present results for when the steel is aged at 550 °C. At 0.25 h of aging the 

precipitate cores are Cu-rich (48.5 ± 2.0 at. %) but also contain significant quantities of Fe, Ni, 

and Al, and smaller quantities of Si and Mn (Table 7.2). The Cu concentration increases as a 

result of further aging reaching a value of 72.0 ± 1.4 at. % at 4 h. The Fe concentration decreases 

concomitantly from 38.8 ± 2.0 at. % at 0.25 h to 9.9 ± 1.6 at. % at 4 h. The concentration of Ni 

and Mn increase, whereas that of Al is constant within experimental uncertainity. At the aging 

times studied the Ni, Al, and Mn concentrations are equal to or greater than the nominal 

concentrations. The Si concentration is approximately constant but is less than the nominal 

concentration at the aging times studied. Carbon and Nb are not found within the precipitate 

cores, within the prescribed experimental uncertainty. 

Table 7.2 Composition in at. % of the Cu-rich precipitate cores as determined by atom-probe 
tomography. 
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 When the steel is subjected to the double aging treatment we measure similar, but not 

exactly the same, concentrations within the precipitate cores (Table 7.2). The concentration of 

Cu and Mn increase, whereas Fe decreases following similar trends as when the steel is aged 

only for 550 °C. The concentration of Si, however, demonstrates a continuous decrease. The 

concentrations of Ni and Al demonstrate a more complicated behavior. Both elements, however, 

are consistently found enhanced within the cores at the aging times studied. Carbon and Nb are 

not found within the precipitate cores, within the prescribed experimental uncertainty. 

 For both thermal treatments the concentrations of Ni, Al, and Mn are affected by the 

bcc Cu → 9R Cu → 3R Cu → fcc ε − Cu phase changes (Hornbogen & Glenn, 1960; Othen, et 

al., 1991; Phythian, et al., 1992; Othen, et al., 1994) and the formation of a Ni–Al–Mn phase at 

the heterophase interfaces, and has been discussed in detail in references (Kolli & Seidman, 

Submitted 2007a; Kolli & Seidman, Submitted 2007b). 

7.3.2.3 Composition of precipitate/matrix heterophase interfaces 

 The composition of the precipitate/matrix heterophase interfaces is also illustrated in 

Figs. 7.6(a) through 7.6(c) and 7.7(a) through 7.7(c). The heterophase interfacial region, at as 

early as 0.25 h of aging for both thermal treatments, is enriched in Cu, Ni, Al, and Mn but is 

depleted in Fe (Table 7.3). We first present results for when the steel is aged at 550 °C. The Ni 

peak concentration within the interfacial region (6.1 ± 0.5 at. %) is located at a distance of 0.375 

nm close to the Mn peak concentration (0.7 ± 0.2 at. %), which is found at a distance of 0.625 

nm. The Al peak concentration (7.0 ± 1.3 at. %) is found toward the center of the precipitate at 

1.125 nm. At 1 h, the Ni (8.9 ± 0.5 at. %) peak concentration is found at 0.875 nm, the Mn (1.1 ± 
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0.2 at. %) peak is located at a distance of 1.125 nm, while the Al peak concentration (7.1 ± 

0.8 at. %) is at a distance of 1.875 nm. Nickel, Al, and Mn enhancements are also found at the 

center of the precipitates but with greater experimental uncertainity. At 4 h, a distinct 

enhancement of Ni (13.4 ± 1.1 at. %) and Al (10.7 ± 1.0 at. %) are found collocated at a distance 

of 1.125 nm. Manganese demonstrates enhancement from the interfacial region to the precipitate 

core, between 0.875 and 3.125 nm. Two Mn peaks are observed, 3.4 ± 0.6 at. % at 1.375 nm, 

near the Ni and Al peaks, and 3.5 ± 1.0 at. % at 2.375 nm, toward the center of the precipitate. 

Silicon is also found within the heterophase interfacial region at a concentration of 

approximately 0.8 – 1.1 at. %. Niobium is not detected, with the exception of the 4 h at 550 °C 

state, whereas C is detected at a reduced concentration when compared to its nominal value. 

Table 7.3 Composition in at. % of the precipitate/matrix heterophase interfaces as determined by 
atom-probe tomography. 

 
 
 When the steel is subjected to the double aging treatment we observe qualitatively similar 

results. At 0.25 h, a Ni peak of 6.5 ± 0.8 at. % is located at a distance of 0.375 nm. A second 

enhancement is observed at 1.625 nm but with significantly greater experimental uncertainity. 

The Mn peak (1.0 ± 0.4 at. %) is located close to the Ni peak at a distance of 0.625 nm, whereas 

the Al peak (7.0 ± 1.7 at. %) is found toward the center at 1.375 nm. At 1 h, the Ni (9.4 ± 0.4 at. 

%) peak concentration is collocated with the Mn (1.1 ± 0.1 at. %) peak at a distance of 0.875 nm, 
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while the Al peak concentration (10.5 ± 1.1 at. %) is at a distance of 1.875 nm. Nickel and Al 

enhancements are also found at the center of the precipitates but with greater experimental 

uncertainties. At 4 h, a distinct enhancement of Ni, Al, and Mn is observed at the hterophase 

interfaces, with peak concentrations of 15.3 ± 0.6 at. % for Ni and 13.8 ± 0.6 at. % for Al at a 

distance of 0.875 nm. The Mn peak concentration of 2.2 ± 0.2 at. % is found at a distance of 

0.625 nm. Silicon is also found within the heterophase interfacial region at an approximately 

constant concentration of 1.1 at. %. Niobium is not detected, with the exception of the 1 h at 550 

°C + 2 h at 200 °C state, whereas C is detected at a reduced concentration when compared to its 

nominal value. 

 The evolution of the Ni, Al, and Mn concentrations within the heterophase interfaces is 

related to that within the precipitate cores and is possibly affected by the phase changes of the 

precipitate and has been discussed in detail in references (Kolli & Seidman, Submitted 2007a; 

Kolli & Seidman, Submitted 2007b). 

7.3.2.4 Partitioning ratios 

The temporal evolution of the partitioning ratio (Kolli & Seidman, 2007), 

κ i
ppt. / mat. t( )= Ci

ppt. t( )
Ci

mat., ff t( );        ( 7.3 ) 

is displayed in Fig. 7.8(a) when aged at 550 °C and Fig. 7.8(b) when aged at 550 °C + 2 h at 200 

°C. The standard error for κ i is determined by standard error propagation methods of the 

concentration errors (Meyer, 1975). The figures illustrate clearly that Cu partitions to the 

precipitates, whereas Fe and Si partition to the matrix for both thermal treatments. The Si 

behavior in Fig. 7.8(a) demonstrates slightly slower partitioning kinetics than in Fig. 7.8(b).  
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Figure 7.8 Partitioning ratios, κ i
ppt. / mat. t( ), of the concentrated multicomponent Fe–Cu steel as a 

function of aging time, when aged between 0.25 and 4 h at: (a) 550 °C; and (b) 550 °C + 2 h at 
200 °C. The horizontal dashed lines indicate the division between the precipitate and matrix 
phases. 
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Nickel, Al, and Mn exhibit similar behavior, preferring the Cu-rich precipitate phase from 0.25 

to 4 h. The proximity of Al and Mn, though, to the dashed line separating precipitate and matrix 

phases indicates that all three elements partition to the interfacial region. The partitioning ratio 

for Mn demonstrates very similar behavior in both figures. 

 

7.4 Discussion 

7.4.1 Morphology 

 The difference in hardness between the two thermal treatments is possibly a result of 

further nucleation. The results of Table 7.1 indicate that after 0.25 h of aging at 550 °C the Cu 

concentration within the matrix is not yet at the equilibrium concentration, assuming a value of 

ca. 0.1- 0.2 at. % as determined for NUCu-170 (Kolli & Seidman, Submitted 2007b) and NUCu-

140-1 (Kolli, et al., To be submitted 2007a). Subsequent aging for 2 h at 200 °C reduces the Cu 

concentration further with an increased value of NV t( ) indicating that additional nucleation is 

occurring. The quantity R t( )  is slightly greater, however, which suggests that some growth is 

occurring for the existing precipitates. A smaller difference in NV t( ) is observed between 1 and 

4 h; the values for  are the same within experimental uncertainty. We ascribe this to 

reduced nucleation during the double aging treatment, as longer initial aging at 550 

NV t( )

°C reduces 

the Cu concentration within the matrix. The stationary-state nucleation rate, J st , in classical 

nucleation theory (CNT), is given by (Aaronson & LeGoues, 1992), 

Jst ∝exp −WR
∗

kBT
⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ ;          ( 7.4 ) 
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where W  is the critical net reversible work required for the formation of a critical spherical 

nucleus,  is Boltzmann’s constant, and T is the absolute temperature. The quantity W

R
∗

kB R
∗  is the 

nucleation barrier, which is inversely proportional to the square of the volume free energy 

change, ΔFV , involved in making a nucleus, where F is the Helmholtz free energy. The quantity, 

ΔFV , is dependent on the matrix supersaturation, which if smaller, would reduce J st . 

Furthermore, growth and coarsening of existing precipitates would also reduce the value of 

. NV t( )

 The spheroidal morphology of the precipitates observed for both thermal treatments is 

consistent with that observed in NUCu-170 (Kolli & Seidman, Submitted 2007b) and NUCu-

140-1 (Kolli, et al., To be submitted 2007a) at shorter aging times. 

7.4.2 Coarsening kinetics 

 The coarsening kinetics of NUCu-140-3 are faster than that of NUCu-170 (Kolli & 

Seidman, Submitted 2007b) and NUCu-140-1 (Kolli, et al., To be submitted 2007a). The onset 

of coarsening is observed for NUCu-140-3 at approximately 0.25 h. The double-aging treatment 

for NUCu-140-3 does not change this observation. The onset of coarsening is observed for 

NUCu-140-1, which is aged at 500 °C, at 4 h. The onset of coarsening for NUCu-170 is 1 h, 

which is also aged at 500 °C. In addition, NUCu-170 possesses a greater Cu concentration of 

1.82 at. %.  

 The difference in power-law time exponents for R t( )  is seen in Fig. 7.5(a). For NUCu-

140-3 aged at 550 °C we observe a temporal dependency of t 0.38±0.08 , which is close, but not 

exactly equal to the UO model prediction of -1/3. When this steel is subjected to the double 

aging treatment we observe a temporal dependency of t 0.32±0.01, which is in approximate 
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agreement with the model prediction. We do not observe temporal dependencies for R t( )  

indicating a distinct nucleation regime nor a diffusion controlled growth regime (Zener, 1949; 

Wagner, et al., 2001) as in NUCu-140-1 (Kolli, et al., To be submitted 2007a). We also do not 

observe temporal dependencies for R t( )  indicating a transition regime (Wagner, et al., 2001) as 

in NUCu-170 (Kolli & Seidman, Submitted 2007b). Our results for NUCu-140-3 demonstrate 

that at 550 °C aging the temporal dependencies for R t( )  agree with the UO model as early as 

0.25 h, which is unlike NUCu-170 and NUCu-140-1, where agreement occurs only at times ≥ 64 

h. Additionally, our results for aging at 550 °C more closely concur with the results for binary 

Fe–Cu (Speich & Oriani, 1965; Monzen, et al., 2003) and ternary Fe–Cu–Ni (Monzen, et al., 

2004) carbon-free alloys aged between 600 and 830 °C. 

 The difference in power-law time exponents for NV t( ) is observable in Fig. 7.5(b). For 

NUCu-140-3 aged at 550 °C we observe a temporal dependency of t−0.82±0.01, whereas we observe 

a power-law time exponent of  for the double aging treatment. Both values are less than 

the UO model prediction of -1, indicating a slower rate of coarsening. Both dependencies, 

however, are greater than the values reported for NUCu-170 (Kolli & Seidman, Submitted 

2007b) and NUCu-140-1 (Kolli, et al., To be submitted 2007a), even at times ≥ 64 h, indicating 

that NUCu-140-3 is coarsening more rapidly when aged at 550 

t−0.93±0.01

°C. 

 In Fig. 7.5(b) we plot the reported data for NV t( ) for a quaternary Fe–Cu–Ni–Mn low-

carbon alloy (Osamura, et al., 1994b) aged at 550 °C for comparison with our results. We have 

previously compared literature data with our results for aging at 500 °C (Kolli, et al., To be 

submitted 2007a). Osamura et al.’s data (Osamura, et al., 1994b) was obtained from SANS 

measurements (open diamonds with pluses) and indicates coarsening commences at 0.1 h for 



 182
their alloy. We calculate a temporal dependency of t0.1−16.67h

0.98±0.12  for the data of Osamura et al., 

which signifies a faster rate of coarsening than NUCu-140-3, which we attribute to the lower 

solute content of the alloy in reference (Osamura, et al., 1994b). The observed variation may also 

be due to differences in measurement techniques. 

7.4.3 Composition of the Cu-rich precipitates and partitioning 

 We measure an Fe content of 38.8 ± 2.0 at. % for only 550 °C aging and 44.0 ± 2.2 at. % 

for 550 °C + 2 h at 200 °C aging, when the Cu-rich precipitates are smaller than 2 nm in radius 

(Fig. 7.5a)), which corresponds to the bcc structure (Lahiri, et al., 1969; Pizzini, et al., 1990; 

Othen, et al., 1994). This is consistent with our observations for NUCu-170 (Kolli & Seidman, 

Submitted 2007b) where we measure between 39.9 ± 4.2 and 27.6 ± 2.1 at. % Fe. The values, 

however, are greater than our observations in NUCu-140-1 (Kolli, et al., To be submitted 2007a) 

where we measure between 27.8 ± 3.1 and 24.2 ± 1.4 at. % Fe, and earlier observations in 

NUCu-140-1, where the Fe content of the precipitates was measured to be ca. 25 at. % near peak 

hardness (Vaynman, et al., Submitted 2007). Both NUCu-170 and NUCu-140-1 were aged at 

500 °C; additionally, NUCu-170 contains a greater alloying content. We discuss the differences 

that occur between APT and SANS measurements of the Fe concentrations in precipitates < 2 

nm in radius, in reference (Kolli & Seidman, Submitted 2007b). 

We also measure a Cu concentration of 48.5 ± 2.0 at. % for aging only at 550 °C and 42.1 ± 

2.2 at. % for aging at 550 °C + 2 h at 200 °C, when the Cu-rich precipitates are smaller than 2 nm 

in radius. This is similar to the concentrations observed in NUCu-170, where the precipitates 

contain between 44.6 ± 3.1 and 53.5 ± 2.3 at. % Cu (Kolli & Seidman, Submitted 2007b) but 

slightly less than that of NUCu-140-1 where we measure between 50.5 ± 3.5 and 56.6 ± 1.6 at. % 
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Cu. The precipitates also contain quantities of Ni, Al, Mn, and Si, which are similar to those 

found in NUCu-170 (Kolli & Seidman, Submitted 2007b), NUCu-140-1 (Kolli, et al., To be 

submitted 2007a), earlier atom-probe measurements in model ternary (Worrall, et al., 1987; 

Pareige, et al., 1996) and multicomponent Fe–Cu based alloys (Isheim, et al., 2006b), and recent 

phase-field simulations of model quaternary Fe–Cu–Ni–Mn alloys (Koyama & Onodera, 2005; 

Koyama, et al., 2006), and Langer-Schwartz simulations of model Fe–Cu–Ni and Fe–Cu–Mn 

alloys (Zhang & Enomoto, 2006). 

7.4.4 Ni–Al–Mn segregation 

 The observed segregation of Ni, Al, and Mn at heterophase interfaces in NUCu-140-3 is 

comparable to NUCu-170 (Kolli & Seidman, Submitted 2007b) and NUCu-140-1 (Kolli, et al., 

To be submitted 2007a). We discuss in detail the formation of the Ni–Al–Mn phase adjacent to 

the Cu-rich precipitates in reference (Kolli & Seidman, Submitted 2007b). In NUCu-170 the 

stoichiometric ratio for Ni:Al:Mn is observed to evolve temporally reaching a ratio of 

0.51:0.41:0.08 at 1024-hours. This ratio is suggestive of a NiAl-type B2 phase. We have recently 

performed synchrotron radiation studies at the Advanced Photon Source (APS), Argonne, 

Illinois, that demonstrate that this shell does indeed have the B2 structure (Kolli & Seidman, 

Submitted 2007a). Comparable to NUCu-170 and NUCu-140-1 the Ni:Al:Mn stoichiometric 

ratio evolves temporally in NUC-140-3 (Table 7.4). The values are similar, but not exactly the 

same, as NUCu-170 (Kolli & Seidman, Submitted 2007b) and NUCu-140-1 (Kolli, et al., To be 

submitted 2007a). The observed variations are attributable to differences in aging temperature, 

which should affect the kinetics of forming the Ni–Al–Mn phase. 
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Table 7.4 Temporal evolution of Ni:Al:Mn stoichiometric ratio within the heterophase interfaces 
as a function of aging time. 

 
 
7.5 Conclusions 

 The coarsening behavior of Cu-rich precipitates in a concentrated multicomponent Fe–Cu 

based steel containing 1.12 at. % Cu (Table 3.1) is studied experimentally. This steel is denoted 

NUCu-140-3 (140 designates the yield strength in ksi and 3 the heat number), is aged at 550 °C 

for times between 0.25 and 4 h. A second set of specimens received the same thermal treatment 

and is further aged for 2 h at 200 °C. The aging times investigated are relevant for commercial 

applications. Our investigation results in the following findings: 

1. The temporal dependencies for the spherical volume equivalent mean radius, R t( ) , are 

 when aged only at 550 t 0.38±0.08 °C and t 0.32±0.01 for the double-aging treatment, which are both in 

approximate agreement with the Umantsev–Olson (UO) coarsening model prediction of 1/3. 

2. The quantity  decreases from NV t( ) 1.1± 0.2( )×1024  m-3 at 0.25 h of aging to 1.1± 0.5( )×1023 

at 4 h with a temporal dependency of t−0.82±0.01, when aged only at 550 °C. For the double aging 

treatment, the quantity  decreases from NV t( ) 1.9 ± 0.5( )×1024  m-3 to 1.4 ± 0.4( )×1023 m-3 with a 
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temporal dependency of . The coarsening power-law exponents indicate a slower rate 

of coarsening than the UO model predicted value of -1. 

t−0.93±0.01

3. An increase in  is observed after aging at 550 NV t( ) °C + 2 h at 200 °C when compared to 

aging specimens only at 550 °C. The observed difference in NV t( ) decreases from 0.25 to 4 h, 

where the  are the same within experimental uncertainty. This increase at 0.25 h is a result 

of greater quantities of Cu remaining in the matrix at shorter aging times (Table 7.1), which most 

likely results in the formation of additional nuclei. 

NV t( )

4. Copper partitions to the precipitate core, whereas Ni, Al, and Mn partition to the heterophase 

interfaces, and Fe and Si partition to the α-Fe matrix for both thermal treatments. The temporal 

evolution of Ni, Al, and Mn concentrations within the precipitate core and heterophase interfaces 

are nonmonotonic. 

5. The formation of a Ni–Al–Mn phase at the Cu-rich precipitate and α-Fe matrix interfaces is 

observed consistently in the steels studied. 

6. From the above conclusions and our earlier studies on NUCu-170 and NUCu-140-1 it is clear 

that it is difficult to describe the temporal coarsening behavior of a concentrated multicomponent 

alloy using classical coarsening models. An alternative approach is to utilize PrecipiCalc (Jou, et 

al., 2004), which is a more general approach to the problem of phase decomposition that includes 

kinetics. There are not yet, however, adequate thermodynamic and mobility databases that would 

allow its use for the Fe–Cu based steel we are reporting on in this article. 
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Chapter 8 Identification of a Ni0.5(Al0.5-xMnx) B2 phase at the heterophase interfaces of 

Cu-rich precipitates in an α-Fe matrix in a concentrated multicompoent Fe–Cu based 

steel 

8.1 Introduction 

 Precipitation strengthening of steels by nanoscale Cu-rich precipitates yields commercial 

steels with excellent mechanical properties(Vaynman, et al., Submitted 2007). The presence of 

solute elements such as Ni, Al, and Mn affects significantly the kinetics and thermodynamics of 

phase decomposition when compared to model binary Fe–Cu alloys (Worrall, et al., 1987; 

Pizzini, et al., 1990; Maury, et al., 1994; Osamura, et al., 1994a; Othen, et al., 1994; Seko, et al., 

2004; Isheim, et al., 2006b; Koyama, et al., 2006; Zhang & Enomoto, 2006; Kolli & Seidman, 

Submitted 2007b; Kolli, et al., To be submitted 2007a). These solute elements have been 

observed within the precipitate cores and at the Cu-rich precipitate/α-Fe matrix interfaces by 

experiment (Worrall, et al., 1987; Isheim, et al., 2006b; Kolli & Seidman, Submitted 2007b; 

Kolli, et al., To be submitted 2007a) and simulation (Koyama, et al., 2006; Zhang & Enomoto, 

2006). The addition of Ni (Seko, et al., 2004; Zhang & Enomoto, 2006) and Mn (Zhang & 

Enomoto, 2006) has been demonstrated to decrease the activation barrier for nucleation, thereby 

accelerating the precipitation kinetics (Osamura, et al., 1994a), whereas interfacial segregation of 

Ni, Al, and Mn at Cu-rich precipitate/α-Fe matrix interfaces reduces the interfacial free energy, 

(Seko, et al., 2004; Isheim, et al., 2006a; Zhang & Enomoto, 2006; Kolli, et al., To be submitted 

2007b) thereby decreasing the coarsening rate, see Chapter Five, Chapter Ten, and Appendix D. 

Furthermore, the Ni, Al, and Mn concentrations (Isheim, et al., 2006b; Koyama, et al., 2006; 
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Kolli & Seidman, Submitted 2007b; Kolli, et al., To be submitted 2007a) and stoichiometric 

ratio of Ni:Al:Mn at the heterophase interfaces (Kolli & Seidman, Submitted 2007b; Kolli, et al., 

To be submitted 2007a) are observed to evolve temporally, see Chapters Five through Chapters 

Seven. These recent results for precipitation strengthened multicomponent steels is suggestive, 

based on stoichiometry alone, of a Ni0.5(Al0.5-xMnx) phase (B2-structure) at these heterophase 

interfaces, with Mn substituting at Al sublattice sites. Equiatomic NiAl possesses the ordered 

cubic B2 (CsCl) structure (cP2, Pm3 m), which consists of two interpenetrating Ni and Al simple 

cubic sublattices (Miracle, 1993). Furthermore, Cahn’s local phase rule for heterophase 

interfaces (Cahn, 1982), determines that a single phase is thermodynamically possible, at a 

heterophase interface. Additionally, our recent Thermo-Calc results predict the formation of a 

NiAl phase at temperatures near 500 °C, indicating that a NiAl phase is thermodynamically 

possible for these steels (Kolli & Seidman, Submitted 2007b; Kolli, et al., To be submitted 

2007a). Therefore, the likelihood of a phase found at the Cu-rich precipitate/α-Fe matrix 

heterophase interfaces in the steels being studied is compelling. 

 In this article, we present results from local-electrode atom-probe (LEAP™) tomography 

(Kelly & Larson, 2000; Seidman, 2007), first-principles calculations, and a synchrotron radiation 

experiment performed at the Advanced Photon Source (APS), Argonne National Laboratory, 

which demonstrate that the observed interfacial segregation phase possesses the B2 structure 

with Mn substituting at Al sublattice sites. An Fe  – 0.21 C – 1.82 Cu – 2.67 Ni – 1.38 Al – 0.51 

Mn – 1.0 Si – 0.04 Nb (at. %) steel was solutionized at 900 °C for 1 h and aged subsequently for 

1024 h at 500 °C, producing a precipitate number density, NV t( ), equal to  m7.4 ± 0.5( )×1022 -3, 
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with a spherical volume equivalent mean radius (Kolli & Seidman, 2007), R t( ) , equal to 

6.5 ± 0.7 nm. 

8.2 Atom-probe tomography 

 The LEAP™ tomographic specimens were cut and then electropolished into tips. The 

experiment was conducted at a specimen temperature of 50 K, ultrahigh vacuum of 1.1×10−8 Pa, 

a pulse fraction of 20%, and pulse repetition rate of 200 kHz, collecting ~ 3  ions in a 

 nm

×106

36 × 37 × 93 3 volume. The computer program IVAS® (Imago Scientific Instruments) is used 

to analyze the data. The distribution of atoms for two representative precipitates [Figs. 8.1(a) and 

8.1(b)] demonstrates clearly the presence of a Cu-rich core with interfacial segregation of Ni, Al, 

and Mn. The spheroidal shape (Fig. 8.1(a)) of Cu atoms is characteristic of a 9R structure, 

whereas the rodlike shape (Fig. 8.1(b)) is indicative of a fcc structure (Othen, et al., 1994). A 

proximity histogram (Hellman, et al., 2000) concentration profile quantifies the elemental 

concentrations for all precipitates and heterophase interfaces in the data set [Figs.8. 2(a) through 

2(c)], measuring the segregation of Ni, Al, and Mn. The peak concentrations of Ni (22.1 ± 0.8 at. 

%) and Al (21.2 ± 0.8 at. %) are collocated at a distance of 0.875 nm, whereas that of Mn (3.3 ± 

0.3 at. %) is broader and found between 0.625 and 0.875 nm. An integral sum of the ions 

determines the stoichiometric ratio of Ni:Al:Mn at the heterophase interfaces, yielding 

0.51:0.41:0.08, which is suggestive of a Ni0.5(Al0.5-xMnx), where x = 0.08, phase with Mn 

substituting at Al sublattice sites. 
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Figure 8.1 Three-dimensional LEAP tomographic reconstructions of representative precipitates 
from an Fe–0.21 C–1.82 Cu–2.67 Ni–1.38 Al–0.51 Mn–1.0 Si – 0.04 Nb (at. %) steel 
solutionized at 900 °C for 1 h and subsequently aged at 500 °C for 1024 h, illustrating the 
distribution of Fe (blue), Cu (orange), Ni (green), Al (teal), Mn (mustard), and Si (gray) atoms. 
Only 20% of the Fe atoms and 50% of the Cu, Ni, Al, and Mn atoms are displayed for clarity. 
The Cu, Ni, Al, and Mn atoms are displayed as spheres (not to scale) allowing visualization of 
the precipitate cores and heterophase interfaces. 
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Figure 8.2 Proximity histogram concentration profiles (at. %) for: (a) Cu and Fe; (b) Al and Ni; 
and (c) Mn and Si; quantifying the segregation of Ni, Al, and Mn at the precipitate/matrix 
heterophase interfaces. The ±2σ  error bars are statistical uncertainties, where 
σ = ci 1− ci( ) NTOT  for atomic fraction ci and NTOT total atoms. 

 
8.3 First-principles calculations 

 To determine the sublattice preference of Mn, first-principle calculations are performed 

using the plane wave pseudopotential total energy method with local density approximation 

(LDA) (Kresse & Hafner, 1993), as implemented in the Vienna ab initio simulation package 

(VASP) (Jones & Gunnarsson, 1989; Lindbaum, et al., 1998). The electron-ion interaction used 



 191
is the ultrasoft pseudopotential (Lindbaum, et al., 1999) with plane waves up to an energy 

cutoff of 300 eV,  Monkhorst-Pack k-point grids. A three-dimensional periodic 

supercell with  unit cells is employed to determine the total energies of the calculated 

cells. The energy per unit cell converged to 2 x 10

4 × 4 × 4

2 × 2 × 2

-5 eV atom-1 and the residual forces to 0.005 eV 

nm-1. The lattice parameters and atoms of an equiatomic NiAl B2 crystal are fully relaxed. The 

lattice parameter is determined to be 0.2834 nm, which is in an excellent agreement with the 

experimental value, 0.28770 ± 0.00001 nm (Miracle, 1993). The two substitutional structures, 

(Ni0.5-yMny)Al0.5 and Ni0.5(Al0.5-xMnx), are fully relaxed and total energies, E TOT , calculated, 

which are summarized in Table I. The substitutional preference is determined from the 

substitutional energy, EMn→Z , Z = Ni or Al , which is defined as: 

EMn →Ni = E Ni0.5−y Mny( )Al0.5

TOT + nNiμNi( )− ENiAl
TOT + nMnμMn( )⎡ 

⎣ ⎢ 
⎤ 
⎦ ⎥ nMn ;     ( 8.1 ) 

EMn →Al = ENi0.5 Al0.5−x Mnx( )
TOT + nAlμAl( )− ENiAl

TOT + nMnμMn([ nMn)] ;     ( 8.2 ) 

where n is the number of atoms and μ is chemical potential; the results are summarized in Table 

I. These first-principles results demonstrate that Mn atoms prefer substituting for Al instead of 

Ni sublattice sites and therefore the Ni0.5(Al0.5-xMnx) structure is energetically preferred. 

Table 8.1 Total and substitutional energies determined by first-principles calculations. 

 E TOT  (eV) 
EMn→Z , Z = Ni,Al  
(eV atom-1) 

NiAl -97.5894 --- 

Ni0.5−y Mny( )Al0.5 -100.229 0.915 

Ni0.5 Al0.5−y Mny( ) -101.196 -0.016 

 
 Additionally, the strains resulting from Mn substitution at Ni sublattice sites yields an 

average atomic force of 0.0004 eV Å-1, whereas substitution at Al sublattice sites yields 0.0002 
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eV Å-1. No atomic force is observed after the first nearest-neighbor distance. The stresses 

resulting from Mn substitution at Ni sublattice sites is double that of substituting on Al sublattice 

sites. 

8.4 Diffraction 

 To determine the crystal structure of this heterophase interface phase, a powder 

diffraction experiment was conducted at beamline 5-ID-B, operated by DND-CAT, at the APS. 

We calculate, assuming a spherical shell, that ~ 0.2% of the atoms reside at the heterophase 

interfaces, requiring use of a high x-ray flux at the APS. The specimen, 0.  mm3 ×12.5 × 25 3, was 

mounted on a standard flat-plate sample holder. The beamline energy was nominally 17462 eV 

with a wavelength,  . The sample was measured in a symmetric Bragg condition with 

the sample rocking through 3˚ per step, during a theta 

λ = 0.71 A

θ( )/two-theta 2θ( ) scan of 0.0075 degree 

2θ  steps, 100 seconds per point.  The DND-CAT high-resolution multi-detector powder camera 

utilizes 11 Si(111) analyzers situated at approximately 2˚ intervals in 2θ  with Oxford Cyberstar 

scintillation counters for each crystal analyzer: only detectors 1 and 2 are used for the data shown 

in Fig. 8.3. 
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Figure 8.3 Powder diffraction results for an Fe–0.21 C–1.82 Cu–2.67 Ni–1.38 Al–0.51 Mn–1.0 
Si–0.04 Nb (at. %) steel solutionized at 900 °C for 1 h and subsequently aged at 500 °C for 1024 
h. The peak at 13.4° could not be identified. 

 
 Calculations of relative intensities indicate that the three strongest 2θ  reflections for 

Ni0.51(Al0.41Mn0.08) (B2 structure) are within 0.18˚ of the three strongest bcc Fe reflections. 

Furthermore, the superlattice reflections are relatively weak, which are reduced further in 

intensity, since the scattering factors obey the condition fMn > fAl . The calculated 2θ  reflection at 

14.18° (100), however, is not convoluted with a reflection from another phase. The powder 

diffraction results (Fig. 8.3) demonstrate clearly a 2θ  reflection at ca. 14.14°,  nm. d ≅ 0.2884

 The observed reflection may possibly be the result of homogeneously distributed 

Ni0.5(Al0.5-xMnx) precipitates. We have detected, however, only one such precipitate in all 

LEAP™ tomographic data sets acquired, yielding NV t( ) < ca. 10  m20 -3. Furthermore, the single 

observed precipitate was at 64 h of aging rather than 1024 h. The absence of homogeneously 

distributed precipitates and the observation of a Ni0.5(Al0.5-xMnx) phase at the heterophase 
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interfaces and the previously reported existence of similar precipitates at a grain boundary 

(Vaynman, et al., Submitted 2007) indicates that the driving force for homogeneous nucleation 

within the α-Fe matrix is most likely insufficient, for the given alloy composition and thermal 

treatments. Therefore, we conclude that homogeneously distributed Ni0.5(Al0.5-xMnx) precipitates 

do not contribute significantly to the observed reflection. 
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Chapter 9 Heterogeneously nucleated Cu-rich precipitates 

9.1 Results 

9.1.1 Cu-rich precipitates heterogeneously nucleated at Fe3C carbide and a GB 

 Figure 9.1 illustrates heterogeneously nucleated Cu-rich precipitates delineated by 10 at. 

% Cu isoconcentration surfaces at an Fe3C (cementite) carbide and at a GB in NUCu-140-1 aged 

1 h at 500 °C. A Cu-depleted zone adjacent to the GB is evident; see below. The Cu precipitates 

are observed qualitatively to be smaller toward the GB and Fe3C carbide, whereas those further 

away are observed to be larger. A plot of spherical volume equivalent radius versus distance 

along the length of the reconstruction in Fig. 9.1 is presented in Fig. 9.2. The figure illustrates 

that precipitates within the α-Fe matrix that are closer to the Fe3C carbide and GB, are smaller 

than those further away. At distances between 0 and 20 nm, which represents the furthest 

distance from the Fe3C carbide and GB, the precipitate radii generally decrease but are not as 

small as those adjacent to the Fe3C carbide and GB. In addition, R = 0.7 ± 0.3 nm for the 

precipitates in the α-Fe matrix, R = 1.8 ± 0.3 nm for the precipitates at the GB, and 

R = 4.2 ± 0.4  for the precipitates at the Fe3C carbide, where error is given by standard error of 

the mean. The precipitates at the cementite also possess an ellipsoidal, which is characteristic of 

a 3R crystalline structure. These values compare with R = 1.1± 0.05 nm (Fig. 6.6(a)) for 

homogeneously distributed precipitates in NUCu-140-1 aged at 500 °C for 1 h. 

 A comparison of proxigram concentration profiles for precipitates in the α-Fe matrix, at 

the GB, and at the Fe3C carbide is presented in Figs. 9.3(a) through 9.3(c). The figures  
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Figure 9.1 Three-dimensional atom-probe tomographic reconstruction of Cu-rich precipitates 
delineated by 10 at. % isoconcentration surfaces, C atoms segregating at a grain boundary(GB), 
and C within an Fe3C (cementite) carbide. The Cu-rich precipitates are heterogeneously 
nucleated at both the GB and Fe3C carbide and homogeneously distributed within the matrix. A 
Cu depleted zone, which is denuded of precipitates, is identified. The C atoms are shown 
enhanced (not to scale) and the remaining atoms are not shown for clarity. 

 
Figure 9.2 Spherical volume equivalent radii of the Cu-rich precipitates as a function of distance 
along length of the reconstruction in Fig. 9.1. 
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demonstrate that precipitates in the α-Fe matrix and at the GB possess similar Cu, Fe, Ni, and 

Al concentration profiles. The precipitate core concentrations for Cu and Fe in the α-Fe matrix 

precipitates (Fig. 9.3(a)) are 48.9 ± 4.0 at. % and 28.1 ± 3.6 at. %, respectively. These values are 

the same, within experimental uncertainity, as the 52.4 ± 2.8 at. % Cu and 31.5 ± 2.6 at. % Fe 

measured in the precipitates found at the GB (Fig. 9.3(b)). Qualitatively similar Al and Ni 

enhancements are found toward the heterophase interfaces in Figs. 9.3(a) and 9.3(b). The peak 

values, however, are different, with Al (11.3 ± 1.2 at. %) and Ni (11.1 ± 1.2 at. %) peaks 

collocated at a distance of 0.875 nm in the α-Fe matrix precipitates (Fig. 9.3(a)). A second 

enhancement of 12.0 ± 2.5 at. % Al and 9.9 ± 1.3 at. % Ni are found toward the precipitate 

center. The peaks values of Al (9.4 ± 1.4 at. %) at a distance of 1.125 nm and Ni (9.9 ± 1.2 at. %) 

at a distance of 0.875 nm are lower for Cu-rich precipitates at the GB (Fig. 9.3(b)). Both 

elements are also enhanced within the core at 8.1 ± 1.4 at. % for Al and 6.2 ± 1.2 at. % for Ni. 

Differences also exist for the Si and Mn concentrations. In Fig. 9(a), Mn exhibits a peak of 1.3 ± 

0.4 at. % at a distance of 0.625 nm, whereas in Fig. 9(b) a broader enhancement that is ca. 0.5 at. 

% between -0.875 and 0.625 nm is observed. A clearly identifiable peak is not seen. Enrichment 

of Mn toward the precipitate center is seen in Fig. 9(b) at 0.9 ± 0.5 at. % but is depleted in Fig. 

9(a) at 0.5 ± 0.5 at. %. In addition, Mn (0.3 ± 0.01 at. %) is found slightly depleted in the matrix 

next to the GB (Fig. 9.3(b)) when compared to the remainder of the matrix (0.4 ± 0.005 at. %) in 

Fig. 9.3(a). Silicon is depleted with the core region for both types of precipitates with 

concentration of 0.6 ± 0.6 at. % for Fig. 9(a) and 0.5 ± 0.3 at. % for Fig. 9(b). The Cu-rich 

precipitates found at the GB also demonstrate a Si peak of 1.6 ± 0.2 at. % located at -0.875 nm, 

which is not observed in Fig. 9.3(a). Silicon is also found enriched at 1.3 ± 0.004 at. % in the  



 198

 

Figure 9.3 Proxigram concentration profiles (at. %) for Cu, Fe, Ni, Al, Si, and Mn, for (a) Cu 
precipitates within the matrix; (b) at the grain boundary; and (c) at the Fe3C carbide. The dotted 
vertical lines indicate the matrix/precipitate heterophase interface. The ±2σ  errors are derived 
from counting statistics. 

 
matrix next to the GB when compared to the remainder of the matrix in Fig. 9(a) at 1.1 ± 0.01 at. 

%. 

 The Cu-rich precipitates at the Fe3C carbide are significantly more enriched in Cu (82.8 ± 

2.6 at. %) and depleted in Fe (2.4 ± 0.5 at. %) than those in Fig. 9.3(a) and 9.3(b).  Additionally, 

the Al (12.7 ± 0.8 at. %) peak between 0.875 and 1.125 nm and Ni (12.3 ± 0.8 at. %) peak at 
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0.625 nm are more pronounced. The Al concentration in the core is 4.8 ± 1.4 at. %, whereas 

that of Ni is 8.0 ± 1.8 at. %. The Mn (1.2 ± 0.3 at. %) peak concentration is located at a distance 

of 0.375 nm. A second peak is seen toward the precipitate center with significantly greater 

experimental uncertainity. The Mn concentration in the core is 0.7 ± 0.5 at. %. The Mn 

concentration in the adjacent matrix is 0.4 ± 0.005 at. % and Si is 1.1 ± 0.07 at. %. Silicon is 

depleted in the core at 0.2 ± 0.2 at. %. 

9.1.2 Cu-rich precipitates heterogeneously nucleated at NbC carbides 

 Heterogeneously nucleated Cu-rich precipitates delineated by 10 at. % Cu 

isoconcentration surfaces at NbC carbides are illustrated in Fig. 9.4(a) for NUCu-170 aged at 500 

°C for 1 h and in Fig. 9.4(b) for NUCu-140-3 aged at 550 °C for 4 h. The quantity R is equal to 

2.5 nm for Fig. 9.4(a), which compares to R = 1.5 ± 0.04  nm (Fig. 5.6(a)) for homogeneously 

distributed precipitates aged at 500 °C for 1 h. The quantity R is equal to 4.8 and 6.0 nm for the 

two Cu-rich precipitates at the large NbC carbide (Fig. 9.4(b)) and 2.3 nm for the one at the 

small NbC carbide, which compares to R = 3.9 ± 0.7  nm (Fig. 7.5(a)) for homogeneously 

distributed precipitates aged at 550 °C for 4 h.  The two precipitates at the large NbC carbide 

possess a more ellipsoidal morphology, which is characteristic a 3R structure. 

 The proxigram concentration profile for the heterogeneously nucleated Cu-rich 

precipitate seen in Fig. 9.4(a) is presented in Fig. 9.5. The precipitate core concentration of Cu 

and Fe are 23.7 ± 2.7 at. % and 61.8 ± 3.1 at. %, respectively. The Al (5.4 ± 2.2 at. %) and Ni 

(6.6 ± 2.4 at. %) peak concentrations are collocated at a distance of 0.125 nm. Aluminum is 

found at a concentration of 4.3 ± 1.2 at % and Ni at 3.8 ± 1.2 at. % in the core. Manganese 
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exhibits a peak concentration of 0.8 ± 0.8 at. % found at 0.375 nm and is depleted in the core 

at 0.3 ± 0.2 at. %. Silicon (0.7 ± 0.6 at. %) is depleted in the precipitate core. 

 

Figure 9.4 Three-dimensional atom-probe tomographic reconstructions of Cu-rich precipitates 
delineated by 10 at. % isoconcentration surfaces and Nb and C atoms forming niobium carbide 
(NbC) precipitates from (a) NUCu-170 for 1 h at 500 °C; and (b) NUCu-140-3 aged 4 h at 550 
°C. The Cu-rich precipitates are heterogeneously nucleated at the NbC carbides and are also 
found within the α-Fe matrix. The Nb and C atoms are shown enhanced as spheres (not to scale). 
In (a) 100% of the Nb and C and 50% of the Fe are shown; in (b) 50% of the Nb and C are 
shown and 20% of the Fe are shown for clarity. The remaining atoms are not shown for clarity. 
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Figure 9.5 Proxigram concentration profiles (at. %) for Cu, Fe, Ni, Al, Si, and Mn, for the Cu 
precipitate at the NbC carbide seen in Fig. 9.4(a). The dotted vertical lines indicate the 
matrix/precipitate heterophase interface. The ±2σ  errors are derived from counting statistics. 
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 The proxigram concentration profiles for the heterogeneously nucleated Cu-rich 

precipitates seen in Fig. 9.4(b) are presented in Fig. 9.6(a) for those at the large NbC carbide and 

Fig. 9.6(b) at the one at the small NbC carbide. For Fig. 9.6(a) the core concentration of Cu is 

73.4 ± 1.3 at. % and that of Fe is 9.1 ± 0.9 at. %. The Al (8.9 ± 0.8 at. %) and Ni (11.3 ± 0.9 at. 

%) peak concentrations are collocated at a distance of 1.125 nm. Both elements are also found in 

the core at concentrations of 5.5 ± 0.7 at. % for Al and 8.2 ± 0.8 at. % for Ni. The Mn peak 

concentration of 3.5 ± 0.5 at. % is found at 1.375 nm, Mn is also found within the core at 2.7 ± 

0.5 at. %. Silicon is depleted in the core at 0.4 ± 0.2 at. %. For Fig. 9.6(b) the core concentration 

of Cu is 49.2 ± 3.5 at. % and that of Fe is 32.5 ± 3.3 at. %. The Al (5.9 ± 1.9 at. %) peak 

concentration is found at 0.625 nm whereas the broader Ni (ca. 8.0 at. %) peak concentration is 

located between 0.625 and 1.125 nm. A second Al enhancement of 7.4 ± 3.2 at. % is found 

toward the precipitate center at 1.625 nm. Both elements are also found in the core at 

concentration of 5.7 ± 1.6 at. % for Al and 6.3 ± 1.7 at. % for Ni. The Mn peak concentration of 

2.2 ± 1.3 at. % is found at 1.125 nm, Mn is also found within the core at 01.3 ± 0.8 at. %. Silicon 

is depleted in the core at 0.5 ± 0.5 at. %. 

9.1.3 Characterization of grain boundary, Fe3C (cementite) and NbC carbides 

9.1.3.1 GB and Fe3C (cementite) carbide 

 A partial mass spectrum, corrected for background noise, of the reconstruction in Fig. 

9.1, identifying C and Fe isotopes and molecular (also known as complex or cluster) C is 

presented in Fig. 9.7. The detected m/n peaks equal to 6, 12, 18, and 24 are readily identifiable as 
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isotopes and molecular ions of . The peak at m/n = 24 can either be identified as  or 

. The m/n peaks detected at 6.5, 13, and 26 are identified as 

12C C2
1+

C4
2+ 13C  isotopes and molecular ions. 

The 
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Figure 9.6 Proxigram concentration profiles (at. %) for the Cu precipitates seen in Fig. 1(b) 
for for Cu, Fe, Ni, Al, Si, and Mn. The concentrations in (a) are for the precipitates at the large 
NbC carbides; and in (b) for those at the small NbC carbide. The dotted vertical lines indicate the 
matrix/precipitate heterophase interface. The ±2σ  errors are derived from counting statistics. 

 

Figure 9.7 Partial mass spectrum, corrected for background noise, of the reconstruction seen in 

tude of each is apparent when contrasted with the 

Fig. 9.1 delineating the detected C and Fe3+ isotope mass-to-charge state ratios. 

 
variation in number of C peaks and magni

representative mass spectrum without a GB or carbides (Fig. 3.2). Also evident are Fe3+  

isotopes, which are not found in Fig. 3.2. 

 A 1-D concentration profile across the GB in Fig. 9.1 is presented in Fig. 9.8(a) for Cu 

and Fig. 9.8(b) for C. The Cu profile demonstrates both homogeneously distributed precipitation

and heterogeneous precipitation at the GB. The Cu depleted zone (0.2 ± 0.05 at. %), seen in Fig.

9.1, is identified and has a width approximately between 4 and 5 nm. The C profile represents a 

superposition of all C m/

 

 

n peaks detected after applying a statistical correction for C molecular 
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ions (Sha, et al., 1992). The figure demonstrates the C enhancement at the GB with a peak 

value equal to 1.6 ± 0.4 at. %. 

 

Figure 9.8 One-dimensional concentration profiles across the grain boundary for, (a) Cu; and (b
C. The plotted concentrations are radially averaged within a 15-nm-diameter cylinder. The 

) 
±2σ  

errors are derived from counting statistics. 

 A 1-D concentration profile across the Fe
 

eous 

 

illustrated in Table 9.1. The C concentration of the cementite is equal to 26.0 ± 0.2 at. %, after 

3C carbide in Fig. 9.1 is presented in Fig. 9.9. 

The Cu profile demonstrates both homogeneously distributed precipitation and heterogen

precipitation at the cementite. The C and Fe concentration profiles are seen in Fig. 9.9(b). The C

profile represents a superposition of all C m/n peaks detected after applying a statistical 

correction for C molecular ions (Sha, et al., 1992). As seen in Figs. 9.9(c) and 9.9(d) Al and Si 

are depleted in the cementite, whereas Mn is enriched. The composition of the Fe3C carbide is 
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alue 

% greater than the expected value of 25 at. % C for Fe3C carbide. The 

difference is less  

applying the statistical correction of (Sha, et al., 1992) for molecular C. The measured v

is approximately 4

 

Figure 9.9 One-dimensional concentration profiles across the Fe3C carbide, (a) Cu; (b) Fe and C; 
) Al; and (d) Si and Mn. The plotted concentrations are radially averaged within a 20-nm-(c

diameter cylinder. The ±2σ  errors are derived from counting statistics. 

than the approximate error of 10% for the statistical correction (Sha, et al., 1992). The 
 

concentration of Fe equal to 69.2 ± 0.2 at. % is less than the expected value of 75% for Fe3C 
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carbide. The concentration of Fe + Ni + Mn, however, is 72.8 ± 0.4 at. % and is close to the 

expected value. The ratio of (Fe + Ni + Mn):C is 2.8. 

 

Table 9.1 Composition in at. % of the Fe3C (cementite) carbide as determined by APT. 

 

9.1.3.2 NbC carbides 

 A representative partial mass spectrum, corrected for background noise, of the 

reconstructions in Fig. 9.4(a), identifying C and Fe isotopes and molecular (also known as 

complex or cluster) C is presented in Fig. 9.10. The detected m/n peaks equal to 6, 12, 18, and 24 

are readily identifiable as isotopes and molecular ions of 12 . The peak at m/n = 24 can either be 

identified as  or . The m/n peaks detected at 26 is identified as   molecular ions. The 

variation in number of C peaks and magnitude of each is apparent when contrasted with the 

representative mass spectrum seen in Fig. 3.2. Also evident are 

C

C2
1+ C4

2+ 13C

Fe3+  isotopes, which are not 

found in Fig. 3.2. Niobium is detected as Nb1
4 +  and also as Nb1

3+, which is convoluted with 

 at m/n = 31. The relative abundance of 62Ni1
2+ 62Ni1

2+  is equal only to 3.634% and does not 

significantly affect the total count of Ni atoms. The statistical correction given by (Miller, 2000a) 

can be used to estimate the number of atoms at 62Ni1
2+  based on the total number of atoms at the 
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remaining Ni peaks. For example, there are 43,219 Ni atoms detected in the reconstruction of 

Fig. 9.4(a), which yields 1628 Ni atoms at 62Ni1
2+ . The remaining 1490 atoms at m/n = 31 are 

identified as . Differences are also observed when Fig. 9.10 is compared to the mass 

spectrum for the reconstruction containing a GB and Fe

Nb1
3+

3C carbide (Fig. 9.7). 

 

Figure 9.10 Representative partial mass spectrum, corrected for background noise, of the 
reconstruction seen in Fig. 9.4(a) delineating the detected C and Fe3+ isotope mass-to-charge 
state ratios. 

 
 A 1-D concentration profile across the NbC carbide in Fig. 9.4(a) is presented in Fig. 

9.11. The NbC carbide, which possesses a disk-like morphology, has an edge-to-edge 

measurement approximately equal to 16 nm and a thickness of ca. 3 nm. The Cu profile 

demonstrates the heterogeneous precipitation at the NbC carbide. The C profile represents a 
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superposition of all C m/n peaks detected after applying a statistical correction for C 

molecular ions (Sha, et al., 1992). Iron is depleted in the NbC carbide. 

 

Figure 9.11 One-dimensional concentration profiles across the NbC carbide seen in Fig. 9.4(a) 
for C, Nb, Fe, and Cu. The plotted concentrations are radially averaged within a 7-nm-diameter 
cylinder. The ±2σ  errors are derived from counting statistics. 

 
 A 1-D concentration profile across the large NbC carbide in Fig. 9.4(b) is presented in 

Fig. 9.12(a) and a 1-D profile across the small NbC carbide in Fig. 9.4(b) is presented in Fig. 

9.12(b). Both precipitates possess a disk-like morphology. For the larger NbC carbide the edge-

to-edge measurement is approximately equal to 23 nm and the thickness is ca. 7 nm. The smaller 

NbC carbide has an edge-to-edge measurement approximately equal to 9 nm and a thickness of 

ca. 3 nm. The C profiles represent a superposition of all C m/n peaks detected after applying a 

statistical correction for C molecular ions (Sha, et al., 1992). Iron is depleted in both precipitates. 

The Cu profile in Fig. 9.12(b) demonstrates the heterogeneous precipitation at the NbC carbide 
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and homogeneously distributed precipitates. Copper precipitation is not illustrated in Fig. 

9.12(a) but is evident in Fig. 9.4(b). 

 

Figure 9.12 One-dimensional concentration profiles across the NbC carbide seen in Fig. 9.4(b) 
for C, Nb, Fe, and Cu. The plotted concentrations are radially averaged within a (a) 20-nm-
diameter cylinder for the large NbC carbide; and (b) 7-nm-diameter cylinder for the small NbC 
carbide. The ±2σ  errors are derived from counting statistics. 
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9.2 Discussion 

9.2.1 Heterogeneously nucleated Cu-rich precipitates 

 The Cu-rich precipitates with the largest radii are observed at the Fe3C carbide (Fig. 9.1) 

and the large NbC carbide in Fig. 9.4(b), followed by those at the NbC carbide in Fig. 9.4(a) and 

the small NbC carbide in Fig. 9.4(b), and then the precipitates located at the GB in Fig. 9.1. The 

observed Cu-rich precipitates, however, are larger than the homogeneously distributed 

precipitates for a similar aging condition, except for the one located at the small NbC carbide in 

Fig. 9.4(b), which could possibly be dissolving due to Ostwald ripening, see below. The large 

size difference between the heterogeneously nucleated Cu-rich precipitates and the 

homogeneously distributed precipitates and the variation in precipitate core composition indicate 

that the former nucleated earlier, possibly during the quench, and grow at a rapid rate resulting 

from enhanced diffusion of Cu along homo- or heterophase boundaries. 

 This observation is similar to the results of earlier investigations on high-carbon Fe–Cu 

alloys, which concluded that ε-Cu precipitates nucleate at the Fe3C carbide and γ-Fe (austenite) 

interphase boundary due to partitioning of Cu away from the Fe3C carbide followed by transport 

of Cu by interphase boundary diffusion (Wasynczuk, et al., 1986; Fourlaris, et al., 1995). 

Nucleation was suggested to occur at partially coherent and immobile portions of the interphase 

boundary (Wasynczuk, et al., 1986). Similar results were reported for a high manganese and 

carbon Fe–Cu steel where the authors reported ε-Cu precipitation at the cementite and ferrite 

interfaces of pearlite (Khalid & Edmonds, 1993). The observation of Cu-rich precipitation at a 

GB is consistent with previously reported results for ε-Cu precipitation at γ-Fe and α-Fe 

boundaries in high carbon Fe–Cu alloys (Fourlaris, et al., 1995) and ternary Fe–Cu–Ni alloys 

(Ricks, et al., 1979; Ricks, et al., 1980; Ricks, 1981). In both investigations Cu precipitation was 
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observed only at temperatures near the eutectoid temperature. This has been attributed to a 

balance between the driving force of ferrite formation, interphase boundary migration, and Cu 

diffusion along the interphase boundary (Ricks, et al., 1979; Ricks, et al., 1980). The literature 

does not contain reports of heterogeneously nucleated Cu precipitates at NbC carbides. 

9.2.2 Coarsening 

 The differences in precipitate radii (Fig. 9.1 and Fig. 9.2) results from coarsening 

(Ostwald ripening) of the precipitates. The heterogeneously nucleated precipitates at the Fe3C 

carbide are growing at the expense of those in the α-Fe matrix. The precipitates in the GB may 

possibly be coarsening since the quantity R  is greater than for those found in the α-Fe matrix. 

It is unclear, however, if they are dissolving relative to the Cu-rich precipitates at the Fe3C 

carbide. The differences in Cu-rich precipitate radii in Fig. 9.4(b) are also possibly a result of 

coarsening. The Cu-rich precipitates at the large NbC carbide may be growing at the expense of 

the small one at the small NbC carbide. Similarly, the large NbC carbide may be growing at the 

expense of the small NbC carbide. 

 The coarsening process also yields compositional differences observed in Fig. 9.3(a) 

through 9.3(c). The Cu concentrations in the core for Figs. 9.3(a) and 9.3(b) are comparable to 

that reported in Table 6.2 for homogeneously distributed Cu-rich precipitates at 1 h. The Cu 

concentration of precipitates in the α-Fe matrix (Fig. 9.3(a)) is slightly smaller, whereas those at 

the GB (Fig. 9.4(b)) are slightly larger. The Cu concentration in the core of the precipitates at the 

Fe3C carbide (Fig. 9.3(c)), however, is comparable to homogeneously distributed Cu-rich 

precipitates at 64 h (Table 6.2), which is due to faster coarsening and is suggestive of an 

enhanced diffusion mechanism for Cu along the interphase boundary. In addition, the 
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observation of a Si peak and enrichment in Fig. 9.3(b), results from Si partitioning away from 

the Fe3C carbide. Similarly the measured Mn depletion and lack of a clearly defined peak at the 

heterophase interface in Fig. 9.3(b), results from Mn partitioning to the Fe3C carbide. 

Comparable variations are observed in the Cu core concentrations for Figs. 9.6(a) and 9.6(b). For 

Fig. 9.6(a) the core concentration is slightly larger than that reported in Table 7.2 for 

homogeneously distributed Cu-rich precipitates at 4 h. For Fig. 9.6(b), however, the Cu core 

concentration is similar to that reported for 0.25 h. This is suggestive of an Ostwald ripening 

mechanism. 

9.2.3 Fe3C (cementite) carbide 

 The detected partial mass spectrum (Fig. 9.7) is similar to that reported for pearlitic 

cementite (Miller & Smith, 1977; Miller, et al., 1978; Danoix, et al., 1998) in pearlitic steels. In 

addition, comparable m/n peaks are detected by (Babu, et al., 1993) and (Miyamoto, et al., 2007) 

for cementite in martensitic steels. A peak at m/n = 36 corresponding to C  is not clearly 

detected in the current investigation. In earlier investigations the peak is small relative to the 

remaining C isotopes (Miller & Smith, 1977; Miller, et al., 1978; Danoix, et al., 1998). 

3
1+

 The 1-D concentration profiles for C and Fe are comparable that reported by (Danoix, et 

al., 1998). The authors also report a C concentration of 26.5 ± 1 at. % after applying the 

statistical correction of (Sha, et al., 1992), which is equal to the 26.0 ± 0.2 at. % found in this 

investigation. Likewise, the authors also report a Fe + Mn ratio of 73.00 ± 1 at. %, which is 

comparable to the Fe + Ni + Mn reported here. The investigation of (Pareige, et al., 1993) 

reported a lower C concentration of ca. 22 at. %, which is possibly due to not applying a 

statistical correction for molecular C. The authors also reported concentration of Fe + Ni + Mn + 
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Mo + Cr equal to ca. 75.6 at. %. The ratio of (Fe + Ni + Mn)/C is within the previously 

reported range of 2.74 and 3.07 for cementite (Miller & Smith, 1977). Partitioning of Si to the α-

Fe and Mn to Fe3C carbide is consistent with earlier investigations (Miller & Smith, 1977; 

Miller, et al., 1978; Babu, et al., 1993; Pareige, et al., 1993; Thomson, 2000; Miyamoto, et al., 

2007). 

9.2.4 NbC carbides 

 The detected m/n peaks for C and Nb (Fig. 9.10) are similar to that reported by (Bémont, 

et al., 2004). A peak at m/n = 36 corresponding to C3
1+  is not clearly detected in the current 

investigation. The authors report detecting Nb2+, which is not found in the current investigation. 

The study of (Uemori, et al., 1994) reported detection of Nb2+ and Nb3+ but not . Nb4 +

 The observed disk-like morphology of the NbC carbides is consistent with that observed 

by (Bémont, et al., 2004) in a Fe-C-Nb alloy. In addition, the recent investigation by (Pereloma, 

et al., 2006) reported roughly spherical and plate-like morphologies  in C-Mn-Si steels. 

According to (Danoix, et al., 2006) both Khatchuturyan (Khatchaturyan, 1983) and DeArdo 

(DeArdo, et al., 1981) state that nucleation of coherent NbC carbides is possible if they adopt a 

disk-like morphology. Furthermore, a disk-like morphology was observed in the α-Fe matrix of a 

HSLA-type steel (Miyata, et al., 2003) by TEM. The diffuse NbC carbide and α-Fe matrix 

interface (Fig. 9.4) is consistent with the study of (Bémont, et al., 2004) and results from 

trajectory aberrations resulting from evaporation field differences. 

 The measured sizes of the NbC carbides are very roughly consistent with some, but not 

all, previously published results, for various alloys with different thermal treatments.  

Additionally, different methodologies were used to report size. The study of (Bémont, et al., 
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2004) reported NbC carbides between 5 x 5 nm2 and 8 x 8 nm2 with thicknesses of ca. 2 nm. 

A wide distribution of for NbC carbide radii between 0.2 and 2.5 nm detected by FIM and 

between 1 and 10 nm detected by TEM in an HSLA steel was reported by (Burke, et al., 1988). 

The variation was attributed to analysis volume limitations for the FIM and resolution limitation 

of the TEM. A mean diameter for NbC carbides of 3.7 nm in Ti-Nb steel and 2.3 in Ti-Nb-Mo 

steels was reported by (Uemori, et al., 1994).  The investigation of (Palmiere, et al., 1994) 

reported NbC carbide sizes ranging between 0.5 and 10 nm (presumably edge-to-edge) in low-C, 

Si-killed steels. The study of (Pereloma, et al., 2006) illustrated a radius of gyration between 1 

and 7 nm for NbC carbides in ferrite and a mean radius of gyration of ca. 0.8 nm in martensite. A 

dual distribution of NbC carbides between 2 and 10 nm and > than 20 nm in diameter was 

recently reported by (Lee, et al., 2002) in HSLA steels containing Nb and Mo utilizing TEM. 

The smaller precipitates were found in ferrite, whereas the large ones were found in austenite. 

 The compositional variations and the presence of Fe in NbC carbides are also roughly 

consistent with some, but not all, results found in the literature. The study of (Palmiere, et al., 

1994) reported an approximately stoichiometric NbC carbide but with ca. 75 at. % Fe, which was 

attributed to positional error of the APFIM probe hole. The study of (Bémont, et al., 2004) 

utilized a tomographic atom-probe (TAP), which does not suffer from the positioning limitations 

of the APFIM, and demonstrated non-stoichiometric compositions for all identified precipitates. 

Additionally, Fe was present for all precipitates in quantities between 1and 55 at. %. The 

investigation of (Pereloma, et al., 2007) also illustrates a significantly non-stoichiometric NbC 

carbide. The study of (Danoix, et al., 2006), however, demonstrates an approximately 

stoichiometric NbC carbide, which also contains Fe. The TEM and quantitative EDS study of 

(Lee, et al., 2002) reported non-stoichiometric NbC carbides containing Fe. The Fe content 
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ranged between 2.2 and 16.9 at. %. The Fe content of the NbC carbides in this investigation 

is approximately between 45 and 80 at. %. According to (DeArdo, 2003) the composition of 

NbC carbides is dependent on the bulk composition of the steel and thermal processing. 

9.3 Conclusions 

1) Hetergeneously nucleated Cu-rich precipitates are observed at grain boundaries (GBs) and 

Fe3C and NbC carbides. 

2) For the analyzed volume presented in Fig. 9.1, which is aged at 500 °C for 1h , the precipitate 

mean radii located at the GB is equal to 1.8 ± 0.3 nm, R = 4.2 ± 0.4  nm for the Fe3C carbide, 

and R = 0.7 ± 0.3 for those in the α-Fe matrix. These values compare to R = 1.1± 0.05 nm for 

homogeneously distributed Cu-rich precipitates (Fig. 6.6(a)) at the same aging temperature and 

time. 

3) The radius of the Cu-rich precipitate found at the NbC carbide in Fig. 9.4(a), which is aged at 

500 °C for 1 h, is equal to 2.5 nm aged, which compares to R = 1.5 ± 0.04  nm for 

homogeneously distributed precipitates (Fig. 5.6(a)) at the same aging temperature and time. The 

quantity R is equal to 4.8 and 6.0 nm for the two Cu-rich precipitates at the large NbC carbide 

(Fig. 9.4(b)), which is aged at 550 °C for 4 h, and 2.3 nm or the one at the small NbC carbide, 

which compares to R = 3.9 ± 0.7  for homogeneously distributed precipitates (Fig. 7.5(a)) at the 

same aging temperature and time. 

4) The difference in radii and compositional variation of the Cu-rich precipitates suggest that the 

larger ones are coarsening (Ostwald ripening) at the expense of the smaller precipitates. 
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5) The mass spectra of the GB and Fe3C and NbC carbides analyzed volumes contain 

increased quantity and magnitude of 12 , 13 , and molecular C m/n peaks, when compared to 

analyzed volumes, which do not contain GBs, and carbides. 

C C

6) The Fe3C carbide contains 26.0 ± 0.2 at. % C and 72.8 ± 0.4 at. % (Fe + Ni + Mn), which are 

approximately, but not exactly the same, as stoichiometric Fe3C carbide. 

7) The NbC carbides possess a disk-like morphology, the composition is non-stoichiometric, and 

contain significant quantities of Fe. 
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Chapter 10 Comparisons of Interfacial Excess Formalisms for Segregation at 

Precipitate/Matrix Heterophase Interfaces 

10.1 Introduction 

 Both homophase (grain boundaries) and heterophase interfaces are ubiquitous in 

materials and segregation of impurity or solute atoms at these interfaces is a common 

phenomenon that affects material properties. For example, the segregation of atoms at a grain 

boundary (GB) may either embrittle or strengthen a material (McMahon Jr., 2004; Isheim, et al., 

2006b). Atom-probe field-ion microscopy (APFIM) (Tsong, 1990) and atom-probe tomography 

(APT) (Miller, 2000b) allow direct quantitative measurement of segregation in the solid-state. 

The relative interfacial excess, , can subsequently be determined at a homophase 

(Krakauer & Seidman, 1993; Krakauer & Seidman, 1998; Seidman, 2002) or heterophase 

interface (Dregia & Wynblatt, 1991; Shashkov & Seidman, 1995; Shashkov & Seidman, 1996; 

Shashkov, et al., 1999; Yoon, et al., 2001; Marquis, et al., 2003; Marquis & Seidman, 2004; 

Yoon, 2004; Yoon, et al., 2004; Fuller, et al., 2005; van Dalen, et al., 2005; Isheim, et al., 

2006a). 

Γi
relative

  J. W. Gibbs in his famous treatise developed the thermodynamics of interfaces, where he 

described an interface as a boundary surface between two adjacent phases (Gibbs, 1961; Sutton 

& Balluffi, 1996). Gibbs defined excess extensive thermodynamic quantities per unit surface 

area, such as the excess internal energy, Eexcess, excess entropy, Sexcess and the Gibbsian interfacial 

excess of an element i Γi = Ni
excess A( ), where  is the excess number of atoms, segregating 

at a unit area, A, of either a homphase or heterophase interface. Gibbs defined a construct, the 

Ni
excess
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Gibbs dividing surface, ξ, placed within the interface of the actual alloy system. A 

hypothetical reference system of equal volume to the actual system and consisting only of the 

adjacent phases, assuming these phases are compositionally uniform and extend directly to the 

Gibbs dividing surface, is subtracted (Fig. 10.1(a)). Gibbs denoted the differences in the 

extensive thermodynamic quantities as excess quantities. As noted by (Cahn, 1979) and others 

these excess quantities are dependent upon the arbitrary placement of ξ and are therefore not 

essential to the thermodynamics of interfaces. Gibbs, however, also defined relative excess 

quantities by subtracting the extensive thermodynamic quantities of a comparison system 

consisting of two homogeneous phases whose total volume and quantity of a reference 

component are equal to that of the actual system. This resulted in the so-called relative Gibbsian 

interfacial excess, , of element i, which is independent of the placement of ξ. Γi
relative

 

Figure 10.1 Schematic diagram depicting the excess extensive thermodynamic quantities of 
internal energy, E, entropy, S, and Gibbsian interfacial excess, Γi , at an interface relative to (a) 
placement of the Gibbs dividing surface following the approach of Gibbs; and (b) placement of 
the layer boundaries following the approach of Cahn. The solid lines illustrate non-monotonic 
(confined) segregation while the dashed lines illustrate monotonic segregation. 
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 Cahn developed an equivalent but alternate formalism for describing interfacial 

segregation that precludes both the placement of ξ and subtraction of a hypothetical reference 

system (Cahn, 1979; Sutton & Balluffi, 1996). Since Cahn’s formalism involves only the actual 

alloy system, the use of excess quantities are avoided, and layer quantities, where the boundary 

layer must be thick enough to contain the entire homphase or heterophase interface and extend 

into the adjacent phases, are determined (Fig. 10.1(b)). The extensive thermodynamic layer 

quantities of internal energy, , entropy, E[ ] S[ ], and number of atoms of an element i, , are 

the actual values within the layer per unit area of the interface. These layer quantities are 

dependent on the thickness of the layer and therefore, like the excess quantities of (Gibbs, 1961), 

are not important in the thermodynamics of interfaces. Cahn, however, also defined quantities 

analogous to the relative excess quantities of (Gibbs, 1961), by subtracting a homogeneous 

multiphase comparison system, based upon the properties of determinants. Recently, (Martin, 

2005) extended Cahn’s formalism to treat non-equilibrium problems and has defined “relative 

transfer coefficients”, thereby enabling a unified framework for interfacial segregation and 

transfer. Umantsev developed a continuum approach to the study of interfacial segregation in a 

multicomponent alloy (Umantsev, 2001a; Umantsev, 2001b) that avoids both the placement of ξ 

(Gibbs, 1961) and placement of the layer boundaries (Cahn, 1979). Umantsev’s formalism is 

conceptually analogous to that of (Cahn, 1979), where the interface is considered a boundary 

layer, which is a distinct additional phase. Umantsev’s approach, however, does not depend on a 

comparison alloy system consisting of a multiphase mixture of the two adjacent phases. Rather, 

the relative excess quantities of internal energy, entropy, and the number of atoms of an element 

i at an interface are determined in the continuum limit, meaning the actual integral sums over the 

entire alloy system including the interface and the two adjacent phases. 

Ni[ ]
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 The three formalisms yield expressions for the relative interfacial excess, giving a 

direct thermodynamic quantity, measuring the amount of segregation of any impurity or solute 

species at a homphase or heterophase interface. The reduction of interfacial free energy due to 

segregation can be subsequently calculated using the Gibbs adsorption isotherm. The 

formalisms, however, are not equivalent in their ease of applicability to experimental data. The 

Gibbs dividing surface, which is a mathematical construct, has no real physical meaning within 

the interface. Additionally due to a possible component dependent variation in the chemical 

width of the interface, placement of ξ poses challenges for heterophase interfaces in concentrated 

multicomponent systems. The approaches of Cahn and Umantsev are possibly easier to apply for 

multicomponent alloys but to the best of our knowledge neither has been applied to the 

experimental data that can be obtained using either APFIM or APT. 

 In this article we present methodologies for determining the relative interfacial excesses, 

following the formalisms of (Gibbs, 1961), (Cahn, 1979), and (Umantsev, 2001a; Umantsev, 

2001b), from atom-probe tomography data, for preciptate/matrix heterophase interfaces in 

multicomponent alloys. We demonstrate the procedures on a multicomponent high-strength low-

carbon (HSLC) Fe–Cu based steel and also, in Appendix D, a model quaternary Ni–Cr–Al–Re 

superalloy. In addition the details for using the three formalisms are presented in Appendix D. 

For the steel, the relative interfacial excesses of Ni, Al, Mn, which are found at enhanced 

concentrations at the heterophase interfaces, illustrating non-monotonic segregation, are 

extracted. The relative excess of Si, which demonstrates monotonic segregation, is also 

determined. The HSLC steel is being studied in a program to develop an explosion resistant steel 

for the US Navy (Vaynman, et al., 2004b; Isheim, et al., 2006b; Vaynman, et al., 2006) and the 
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chemistry of the Cu-rich precipitate and α-Fe matrix heterophase interfaces are known to 

have an effect on the mechanical properties of the steel. 

10.2 Methods 

10.2.1 Material Details 

A 45.5-kg (100-lb.) steel heat was vacuum induction melted and cast at ArcelorMittal Steel 

USA Research Center, East Chicago, Indiana. The heat was reheated to approximately 1150 °C 

and hot-rolled in multiple passes to a thickness of 12.5 mm and air-cooled to room temperature. 

The final hot-rolling temperature was 900 °C. The bulk composition of the steel determined by 

spectrographic analysis at ArcelorMittal is given in Table 3.1. The plates were cut into rods 12.5 

mm x 12.5 mm x 250 mm and solutionized at 900 °C for 1 h and then quenched into water at 25 

°C. The as-quenched rods were mechanically cut into 12.5 mm x 12.5 mm x 25 mm blocks, 

which were aged at 500 °C for 1024 hours and quenched into water at 25 °C. 

10.2.2 Experimental Procedures 

The steel blocks were further reduced to 0.3 mm × 12.5 mm × 25 mm coupons, cut from the 

center. The APT tip blanks (0.3 mm × 0.3 mm × 25 mm) were cut from the coupons and 

electropolished using standard techniques (Tsong, 1990; Miller, 2000b). Initial polishing was 

performed with a solution of 10 vol. % perchloric acid in acetic acid at 15 – 10 Vdc at room 

temperature. This was followed by a manually controlled pulsed final-polishing step using a 

solution of 2 vol. % perchloric acid in butoxyethanol at 10 – 5 Vdc at room temperature, 

producing a tip with a radius <50 nm. Local-electrode atom-probe (LEAP™) tomography (Kelly, 

et al., 2004) was performed at a specimen temperature of 50 K under ultrahigh vacuum (UHV) 
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conditions, ca. 1.  Pa (ca. 0 ×10−8 7.5 ×10−11 torr). The pulse repetition rate was  Hz and 

the pulse-voltage-to-standing-dc voltage ratio (pulse fraction) was 20%. 

2 ×105

10.2.3 Atom-Probe Tomographic Data Analysis 

 Visualization and reconstruction of the steel data is performed using the Imago 

Visualization and Analysis Software (IVAS®) code. The precipitates are identified utilizing an 

isoconcentration surface methodology (Hellman, et al., 2003) with the threshold concentration 

set at 10 at. % Cu. This value gives morphologically and compositionally stable results; meaning 

small changes to the threshold concentration do not change significantly the results. The 

parameters chosen in obtaining noise-free reference isoconcentration surfaces are a voxel size of 

1 nm, a delocalization distance of 4 nm, a sample count threshold of 5%, and a polygon filter 

level of 20. Concentration profiles with respect to distance from the reference isoconcentration 

surfaces are obtained utilizing the proxigram with a bin width of 0.25 nm. 

10.2.4 Relative Gibbsian Interfacial Excess 

 When the segregation of an element i at a heterophase interface is within a system of two 

phases and n ≥ 3 components, the quantity Γi
relative  is denoted (Defay, et al., 1966): 

Γi
relative = Γi

1,2 = Γi − Γ1
ci

αc2
β − ci

βc2
α

c1
αc2

β − c1
βc2

α − Γ2
c1

αci
β − c1

βci
α

c1
αc2

β − c1
βc2

α ;      ( 10.1 ) 

where Γ  is the relative Gibbsian interfacial excess of element i with respect to components 1 

and 2 and  is the concentration of a species i in phase j (j = α or β). We emphasize that the 

quantity Γ  is independent of the placement of the Gibbs dividing surface, whereas the 

quantities , Γ , and  are dependent on the position of ξ. For the case of a homophase 

interface (GB), the quantity , is often equal to 

i
1,2

ci
j

i
1,2

Γi 1 Γ2

Γi
relative Γi  (Krakauer & Seidman, 1993; Krakauer & 
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Seidman, 1998). Similarly, for heterophase interfaces Γi  is often found to be much larger 

than  and Γ  (Marquis, et al., 2003; Marquis & Seidman, 2004; Fuller, et al., 2005; van Dalen, 

et al., 2005). 

Γ1 2

  The proxigram concentration profiles are utilized to extract the Gibbsian interfacial 

excess for an element i found enhanced within a homphase or heterophase interface from: 

Γi = ρΔx cm
i − ck

i( )
m=1

p

∑ ;          ( 10.2 ) 

where ρ is the known atomic density, Δx  is the spacing between the p concentration data points 

in the proxigram,  is the concentration of an element i at each data point, and c i k = α  on the 

matrix side and k = β  on the precipitate side of the Gibbs dividing surface (Fig. 10.1(a)). 

(Isheim, et al., 2006a) applied equations (10.1) and (10.2) to data obtained from a similar ferritic 

HSLC Fe–Cu based steel. 

10.2.5 J. W. Cahn’s Interfacial Excess Value 

  Using the notation of (Cahn, 1979), the excess quantity of an element i in the layer 

compared with a multiphase mixture of the two phases adjacent to the layer containing the same 

amount of components 1 and 2 as the layer, is denoted: 

Ni

N1N2

⎡ 

⎣ 
⎢ 

⎤ 

⎦ 
⎥ = Ni[ ]−

N1[ ] Ni
αN2

β − Ni
β N2

α( )− N2[ ] Ni
αN1

β − Ni
β N1

α( )
N1

αN2
β − N1

β N2
α ;    ( 10.3 ) 

where the quantity Ni N1N2[ ] is physically equivalent to the quantity Γi
1,2 , which is the relative 

Gibbsian interfacial excess of element i with respect to components 1 and 2 and  is the 

quantity of a species i in phase j (j = α or β). Our development of equation (10.3) is presented in 

Appendix D. We emphasize that the quantity 

Ni
j

Ni N1N2[ ] is independent of the placement of the 

layer boundaries (assuming the layer is thick enough to encompass the entire interface), whereas 
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]the quantities , , and  are dependent on the thickness of the layer. Since 

equations (10.1) and (10.3) are physically equivalent, we use the notations  and  to 

denote the relative interfacial excess. 

Ni[ ] N1[ ] N2[

Γi
relative Γi

1,2

  As noted by (Lupis, 1983) and later emphasized by (Hellman & Seidman, 2002) the 

approach of (Cahn, 1979) does not apply to curved interfaces. The formalism was extended to 

interfaces of arbitrary curvature by (Hellman, et al., 2000; Hellman & Seidman, 2002), thereby 

allowing determination of the quantity Ni[ ]for non-planar interfaces, such as spherical or rod-

shaped precipitate/matrix heterophase interfaces. 

  To determine the quantity  within a delineated layer a similar approach to equation 

(10.2) is utilized for each element found enhanced at the homphase or heterophase interface and: 

Ni[ ]

Ni[ ]= ρΔx cm
i

m=1

q

∑ ;          ( 10.4 ) 

where the sum is over q proxigram concentration data points within the layer. Unlike equation 

(10.2) the Gibbs dividing surface is not utilized and the actual layer amount per unit area of 

interface of each element i is calculated. 

10.2.6 Umantsev’s Interfacial Excess Value 

  The relative adsorption of an element i at either a homphase or heterophase interface with 

respect to component 1 is denoted (Umantsev, 2001a; Umantsev, 2001b): 

Γi
1 = ρi − ρi

α − ρ1 − ρ1
α( ) ρi[ ]

ρ1[ ]
⎧ 
⎨ 
⎩ 

⎫ 
⎬ 
⎭ 

dx
α

β

∫ ;        ( 10.5 ) 

where ρi is the atomic density of element i, ρ1 is the atomic density of component 1, the quantity 

ρi[ ]≡ ρi
β − ρi

α  for a species i, ρi
j is the atomic density of a species i in phase j (j = α or β), and 
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the integral’s limits are for the phases α and β adjacent to the interface. Equation (10.5) has 

the property that at either limit of integration, the quantity Γi
1 is equal to zero. Therefore, 

equation (10.5) yields only the relative excess of element i within the homphase or heterophase 

interface, which is also independent of the size of the system. The limits of integration can be 

arbitrarily chosen provided the two limits are sufficiently within the adjacent phases, α and β, to 

encompass completely the interface. The quantity Γi
1 is the relative interfacial excess of element i 

with respect to component 1 and is not physically equivalent to the quantity Γ . We note that by 

definition, Umantsev’s formalism allows only for one solvent but any number of solute elements. 

i
1,2

  When applied to APT data and the proxigram, equation (10.5) becomes a summation 

over the r discrete concentration data points within the limits of integration and is given by: 

Γi
1 = Δx ρi

m − ρi
α − ρ1

m − ρ1
α( ) ρi[ ]

ρ1[ ]
⎧ 
⎨ 
⎩ 

⎫ 
⎬ ;       ( 10.6 ) 
⎭ m=1

r

∑

where the atomic density of an element i is given by: 

ρi
m = ρcm

i .           ( 10.7 ) 

Analogous to the approach of (Hellman, et al., 2000; Hellman & Seidman, 2002), use of the 

proxigram extends equation (10.5), which is one-dimensional and therefore assumes a planar 

interface, to interfaces of arbitrary curvature. 

  For the HSLC steel, the value of ρ and Δx in equations (10.2), (10.4), (10.6), and (10.7) 

are 84.3 atoms nm-3 and 0.25 nm, respectively. In equations (10.1), (10.3), and (10.6) Fe is taken 

as component 1 and Cu is taken as component 2. The crosshatched areas in Figs. 10.2(a) through 

10.2(f) are a graphical representation of the Gibbsian interfacial excess for the individual 
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elements with ξ placed arbitrarily at the origin of the proxigram. As noted, the location of the 

Gibbs dividing surface within the interface does not affect the values of the relative Gibbsian  

 

Figure 10.2 Proxigram concentration profiles for (a) Fe, (b) Cu, (c) Al, (d) Ni, (e) Mn, and (f) Si 
for the Cu-rich precipitates found within the HSLC steel (Fig. 10.3) with respect to a 10 at. % Cu 
isoconcentration surface. The Gibbs dividing surface is delineated at the origin. The crosshatched 
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areas are a graphical representation of the Gibbsian interfacial excesses at the 
precipitate/matrix heterophase interfaces. The layer width is delineated by the arrow, which is 
utilized in Cahn’s formalism. 

 
interfacial excess. The arrow in Fig. 10.2 with boundaries marked at -6.375 nm and 4.375 nm 

delineate the layer in Cahn’s formalism. The layer boundaries are placed within the Fe plateau 

region of the matrix phase, which is discussed in detail below, and within the Cu-rich precipitate 

core, encompassing the entire interface. The limits of integration in Umantsev’s approach are 

also placed within the plateau region of the matrix phase and at the right-most data point of the 

precipitate core located at 4.875 nm. 

10.3 Results and Discussion 

10.3.1 Multicomponent Fe–Cu Based Steel 

A visual reconstruction displaying the positions of the Cu atoms, allowing visual detection of 

the Cu-rich precipitates in the HSLC steel is presented in Fig. 10.3(a). The 10 at. % 

isoconcentration surfaces delineating the Cu-rich precipitates are seen in Fig. 10.3(b). 

 The proxigram concentration profiles with respect to the 10 at. % Cu isoconcentration 

surfaces are displayed in Figs. 10.2(a) through 10.2(f), where positive values along the abscissa 

are distances into the precipitates and negative values are distances into the matrix. A distinct 

enhancement of Ni, Al, and Mn at the heterophase interface is recognizable, with peak 

concentrations of 22.1 ± 0.8 at. % for Ni3 and 21.2 ± 0.8 for Al found at a distance of 0.875 nm, 

where the error4 is ± 2σ  and is based on counting statistics5. The peak concentration of Mn is 

                                                 
3 All concentrations are hereafter reported in at. % unless otherwise noted. 
4 All reported errors are ± 2σ , where σ is one standard deviation in the mean. 
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3.3 ± 0.4 located at a distance of 0.625 nm. The observed segregation of Ni, Al, and Mn is 

non-monotonic (confined), whereas the observed segregation of Fe, Cu, and Si is monotonic. 

 

Figure 10.3 (a) The positions of the Cu atoms in an APT reconstruction. The remaining atoms 
are not shown for clarity. (b) The precipitates are delineated using a 10 at. % isoconcentration 
surface. 

 
 As Tables 5.1 and 5.2 demonstrate, the precipitate core is almost pure Cu (97.1 ± 0.8) 

with concentrations of Fe (0.3 ± 0.2), Al (1.2 ± 0.4), Ni (0.7 ± 0.4) and Mn (0.8 ± 0.4). The Mn 

concentration, however, is still enhanced in the core relative to the nominal and matrix 

                                                                                                                                                             

σ i =
1− ci( )ci

NTOT

5 One standard deviation for a chemical species i is based on counting statistics and is given by 

, where σ is standard deviation, ci is concentration in atomic fraction, and NTOT is 

the total number of atoms at a data point. 
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compositions, whereas Si is completely depleted within the core. Carbon and Nb are not 

detected within the precipitate core. 

 In this investigation the plateau points away from the interface yield the matrix far-field 

concentrations (Sudbrack, 2004; Sudbrack, et al., 2004), where the plateau region of the 

proxigram is delineated by utilizing the Fe concentration profile as a fiducial marker. Only data 

points found within the flat region of the profile, a minimum of 1.5 nm away from the interface 

and with ± 2σ < 0.4 at. %, are included. The α-Fe matrix is enriched in Fe (95.1 ± 0.04) and Si 

(1.3 ± 0.02) but depleted in Cu (0.2 ± 0.008), Ni (2.3 ± 0.02), Al (0.7 ± 0.01), and Mn (0.3 ± 

0.008) due to precipitation and interfacial segregation. Niobium is not detected within the matrix, 

while C (0.03 ± 0.002) is detected at a reduced concentration when compared to the nominal 

value. In the ferritic HSLC Fe–Cu based steels that we study, Nb is not generally detected by 

APT due to the existence of NbC carbides at a smaller number density (≤ 1021 m-3) than the Cu-

rich precipitates (ca. 1023 to 1024 m-3) (Gagliano & Fine, 2001; Gagliano & Fine, 2004). 

Similarly, C is detected at lower concentrations within the α-Fe matrix due to the presence of 

NbC carbides, Fe3C carbides (Isheim, et al., 2006b), and segregation at grain boundaries (Isheim, 

et al., 2006b). 

 We utilize the core and matrix concentrations from Tables 5.1 and 5.2 to define the 

concentrations c  for i = Ni, Al, Mn, Si, Cu and Fe in the Cu-rich precipitate phase (j = β) and 

the α−Fe matrix (j = α) in equation (10.1) and 

i
j

ck
i  for i = Ni, Al, Mn, and Si in equation (10.2). 

We also utilize the core and matrix data points to determine the quantities N  for h = Ni, Al, Mn, 

Si, Cu and Fe in the β- and α-phases of equation (10.3). Additionally, the core and matrix data 

i
j
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points are utilized to determine the quantities ρi

j and ρ1
j within phase j = α or β of equation 

(10.5). Examples of each methodology are delineated in Appendix D. 

 Following the formalism of Gibbs, the results for the quantity Γi
Fe,Cu  for i = Ni, Al, Mn, 

and Si when the Gibbs dividing surface is located at the origin of the proxigram is presented in 

Table 10.1. Significant positive relative Gibbsian interfacial excesses with respect to Fe and Cu 

exist for all four elements. The value of Γi
Fe,Cu  is the largest for Ni (46.6 ± 3.0 atoms nm-2), 

followed by Al (46.2 ± 3.2 atoms nm-2), Mn (7.4 ± 1.4 atoms nm-2), and then Si (1.3 ± 1.0 atoms 

nm-2), where the error is based on counting statistics. Movement of ξ to near the mean 

concentration (48.7 at. %) of Cu in the α-matrix and β-precipitate phases (ξ at 1.5 nm) does not 

change the quantity Γ  for any of the four elements. i
Fe,Cu

Table 10.1 Comparison of relative interfacial excesses in the HSLC steel utilizing the formalisms 
of Gibbs and Cahn. 

  Gibbs' Formalism Cahn's Formalism 

Γi
FeCu (atoms nm-2) 

Gibbs dividing 
surface (ξ) 
placed at 
origina

Gibbs dividing 
surface (ξ) 

placed at 1.5 
nma

Layer 
designated 

from -6.375 to 
4.375 nmb

Layer 
designated 

from -6.625 to 
4.625 nmb

Ni 46.6 ± 3.0 46.6 ± 3.0 46.7 ± 4.0 46.7 ± 4.4 
Al 46.2 ± 3.2 46.2 ± 3.2 46.1 ± 3.6 46.2 ± 4.0 
Mn 7.4 ± 1.4 7.4 ± 1.4 7.5 ± 2.2 7.4 ± 2.4 
Si 1.3 ± 1.0 1.3 ± 1.0 1.4 ± 1.0 1.3 ± 1.0 

aGibbs dividing surface placement is in reference to origin of proxigram in Fig. 10.2. 
bLayer boundary placement is in reference to origin of proxigram in Fig. 10.2. 

 
 

 Applying Cahn’s approach to extract the quantity Γi
Fe,Cu  for i = Ni, Al, Mn, and Si yields 

46.7 ± 4.0 atoms nm-2 for Ni, 46.1 ± 3.6 atoms nm-2 for Al, 7.5 ± 2.2 atoms nm-2 for Mn, and 1.4 

± 1.0 atoms nm-2 for Si (Table 10.1). Movement of the layer boundaries by 0.25 nm into the α-
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Fe matrix (α-phase) and the Cu-rich precipitate (β-phase) phases creates a larger layer width 

of -6.625 nm to 4.625 nm. The quantity Γi
Fe,Cu  changes by less than 0.1 atoms nm-2 for the four 

elements, which is within the defined experimental error. There is also a small difference in the 

error for three of the values of , due to a greater statistical uncertainty of the concentration 

data points near the center of the Cu-rich precipitate phase, because the smaller number of atom 

counts in the bins at this location results in larger error bars. 

Γi
Fe,Cu

 Following Umantsev’s approach we extract the quantities Γi
1 = Γi

Fe  for i = Ni, Al, Mn, Si, 

and Cu and also Γ  for i = Ni, Al, Mn, Si, and Fe. As Table 10.2 demonstrates, significant 

positive relative interfacial excess values exist with respect to Fe for Ni (45.5 ± 6.2 atoms nm

i
1 = Γi

Cu

-2), 

Al (45.6 ± 5.8 atoms nm-2), Mn (6.8 ± 3.2 atoms nm-2), whereas significant negative relative 

interfacial excess value exists for Cu (-99.6 ± 5.8 atoms nm-2). Silicon demonstrates an excess of 

1.3 ± 2.6 atoms nm-2. Significant positive relative interfacial excess values exist with respect to 

Cu for Ni (43.9 ± 6.2 atoms nm-2), Al (46.1 ± 5.8 atoms nm-2) and Mn (7.2 ± 3.2 atoms nm-2), 

while significant negative excess values exist for Fe (-97.4 ± 7.0 atoms nm-2). The quantity ΓSi
Cu  

is equal to 0 ± 2.8 atoms nm-2, giving neither a positive nor a negative relative interfacial excess. 

Table 10.2 Relative interfacial excesses in the HSLC steel utilizing Umantsev’s formalism. 

  Umantsev's Formalism 
  Γi

Fe (atoms nm-2) Γi
Cu (atoms nm-2) 

Ni 45.5 ± 6.2 43.9 ± 6.2 
Al 45.6 ± 5.8 46.1 ± 5.8 
Mn 6.8 ± 3.2 7.2 ± 3.2 
Si 1.3 ± 2.6 0.0 ± 2.8 
Cu  -99.6 ± 5.8  -  
Fe  -  -97.4 ± 7.0 
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 The large negative values for ΓCu
Fe  and ΓFe

Cu , which are similar, are a result of the 

insolubility of Cu in Fe at temperatures below the γ-austenite to α-ferrite transition temperature, 

857 °C (Murray, et al., 1986). At the 1024 h aging time investigated, Cu partitions almost 

completely to the precipitate phase, while Fe partitions almost completely to the matrix phase. 

The insolubility of Cu in Fe and the long aging time investigated also accounts for the similar 

values for  and  for i = Ni, Al, and Mn, which segregate to the precipitate/matrix 

heterophase interfaces. The relative interfacial excess values, 

Γi
Fe Γi

Cu

ΓSi
Fe  and ΓSi

Cu , are not similar since 

Si is enriched within the matrix phase and depleted within the precipitate phase. The quantities 

 and Γ  indicate that Si is possibly enhanced at the interface with respect to Fe but is neither 

enhanced nor depleted with respect to Cu. 

ΓSi
Fe

Si
Cu

 The relative interfacial excesses, Γi
Fe,Cu  for i = Ni, Al, Mn, and Si following the 

approaches of Gibbs and Cahn are equal, within the prescribed error. We emphasize this must be 

the result since, as noted previously, the two formalisms are physically equivalent (Cahn, 1979; 

Sutton & Balluffi, 1996). Movement of the Gibbs dividing surface does not change the values of 

the relative Gibbsian interfacial excesses for Ni, Al, Mn, and Si, which must be invariant 

quantities within the theory of the thermodynamics of interfaces. Similarly, movement of the 

layer boundaries in Cahn’s approach also does not change the values of the relative interfacial 

excesses within the prescribed statistical error. If such an operation results in a change to the 

quantities  the originally delineated layer is not wide enough, meaning the layer does not 

fully encompass the entire region influenced by the heterophase interface. 

Γi
Fe,Cu

Comparison of the quantities Γ  following the formalisms of Gibbs and Cahn to the 

quantities  and  following Umantsev’s formalism is not a direct one. The former are 

i
Fe,Cu

Γi
Fe Γi

Cu
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relative to the components Fe and Cu in the adjacent α-Fe matrix and Cu-rich precipitate 

phases, whereas the latter is relative to either only Fe or Cu. The results for Ni, Al, and Mn are, 

however, very similar since the adjacent phases are almost elemental Fe or Cu at the 1024 h 

aging time investigated. The result for ΓSi
Fe,Cu  is similar to ΓSi

Fe  but not to ΓSi
Cu . 

 In context of APT data and the proxigram, the formalisms of Cahn and Umantsev are 

only slightly easier to apply, than that of Gibbs. Irrespective of the pedagogical differences 

between the formalisms, equations (10.4) and (10.6) consider only the actual layer quantities at 

each data point within the proxigram. Division of the interface into the matrix and precipitate 

sides is not required. Equation (10.2), however, requires a distinction to be made. Although as 

discussed above, movement of the Gibbs dividing surface within the interface has no effect on 

the resulting interfacial excess values. The difference is primarily in the effort required for 

calculating the results. 

10.4 Summary and Conclusions 

 We present methodologies, following the dividing surface construct approach of Gibbs, 

Cahn's layer formalism, and Umantsev's recent continuum framework, for determining Γi
relative  

from atom-probe tomography data, for preciptate/matrix heterophase interfaces in 

multicomponent alloys. We demonstrate the procedures on a multicomponent Fe–Cu based steel 

and also a model Ni–Cr–Al–Re superalloy, see Appendix D, and compare the results.  

1. For the steel, significant positive Γ  exists for Ni (46.6 ± 3.0 atoms nmi
Fe,Cu -2), Al (46.2 ± 3.2 

atoms nm-2), Mn (7.4 ± 1.4 atoms nm-2), and Si (1.3 ± 1.0 atoms nm-2) employing Gibbs’ 

formalism. Movement of the Gibbs dividing surface within the interfacial region does not change 

the quantities Γ  for i = Ni, Al, Mn, or Si. i
Fe,Cu
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2. For the steel, significant positive Γ  exist for Ni (46.7 ± 4.0 atoms nmi

Fe,Cu -2), Al (46.1 ± 3.6 

atoms nm-2), Mn (7.5 ± 2.2 atoms nm-2), and Si (1.4 ± 1.0 atoms nm-2) following Cahn’s 

formalism. Movement of the layer bounds further into the α-Fe matrix or the Cu-rich precipitate 

phases does not change the quantities Γi
Fe,Cu  for i = Ni, Al, Mn, or Si, within the prescribed error. 

3. For the steel, significant positive Γ  is found for Ni (45.5 ± 6.2 atoms nmi
Fe -2), Al (45.6 ± 5.8 

atoms nm-2), Mn (6.8 ± 3.2 atoms nm-2), whereas a significant negative relative excess value 

exists for Cu (-99.6 ± 5.8 atoms nm-2) following Umantsev’s framework. Silicon has an excess 

value of 1.3 ± 2.6 atoms nm-2. Significant positive Γi
Cu  for Ni (43.9 ± 6.2 atoms nm-2), Al (46.1 ± 

5.8 atoms nm-2) and Mn (7.2 ± 3.2 atoms nm-2), while significant negative excess exists for Fe (-

97.4 ± 7.0 atoms nm-2). The quantity ΓSi
Cu  is equal to 0 ± 2.8 atoms nm-2, giving neither a positive 

nor negative relative excess. 

4. For the model Ni-based superalloy (see Appendix D), the quantity Γi
Ni,Al  for i = Cr and Re is 

3.0 ± 3.8 atoms nm-2 and 0.0 ± 3.2 atoms nm-2 following the formalism of Gibbs. This is 

equivalent to 3.1 ± 3.0 atoms nm-2 for Cr and 0.3 ± 1.7 atoms nm-2 for Re obtained following 

Cahn’s formalism. 

5. For the steel, the quantities Γi
Fe,Cu following the formalisms of Gibbs and Cahn are similar to 

the quantities Γ  and  following the formalism of Umantsev for i = Ni, Al, and Mn. When i 

= Si the value of Γ  is similar only to the value of 

i
Fe Γi

Cu

i
Fe,Cu Γi

Fe , since Si partitions to the α-Fe matrix 

phase, demonstrating monotonic segregation. 

6. For the model Ni–Cr–Al–Re alloy (see Appendix D), the quantities Γi
Ni,Al  following the 

formalisms of Gibbs and Cahn are not similar to the quantities Γi
Ni  and Γi

Al  following the 
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formalism of Umantsev for i = Cr and Re because the constituent elements are partitioned to 

either the precipitate or matrix phases, exhibiting monotonic segregation. 

7. The relative interfacial excess values following the formalisms of Gibbs and Cahn are equal 

for both the Fe–Cu based steel and Ni-based superalloy, within the prescribed error. 

8. The results presented in this article represent the first time that formalisms due to Gibbs, Cahn 

and Umantsev have been compared for atom-probe tomography data. The detailed comparisons 

are important for understanding how to apply the formalisms and their respective strengths and 

limitations.
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Chapter 11 Summary and Future Work 

11.1 Summary 

 The kinetics of nanoscale Cu-rich precipitates of multicomponent concentrated steels has 

been investigated utilizing primarily APT and supplemented with a synchrotron radiation 

experiment, first-principles calculations, Thermo-Calc study, and CTEM (at the longest aging 

time). Results on mechanical properties and microstructure at a greater length scale are also 

presented. The studied steels, NUCu-170 and NUCu-140-x (where –x designates the heat 

number), are HSLC steels, and are primarily strengthened by nanoscale Cu-rich precipitates. 

NUCu-170 contains 1.82 at. % Cu, whereas NUCu-140-x contains nominally ca. 1.15 at. % Cu. 

This study focused on a 900 °C solutionizing treatment followed by isothermal aging at 500 °C 

between 0.25 and 1024 h for NUCu-170 and NUCu-140-1, and aging at 550 °C between 0.25 and 

4 h for NUCu-140-3. In addition, a double aging treatment of 550 °C aging followed by 200 °C 

for 2 h was investigated for NUCu-140-3. The principle results are summarized below. 

 

1) Aging at 550 °C yields better impact toughness and lower yield strength, whereas aging at 500 

°C gives higher yield strength but lower impact toughness. The good impact toughness results 

from a combination of coarsening of the Cu-rich precipitates, grain refinement due to Nb and Al 

additions, the presence of acicular ferrite, and irregular morphology of the polygonal and bainitic 

ferrite. Additional aging at 200 °C at 2 h for NUCu-140-3 aged at 550 °C yields hardness and 

yield strength increases with little change in Charpy V-notch absorbed impact energy values at -

40 °C. 
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2) During aging to 1024 h, Cu partitions to the precipitate cores, whereas Ni, Al, and Mn 

partition to the precipitate and α-Fe matrix heterophase interfaces, and Fe and Si partition to the 

α-Fe matrix. 

 

3) At 1024 h of aging for NUCu-170 and NUCu-140-1, the Cu-rich precipitates are almost 

completely, but not 100 at. %, Cu. The α-Fe matrix is enriched in Fe and Si but depleted in Cu, 

Ni, Al, and Mn. Qualitatively similar segregation of elements is observed for both aging 

treatments of NUCu-140-3 at the aging times studied. 

 

4) During aging the Ni:Al:Mn stoichiometric ratio at the heterophase Cu-rich precipitate and α-

Fe interfaces is observed to evolve temporally for all alloys studied. At 1024 h the ratio of 

Ni:Al:Mn is equal to 0.51:0.41:0.08 at 1024 h for NUCu-170. The ratios for NUCu-140-1, at 

1024 h, are similar but not exactly the same. 

 

5) The segregation of Ni, Al, and Mn at the heterophase interfaces reduces the interfacial energy 

significantly. The observed, Ni, Al and Mn segregation is identified as the B2 structure in 

NUCu-170 aged for 1024 h, utilizing the Advanced Photon Source (APS), Argonne. 

Furthermore, Mn is demonstrated, by first-principles calculations, to prefer substitution at Al 

sublattice sites.  

 

6) The growth and coarsening kinetics of the Cu-rich precipitates are shown not to satisfy strictly 

the temporal dependencies for mean radius, R t( ) ; number density, NV t( ); and matrix (mat.), 
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precipitate (ppt.), and interface (int.) supersaturations, ΔCi

j t( ), of an element i in phase j (j = 

mat., ppt., and int.) as determined by the Lifshitz–Slyzov–Wagner (LSW) model (Lifshitz & 

Slyzov, 1961; Wagner, 1961) for coarsening, modified for concentrated multicomponent alloys 

by Umantsev and Olson (UO) (Umantsev & Olson, 1993). For NUCu-170, the temporal 

dependency for R t( )  agrees with the 1/3 model prediction only at aging times greater than 64 

h, whereas the exponent for  is less than the -1 model prediction, even at long aging times. 

The temporal dependencies for supersaturations agree only for Fe within the α-Fe matrix. For 

NUCu-140-1, the temporal dependency for 

NV t( )

R t( )  agrees with the 1/3 model prediction only at 

aging times greater than 64 h, whereas the exponent for NV t( ) is less than the -1 model 

prediction, even at long aging times. Significant deviation is observed for the Δ  temporal 

dependencies. For NUCu-140-3, the temporal dependency for 

Ci
j t( )

R t( )  is in approximate 

agreement with the UO model value of 1/3, for both thermal treatments. The temporal 

dependencies for  are less than the UO model prediction of -1 and indicate a slower rate of 

coarsening. The dependencies, however, are greater than that found for NUCu-170 and NUCu-

140-1, even at long aging times. 

NV t( )

 

7) The rodlike precipitates observed by APT and TEM at 1024 h possess the Kurdjumov–Sachs 

orientation relationship. The morphology is affected by both elastic strain energy and interfacial 

energy and the presence of the Ni0.5(Al0.5-xMnx) phase.  
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8) The equilibrium concentrations of the precipitate phase, as determined by APT, do not 

match those predicted by Thermo-Calc. Reasonable agreement exists for the α-Fe matrix phase. 

The observed differences are a result of limitations of the utilized SGTE database. 

 

 

9) The significant differences between the experimentally determined results and the UO model 

predictions are due to violations of the assumptions of the model, which affect the growth and 

coarsening behavior of the precipitates. The morphology of the precipitates become rodlike at 

longer aging times and are affected by elastic strain energy, the composition of the Cu-rich 

precipitates evolve temporally, a Ni0.5Al0.5-xMnx phase forms at the heterophase interfacial 

region, the precipitates are known to change phase, and the system has not achieved a stationary 

state. 

 

10) The nucleated Cu-rich precipitates observed at grain boundaries (GBs) and Fe3C and NbC 

carbides are found to be possess on average, larger radii than homogeneously distributed 

precipitates for the same aging temperature and time. In addition, the heterogeneously nucleated 

precipitates are larger in radii than ones found in the α-Fe matrix of the same analyzed volume. 

This difference in radii and compositional variation of the Cu-rich precipitates suggest that the 

larger ones are coarsening (Ostwald ripening) at the expense of the smaller precipitates. 

 

11) Methodologies following the dividing surface construct approach of Gibbs (Gibbs, 1961), 

Cahn's layer formalism (Cahn, 1979), and Umantsev's recent continuum framework (Umantsev, 

2001a; Umantsev, 2001b), for determining the relative interfacial excess, Γi
relative , from atom-
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probe tomography data, for precipitate/matrix heterophase interfaces in multicomponent 

alloys are presented. The procedures are demonstrated on NUCu-170 aged for 1024 h and also a 

model Ni–Cr–Al–Re superalloy. The relative interfacial excess values following the formalisms 

of Gibbs and Cahn are equal for both the Fe–Cu based steel and Ni-based superalloy, within the 

prescribed error. Movement of the Gibbs dividing surface within the interfacial region or the 

layer bounds further into the α-Fe matrix or the Cu-rich precipitate phases does not change the 

results for Γ . i
relative

 

11.2 Future work 

 Attaining higher impact toughness values with comparable yield strengths measured for 

NUCu-140-3 (double aging treatment) at reduced aging times would be of great commercial 

interest. Isochronal aging experiments between 550 and 700 °C at aging times between 0.08 and 

1 h followed by a double aging treatment would establish commercially feasible thermal 

treatments. Additional CVN impact testing is also needed to accurately determine the DBTT. 

 Further investigation regarding nucleation at times between the as quenched condition 

and 0.25 h would be of interest for all three steels. Existing results, which are primarily based on 

SANS, are not complete and at times contradictory. 

 Isothermal aging at 550 °C to 1024 h for NUCu-140-3 would produce more accurate 

extrapolation of equilibrium concentrations and better values for ΔCi
j t( ). Additionally, 

significantly more results are published at 500 rather than 550 °C aging. 
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 Investigation, by first-principles calculations, of the interfacial energy of the sides and 

ends of the rodlike precipitates at 1024 h would yield more definitive values for interfacial 

energy. 

 Further study of the Cu-rich precipitates heterogeneously nucleated at GBs and Fe3C and 

NbC carbides is needed. These precipitates clearly have an impact on the Ostwald ripening of the 

Cu-rich precipitates found within the α-Fe matrix. In addition investigation of the growth and 

coarsening kinetics of the NbC carbides by APT would lead to further understanding of their 

behavior. 
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Appendix A Comparison of compositional and morphological atom-probe 

tomography analyses for a multicomponent Fe–Cu steel 

A.1 Introduction 

 Analysis of atom-probe tomographic (APT) data has historically been time intensive and 

often involves customized software that provides visual reconstructions, concentrations, 

morphologies, and positional analyses of internal features, such as clusters or precipitates. While 

the desired results are the same, the applied methodologies are often quite different. Commonly 

used methods to study precipitation in APT datasets include volumetric searches, compositional 

thresholds, searches for clusters of atoms based on a separation distance(s), and radial 

distribution functions (RDFs), which each have their own advantages and disadvantages and 

provide different quantitative results (Hellman, et al., 2000; Hyde & English, 2000; Miller, 

2000a; Al-Kassab, 2002; Hellman, et al., 2002a; Heinrich, et al., 2003; Hellman, et al., 2003; 

Vaumousse, et al., 2003; Miller & Kenik, 2004; Vurpillot, et al., 2004; de Geuser, et al., 2006; 

Sudbrack, et al., 2006a).  

 Note the terms cluster and precipitate possess distinct physical meanings within the 

discipline of physical metallurgy in terms of nucleation, growth, and coarsening models in a 

multi-phase multicomponent system (Christian, 2002). A cluster refers to an agglomeration of 

atoms forming as a result of random solid-state concentration fluctuations. At a critical 

dimension, which is a function of the net reversible work to make a nucleus, the cluster becomes 

stable and it is denoted a nucleus and this is a precipitate. An unstable cluster is denoted an 

embryo. A nucleus (precipitate) will then undergo growth and coarsening (Ratke & Voorhees, 

2002). We also note that in terms of identification of precipitates for atom-probe data the term 
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cluster also denotes a grouping of atoms that can either be a cluster or a precipitate in terms 

of nucleation, growth, and coarsening models. 

 In this investigation two different precipitate identification methodologies, the maximum 

separation distance envelope method (known as the envelope method) (Hyde, 1993; Miller, 

2000a; Miller, 2000b; Miller & Kenik, 2004), and a concentration threshold method, an 

isoconcentration surface (Hellman, et al., 2000; Hellman, et al., 2002a; Hellman, et al., 2003), 

are applied to LEAP™ tomographic data obtained from a multicomponent high-strength low-

carbon (HSLC) Fe–Cu based steel containing chemically complex precipitates (Isheim, et al., 

2006a; Isheim, et al., 2006b). This HSLC Fe–Cu based steel is being developed at Northwestern 

University for specific use as an explosion resistant steel for the U. S. Navy (Vaynman, et al., 

2004a; Vaynman, et al., 2004b; Vaynman, et al., 2006). The two methodologies are reviewed 

and the morphologies and compositions of the precipitates isolated by these two techniques are 

evaluated and compared. 

A.2 Materials and methods 

A.2.1 Alloy Details 

 A 45.5 kg (100 lbs.) heat of an HSLC Fe–Cu based steel was vacuum induction melted 

and cast at ArcelorMittal Steel Research Center, East Chicago, Indiana. The heat was hot-rolled 

to 12.5 mm (1/2 in.) thick and air-cooled. The bulk composition of this HSLC steel was 

determined by spectrographic analysis at ArcelorMittal Steel Research Center and is given in 

Table 3.1. The plates were cut into rods 12.5 mm × 12.5 mm × 250 mm using an abrasive saw 

and solutionized at 900 °C for 40 minutes and quenched into water at 25 °C. The rods were next 
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cut into 12.5 mm x 12.5 mm x 25 mm blocks, which were aged at 500 °C for 1 hour and then 

quenched into water at 25 °C. 

A.2.2 Experimental Details 

 The blocks were further reduced to 0.3 mm × 12.5 mm × 25 mm coupons and APT tip 

blanks (0.3 × 0.3 × 25 mm3) were cut from the coupons and electropolished using a two-step 

procedure (Krakauer, et al., 1990; Krakauer & Seidman, 1992). Initial electropolishing was 

performed with a solution of 10 vol. % perchloric acid in acetic acid at 15 – 10 Vdc at room 

temperature. This was followed by a manually controlled pulsed final polishing step, using a 

solution of 2 vol. % perchloric acid in butoxyethanol at 8 – 5 Vdc at room temperature producing 

a tip with a radius <50 nm. LEAP™ tomography (Bajikar, et al., 1996; Kelly & Larson, 2000; 

Kelly, et al., 2004) was performed at a specimen temperature of 50 K and at an ultrahigh vacuum 

gauge pressure of 1.  Pa (05 ×10−8 7.88 ×10−11 torr). The pulse rate was 2 ×105 Hz and the pulse-

voltage-to-standing-dc-voltage ratio (pulse fraction) was 20%. The data is analyzed using the 

Imago® Visualization and Analysis Software (IVAS®). The APT reconstruction is 50 × 48 × 24  

nm3 in volume and contains ca. 1.8 million atoms. The same atomic reconstruction was also 

imported into the Adam 1.5 program developed at Northwestern University (Hellman, et al., 

2002a) for additional analyses. 

A.2.3 Envelope Methodology 

 The maximum separation distance algorithm (Hyde, 1993) is a methodology for 

identifying precipitates in an alloy. This algorithm can be used to search for clusters of selected 
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solute atom(s)6. The basic technique is a recursive search for solute atoms based on the fact 

that the maximum separation distance, dmax, between selected solute atoms is expected to be 

closer within a precipitate than in the matrix due to a lower concentration in the latter. A second 

user-defined parameter, the minimum number of solute atoms, Nmin, defines the cluster of atoms 

as a precipitate. The specifics of this genre of algorithms have been explained in detail elsewhere 

(Hyde & English, 2000; Al-Kassab, 2002; Heinrich, et al., 2003; Kluthe, et al., 2003; Wolde-

Giorgis, et al., 2003; Miller & Kenik, 2004). The advantages of this method are the ease of 

automation, the ability to analyze very small precipitates, even ≤ 1.5 nm radius (Al-Kassab, 

2002), and analysis of precipitates independent of their morphology. This method has, however, 

four major disadvantages: (a) it cannot easily define the precipitate/matrix heterophase interface 

and may include matrix atoms as part of a precipitate; (b) in cases where the partitioning ratio of 

solute atoms is close to unity, that is, the solute atoms do not segregate strongly to either the 

precipitate or matrix, such as occurs in some Ni–Cr–Al alloys (Sudbrack, 2004; Yoon, 2004), the 

technique would not successfully identify the precipitates; (c) it is sensitive to variations in local 

detection efficiency; and (d) this method, like others, is sensitive to the parameters chosen by the 

investigator. 

 The envelope method (Miller, 2000a; Miller, 2000b; Miller & Kenik, 2004), which is 

implemented in IVAS® by Imago Scientific Instruments, extends the functionality of the 

maximum separation distance algorithm by defining a third parameter, the grid spacing. The grid 

spacing permits a three-dimensional grid to be overlaid on the data. Grid cells with solute atoms 

contained in a precipitate are marked as part of the envelope. Unmarked cells within the 

 
6 Atom-probe tomography detects only ions, however in this article we refer to all detected ions 
as atoms. 
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envelope boundaries are then included, delineating the precipitate. In this manner all 

elements in the precipitate, whether marked by the maximum separation distance algorithm or 

not, are included in the precipitate and analyses of composition and morphology can then be 

made.  

 The quantities dmax and Nmin are clearly critical for defining properly precipitate 

morphology and composition (Miller, 2000b; Al-Kassab, 2002; Vaumousse, et al., 2003; Miller 

& Kenik, 2004). The values of both parameters can be chosen relative to the solute concentration 

of the system, the lattice interplanar spacing, the composition of the precipitates, and the 

efficiency of the multi-channel plate detector used in the LEAP™ tomograph. The quantity dmax 

must be chosen carefully as too large a value results in solute atoms from the matrix being 

incorrectly assigned to a cluster of atoms. The cluster of atoms therefore appears to be larger 

than its actual size or adjacent clusters may be combined incorrectly into a single larger feature. 

If too small a value of dmax is chosen the cluster may be smaller than its true size or even 

artificially split into multiple smaller clusters. Vaumousse et al. give a typical range for dmax of 

0.4 – 1.0 nm (Vaumousse, et al., 2003) and Miller suggests a range of 0.3 – 0.7 nm  (Miller & 

Kenik, 2004).  A reasonable value for dmax can be found by plotting the number of clusters of the 

selected solute atoms, as a function of the distance dmax between solute atoms. A second 

methodology is to compare the number of clusters in the specimen with that from computer 

simulations or actual random solid solutions with the same bulk chemical composition as the 

aged material (Miller, 2000b; Vaumousse, et al., 2003; Miller & Kenik, 2004). Such simulations 

though are difficult to perform for commercial alloys with many components as opposed to 

model alloys with 2 to 4 components. 
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 The quantity Nmin defines the minimum precipitate size and is used to eliminate 

clusters of atoms that are not delineated as precipitates. The value of Nmin is dependent on the 

choice of dmax. For example, when dmax is too large all atoms in the dataset would form a single 

large feature. Vaumousse et al. offer a typical range of 10 – 30 atoms for Nmin (Vaumousse, et 

al., 2003). A reasonable value for Nmin can be found by plotting the distribution of clusters as a 

function of the number of solute atoms for a given value of dmax. An approach for more complex 

alloys is to include all atoms found in the clusters defined by dmax. One can also compare the 

number of clusters in the specimen with that from computer simulations or actual random solid 

solutions with the same bulk chemical composition as the aged material (Miller, 2000b; 

Vaumousse, et al., 2003; Miller & Kenik, 2004). 

A.2.4 Isoconcentration Surface Methodology 

 A concentration threshold method, an isoconcentration surface, is implemented in the 

Adam 1.5 analysis software program (Hellman, et al., 2000; Hellman, et al., 2002a; Hellman, et 

al., 2003). Rather than using a maximum separation distance to identify the solute atoms 

anticipated to be found within a precipitate, the precipitates are defined using a concentration 

threshold, , based upon the fact that the concentration of the solute atoms within a 

precipitate is greater than in the matrix. This methodology successfully delineates precipitates 

with almost any compositional variation and morphology, independent of its concavity or 

convexity. This method also has the advantage of identifying early-stage phase separation or 

nucleation, with nuclei as small as 0.45 nm being observed (Sudbrack, 2004; Sudbrack, et al., 

2006a; Sudbrack, et al., 2006b; Sudbrack, et al., 2007; Yoon, et al., 2007a; Yoon, et al., 2007b). 

The technique has three major disadvantages: (a) the precipitate dimensions and number density 

c threshold
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are sensitive to the choice of the quantity ; (b) the choice of user-defined parameters 

affects both positional values of the isoconcentration surfaces and statistical error; and (c) 

possible convolution of small precipitates located close to large precipitates. 

c threshold

 To define properly the isoconcentration surfaces the user must carefully choose the 

quantity c . The selected value must generate morphologically stable results; meaning small 

changes in the quantity c  should not significantly vary the number of precipitates or their 

dimensions. If too small a value is chosen for  the precipitates may be larger than their 

true size and if too great a value is chosen for c  the precipitates may be smaller than their 

true size. The selection of the threshold concentration value is dependent upon the system 

studied and composition of the precipitates. 

threshold

threshold

c threshold

threshold

 The isoconcentration surfaces defining each precipitate are generated employing a 

concentration space. The specifics of a concentration space are explained in detail elsewhere 

(Hellman, et al., 2000; Hellman, et al., 2002a; Hellman, et al., 2003). To create the concentration 

space, however, the user must define the three-dimensional grid spacing, the smoothing transfer 

function, the delocalization distance and the confidence sigma value. The selection of grid 

spacing involves a trade off between positional error and statistical error; too coarse a grid results 

in positional error at the interface, while too fine a grid results in higher statistical error 

(Hellman, et al., 2000). Hellman et al. suggest using a grid spacing of 1 – 3 nm (Hellman, et al., 

2000). Each atom within the analyzed volume contributes to the concentration at a grid point 

dependent upon the choice of smoothing transfer function and the delocalization distance. A 

commonly used transfer function is the Gaussian-like spline function whose details are given 

elsewhere (Hellman, et al., 2003). The selection of a transfer function width must be balanced 

with the choice of grid spacing. A narrow transfer function will produce poor statistics, while a 
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wide transfer function will result in positional error (Hellman, et al., 2000). The 

delocalization distance is chosen to spread the contribution of each atom to adjacent grid points, 

effectively smoothing the data and improving the statistical error. A typical ratio of 2:1 to 4:1 for 

delocalization distance to grid spacing is utilized. Lastly, the confidence sigma value is chosen 

giving isoconcentration surfaces with a defined statistical uncertainty (Hellman, et al., 2003). 

Once the concentration space is created the user can select the quantity c  generating the 

isoconcentration surfaces identifying the precipitates. 

threshold

A.2.5 Morphological Analysis 

Volume Equivalent Radius of a Sphere 

  The volume of a precipitate can be estimated from, 

Vprecipitate =
Natoms

ρη
;           ( A.1 ) 

where Natoms is the number of atoms within the precipitate, ρ, is the theoretical atomic density 

and is equal to 84.3 atoms nm-3 for this HSLC Fe–Cu based steel, and η is the estimated 

detection efficiency of 0.5 of the LEAP™ tomograph’s multi-channel plate detector. The volume 

equivalent radius of a sphere, rvolume, is calculated by equating the volume of the precipitate 

determined from equation (A.1) to that of a sphere. 

Radius of Gyration 

 The radius of gyration, lg, is given by, 

lg =
miri

2

i=1

n

∑

mi
i=1

n

∑
 ;           ( A.2 ) 
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where n is the number of atoms in the precipitate, mi is the mass of an individual atom, and ri 

is the distance of an individual atom from a precipitate’s center-of-mass (COM). For precipitates 

consisting predominantly of one species this can be simplified to, 

lg =
xi − x ( )2 + yi − y ( )2 + zi − z ( )2

i=1

n

∑
n

;        ( A.3 ) 

where x , y , and z  define the COM of a precipitate (Miller, 2000a; Miller & Kenik, 2004). The 

quantity lg represents a physical dimension but by definition it does not represent the actual 

physical extent of a precipitate. Therefore the quantity lg underestimates the dimension of a 

precipitate. The radius of gyration though can be utilized to calculate the radius, rsphere, from, 

rsphere =
5
3

lg ;            ( A.4 ) 

which assumes the precipitate is a spherical body. 

 Guinier Radius 

 Miller suggests utilizing lg to find the Guinier radius, rG, and provides a simple 

conversion relation, rG =
5
3

lg , (Miller, 2000a; Miller, 2000b; Miller & Kenik, 2004). This 

equation does not represent an accurate physical interpretation of the data. The correct form is 

rG =
3
5

R ;            ( A.5 ) 

 where R is the radius of a spherical body (Guinier, 1963; Fultz & Howe, 2002). This simplified 

expression for rG is obtained from the Guinier approximation for the scattered X-ray or neutron 

intensity at very small angles (Guinier, 1963; Fultz & Howe, 2002). This approximation consists 

of two parts: I(0), which characterizes the total number of scattering objects, and rG, which 
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)

describes the distribution of the objects in relation to their COM and radius of gyration. 

Equation (A.5) is derived assuming the scattering objects are homogeneous spherical precipitates 

with a uniform atomic density. The Guinier radius has the same form as the quantity lg in 

Newtonian mechanics (Hibbler, 2001), thereby permitting a comparison of small-angle neutron 

scattering (SANS) data and APT data. By using the quantity rG to calculate the quantity R in 

equation (A.5), SANS data can be compared to the quantity rsphere calculated from the quantity lg 

in equation (A.4) from APT data (Hyde & English, 2000). Although, the two have the same 

form, direct comparison or conversion of the Guinier radius to the radius of gyration is not an 

accurate physical representation of the data as the former is obtained from a measurement in 

reciprocal space, while the latter is a measurement in direct space. Therefore we do not utilize 

the Guinier radius when characterizing precipitate morphology from APT data. 

Best-fit Ellipsoid Radius 

 The best-fit ellipsoid approximation algorithm (Sudbrack, 2004; Karnesky, et al., 2007) 

is implemented in IVAS® by Imago Scientific Instruments. The approximation analyzes the 

identified precipitates by utilizing an eigenvalue decomposition to approximate the morphology 

of each precipitate with a best-fit ellipsoid. This results in the major, rmajor, and two minor, rminor1 

and rminor2, ellipsoid radii for each precipitate. The ellipsoid volume and an effective ellipsoid 

radius, rellipsoid, based on a sphere of the same total volume as the ellipsoid can be calculated 

from, 

rellipsoid = rmajor( ) rmin or1( ) rmin or2(3 .         ( A.6 ) 

Additionally, the three ellipsoid radii can be used to determine the major/minor1, major/minor2, 

and the minor1/minor2 ratios. 
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Precipitate Size Distribution Functions 

 The radii of all the precipitates within the analyzed volume are used to generate scaled 

precipitate size distribution functions (PSDs) (Sudbrack, 2004; Yoon, 2004; Yoon, et al., 2007a; 

Yoon, et al., 2007b) giving the distribution of precipitate radii. The distributions are scaled such 

that the area under a distribution is equal to unity. The scaling bin width is 0.05 R/<R> and the 

error for the reported mean radii is given by the standard error of the mean. 

A.2.6 Compositional Analysis 

Radial Concentration Profiles 

 The concentration profile of an individual precipitate is characterized by a radial 

concentration profile as implemented in IVAS®. The profile is delineated from the COM to a 

distance of 5 nm utilizing a bin width of 0.1 nm. Subsequently, atoms from the first five bins 

from the COM outward are used to define the core concentrations of the precipitate improving 

the statistical error, which is determined from counting statistics7. 

Proximity Histogram Concentration Profiles 

 The proximity histogram (proxigram for short) algorithm is implemented in the Adam 1.5 

analysis software program (Hellman, et al., 2000; Hellman, et al., 2002a). The proxigram, which 

is a weighted superposition of concentration profiles, is created using the isoconcentration 

surface as a reference surface. The proxigram is generated by binning individual atoms as a 

 
7 One standard deviation for a chemical species i is based on counting statistics and is given by 

σ i =
1− ci( )ci

NTOT

, where σi is the standard deviation, ci is the concentration in atomic fraction, and 

NTOT is the total number of ions. 
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function of distance from the isoconcentration surface and normalizing each bin by the total 

number of atoms within a bin. Therefore the proxigram is a one-dimensional plot of local 

concentrations as a function of distance from the reference isoconcentration surface. The 

convention we use defines positive distances from the heterophase interface to be into the 

precipitates, while negative distances are within the matrix. The core concentrations are derived 

from the first two data points within the precipitate, meaning the two data points closest to the 

center of the precipitates, improving the statistical error. 

A.2.7 Partitioning Ratios 

 The partitioning ratios, κi, are defined by κ i = ci
p

ci
m , where c  is the concentration of 

element i in the precipitate and  is the concentration of element i in the matrix. The standard 

error for κ was determined by standard error propagation methods (Meyer, 1975) of the 

concentration errors. The partitioning ratios are derived following two methodologies. First, the 

concentrations are determined from elemental and total atom counts determined by the envelope 

algorithm. Therefore, all atoms within the precipitates and the matrix, including those at the 

heterophase interface are utilized. In the second methodology, the precipitate and matrix 

concentrations are derived from the precipitate core concentrations and the plateau data points of 

the proxigram (Sudbrack, 2004; Sudbrack, et al., 2004). Data points away from the heterophase 

interface are used to derive the matrix concentrations, where the Fe concentration profile is 

utilized as a fiducial marker to delineate the plateau region of the proxigram. Only points a 

distance greater than 1.5 nm away from the heterophase interface with a ±σ < 0.2 at. % are 

included. Therefore, atoms found within the heterophase interface are not included. 

i
p

c i
m
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A.3 Results 

 Figure A.1(a) shows a 3D reconstruction of the entire analyzed volume. Figure A.1(b ) 

shows only the positions of Cu atoms allowing visual detection of the Cu-rich precipitates. The 

precipitate labeled “A”, delineated by the envelope method is identified and discussed in greater 

depth below. Figure A.1(c) exhibits 4921 atoms in a 6 nm diameter region of interest (ROI) that 

includes the precipitate labeled “A” and the surrounding matrix. The 6 nm diameter ROI is 

greater than the precipitate dimensions. 

 

Figure A.1 (a) The analyzed volume of 50 × 48 × 24  nm3 containing ca. 1.  atoms. A 
reduced number of Fe atoms are shown for clarity. (b) Positions of Cu atoms allowing visual 
detection of the Cu-rich precipitates. The precipitate labeled “A”, which is delineated by the 

8 ×106
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envelope algorithm is identified. (c) A 6 nm diameter region of interest (ROI) of the 
precipitate labeled “A” and the surrounding matrix. The 6 nm diameter ROI contains 4921 total 
atoms. The Cu, Ni, Al, and Mn atoms are shown enhanced allowing visualization of the 
precipitate. 

A.3.1 Envelope Methodology 

 Plotting (Figure A.2) the number of clusters as a function of the maximum separation 

distance between the Cu solute atoms shows the effect of the maximum separation distance on 

cluster count. When dmax is too small the algorithm cannot identify clusters of three atoms or 

more (Nmin = 3), as the separation distance is smaller than the first nearest neighbor distance of 

the α-Fe (bcc) matrix (a = 0.287 nm). The quantity Nmin was set at an artificially low value to 

avoid excluding any possible precipitates. The number of clusters decreases as the separation 

distance approaches a local minimum at dmax ≅ 0.6 nm.  The number of clusters stays relatively 

constant as a function of the maximum separation distance from ~0.5 nm to ~0.7 nm. From ~0.7 

nm to dmax = 1.1 nm the number of clusters increases due to the presence of many clusters with 

only a few atoms. This is possibly due to diffusing solute atoms that are close to one another but 

have not yet formed a stable precipitate or to trajectory aberrations at diffuse heterophase 

precipitate/matrix interfaces.  Since most of the observed increase is due to small clusters of five 

atoms or less located away from the heterophase interfaces the first possibility is most likely. 

Also observable when dmax is in this range are clusters that are artificially combined. As dmax is 

increased beyond 1.1 nm the number of clusters drops dramatically as adjacent clusters are 

artificially combined in increasing numbers. At an extreme value of dmax all the clusters are 

artificially combined into one large feature. The local minimum value, ~0.6 nm, found in the 

curve corresponds to the correct value of dmax, since small deviations from this value do not 

affect significantly the number of clusters.  Additionally, when dmax is equal to the local 
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minimum value we do not find clusters that are artificially combined. Setting dmax = 0.6 nm 

results in 323 clusters of Cu atoms that are potential precipitates.  

 

Figure A.2 Number of clusters of Cu solute atoms as a function of maximum separation distance 
between Cu solute atoms with Nmin = 3. A local minimum is seen at ~0.6 nm. 

 
 Figure A.3 shows the distribution of clusters as a function of the number of atoms within 

a cluster when dmax = 0.6 nm. A reasonable choice for Nmin is 10 or 11 atoms, which eliminates 

clusters containing few atoms and gives a stable number of precipitates, as increasing Nmin does 

not significantly decrease the number of precipitates. When Nmin = 10 then 146 precipitates are 

delineated, whereas when Nmin= 11 then 144 precipitates are delineated giving a precipitate 

number density, NV, equal to 3.8 ± 0.5 x 1024 m-3, where the error is given by counting statistics. 

When Nmin is too small the number of delineated precipitates increases, conversely when Nmin is 

too large the number of precipitates decreases. For example, when Nmin = 5 then 169 precipitates 

are delineated and when Nmin = 30, then 125 precipitates are delineated. Choosing dmax equal to 
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0.6 nm and Nmin equal to 11 atoms results in 6809 excluded clusters containing less than the 

defined minimum number of atoms. Of these, 6750 contain three atoms or less suggesting the 

majority are random fluctuations of solute atoms. 

 

Figure A.3 Distribution of clusters as a function of all atoms within a cluster when dmax = 0.6 nm. 
The distribution is truncated at 20 atoms. 

 
 Utilizing a grid spacing of 0.2 nm allows creation of an envelope for each precipitate and 

the subsequent analysis of morphology and composition of each precipitate. We find that varying 

the grid spacing by small amounts does not affect significantly the morphological or 

compositional results. The envelope of the precipitate labeled “A” has an x-dimension of 4.6 nm, 

a y-dimension of 4.5 nm, and a z-dimension of 1.4 nm. This precipitate contains 225 Cu atoms 

and 674 total atoms giving a precipitate volume of 16.0 nm3 and a value for rvolume of 1.6 nm. The 

value for lg is equal to 1.0 nm giving rsphere equal to 1.3 nm, assuming the precipitate is a 

homogeneous spherical body. Applying the best-fit ellipsoid approximation gives rmajor equal to 
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1.89 nm, rminor1 equal to 1.47 nm, and rminor2 equal to 1.09 nm. The calculated ellipsoid 

volume is 12.7 nm3 and the calculated value for rellipsoid is equal to 1.4 nm. The three ellipsoid 

radii also give a major/minor1 ratio of 1.29, a major/minor2 ratio of 1.73, and a minor1/minor2 

ratio of 1.35. The precipitate labeled “A” has a concentration of 33.4 ± 1.8 Cu, 9.9 ± 1.2 Ni, 5.2 

± 0.9 Al, 0.44 ± 0.26 Mn, 0.6 ± 0.3 Si, and 50.4 ± 1.9 Fe (all in at. %), with the errors given by 

counting statistics. Figure A.4 displays the radial concentration profile for the precipitate labeled 

“A”. We find qualitatively the core of this precipitate is enriched in Cu, Fe, Al, and Ni while Si 

and Mn are not found within the core of this precipitate. The Cu concentration in the core is 42.3 

± 5.6 at. %, which decreases as the matrix is approached and reaches a relatively constant value 

at a distance > 2.0 nm. The Fe concentration at the core of the precipitate is 50.0 ± 5.7 at. % and 

increases toward the matrix and at ca. 2.2 nm approaches its nominal value. Nickel and Al form 

similar profiles and at the core of the precipitate possess concentrations of 6.4 ± 2.8 at. % and 1.3 

± 1.3 at. %, respectively. From ca. 0.3 to 2.1 nm an elevated concentration of Ni and Al exist 

forming a spherical shell. At a distance <0.9 nm Mn is not found. From ca. 0.9 to 2.2 nm an 

elevated concentration of Mn, forming a spherical shell overlapping the Ni and Al profiles is 

detected. At distances ca. <1.2 nm Si is not found within one standard deviation. 
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Figure A.4 Radial concentration profile from center-of-mass to 5 nm for the precipitate labeled 
“A” in Fig. A.1(b) using a bin width of 0.1 nm. The error for each concentration is based on 

counting statistics, σ i =
1− ci( )ci

NTOT

. The larger error bars present towards the center of the 

precipitate are due to a smaller number of atoms present in each bin. 
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 Scaled PSDs generated from the radii of all 144 precipitates delineated by the 

envelope algorithm are seen in Figures A.5(a) through A.5(c). The value of <lg> in Figure A.5(a) 

is 1.0 ± 0.01 nm yielding an <rsphere> value of 1.3 ± 0.01 nm, where the error is given by the 

standard error of the mean. The standard deviation of the distribution is equal to 0.2 nm. The 

value of <rvolume>, in Figure A.5(b) is 1.2 ± 0.04 nm. The standard deviation of the distribution is 

equal to 0.4 nm. The value of <rellipsoid> in Figure A.5(c) is 1.3 ± 0.03 nm where the standard 

deviation of the distribution is equal to 0.4 nm. 

 

Figure A.5 Scaled precipitate size distribution functions (PSDs) as a function of the scaled radius 
for the precipitates identified by the envelope methodology, (a)-(c); and the isoconcentration 
surface methodology, (d)-(f). (a) and (d) show the radius of gyration; (b) and (e) show the 
volume equivalent radius of a sphere based on the theoretical alloy atomic density; (c) and (f) 
show the effective ellipsoid radius. Bin width is 0.05 R/<R>. Each PSD is scaled such that the 
area under the distribution is equal to unity. 
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 The composition of all 144 precipitates within the analyzed volume is 35.3 ± 0.2 Cu, 6.9 

± 0.1 Ni, 5.1 ± 0.1 Al, 1.1 ± 0.04 Mn, 0.9 ± 0.04 Si, and 50.7 ± 0.2 Fe (all in at. %), with the 

errors given by counting statistics. The composition of the matrix is 0.51 ± 0.01 Cu, 3.3 ± 0.01 

Ni, 1.2 ± 0.01 Al, 0.55 ± 0.01 Mn, 1.0 ± 0.01 Si, and 93.5 ± 0.02 Fe (all in at. %). Using these 

values to determine the partitioning ratio, κi, for each element we obtain 69.3 ± 0.9 for Cu, 2.1 ± 

0.03 for Ni, 4.4 ± 0.08 for Al, 1.9 ± 0.08 for Mn, 1.0 ± 0.04 for Si, and 0.54 ± 0.002 for Fe, 

where the error is derived from the concentration errors by standard error propagation methods. 

A.3.2 Isoconcentration Surface Methodology 

 For the HSLC Fe–Cu based steel in this study a grid spacing of 1 nm, a Gaussian-like 

spline transfer function, a delocalization distance of 2 nm, a confidence sigma parameter equal to 

1, and a  equal to 5.0 at. % Cu are utilized giving 100 isoconcentration surfaces 

delineating precipitates. The number density, N

c threshold

V, is equal to 2.6 ± 0.6 x 1024 precipitates m-3, 

where the error is give by counting statistics. This value of concentration threshold gives 

morphologically stable results meaning small changes do not significantly affect the number or 

dimensions of the precipitates. The remaining parameters are chosen to balance positional values 

and statistical error obtaining noise-free isoconcentration surfaces. The ratio of the delocalization 

distance to grid spacing is maintained at 2:1. The atoms within the delineated precipitates were 

selected and exported from the Adam 1.5 program and imported into the IVAS® program to 

determine the dimensions of the precipitates with the latter program. 

 Scaled PSDs generated from the radii of all 100 precipitates delineated by the 

isoconcentration surface methodology are seen in Figures A.5(d) through A.5(f). The value of 
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<lg> in Figure A.5(d) is 1.0 ± 0.03 nm, yielding an <rsphere> value of 1.3 ± 0.04 nm, where 

error is given by the standard error of the mean. The standard deviation of the distribution is 

equal to 0.3 nm. The value of <rvolume> in Figure A.5(e) is 1.4 ± 0.04 nm. The standard deviation 

of the distributions is equal to 0.4 nm. The value of <rellipsoid>, in Figure A.5(f) is 1.3 ± 0.04 nm, 

where the standard deviation of the distribution is equal to 0.4 nm. 

 Figure A.6 shows the proxigram concentration profiles generated from the reference 

isoconcentration surfaces. The centers of the precipitates delineated by the right-most data point 

for this figure is enriched in Cu at a concentration of 45.9 ± 9.0 at. %, which decreases toward 

the heterophase interface and reaches a matrix concentration derived from the plateau data points 

of 0.6 ± 0.01 at. % Cu. The centers of the precipitates also contain a high level of Fe at a 

concentration of 38.6 ± 8.7 at. %, increasing to the nominal concentration of 93.8 ± 0.03 at. % in 

the matrix. We find qualitatively that the cores of the precipitates are enriched in Ni, Al, Mn and 

Si. Nickel and Al form similar profiles and the core of the precipitates possesses concentrations 

of 7.0 ± 1.7 at. % and 4.6 ± 1.4 at. %, respectively. The concentration of both elements decreases 

in the matrix to 2.9 ± 0.02 at. % for Ni and 0.9 ± 0.01 at. % for Al. The concentration of Mn at 

the core is 1.3 ± 0.1 at. %, which decreases to 0.6 ± 0.01 at. % in the matrix. The concentration 

of Si is 1.4 ± 0.1 at. % in the core, which decreases to 1.0 ± 0.01 at. % in the matrix. Using these 

concentration values to determine the partitioning ratio, κi, for each element we obtain 26.4 ± 0.5 

for Cu, 2.4 ± 0.06 for Ni, 5.0 ± 0.2 for Al, 2.2 ± 0.1 for Mn, 1.3 ± 0.07 for Si, and 0.73 ± 0.003 

for Fe, where the error is derived from the concentration errors by standard error propagation 

methods. 
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Figure A.6 Proxigram concentration profiles for Cu, Fe, Al, Ni, Si, and Mn for all precipitates 
within the analyzed volume with respect to a 5 at. % Cu isoconcentration surface. Positive values 
from the heterophase interface delineate the Cu-rich precipitate while negative values delineate 

the matrix. The error bars are based on the counting statistics, σ i =
1− ci( )ci

NTOT

. The larger error 

bars present at distances far from the heterophase interface are due to a smaller number of atoms 
present in each bin. 
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A.4 Discussion 

 The envelope methodology depends on differences in solute atom spacing between the 

precipitate and matrix phases. The dimensions and number of precipitates within the analyzed 

volume and the accuracy and precision in defining the precipitate/matrix heterophase interfaces 

are dependent upon the choice of the quantities dmax and Nmin. The value of both parameters is 

dependent on the system studied but the technique utilized in this investigation can be applied to 

any multicomponent system. We emphasize that the value for dmax, 0.6 nm, found at the aging 

condition in this study remains relatively constant at other aging times for this HSLC Fe–Cu 

based steel. For example, when the steel is aged for 4 hours we find that dmax is equal to 0.5 nm 

and when the steel is aged for 1024 hours we find that dmax is equal to 0.6 nm. Aging for times 

greater than 4 hours or less than 1024 hours results in similar values. The value for Nmin is also 

relatively constant at aging times less than 256 hours.  For example in a steel aged for 64 hours 

varying Nmin from 10 – 30 Cu atoms results in a variation of 6 precipitates. At an aging time of 

1024 hours, however, the choice of Nmin is complicated by the wider heterophase 

precipitate/matrix interfaces of the large precipitates. Choosing a value for Nmin between 10 – 30 

Cu atoms identifies correctly the precipitates but also delineates a number of small precipitates 

located at the heterophase interfaces, which is an artifact of the interface width. The quantity 

Nmin must be increased to 100 atoms to eliminate the incorrectly identified artifact precipitates. 

 The isoconcentration surface methodology relies on concentration variations and a 

threshold value rather than solute atom spacing differences. The isoconcentration surface can 

therefore identify precipitates in almost all alloys, but as discussed above the choice of user-

defined parameters, such as grid spacing, smoothing transfer function, delocalization distance, 

and confidence sigma value affect both positional values and statistical errors. We find that for 
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the utilized transfer function, a Gaussian-like spline, small changes to the other three 

parameters do not significantly affect the results. If, however the ratio of delocalization distance 

to grid spacing is made greater than 4:1 some adjacent precipitates are artificially connected. The 

dimensions and number of precipitates within the analyzed volume and the accuracy and 

precision in defining the precipitate/matrix heterophase interfaces is dependent upon the choice 

of . The selection of the quantity c  is dependent on the system studied and 

composition of the precipitate. We emphasize, however, that utilizing a c  equal to 5 at. % 

Cu identifies correctly precipitates at other aging times for this HSLC Fe–Cu based steel. 

c threshold threshold

threshold

 Due to the inherent differences in defining precipitates in a given matrix the different 

extant methods did not produce the same quantitative results. The envelope methodology (Miller, 

2000a; Miller, 2000b; Miller & Kenik, 2004) identifies 44 more precipitates than the 

isoconcentration surface methodology (Hellman, et al., 2000; Hellman, et al., 2002a; Hellman, et 

al., 2003). The resulting number density, 3.8 ± 0.5 x 1024 m-3, found from the envelope 

methodology is a factor of 1.46 greater than the number density, 2.6 ± 0.6 x 1024, found from the 

isoconcentration surface methodology. The difficulty in choosing a concentration threshold value 

corresponding to a maximum separation distance, which is essentially an iterative process, 

prevents an exact correlation of results. Sensitivity of the number of precipitates to the distance 

dmax in the envelope algorithm and to the quantity  in the isoconcentration surface 

methodology means that convergence of precipitate quantities is possible. There is, however, no 

a priori reason for the two methodologies to obtain the exact same results, as their original 

premises are different. 

c threshold

 Examination of the 44 precipitates identified by the envelope algorithm but not the 

isoconcentration surface methodology reveals that some are at the boundaries of the analyzed 
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volume while others are found in the interior; both types though contain fewer Cu atoms than 

the precipitates identified by the isoconcentration surfaces. These precipitates are most likely 

fractions of whole precipitates or larger embryos that are not eliminated by the choice of Nmin. 

Those precipitates found at the boundary of the analyzed volume may represent parts of true 

precipitates or the edges of artificially diffuse heterophase interfaces resulting from trajectory 

aberrations. Increasing the value of Nmin reduces the number of these types of precipitates but too 

large an increase in Nmin can eliminate genuine small precipitates located wholly within the 

analyzed volume. The isoconcentration surface methodology excludes these types of precipitates 

by the use of a confidence sigma value, which effectively eliminates isoconcentration surfaces 

below the selected statistical uncertainty (Hellman, et al., 2003). Both techniques successfully 

identify the same larger precipitates at the boundary of the analyzed volume. 

A.4.1 Precipitate Morphology 

 One must understand the advantages and limitations of estimating the dimensions of a 

precipitate using the different radii. The results presented herein provide four different values for 

the radius of the precipitate labeled “A”, identified by the envelope method, ranging from a 

radius of gyration of 1.0 nm to a rvolume equal to 1.6 nm. The value of lg gives rsphere equal to 1.3 

nm for an assumed spherical shape. An effective ellipsoid radius of 1.4 nm is also found. 

 Estimating the volume from equation (A.1) is most accurate for alloys where the 

precipitate and matrix phases have similar lattice spacings. Using this volume to determine the 

quantity rvolume is clearly most accurate for spherical homogeneous precipitates; that is, the solute 

species are distributed uniformly within the precipitates. An advantage of using this radius is that 
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morphological artifacts resulting from local magnification effects (Miller, M. K., 2000a), 

known to occur in Fe–Cu based steels, and discussed in greater detail below do not affect the 

result. 

 The quantity lg represents a physical dimension but is related to the moment of inertia of 

the precipitates. As mentioned above it does not represent the actual physical extent of a 

precipitate and underestimates the dimensions of a precipitate. Using the radius of gyration to 

calculate rsphere is most accurate for spherical homogeneous precipitates. The radii lg and rsphere 

also have the disadvantage of a dependence on the x-, y-, and z-positions of the reconstructed 

atoms, which as discussed below can be affected by the local magnification effect. 

 The quantity rellipsoid can characterize precipitates that have a prolate spheroidal 

morphology, that is, elongated precipitates. In extreme cases, such as model binary Fe–Cu and 

ternary Fe–Cu–Ni alloys aged for longer times or at higher temperatures, where the precipitates 

grow preferentially along the low-energy 110[ ]Cu interface direction (Hornbogen & Glenn, 1960; 

Speich & Oriani, 1965; Othen, et al., 1991; Othen, et al., 1994), rellipsoid most likely provides a 

more accurate representation of the dimensions of a precipitate than the quantities rvolume, rsphere, 

or lg. In the HSLC Fe–Cu based steel used in this study the aging conditions results, however, in 

precipitates with smaller dimensions that are spheroidal rather than ellipsoidal. For this reason 

use of the quantity rellipsoid is not appropriate for the HSLC Fe–Cu based steel in the aging 

condition studied. The observed slight elongation of a few precipitates in the z-direction is most 

likely a result of local magnification effects. 

 We emphasize that any radius determined from the reconstructed positions of the atoms, 

such as lg, rsphere, and rellipsoid, would be affected by the local magnification effect, which, due to 

the differences in the observed evaporation fields of Cu-rich (30 V nm-1) precipitates and Fe-rich 
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(36 V nm-1) matrix are known to occur in Fe–Cu based steels (Müller & Tsong, 1969; 

Goodman, et al., 1973a; Tsong, 1990). An approximation to correct the radius, however, is given 

by, 

rcorrected = r
np

nm

;           ( A.7 ) 

where r is the determined radius, and nj (j = p or m), is the number of atoms within a unit volume 

for the precipitate and matrix phases (Miller, 2000a). In the aging condition studied for the 

HSLC Fe–Cu based steel, however, the precipitates still contain significant quantities of Fe and 

the quantity np nm  is close to unity. Additionally, since we observe the elongation of only a 

few precipitates, we compare the as determined radius, rsphere, with rvolume, without applying the 

correction from equation (A.7). 

 Excluding the radii <lg> and <rellipsoid> from the PSD results of Figures A.5(a) through (c) 

and comparing only the radii <rsphere> and <rvolume>, the difference is 0.1 nm, which is ~8%. 

These values are reasonably close to those obtained from PSDs using results from the 

isoconcentration surface methodology, displayed in Figures A.5(d) through (f). Again not 

including the quantities <lg> or <rellipsoid>, the difference is 0.1 nm, which is ~8%. As seen from 

the above discussion a judicious selection of the parameters employed by the two methods 

(maximum separation distance and minimum number of solute atoms versus a concentration 

threshold) result in similar precipitate radii. We emphasize that the similarity of results occurs 

after applying the two techniques independently, indicating that either methodology could be 

utilized to generate PSDs and determine the mean radius of the precipitates within an analyzed 

volume. 
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A.4.2 Precipitate Composition 

 It is important that despite the technical differences between the two precipitate 

identification methodologies and the two concentration profiles the results are qualitatively 

similar and correlate well to other studies of Fe–Cu based steels. The results demonstrate that the 

precipitates within the analyzed volume are enriched in Cu and contain Fe. The presence of Fe in 

Cu-rich precipitates at shorter aging times has been debated in the literature since Goodman et 

al.’s pioneering atom-probe field ion microscopy (APFIM) studies on a binary Fe–Cu steel 

(Goodman, et al., 1973a; Goodman, et al., 1973b). Subsequent studies have not fully decided the 

issue (Kampmann & Wagner, 1986; Worrall, et al., 1987; Miller, et al., 2003; Isheim, et al., 

2006b)  and no attempt is made herein to resolve this matter. The Ni, Al, and Mn enhancement 

surrounding the Cu-rich core and the non-monotonic profiles seen in both Fig. 4 and 6 is also 

observed by experiments and simulations in similar model Fe–Cu based steels containing 2 – 4 

components (Watanabe, 1975; Worrall, et al., 1987; Osamura, et al., 1994b; Pareige, et al., 1996; 

Koyama & Onodera, 2005; Isheim, et al., 2006a; Isheim, et al., 2006b). 

 The primary difference between the proxigram (Hellman, et al., 2000) and radial 

concentration profiles is that the former is created with respect to an isoconcentration surface 

delineating the precipitate/matrix heterophase interfaces. While the latter profile uses the COM 

as the reference point and then draws the profiles. A second difference is the spherical shape 

assumption of the radial concentration profile, which limits its usefulness for elongated 

precipitates. If the precipitates are elongated, then spherical binning of atoms does not provide an 

accurate concentration profile, since matrix atoms are included along the shortest principal axis. 

An additional difficulty is defining the precipitate/matrix chemical heterophase interface, which 

may not correspond with the precipitate/matrix morphological boundary as defined by the 
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precipitate radius. Although subject to the choice of the solute atom the definition of the 

chemical width of a heterophase interface is inherent within the proxigram. 

 Independently of the technical differences among the methods it is important that the 

qualitative result of the proxigram concentration profiles (Figure A.6) and the radial 

concentration profiles (Figure A.4) are similar. Both exhibit high concentrations of Cu and Fe at 

the centers of precipitates and good agreement is observed for the Cu, Fe, Ni, and Al profiles. 

The quantitative agreement is not as good with a difference of ca. 3.6 at. % Cu, ca. 11.4 at. % Fe, 

ca. 0.6 at. % Ni, and ca. 3.3 at. % Al. The proxigram profile shows the presence of Mn and Si 

while, as discussed above, the radial profile shows depletion of these elements. These variations 

are attributed to the differences between a superimposed average concentration profile versus a 

concentration profile for a single precipitate. We emphasize that although both concentration 

profiles have larger error bars at data points towards the center of the precipitate, which is a 

result of the smaller number of atoms present in these bins, the qualitative similarity of the 

profiles suggests that both methodologies provide reasonable results. 

 Comparison of the partitioning ratios shows reasonably similar values for Ni, Al, Mn and 

Si. Although the Si values are close, the results from the envelope methodology demonstrates 

that Si does not partition to either the precipitate or matrix while the results from the 

isoconcentration surface methodology shows Si partitions slightly to the precipitate. Both 

techniques give the same qualitative results for Cu and Fe: Cu partitions strongly to the 

precipitate while Fe prefers the matrix. The quantitative values are, however, significantly 

different, especially for Cu. Possible reasons for the observed variations are the envelope 

method’s inclusion of atoms found at the heterophase interface, different bin sizes in the two 
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different methodologies determining κi, and/or inclusion of some heterophase interface atoms 

in determining the precipitate core concentrations from the proxigram. 

A.5 Conclusions 

  Local-electrode atom-probe (LEAP™) tomography data obtained from a multicomponent 

HSLC Fe–Cu based steel solutionized at 900 °C, quenched into water at 25 °C, and then aged for 

one hour at 500 °C is studied using two different methodologies for the identification of 

precipitates. The precipitates are first identified using a maximum separation distance algorithm, 

the envelope method and then by a compositional threshold method, an isoconcentration surface. 

The morphological and compositional results of applying the two methodologies are compared. 

The results show quantitative differences in the number of precipitates identified due to technical 

differences in the basis of both methods and the sensitivity of the results to user prescribed 

parameters. The morphology of the precipitates, characterized by four different precipitate radii 

and precipitate size distribution functions, are compared and evaluated. A variation in precipitate 

radii of less than ~8% is found between the different radii. The mean composition of the 

precipitates, using two types of concentration profiles and partitioning ratios, yields qualitatively 

similar results. Both the proximity histogram and radial concentration profiles exhibit Cu-rich 

precipitates containing Fe with elevated concentrations of Ni, Al, and Mn near the heterophase 

precipitate/matrix interfaces. There are, however, quantitative disagreements due to differences 

in the basic foundations of the analysis methods. The resulting partitioning ratios are also 

qualitatively similar but with quantitative differences for Fe and Cu between the two analysis 

methods. 
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Appendix B Equilibrium and supersaturation concentrations for NUCu-140-3 

B.1 Equilibrium concentrations 

 The extrapolated (to infinite time) equilibrium concentrations are presented in Table B.1 

for NUCu-140-3 aged at 550 °C and in Table B.2 for NUCu-140-3 aged at 500 °C + 2 h at 200 

°C. In Table B.1 the equilibrium compositions of the Cu-rich precipitate cores, heterophase 

interfaces, and α-Fe matrix derived by three methodologies: (a) extrapolated from APT data as a 

function of (aging time)-1/3 (Yoon, et al., 2007b); (b) as measured from specimens aged for 4 h; 

and (c) as calculated from Thermo-Calc utilizing the Scientific Group Thermodata Europe 

(SGTE)  solutions database, are compared. In Table B.2 only methodologies (a) and (b) are 

compared. Greater agreement is observed for the matrix in Table B.1 and B.2 than the 

precipitates. The short range of aging time, between 0.25 and 4 h is the most likely reason of the 

observed disagreements. 

Table B.1 Extrapolated (to infinite time) equilibrium compositions of Cu-rich precipitates, α-Fe 
matrix, and heterophase interfaces compared to measured overall composition when NUCu-140-
3 is aged 4 h at 550 °C, and also calculated from Thermo-Calc. 
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Table B.2 Extrapolated (to infinite time) equilibrium compositions of Cu-rich precipitates, α-
Fe matrix, and heterophase interfaces compared to measured overall composition when NUCu-
140-3 is aged 4 h at 550 °C + 2 h at 200 °C. 

 
 

B.2 Supersaturation concentrations 

 The matrix, precipitate core, and precipitate/matrix heterophase interface 

supersaturations, are displayed in Figs. B.1 through B.3 for NUCu-140-3 aged at 500 °C and 

Figs. B.4 through B.6 for NUCu-140-3 aged at 500 °C + 2 h at 200 °C. The equilibrium 

concentrations are obtained by extrapolating the concentration of each element as a function of 

(aging time)-1/3 to infinite time, analogous to the procedure found in reference (Yoon, et al., 

2007b). The experimentally determined equilibrium concentration values and those predicted by 

Thermo-Calc are displayed in Table B.1 and B.2. The significant deviations from the UO model 

prediction of -1/3 for the supersaturation power-law (Umantsev & Olson, 1993) and the large 

errors are most likely due to the short range of aging time at 550 °C, which is between only 0.25 

and 4 h. 
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Figure B.1 Double logarithmic plots of matrix supersaturations, ΔCi
mat. t( ), as a function of aging 

time, when aged at 550 °C for: (a) Cu and Fe; (b) Ni and Al; and (c) Mn. The plot for Si is not 
shown, as the supersaturation for the times studied is zero. The slopes of the plots, which are 
determined, starting at aging times of 0.25 h, yield the coarsening time exponents of the UO 
coarsening model for each element. 
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Figure B.2 Double logarithmic plots of the supersaturations in the Cu-rich precipitate cores, 

, as a function of aging time, when aged at 550 ΔCi
ppt. t( ) °C for: (a) Cu; (b) Fe; and (c) Si. The 

slopes of the plots, which are determined, starting at aging times of 0.25 h, yield the coarsening 
time exponents of the UO coarsening model for each element. 
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Figure B.3 Double logarithmic plots of the supersaturations in the heterophase interfaces, 

, as a function of aging time, when aged at 550 ΔCi
int . t( ) °C, for: (a) Ni; (b) Al; and (c) Mn. The 

slopes of the plots, which are determined for aging times starting at 0.25 h, yield the coarsening 
time exponents of the UO coarsening model for each element. 
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Figure B.4 Double logarithmic plots of matrix supersaturations, ΔCi

mat. t( ), as a function of aging 
time, when aged at 550 °C + 2 h at 200 °C for: (a) Cu and Fe; (b) Ni and Al; and (c) Mn. The 
plots for Al and Si (within experimental uncertainty) are not shown, as the supersaturation for the 
times studied is zero. The slopes of the plots, which are determined, starting at aging times of 
0.25 h, yield the coarsening time exponents of the UO coarsening model for each element. 
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Figure B.5 Double logarithmic plots of the supersaturations in the Cu-rich precipitates cores, 

, as a function of aging time, when aged at 550 ΔCi
ppt. t( ) °C + 2 h at 200 °C for: (a) Cu; (b) Fe; 

and (c) Si. The slopes of the plots, which are determined, starting at aging times of 0.25 h, yield 
the coarsening time exponents of the UO coarsening model for each element. 
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Figure B.6 Double logarithmic plots of the supersaturations in the heterophase interfaces, 

, as a function of aging time, when aged at 550 ΔCi
int . t( ) °C + 2 h at 200 °C for: (a) Ni; (b) Al; and 

(c) Mn. The slopes of the plots, which are determined for aging times starting at 0.25 h, yield the 
coarsening time exponents of the UO coarsening model for each element. 
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Appendix C Relative peak intensity calculations 

C.1 Debye–Scherrer equation 

 The relative integrated intensities of the lattice reflections are determined by the Debye–

Scherrer equation given by (Cullity, 1978), 

I ≅ F 2 p 1+ cos2 2θ
sin2 θ cosθ

⎛ 

⎝ 
⎜ ⎜ 

⎞ 

⎠ 
⎟ ⎟ ;         ( C.1 ) 

where F is the structure factor, p is the multiplicity factor, and θ is the Bragg angle. The quantity 

F is dependent on the unit cell, which for NiAl is a B2 crystalline structure. This is the CsCl 

structure, consisting of two interpenetrating simple cubic lattices one of Ni and one of Al. This is 

conceptually analogous to a bcc structure with Al in the center of the Ni unit cell and vice-versa. 

This leads to two values for F, neither of which is zero (Williams & Carter, 1996), 

F = fNi + fAl h,k,l is even( )
F = fNi − fAl h,k,l is odd( )

;         ( C.2 ) 

where f, is the atomic scattering factor. The values of f are determined from (Cullity, 1978). 

Since Mn is observed to substitute for Al it is included in the calculation of F. The quantity p is 

dependent on the lattice system and accounts for the relative proportion of planes contributing to 

the same reflection and the values for a cubic system are given in (Cullity, 1978). The 

trigonometric terms in the parentheses of Eq. C.1 is the Lorentz-polarization factor, which 

accounts for geometric factors impacting the relative intensity, and are given in (Cullity, 1978). 

In calculating I a wavelength, λ = 0.71A
o

; and lattice parameters equal to 2.88 nm for NiAl, 

2.866 for bcc α-Fe, an estimate equal to 2.96 nm for bcc Cu (Buswell, et al., 1990; Harry & 
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Bacon, 2002), 3.615 nm for fcc Cu, and 4.47 nm for NbC carbide (Brown, et al., 1966), 

which is Table C.1.  

Table C.1 Normalized relative intensities for a given 2θ reflection. 

  Line h k l 2θ 
Relative 

I 
 1 1 1 0 20.21 100 
 2 2 0 0 28.73 20 

bcc Fe 3 2 1 1 35.38 45 
 4 2 2 0 41.08 15 
 5 3 1 0 46.19 21 
  6 2 2 2 50.90 5 

 1 1 1 0 19.56 100 
 2 2 0 0 27.80 20 

bcc Cu 3 2 1 1 34.22 45 
 4 2 2 0 39.72 15 
 5 3 1 0 44.64 22 
  6 2 2 2 49.17 5 

 1 1 1 1 19.61 100 
 2 2 0 0 22.69 52 
 3 2 2 0 32.30 40 

fcc Cu 4 3 1 1 38.07 51 
 5 2 2 2 39.83 15 
 6 4 0 0 46.33 7 
 7 3 3 1 50.76 22 
  8 4 2 0 52.18 20 

 1 1 0 0 14.18 14 
 2 1 1 0 20.11 100 
 3 1 1 1 24.69 4 
 4 2 0 0 28.59 17 

NiAlMn 5 2 1 0 32.04 5 
 6 2 1 1 35.20 34 
 7 2 2 0 40.87 10 
  8 2 2 1 43.47 2 

 1 1 1 1 15.84 100 
 2 2 0 0 18.30 83 
 3 2 2 0 26.00 57 

NbC 4 3 1 1 30.59 48 
 5 2 2 2 31.98 20 
 6 4 0 0 37.10 9 
 7 3 3 1 40.57 19 
  8 4 2 0 41.67 25 
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an fcc structure with two atom basis, are utilized. The structure factors of bcc, fcc, and NbC 

carbide are found in (Williams & Carter, 1996). The resulting values of I for each structure 

obtained from Eq. C.1 are normalized to the largest I for that structure giving values between 1 

and 100. The normalized relative intensities and 2θ angles for a specific h,k, l( ) are given in The 

table demonstrates the convolution of the strongest reflections of bcc Fe and the Ni–Al–Mn 

phase at (110), (200), (211), and (220). In addition, the superlattice reflections of the Ni–Al–Mn 

phase are very weak. The Ni–Al–Mn phase refelction at (100), however, is not convoluted with a 

reflection from another phase and demonstrates potential for identification with sufficient 

intensity, which can be provided by the APS, Argonne National Laboratory. 
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Appendix D Interfacial Excess  

D.1 Model Ni–Cr–Al–Re superalloy 

 For the model Ni-based superalloy, the relative interfacial excesses of Cr and Re, which 

demonstrate monotonic segregation, are extracted. The Ni-based superalloy is being studied as a 

part of a broad systematic program studying the effects of refractory elemental additions (Ta, W, 

Re and/or Ru) on the temporal evolution of the microstructure and chemical compositions of the 

γ (fcc) and γ’ (L12) phases of a model Ni–Cr–Al ternary alloy (Yoon, et al., 2001; Sudbrack, 

2004; Sudbrack, et al., 2004; Yoon, 2004; Yoon, et al., 2004; Yoon, et al., 2005; Sudbrack, et 

al., 2006a; Sudbrack, et al., 2006b; Mao, et al., 2007; Sudbrack, et al., 2007; Yoon, et al., 2007a; 

Yoon, et al., 2007b). 

 The Ni–8.5 Cr–10 Al–2 Re (at. %) alloy was vacuum induction melted and cast into 

master ingots. The alloy was exposed to a three-stage heat treatment and the details are presented 

elsewhere (Yoon, 2004; Yoon, et al., 2007a). The final stage was aging at 800 °C for 264 hours 

followed by quenching into water. 

 The details regarding fabrication of the Ni-based superalloy APT specimens and APT 

analysis utilizing a conventional APT are presented elsewhere (Yoon, 2004; Yoon, et al., 2007a). 

 Visualization and reconstruction of the Ni-based superalloy data is performed using the 

ADAM 1.5 program (Hellman, et al., 2002b; Hellman, et al., 2003), developed at Northwestern 

University. An isoconcentration surface with a threshold value of 12 at. % Al is used to delineate 

the γ γ ' interfaces. Concentration profiles, which are presented elsewhere (Yoon, 2004; Yoon, et 

al., 2007a), with respect to distance from the reference isoconcentration surfaces are obtained 

utilizing the proxigram with a bin width of 0.5 nm. 
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 For the Ni-based superalloy, ρ is equal to 83.0 atoms nm-3 and Δx  is equal to 0.5 nm, 

while Ni is taken as component 1 and Al is taken as component 2. The Gibbs dividing surface is 

placed at the origin of the proxigram. In Cahn’s and Umantsev’s approaches, the layer 

boundaries are placed within the plateau region of the γ-matrix phase at -4.25 nm and within the 

γ’-precipitate phase at 4.25 nm, encompassing the entire interface. 

The Re proxigram for a commercial Ni-based superalloy, René N6, is displayed in Fig. 

D.1(a), and of a model Ni–8.5 Cr–10 Al–2 Re (at. %) superalloy is exhibited in Fig. D.1(b). The 

René N6 exhibits non-monotonic (confined) Re segregation at the γ/γ′ interface, whereas Re 

exhibits monotonic segregation in the model Ni–Cr–Al–Re superalloy. 

 The results of applying all three formalisms to the Ni-based superalloy data are illustrated 

in Table D.1. Following the formalism of Gibbs, the quantity Γi
Ni,Al  for i = Cr and Re is 3.0 ± 3.8 

atoms nm-2 and 0.0 ± 3.2 atoms nm-2, respectively. This is equivalent to 3.1 ± 3.0 atoms nm-2 for 

Cr and 0.3 ± 1.7 atoms nm-2 for Re obtained following Cahn’s formalism. Both results indicate 

that small positive relative interfacial excess possibly exists for Cr, whereas Re exhibits neither a 

positive nor negative relative interfacial excess. The large error bars are a result of the smaller 

dataset obtained from the conventional atom-probe tomograph. The results for Re compare to an 

interfacial excess value of 2.41 ± 0.68 atoms nm-2 in the René N6 alloy (Yoon, et al., 2004), 

which demonstrates non-monotonic (confined) segregation. 
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Table D.1 Comparison of relative interfacial excesses in the Ni-based superalloy utilizing the 
formalisms of Gibbs, Cahn, and Umantsev. 

(atoms nm-2) 
Gibbs' 

Formalism 
Cahn's 

Formalism
Umantsev's 
Formalism 

Umantsev's 
Formalism  

  Γi
Ni,Al Γi

Ni,Al Γi
Ni Γi

Al

Ni - - -  -3.7 ± 5.0 

Al - -  -8.5 ± 4.0 - 

Cr 3.0 ± 3.8 3.1 ± 3.0 6.3 ± 3.0 2.5 ± 3.0 

Re 0.0 ± 3.2 0.3 ± 1.7 1.1 ± 1.7 0.1 ± 1.8 

 
 Following Umantsev’s approach we extract the quantities Γi

1 = Γi
Ni  for i = Cr and Re and 

also Γ  for i = Cr and Re. As seen in Table D.1, Al (-8.5 ± 4.0 atoms nmi
1 = Γi

Al -2) demonstrating 

significant negative relative interfacial excess with respect to Ni, whereas the value for Cr (6.3 ± 

3.0 atoms nm-2) is positive. Rhenium possibly exhibits a small positive relative interfacial excess 

of 1.1 ± 1.7 atoms nm-2. Relative to Al, Ni exhibits a negative relative interfacial excess of -3.7 ± 

5.0 atoms nm-2, while the value for Cr (2.5 ± 3.0 atoms nm-2) is positive, and Re (0.1 ± 1.8 atoms 

nm-2) exhibits neither a positive nor a negative value. 

 Similar to the multicomponent Fe–Cu based steel the relative interfacial excesses 

following the approaches of Gibbs or Cahn is equal, within the prescribed error for the Ni-based 

superalloy. The results using Umantsev’s approach did not yield similar results. Unlike the steel, 

where the matrix and precipitate phases consist mostly of a single element, the γ-and γ’-phases in 

the Ni-based superalloy, do not. Both phases contain significant but different concentrations of 

Ni, Cr, Al, and Re (Yoon, et al., 2007a), which prevents agreement. 



 316

 



 317
Figure D.1 (a) Proxigram concentration profile of a commercial nickel-based superalloy 
René N6 displaying the Re concentration as a function of distance with respect to the γ/γ′ 
heterophase interface; positive values are into the γ-matrix and negative values are into the γ′-
precipitate. Rhenium interfacial segregation at the γ/γ′ interface is indicated. Figure D.1(a) is 
reprinted from Surf. Interface Anal. 2004;36:594, with permission from John Wiley & Sons. (b) 
A series of proxigrams displaying the temporal evolution of Re. Contrary to the result for the 
René N6, there is not significant non-monotonic (confined) Re interfacial segregation at the γ/γ′ 
heterophase interface. Negative values for distance are into the γ-matrix, while the positive 
values are into the γ′-precipitates. Figure D.1(b) is reprinted from Acta Mater. 2007;55:1145, 
with permission from Elsevier. 

 

D.2 Development of Relative Interfacial Excess Following Cahn’s Formalism 

 To obtain equation (10.3) we start with the version of (Cahn, 1979) for the Gibbs 

adsorption equation for a multicomponent binary phase system: 

dσ α / β = −
S

XY
⎡ 
⎣ ⎢ 

⎤ 
⎦ ⎥ dT +

V
XY

⎡ 
⎣ ⎢ 

⎤ 
⎦ ⎥ dP −

Ni

XY
⎡ 
⎣ ⎢ 

⎤ 
⎦ ⎥ dμi

i
∑ ;       ( D.1 ) 

where σ α / β  is the interfacial free energy, T is absolute temperature, P is pressure, μi is the 

chemical potential of element i, and X and Y are two distinct members of the extensive 

thermodynamic quantities S, V, and Ni. At constant T and P equation (D.1) becomes: 

∂σ α / β

∂μi T ,P

= −
Ni

XY
⎡ 
⎣ ⎢ 

⎤ 
⎦ ⎥ 

i
∑ ;          ( D.2 ) 

which is Cahn’s form of the Gibbs adsorption isotherm. The quantity Ni XY[ ] is the excess of 

element i in the layer compared to a multiphase mixture of the two phases adjacent to the layer 

containing the same amount of X and Y as the layer and utilizing Cahn’s notation is given by: 

Ni

XY
⎡ 
⎣ ⎢ 

⎤ 
⎦ ⎥ =

Ni[ ]X αY β

XαY β =

Ni[ ] X[ ] Y[ ]
Ni

α X α Y α

Ni
β X β Y β

Xα Y α

X β Y β

.       ( D.3 ) 
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Choosing X = N1 (component 1) and Y = N2 (component 2) and expanding the determinants 

yields equation (10.3). When i = 1 or 2, the quantities N1 N1N2[ ] and N2 N1N2[ ] are equal to 

zero. Movement of the layer boundaries further into phases α or β does not affect the value of 

Ni N1N2[ ], since, as noted by Cahn, such an operation is equivalent to changing the first row of 

the determinant in the numerator of equation (D.3) by a multiple of either the second or third 

row, which does not change the resulting value (Cahn, 1979). 

D.3 Application of Relative Interfacial Excess Equations 

D.3.1 Relative Gibbsian Interfacial Excess 

 To calculate the interfacial excess for each element within the interface, equation (10.2) is 

applied from the delineated Gibbs dividing surface into the α-Fe matrix and the Cu-rich 

precipitate over the p concentration data points. For example, with i = Ni: 

ΓNi = 84.3 atom nm−3( )0.25 nm( ) c1
Ni − cα

Ni( )+ c2
Ni − cα

Ni( )+ ...+ c p−1
Ni − cβ

Ni( )+ cp
Ni + cβ

Ni({ )}; ( D.4 )  

where c  and c , obtained from Tables 5.1 and 5.2, and , c … are 

obtained from the proxigram in Fig. 10.2(d). The results of equation (10.2) are applied to 

equation (10.1). For example, with i = Ni: 

α
Ni = 2.3 at.% β

Ni = 0.7 at.% c1
Ni

2
Ni

ΓNi
FeCu = ΓNi

1,2 = ΓNi − ΓFe
cNi

α cCu
β − cNi

β cCu
α

cFe
α cCu

β − cFe
β cCu

α − ΓCu
cFe

α cNi
β − cFe

β cNi
α

cFe
α cCu

β − cFe
β cCu

α ;     ( D.5 ) 

where cNi
α = 2.3 at.%, cNi

β = 0.7 at.%, cFe
α = 95.1 at.%, cFe

β = 0.3 at.%, cCu
α = 0.2 at.%, and 

cCu
β = 97.1 at.% obtained from Tables 5.1 and 5.2. The values of ΓFe  and ΓCu  are determined 

from equation (10.2) analogous to the methodology described for Ni. 
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}

D.3.2 Cahn’s Interfacial Excess Value 

 To calculate the layer quantity for each element within the interface equation (10.4) is 

applied within the q concentration data points of the delineated the layer. For example, with i = 

Ni: 

NNi[ ]= 84.3 atom nm−3( )0.25 nm( ) c1
Ni + c2

Ni + ...cq
Ni{ ;     ( D.6 ) 

where c , … are obtained from the proxigram in Fig. 10.2(d). The results of equation (10.4) 

are applied to equation (10.3). For example with i = Ni: 

1
Ni c2

Ni

NNi

NFeNCu

⎡ 

⎣ 
⎢ 

⎤ 

⎦ 
⎥ = NNi[ ]−

NFe[ ] NFe
α NCu

β − NNi
β NCu

α( )− NCu[ ] NNi
α NFe

β − NNi
β NFe

α( )
NFe

α NCu
β − NFe

β NCu
α ;   ( D.7 ) 

where the quantities NNi
α , NNi

β , NFe
α , NFe

β , NCu
α , and NCu

β  are determined directly from the plateau 

region of the matrix and the precipitate core concentration data points. We note that it is trivial to 

convert from concentrations to atomic quantities, as the total number of atoms at each data point 

of the proxigram is explicitly known. The values of NFe[ ] and NCu[ ] are determined from 

equation (10.4) analogous to the methodology described for Ni. 

D.3.3 Umantsev’s Interfacial Excess Value 

 To calculate the atomic density for each element within the interface, equation (10.7) is 

applied within the delineated limits of integration. For example, with i = Ni: 

ρNi
1 = 84.3 atom nm−2( cNi

1) ;         ( D.8 ) 

where c  is obtained from the first concentration data point of the proxigram in Fig. 10.2(d). 

Equation (10.7) is subsequently calculated at each of the r concentration data points and the 

results of equation (10.7) are applied to equation (10.6). For example with i = Ni: 

Ni
1



 320

ΓNi
Fe = Δx ρNi

1 + ρNi
2 + ...− ρNi

α − ρFe
1 + ρFe

2 + ...− ρFe
α( )

ρNi
β − ρNi

α[ ]
ρFe

β − ρFe
α[ ]

⎧ 
⎨ 
⎪ 

⎩ ⎪ 

⎫ 
⎬ 
⎪ 

⎭ ⎪ 
;    ( D.9 ) 

where the quantities ρNi
α , ρNi

β , ρFe
α , and ρFe

β  are determined directly from the plateau region of 

the matrix and the precipitate core concentration data points. The value of ρFe
m  is determined 

from equation (10.7) analogous to the methodology described for Ni. 
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