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Abstract 

 

Three-dimensional nanometer scale analyses of precipitate structures 

and local compositions in TiAl engineering alloys 

 

Stephan S. A. Gerstl 

 

Titanium aluminide (TiAl) alloys are among the fastest developing class of 

materials for use in high temperature structural applications.  Their low density 

and high strength make them excellent candidates for both engine and airframe 

applications.  Creep properties of TiAl alloys, however, have been a limiting factor 

in applying the material to a larger commercial market. 

In this research, nanometer scale compositional and structural analyses of 

several TiAl alloys, ranging from model Ti-Al-C ternary alloys to putative 

commercial alloys with 10 components are investigated utilizing three-

dimensional atom probe (3DAP) and transmission electron microscopies.  

Nanometer sized borides, silicides, and carbide precipitates are involved in 

strengthening TiAl alloys, however, chemical partitioning measurements reveal 

oxygen concentrations up to 14 at. % within the precipitate phases, resulting in the 

realization of oxycarbide formation contributing to the precipitation strengthening 

of TiAl alloys. 
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The local compositions of lamellar microstructures and a variety of 

precipitates in the TiAl system, including boride, silicide, binary carbides, and 

intermetallic carbides are investigated.  Chemical partitioning of the microalloying 

elements between the α2/γ lamellar phases, and the precipitate/γ–matrix phases are 

determined.  Both W and Hf have been shown to exhibit a near interfacial excess 

of 0.26 and 0.35 atoms nm-2 respectively within ca. 7 nm of lamellar interfaces in a 

complex TiAl alloy.  In the case of needle-shaped perovskite Ti3AlC carbide 

precipitates, periodic domain boundaries are observed 5.3±0.8 nm apart along their 

growth axis parallel to the TiAl[001] crystallographic direction with concomitant 

composition variations after 24 hrs. at 800°C. 
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Introduction 

 

 An ongoing challenge in the field of materials science is the development 

of alloys that are stronger, lighter, and more resistant to high temperatures than 

their predecessors.  One class of alloys being used daily -- and pushed to their 

performance limits -- are nickel-based super alloys, used most notably in the 

hottest components of jet engines - its turbine blades.  Nickel-based alloys are 

among the most prevalent high temperature structural alloys in the world.[1]  

Nonetheless, there is an ongoing search for materials having similar properties as 

Ni-based alloys, but with lower densities, because replacing Ni-based components 

with components made from a lighter alloy would significantly increase 

efficiencies (and therefore output) of the engines. 

A promising candidate for replacing high-temperature structural materials 

such as Ni-based super alloys is the intermetallic alloy: titanium aluminide.  

Titanium aluminide (TiAl) alloys are approximately half as dense as Ni-based 

alloys, while having the potential for use in high-temperature structural 

applications.[2-5]  Table 1 compares the properties of Ni-based and TiAl alloys. 

[6]  In addition to mechanical strength, TiAl alloys display a number of favorable 

characteristics, primarily their low density and good oxidation and corrosion 

resistance.  A drawback to TiAl alloys, however, is their tendency to undergo 

structural changes at high temperatures due to creep leading to instability and 
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failure.  In recent years, therefore, researchers have analyzed TiAl alloys with an 

eye toward improving their high temperature creep resistance.  To enhance the 

alloy’s high temperature creep resistance, micro-alloying elements have been 

added to form strengthening precipitates in the TiAl microstructure.  The ability to 

detect and analyze these precipitates, including measuring their compositions is 

critical to the ongoing development of TiAl alloys.  

 

 
 
Table 1. Properties of TiAl alloys compared to Ni-based Superalloys.[6] 
 
Property TiAl alloys Ni superalloys 

Density (g/cm3) 3.8-4.0 8.3 

Ductility (%) 1-3 3-5 

Phase stability limit (°C) 1125 1450 

Creep limit (°C) 900 1090 

Oxidation limit (°C) 900 1090 
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In this dissertation, I explore promising techniques for measuring the 

chemistry and morphology of these nanoscale strengthening precipitates.  

Specifically, this research: 

� shows how 3-dimensional atom-probe (3DAP) microscopy can 

identify nanometer scale morphologies of and chemical gradients 

within TiAl microstructures and a variety of nonmetallic 

precipitates, 

� shows how high-resolution transmission electron microscopy 

(HREM) identifies atomic structure in internal heterophase 

interfaces, 

� presents results of the oxygen concentrations inside nanometer 

scaled strengthening precipitates embedded in these alloys, 

� measures the degree to which microalloying elements (such as 

Cr, Mo, W, Y, Zr, and Ta), (1) reside in either the precipitate, or 

matrix phases, (2) partition to these phases, and (3) the degree to 

which they segregate to the heterophase interface between the 

phases,  

� validates a unique composition of a carbide phase proposed in 

1993, 
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� and compares the experimental results obtained with first-

principles calculations  

 

In this introduction, a review of the Ti-Al system and the characteristics of 

the intermetallic TiAl alloys, also known as gamma alloys, is presented.  Then in 

the following chapters, the TiAl alloys within which metal/metal (M/M) and 

ceramic/metal (C/M) interfaces have been studied are reviewed (Chapter 2.1), 

followed by a discussion of the processing procedures utilized for the different 

materials and how they were analyzed (Chapter 2.2).  Results and their 

ramifications of a metal/metal interface are discussed in Chapter 3, while Chapters 

4 and 5 focus on ceramic-type precipitates within experimental and model type 

TiAl alloys respectively.  The conclusions are tied to currently used alloys and 

recommended studies for future research completes Chapter 6.  Our investigations 

serve as a basis not only for a better understanding of chemical gradients 

surrounding C/M interfaces, but can provide valuable knowledge for more 

complex applied TiAl alloys.  To the present date, the determinations of nanometer 

sized structures and chemical gradients in complex alloy designs have been the 

result of methods requiring significant deconvolution and interpretation.  We have 

the capabilities today, by utilizing 3–dimensional atom probe microscopy, to study 

such complex materials at the atomic level, and this compilation of articles 

presents distinct results into the advantages of such studies. 
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Chapter One 

 

Background to Titanium Aluminide alloys 

 

1.1. Applications 

 

 Titanium-aluminum intermetallic systems make up a class of complex and 

applied materials much like Ni–based superalloys, with a large potential market 

place.[4,7]  There are two major industries where TiAl are being applied: the 

aerospace industry and the automotive industry. 

 

1.1.1. Aerospace industry 

  TiAl alloys have significant future potential for many aerospace 

applications, potentially for the National Aeronautics and Space Administration 

(NASA).  Since 1997, NASA’s High Speed Civil Transport (HSCT) program set 

as a long-term goal the reduction of exhaust emissions and overseas travel times 

by 50% by the year 2020.[3]  Their specifications include long–term durability, 

high-temperature functionality, and low weight.  This combination of properties is 

compatible with that of γ– and two–phase α2–γ TiAl materials.  TiAl intermetallics 

thus became NASA’s top candidate for material parts of the HSCT program; their 
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intended uses range from a deflecting divergent flaps on wings to the aircraft’s 

exhaust nozzle.  In 1999, the High Speed Research Program that oversaw HSCT, 

in partnership with NASA, and industry giants such as Boeing, General Electric, 

and Pratt & Whitney, continued their interest in this material.[8]  Their sustained 

research on TiAl supports the materials potential for future high temperature 

structural applications. 

 

1.1.2. Automotive engine valves 

 Titanium aluminide alloys are not only materials suitable for aerospace 

applications in the future, but are currently suitable for the automotive industry.  

Today, TiAl alloys are being used for automotive piston valves,[2,9] and their 

properties have already proven themselves on the race course.  In the past five 

years, automotive manufacturers have expressed increased interest in replacing 

present engine valves with TiAl alloy valves,[2] and Daimler Chrysler plans to 

implement these alloys in their top performing models starting 2008.[10] 

 

1.2.  Evolution of TiAl alloys 

 

 In the following sections, I discuss the binary Ti-Al phase diagram, 

particularly the central region corresponding to 50 at.% Ti – 50 at.% Al 

compositions, from which TiAl gamma alloys are made.  The materials’ 
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microstructure, and thus properties, is strongly affected by processing techniques.  

Processing techniques as well as the choice of microalloying elements can 

significantly affect the final TiAl microstructure.  Thus, a summary of 

microstructures is given below. 

 

1.2.1. The binary Ti-Al system 

The titanium–aluminum system (Fig. 1.1) is unique with respect to 

exhibiting three phase fields (α, α+γ, α2+γ) that are near 1:1 composition ratios 

(46 to 49 at.% Al).[11]  This allows for a variety of microstructures to be 

generated using various thermomechanical processing treatments.[11,12]   
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Figure 1.1. Partial Ti-Al phase diagram of the region of interest.  The hashed area 
represents the composition range of majority of TiAl alloys today.[11] 
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The α2 (Ti3Al) and γ (TiAl) phases, with their ordered hexagonal (D019) 

and face–centered tetragonal (L10) structures, respectively, have the stable crystal 

structures displayed in Fig. 1.2, with high disordering and melting temperatures of 

1125°C and 1460°C, respectively. Their inherent oxidation resistant properties are 

due to their high Al content.  The unique and complex properties of the α2–γ phase 

combinations have been realized through many years of research successfully 

satisfying many present demands, however, addition progress must be made to 

supplant future demands.  
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Ti Al  
(a) 

 

 
(b) 

 
Figure 1.2. The (a) face–centered tetragonal (L10) and (b) ordered hexagonal 
(D019) structures of γ and α2 TiAl phases respectively.  The close packed planes of 
both crystal structures (111) and (0001) respectively form the interface between α2 
and γ lamella. 
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 Due to their low densities (Table 1), TiAl alloys (also referred to as gamma 

alloys) exhibit excellent strength–to–weight ratios (known as specific strength) and 

high specific stiffness (defined by a material’s Young’s Modulus divided by its 

density),[11] which is displayed in Fig. 1.3.  Gamma alloys also exhibit good 

oxidation resistance at high temperatures (due in part, to their relatively high Al 

content).  Their relatively poor creep resistance and lack of low temperature 

ductility do not yet, however, meet the stringent design requirements necessary in 

reliable industrial applications.  This inverse correlation between creep resistance 

and ductile behavior presents a significant challenge for optimizing the properties 

of such materials, if we are to obtain dependable engineering materials. 

Consequently, there is a need to improve their low temperature ductility 

and high temperature creep resistance without compromising their exceptional 

corrosion and oxidation resistant properties as well as their strength.  Much of the 

research on TiAl alloys has therefore focused on altering their properties by 

microalloying.[13-20]  Microalloying means adding different elemental 

constituents and varying their concentrations, and then investigating the alloys 

produced using macroscopic testing techniques to ascertain the efficacy of the 

microalloying additions.  Improving the ductile and creep properties of two phase 

TiAl alloys has been achieved utilizing four microstructural strengthening 

techniques: (1) solid–solution strengthening; (2) work–hardening; (3) grain 
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refining; and (4) precipitation hardening.  The materials I studied involved 

microalloying additions that resulted in precipitate formation that influences the 

latter two techniques: grain and lamellar sizes, and hardening of the alloy.  The 

formation of ceramic-type precipitates (boride, silicide, and primarily carbides) 

creates ceramic/metal (C/M) interfaces within the material that are structurally and 

chemically analyzed in the following chapters. 

 

 

 
Figure 1.3. Specific stiffness and strength of TiAl are superior to super alloys and 
conventional Ti alloys (denoted as IN and IMI respectively).[11] 
 
 

1.2.2. Microstructure 

Transmission electron microscope (TEM) observations of TiAl alloys can 

exhibit a variety of microstructures as described above.  Both chemistry and 

processing have a large effect on the TiAl microstructure.  Slight changes in 

composition or processing procedures, such as different cooling rates after hot 

isostatic pressing and forging of the material, can result in a range of 
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microstructures composed of lamellar colonies, single-phase γ-grains, or a 

combination of the two which are classified as duplex microstructures.  Duplex 

microstructures, exemplified in Fig. 1.4a, result after solutionizing the alloy in the 

α+γ phase field, whereas fully lamellar (FL) microstructures resulting from 

solutionizing the alloy in the α phase field, consist solely of α2–γ lamellae 

(Fig. 1.4b).  The lamellae have the so-called Blackburn orientation 

relationship[21]: (0001) α2||(111)γ ;  [2110]α2||<110]γ, where the close-packed 

planes of both phases form to make an interface.  Both a γ-grain and a lamellar 

microstructure are imaged side-by-side in Fig. 1.5; the diffraction pattern indicates 

that the γ-lamellae are heavily twinned.  The lamellar spacings range from 10 nm 

to 1 µm across the sample.  Precipitates, such as carbides and borides, are either 

found between γ-grains and lamellar grains in the duplex structure, or between the 

individual lamella in the FL case.  

Adding light elements (such as boron, carbon, or silicon) to the binary 

alloy creates precipitates with ribbon, platelet, or spherical morphologies that 

decorate these microstructures.[22-24]  These microstructural changes and 

microalloying additions, as discussed below, ameliorate the gamma alloys with 

respect to disparate industrial demands. 
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γγγγ-TiAl

αααα2-γγγγ

αααα2-γγγγ

γγγγ-TiAl

 
(a) 

 

 
(b) 

 
Figure 1.4. (a) Duplex TiAl microstructure revealing both single phase γ-grains 
and lamellar α2–γ grains. (b) Fully lamellar microstructure consisting exclusively 
of α2–γ lamellae. 
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1.3. Microalloying influences on TiAl properties 

 

Adding microalloying elements to the TiAl alloys also affects their 

microstructures, but more so their mechanical properties.  Various alloying 

additions have been used to achieve improved properties and are reviewed below.  

The pertinent properties are: (1) solid-solution strengthening; (2) ductility; (3) 

oxidation resistance, and (4) creep resistance.  The different types of precipitates 

used in grain refinement and precipitation strengthening are then discussed in 

terms of their contribution to the alloys’ creep resistance. 



 
 
 

 

16 

 

 

 

 

 
(a) 

 
 
 
 

 
(b)     (c) 

 
Figure 1.5. Fully lamellar and single–phase γ microstructures (a) with respective 
diffraction patterns (DP), (b) and (c).  The symmetry in the lamella DP results 
from twin orientation relationships of the γ–phase lamella. 
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1.3.1. Solid solution strengthening  

A common method for strengthening alloys is dissolving solute elements in 

the alloy such that lattice strengthening occurs.  Many microalloying elements 

such as Nb, Zr, Mo, V, W, Hf, and Ta have been shown to increase creep 

resistance in gamma alloys.[14,18-20,25-27]  The addition of the refractory 

elements W and Ta specifically slow diffusion in the γ-phase.[4]  Slow diffusers 

can inhibit lamellar coarsening processes when the metastable α2 phase begins to 

dissolve at higher temperatures. 
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Figure 1.6. Comparisons of the three microstructures achieved with various 
processing techniques shows the fully lamellar to have the best properties for 
structural applications. [11] 
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1.3.2. Ductility improvement  

Chromium, Mn, and V enhance the ductility of two-phase TiAl alloys, with 

microstructures consisting of γ and α2 lamellae.[4,25,28]  Their ductilizing effect 

may be due to the elements’ site occupancy within a phase which consequently 

stabilizes that phase.  For example, it would be beneficial to stabilize the α2-phase 

with microalloying elements.  It has been shown that Cr, Mn, and V partition to 

the α2-phase, because they are scavengers of interstitial impurities, which tend to 

embrittle the γ–phase.[4,28]  The β–phase (with the cubic B2 structure) is formed, 

however, if the total addition of microalloying elements exceeds more than 

approximately 3 at.%.[11]  The presence of the β–phase has been shown to have 

an adverse affect on creep properties. 

Some of these microalloying additions result in alloys having overlapping 

properties (such as Cr or V), and some questions remain as to how these alloying 

additions affect the microstructures and where they reside.  The physical locations 

of alloying additions within the microstructures, and to what degree they reside 

there may reveal their effective strengthening mechanisms. 
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Figure 1.7. The dissolution of a ledge in the α2–phase in (a) resulting in an 
alteration of crystal structure which leads to productions of dislocations in (b).[29] 
 
 
 

1.3.3. Oxidation resistance of TiAl alloys 

Oxidation resistance is intrinsic to many intermetallic systems.[30]  The 

high aluminum content in the γ–TiAl phase promotes the formation of a protective 

Al2O3 layer.  The γ–TiAl phase alone, however, demonstrates poor fracture 

toughness properties, which makes its fabrication difficult. When the alloy 

composition is within the α2–γ two–phase region, both ductility and toughness are 

achieved such that the alloy can be used in production.[11]  When increasing an 

alloy’s ductility and toughness, a oxidation resistance problem arises, due to a 

diminished Al content.  Due to the increased α2–Ti3Al phase volume fraction, TiO 

and TiO2 oxides now form as a product of the oxidation process, which are less 

stable than the Al2O3 layer, which is formed on the γ–phase. [31]  Employing 

additional alloying elements, such as Nb and Cr, can minimize this shortcoming of 
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the α2–phase.  With the Nb favoring the Ti-sublattice, and Cr preferentially 

occupying the Al-sublattice, the addition of these elements promote the formation 

of Al2O3 and chromate oxides, respectively.[8,32 2000]  With oxidation resistance 

optimized, we are left with improving the creep properties, which are highly 

dependent on a properly formed microstructure. 

 
 

 
 

Figure 1.8. Process proposed by Namby which the α2–phase dissolves through 
dislocation production, leaving behind γ–γ interfaces.[29] 
 
 
 

1.3.4. Creep resistance through finer lamellae  

The strict industrial demands require that the creep strain not exceed 10-2 

after 104 hours at 700°C.[11]  None of the current TiAl alloy microstructures 

achieve this creep resistance requirement, but various strategies exist for 

improving this mechanical property. The tight creep requirements apply mainly to 

the materials’ primary creep strain characteristics, since this is the regime in which 
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most of the deformation takes place.  Thus, it is important to understand the 

primary creep deformation mechanisms of these alloys.  Figure 1.6 shows that the 

fully lamellar structure far exceeds either duplex or equiaxed γ–grains in its creep 

resistance.  Understanding the formation of lamellar structures has been the focus 

of several research groups,[33-37] since it has a strong influence on the alloys’ 

performance. 

Creating smaller and more refined lamellae was another method to improve 

creep resistance.  It has been shown that smaller average α2/γ lamellar spacings 

(0.1 µm) increased the creep resistance.[38]  A problem arises, when the 

metastable α2–phase lamellae dissolve and transform during aging, leaving behind 

mainly γ–phase lamellae.  This dissolution of the α2–phase results in poor creep 

properties of TiAl.[29]  A better understanding of the dislocations at the interfaces 

led to an explanation of the creep mechanisms and dissolution of the α2–phase. 

The dissolving α2–lamella is thought to emit dislocations from ledges, in a process 

shown in Fig. 1.7.[29]   At interfacial dislocation densities exceeding ca. 

1.5x1013m–2, the bowing and subsequent disappearance of a thin α2–lamella occurs 

(Fig. 1.8). The stabilization of the α2–phase is then critical for maintaining high 

number densities of α2–γ interfaces, which increases the creep resistance of the 

alloy.[39] 

Larson et al.[22] added 0.015 at.% B and 0.2 at.% W to their TiAl alloys 

with the aim of stabilizing the α2–phase.  Boron was found to refine the lamellar 
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structure significantly, purportedly by providing nucleation sites for lamellar 

formation during cooling from temperatures above 1250°C.  Atom-probe 

microscopy observations[22] found that B partitions to the α2–phase and does not 

segregate at the interfaces as is the case for W.  Boride precipitates with the 

stoichiometries TiB and TiB2 are observed only if more than 0.5 at.% B is added to 

the alloy.  By affecting the nucleation process of the lamella, B limits their size, 

while W causes a solute drag effect to counteract their coarsening and possibly 

decreases the diffusivities of other elements through the matrix.[22]  

 

400 nm
 

 
Figure 1.9. Microstructure of a TiAl alloy exhibiting high creep resistance due to 
both fully lamellar characteristics and the presence of carbide and silicide 
precipitates along the lamellar boundaries. 
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1.3.5. Creep resistance by precipitation 

Precipitation hardening has been performed with many metals and has 

worked equally well for various intermetallics.[40]  The precipitates that have 

been used for improving TiAl’s hardness are carbides, silicides, and borides.   

With B additions of more than 0.5 at.%, boride precipitates form[22] and 

have a ribbon–like appearance with widths on the order of nanometers.  Both TEM 

and field-ion microscopy (FIM) observations have shown that fine dispersions of 

boride particles can serve as obstacles to dislocation glide.  The only means by 

which dislocations overcome the boride particles are through the Orowan 

dislocation looping mechanism,[41] leaving dislocation loops around the particles.  

Accumulating dislocation loops around individual particles results in an increase 

in strain hardening. 

To find the effects of carbide and silicide precipitates on creep properties, 

Gouma et al.[23] studied carbon and silicon concentrations of 0.1 at.% and 

0.2 at.%, respectively, in a TiAl alloy (also containing Nb, Cr, and W additions).  

Carbon and silicon are initially dissolved interstitially in the α2–and β–phases.  

After aging, however, precipitates form, and the material then demonstrates 

enhanced creep resistant properties.  Carbides of the form Ti2AlC and silicide 

particles of the Ti5Si3 phase were observed by TEM.[42]  It was proposed that the 

precipitates’ growth, and thereby increased creep resistance, results from the 
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limited solid-solubility of C and Si in the γ–phase.[24,42]  The precipitates were 

exclusively found lining the γ–γ lamellar boundaries, suggesting that the 

precipitates originated from α2–lamellar dissolution during creep.  An example of 

a precipitation strengthened fully lamellar structure is shown in Fig. 1.9.  Since 

both the C and Si solubilities are very low in the γ–phase (typically < 0.1 at.%), it 

is possible that the α2–phase is rich in C and Si, in turn forming precipitates as it 

dissolves during creep, as suggested by Nam[29] and Gouma.[39]  The precipitates 

reduced creep rates occurs through the mechanism of glide resistance of partial 

dislocations.  The dislocations become pinned at the H-type carbide and silicide 

precipitates, causing bowing–out of dislocation segments. The continued piling up 

of these dislocations, along with the relatively large size of the carbides and 

silicides suggests that interactions between them and the partial dislocations cause 

a significant fraction of the total flow stress in aged materials.[43] 
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Chapter Two 

 

Materials, Experimental Procedures, and Unique 

Analyses of Ion Trajectory Effects 

 

2.1. Materials Investigated 

 
A wide range of materials was investigated in the course of this research 

and several alloys were donated from a variety of laboratories that specialize in 

titanium aluminide (TiAl) intermetallic compounds.  The putative commercial 

alloys are of interest due to their high quality mechanical properties such as 

corrosion resistance and high temperature creep resistance.  The outstanding 

mechanical properties of these experimental alloys are possible due to the specific 

micro-alloying additions and processing procedures the laboratories employ, and 

thus their microstructures and chemical compositions are complex and contain up 

to 10 elements.  The different processing procedures employed arc melting, 

extrusion, hot isostatic pressing, and various cooling rates including furnace-

cooling, air-cooling, and water quenching.  Depending on the alloys’ processing 

procedures and aging treatments, the precipitate number densities in the 
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experimental alloys varied from ca. 1012 m-3 to 1020 m-3. Our interest in these 

alloys is their ceramic-like precipitates that decorate α2-γ lamellar interfaces due to 

their important contribution to high-temperature creep resistance in TiAl 

alloys.[23,24,39] 

Due to the variance in precipitate number densities in these experimental 

alloys, however, there was a need to create model alloys using processing 

procedures that result in reproducibly high precipitate number densities.  This 

effort culminated at Northwestern in producing model alloys having nominal 

compositions of Ti50Al48CX, where C recombines with Ti and Al during aging to 

form carbide precipitates in number densities exceeding1021 m-3 and X is a 

quaternary micro-alloying addition of interest, see below. 

 

2.1.1. Experimental prototype TiAl alloys: alloys from TiAl alloy 

fabricating laboratories 

 Titanium aluminide alloys are of great interest due to their useful high-

temperature behavior.  Their potential weakness is their relatively poor creep 

properties.  Their creep resistance has been improved through a combination of 

microalloying additions and heat treatments, which result in the formation of 

strengthening precipitates, some of which are homogenously distributed in 

equiaxed TiAl grains and others that are heterogeneously situated between α2 and 

γ lamellae.  The precipitates include carbides, borides, and silicides.  Their 
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structure, composition, and interfacial chemistry with respect to the matrix is of 

critical importance to better understand the origins of their strengthening 

mechanisms in TiAl alloys.  The results for the alloys investigated are presented in 

different chapters in this thesis; therefore alloys are described in detail in each 

corresponding chapter. 

 

 

2.1.2. Model alloys: alloys fabricated at Northwestern University 

Model alloys were prepared at Northwestern to produce alloys with 

reproducible microstructures and controlled compositions.  Instead of the 

engineering alloys, which having upwards of six microalloying additions, the 

model alloys served as control alloys with only one microalloying element per 

alloy.  There are two main characteristics to consider in determining the quaternary 

elements to study for the TiAl model alloys: (1) the microalloying elements’ 

relevance to the properties of TiAl alloys (2) and their ability to be readily detected 

using time-of-flight (TOF) mass spectroscopy in the 3DAP microscope.  The first 

characteristic is deduced from the literature and from collaborative efforts to 

simulate the experiment.  The second characteristic is concerned with the 

limitation of any mass spectrometer: the problem of overlapping mass-to-charge 

state (m/n) ratios in the mass spectra.  This problem occurs when different species 

are detected with the same m/n ratio thereby making them indistinguishable during 
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the analysis stages.  For example, Fig. 2.1 displays the overlapping peaks of Hf2+ 

and Zr+, and W2+ and Nb+ in a multicomponent engineering TiAl alloy.  There are 

deconvolution methods available, such as comparing isotope ratios so that one can 

determine chemical compositions, however the species’ positions in the 3-

dimensional reconstruction is indeterminate.  This positional information is critical 

when determining partitioning and segregation values with respect to internal 

interfaces.  Therefore, elemental additions that do not have m/n ratios overlapping 

with Ti, Al, or C were chosen. 

 

 
 

Figure 2.1. Example of mass-to-charge-state peak overlaps between Hf2+ and Zr+; 
and W2+ and Nb+ in a multicomponent engineering TiAl alloy.  
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The TiAl alloys were prepared by arc melting 99.999% Al, 99.9% Ti, and 

99.5% TiC (all compositions in this article are in atomic percent) using a non–

consumable W electrode in an argon atmosphere.  Quaternary additions of 

99.7% Cr, 99.97% Mo, 99.9% W, 99% Zr, 99.9% Y, and 99.95% Ta (referred to 

as X) were added for a nominal composition of Ti50Al48CX.  The melted buttons 

were about 5 g and were flipped and re–melted five times to obtain homogenous 

alloys.  The buttons were then solutionized at 1250°C for 168 hrs in quartz tubes 

that were evacuated, purged, then filled with argon gas.  The samples were then 

quenched into an iced brine solution.  A final aging treatment for carbide 

precipitation was performed at 800°C for 24, 48, or 96 hrs. 

 

2.2. Experimental Procedures 

 

2.2.1. Conventional and High-resolution Transmission Electron 

Microscopy and specimen preparation 

Hitachi H–8100 and HF–2000 transmission electron microscopes (TEMs), 

both with accelerating voltages of 200 keV, were utilized for characterizing the 

alloys (e.g. obtaining precipitate number density and microstructural phase 

information).  A HB–501 VG–STEM (with 100 keV accelerating voltage) at 

Cornell University and the JEOL ARM-1250 (with 1.25 MeV accelerating 

voltage) at the Max-Planck Institut für Metallforschung in Stuttgart, Germany, 
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were employed for atomic scale characterization of the precipitates’ structural 

characteristics. 

Bulk TiAl alloys were cut with high-speed rotational or wire saws to thin 

sheets with a thickness of 200 µm.  With 35 µm SiC powder, a rotational slurry 

cutter was employed to cut 3 mm  discs from the sheets.  Final TEM foil 

preparation involved polishing the 3 mm discs to ca. 100 µm thickness and 

electropolishing with a Struers dual jet electropolishing system.  Approximately 

400 ml of 10 % perchloric acid in methanol electropolishing solution was used at –

20°C, while applying 17 VDC across the specimen.  After a final rinse with ethanol, 

the specimens were ready for conventional TEM observations. 

For high-resolution investigations, additional procedures are highly 

recommended.  Precision ion milling the electropolished disc with ��� � � � � � � � 	 
 �

� � � � � � � � � � 	 � � �for 5 minutes at LN2 temperatures removes amorphous layers of 

reactants (resulting from electropolishing) from the surface.  To curtail ion beam 

damage in the specimen during analytical investigations (e.g., when convergent 

electron beam analysis is implemented), we coated the exit side of the specimen, 

that is the side from which the electron beam will exit, with a 20Å C amorphous 

film.[44]  Plasma cleaning the specimen with an Ar-O mix for 5 minutes 

immediately prior to insertion into a microscope is also recommended. 
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2.2.2. Three-Dimensional Atom-Probe and Field Ion Microscopies 

The three-dimensional atom probe (3DAP) microscope combines two 

techniques, typically used in succession: one for imaging a specimen with atomic 

resolution and one for analyzing the specimen atom-by-atom with time-of-flight 

mass spectrometry.  Specimens are in the form of sharp needles with apex radii of 

< 50 nm, whose fabrication is described below.  Specimens are cooled to 

cryogenic temperatures (< 80 K) under ultrahigh vacuum (UHV) conditions (10-10 

Torr) in the 3DAP microscope.  Both imaging and analysis techniques rely on 

applying a high positive electric field to the specimen’s apex, by biasing the 

specimen at 2-20 kV relative to ground, such that average electric fields on the 

order of 40 V nm-1 are created.  The governing equation is: 

E =
Vtip

kr
,      (2.1) 

where k is a factor of ~5[45] taking the non-spherical nature of the specimen into 

account (i.e. its shank) and r is the apex radius. 

Field ion microscopy (FIM) involves imaging indivual atoms on the 

surface of a tip as a result of field-ionization of gas atoms at the high local electric 

fields associated with individual surface atoms.  Figure 2.2 is a model of a 

specimen’s apex displaying the variance of local electric fields on its surface, 

where red regions correspond to higher local electric fields than blue regions.  The 

four fold symmetry of the rings (or crystallographic poles) reflects the model’s 

cubic crystal structure.  Helium or neon gas is usually used for imaging in a FIM.  



 
 
 

 

33 

 

 

The cryogenic cooling of the specimens improves the atomic resolution because 

it results in the thermal accommodation of the imaging gas to the temperature of a 

tip, prior to its ionization via a quantum mechanical tunneling process [46], 

thereby decreasing the lateral diameter of the beam of gas ions that gives rise to 

the image of an atom.[47,48]  After the imaging gas atoms become field-ionized 

above individual atoms on the surface of a tip, the gas atoms are accelerated 

approximately radially from the site of an atom to a detector at a distance d from a 

specimen.  The magnification, M, resulting from this process is given by: 

M = d
ξr

,      (2.2) 

where ξ is the compression factor (~1.5) and r is the radius of the apex; the FIM is 

a point projection microscope that is lens-less.  A simple calculation demonstrates 

that with a specimen-to-detector distance of ~100 mm and r ≅ 50 nm, the value of 

M exceeds 106.  The FIM was actually the first technique that permitted direct 

imaging of individual atoms; an early review article by the inventor of the FIM, 

E.W. Mueller.[49], contains excellent atomic resolution images.  FIM micrographs 

can reveal microstructural details such as the crystallographic orientation of the 

specimen being imaged, atomic ordering of the structure, vacancies, self-

interstitial atoms, and most importantly, nanometer-sized precipitates within the 

matrix.[50-53] 
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Figure 2.2. Computer simulation of a field-ion microscope tip of a hard-sphere 
FCC metal: model is a hemisphere sitting on a cone.  The colors signify local 
electric field strength, with blue indicating low and red indicating high local fields, 
respectively.  Note a single atom (in red) is residing on the top-most atomic plane. 
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Once the atoms on the surface of of an FIM specimen are imaged and a 

region of interest is identified (such as a precipitate, or the interface between the 

matrix and a precipitate), one can then analyze chemically the specimen using 

time-of-flight mass spectrometry.  This is achieved by superimposing voltage 

pulses at a frequency of 1.5 kHz on the steady-state DC voltage on a specimen 

(Vtip).  The pulse height is typically 20 % of the Vtip and the ratio Vpls/Vtip  is called 

the pulse fraction.   The cryogenic temperature of a specimen is advantageous 

because it minimizes preferential field evaporation of a species between voltage 

pulses.  The voltage pulses, which have rise times shorter than a nanosecond, 

cause field-evaporation of individual ions from the apex surface,[46] which then 

are accelerated, in a similar fashion to the gas atoms in FIM, to a position-sensitive 

micro-channel plate detector, which is capable of detecting individual ions.  The 

time-of-flight (TOF) is recorded for each ion, tTOF.  An ions’ chemical identity is 

determined from the principle of conservation of energy, that is the potential 

energy of a field-evaporated ion is equal to its kinetic energy by: 

neV = 1
2

m
d 2

tTOF
2 ;      (2.3) 

Which is solved for the mass-to-charge state ratio: 

m
n

= 2e(Vtip + Vpls)
tTOF

2

d2 ,      (2.4) 

where e is the charge of an electron, and V is the sum of the specimen voltage, 

Vtip, and the pulse voltage, Vpls.  Atoms on the surface of an FIM tip are field-
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evaporated atom-by-atom and plane-by-plane, thus making possible the 

reconstruction of the structure in three-dimensions.  The spatial resolution along 

the direction of analysis direction is equal to the interplanar spacing of that 

crystallographic direction, which can be equal to 0.01 nm.  The lateral resolution 

in a single-phase specimen primarily involves the kinetics of each atom at the time 

of its field evaporation from the specimen surface.  When more than one phase is 

present, field evaporation trajectory effects, which are address below, may affect 

the lateral resolution.   

 Once we have the positions of individually identified atoms, the relative 

lateral distances between them on a position sensitive detector, and their sequence 

of field evaporation it is possible to reconstruct the bulk specimen atom-by-atom, 

in three-dimensions Section 2.2.3. 

 

2.2.2.1. Specimen preparation 

 From the bulk heat-treated ingots, specimen blanks were obtained by 

electro-discharge machining (EDM).  Small rectangular blanks, roughly 200 µm x 

200 µm x 1 cm were then electropolished at one end for the final FIM specimen 

preparation procedure.  For the preparation of sharp FIM specimens, a three-stage 

electropolishing method was developed: 
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1. A rough beaker polish was performed using a 5% perchloric acid in glacial 

acetic acid.  A polishing voltage of 20-25 Vdc was employed.  This step removed a 

black oxide residue (a result of the EDM process) and gave the specimen an 

approximate needle-like shape. 

 

2. A neck was then produced in the polished specimen using the loop polishing 

method.  The same electrolyte was used as in Step 1, with a polishing voltage of 

15-18 Vdc.  The electrolyte in the loop was changed regularly to ensure precise 

control of the neck formation. 

 

3. The final stage was performed in a beaker using an electrolyte consisting of 2 

vol.% perchloric acid in butoxyethanol, at a polishing voltage of 10-15 Vdc.  

Pulsed electro-polishing was employed until the neck of the specimen fractured 

and the bottom section fell into the electrolyte.  The specimen was removed 

immediately from the electrolyte and rinsed thoroughly with ethanol.  This 

procedure typically resulted in a needle-like shaped specimen with an apex radius 

of ~50 nm.  

 

2.2.2.2. Specimen analysis 

 Three-dimensional atom-probe microcopy of TiAl was accomplished with 

the following parameters: (1) typical specimen temperature – 60 K; the model 
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alloys with large number densities of carbide precipitates were analyzed at 80 K 

and (2) neon imaging gas gauge pressure of ~1 x 10–5 torr (1.3 x 10-3 Pa). 

 

During FIM observations, {111} crystallographic type poles were typically 

large dark regions exhibiting three-fold symmetry, whereas the ordered (001) and 

(110) planes were identified by alternating bright and dim rings corresponding to 

the alternating Ti and Al planes corresponding to the  [001] and  [110] 

crystallographic directions. Concentration profiles and density measurements of 

analyses along the ordered [001] crystallographic orientation, with which the 

determination of site occupancy of microalloying elements can be achieved, is 

discussed in detail in appendix A. 

 

 

2.2.2.3. FIM of precipitates in TiAl 

 Two strategies can be taken in analyzing nanometer sized precipitates in 

TiAl alloys with the 3DAP microscope: selective and random area analyses.  

Observing FIM images while field evaporating the specimen under steady state 

voltage conditions (DC voltage) allows for a selective area analysis of a 

precipitate, which becomes visible during continuous field evaporation (that is, if 

the number density of precipitates in the alloy is sufficiently high enough such that 

the inter-precipitate spacing is less than ca. 200 nm).  The precipitate becomes 
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visible as a highly localized bright region in an FIM image, as seen in Fig 2.3.  

This, however, only allows analysis of the rear precipitate/matrix interface, since 

the front of a precipitate was field evaporated for its identification.  Considering a 

relatively high field evaporation rate of one atomic layer sec-1, it is feasible to 

reach a depth of 100 nm in two hours.  This, however, depends on the stability of 

the material at high electric fields, which has proven to be challenging in the case 

of intermetallic TiAl alloys.[17]  Tips often flashed while achieving optimum field 

evaporation conditions, which resulted in a topologically complex shaped tip, 

which sometimes could be recovered with further developing using field 

evaporation or in the case of a catastrophic flash, required repolishing.  
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[001] Ordered Pole

Carbide precipitates

 
 

Figure 2.3. FIM of a TiAl alloy revealing the ordered [001] crystallographic 
direction (pole) as rings with alternating contrast and the bright contrast when a 
carbide precipitate emerges on the apex surface. 
 

 The second method is random area analysis, which works when there is a 

high number density of precipitates (ca. 1022 m-3) or interfaces in the material.  

This method was not applied to the engineering alloys due to their low precipitate 

number densities (< 1019 m–3) and the fact that the precipitates are primarily 

heterogeneously nucleated at grain and lamellar boundaries.  The random area 
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analysis method was applied to the model alloys processed at Northwestern.  The 

model alloys revealed precipitate number densities between 8x1021 m–3 and 

1x1023 m–3.   

 

2.2.3. Three-Dimensional Atom Probe microscope data analysis 

Reconstruction analyses were performed using ADAM[54], a software 

program used for measuring one-dimensional composition profiles and local 

density variations along selected analysis cylinders.  The three–dimensional 

reconstructions require a calibration procedure, so that they correspond to physical 

reality.  Calibration of 3DAP microscope reconstructions typically involve atomic 

interplanar {hkl} spacings (so that known atomic planes are reconstructed 

properly) and fitting the reconstruction density to the material’s known density (in 

nm-3).  Since atomic planes were not reconstructed in the TiAl alloys, because the 

specimens were not necessarily analyzed along a specific crystallographic 

direction, their known density was used for the reconstruction calibration. 

Typically, when there was a precipitate present in the reconstruction, the density in 

the more metallic phase, i.e. TiAl, was used in the calibration procedures.  

Therefore, analyzed volumes were calibrated so that the reconstructed TiAl matrix 

density corresponds to its known value.  A field evaporation phenomenon called 

local magnification occurs, which is discussed in more detail in Section 2.3, when 

phases that field evaporate under different conditions are present at the apex.  This 
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may affect a second phase during an analysis, hence the final density calibration 

applied to the reconstruction is accurate for the TiAl phase and less accurate for 

the precipitate phase. 

 

 3DAP microscope data was used to determine the concentrations of all 

elements in both phases and at the precipitate/matrix interface.  Three–dimensional 

reconstructions and quantitative local compositions were obtained utilizing 

ADAM (versions 1.5 and 2), which was developed at Northwestern University.[54-

56]  Each precipitate’s dimensions and morphology were identified with the aid of 

an isoconcentration surface.  A method developed at NU to measure phase 

compositions and reveal nanometer-scale concentration gradients at internal 

heterophase interfaces is the proximity histogram (or proxigram for short).[56]  

Proxigrams display the concentrations of elements at specific distances from the 

isoconcentration surface, into both phases, thereby revealing a concentration 

profiles with respect to distance from a dividing interface.  The interface is 

typically best defined as the inflection point in the concentration versus distance 

curve between two phases. 

 

In the cases where concentration fluctuations occur within nanometers of 

an interface suggesting enhanced or depleted concentrations in the interfacial 

region of the microstructure, according to the proxigram, segregation calculations 
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are implemented to quantify the amount of excess or depletion.  The relative 

Gibbsian interfacial excess is a quantity expressing quantitatively the amount of 

solute segregation occurring at an interface between two grains or two phases.  

The 3DAP microscope is unique in its ability to measure Gibbsian interfacial 

excesses directly, without deconvolution procedures.[57,58]  The Gibbsian 

interfacial excess of solute i (Γi) is given by the equation: 

Γi = − ∂σ
∂µ
� 

� 
� 

� 

� 
� ;      (2.5) 

where σ is the interfacial free energy and µ is the chemical potential of the solute 

atom.  This thermodynamic value is not only a function of temperature and 

pressure, but of the five macroscopic degrees of freedom defining a heterophase 

interface.  In terms of measuring the Gibbsian excess the value is expressed as: 

Γi = N i
excess

A

� 

� 
� 

� 

� 
� ;      (2.6) 

where Ni
excess is the number of excess atoms at an interface defined by an area A.  

The Γi values are determined from proxigram concentration profiles using: 

Γi = ρ∆x cm
i − ck

i( )
m=1

p

� ;       (2.7) 

where ρ is the known atomic density, ∆x is the bin size along the proxigram 

abscissa between p concentration data points.  The quantity ck
i is the concentration 

of component i in phase k (k = α, β).  The phases α and β in this work refer to the 

matrix TiAl phase and precipitate phases. 
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In alloys with three or more components, the interfacial excess of one of 

the solute elements is given by the relative Gibbsian interfacial excess: 

Γi
relative = Γi − Γ1

c i
αc2

β − c i
βc2

α

c1
αc2

β − c1
βc2

α

� 

� 
� 

� 

� 
� − Γ2

c i
β c1

α − c i
αc1

β

c1
αc2

β − c1
β c2

α

� 

� 
� 

� 

� 
� ,    (2.8) 

where ci
k is the concentration of component i in phase k (k = α, β).  The phases α 

and β are either the TiAl phase or precipitate phase in the present article. The 

relative Gibbsian interfacial excess is independent of where the dividing surface is 

placed. 

 

 Partitioning ratios are utilized to represent elemental preferences in the 

different phases.  The partitioning ratio is defined by κ = Ci
P/Ci

γ, where Ci
P and Ci

γ 

are the precipitate and γ–TiAl concentrations of element i, respectively.  An 

element exhibiting no preference for either phase corresponds to κ = 1, whereas a 

value > 1 shows the element’s preference for the precipitate phase, and a value of 

κ<1 shows its preference for the matrix γ–phase. 

 

2.3. The influence of local magnification and trajectory effects on 

analyzing 3DAP microscopy results 
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 Three-dimensional atom probe (3DAP) microscopy is the foremost 

technique for studying the chemistry of metallic alloys at the atomic scale.  It has 

primarily been used on metallic samples due to their conductive electrical 

properties, which are of critical importance because of the high electric fields 

(~40 V nm-1) that are applied to the specimen during analysis.  When a specimen 

consists of phases with different electrical properties, the analysis method is 

correspondingly affected.   

In this introductory subsection, the results of 3DAP microscope 

experiments of Ti3AlC-type carbide precipitates embedded in a TiAl matrix are 

presented.  This system is representative of the materials analyzed in the remainder 

of this thesis.  This sample analysis, however, elucidates aspects of 3DAP 

microscope data analysis that may introduce uncertainties and errors in 

measurement.  Analogous investigations have been done using 1D atom probe 

microscopy on stacking faults in cobalt alloys.[50]  The uncertainties likely arise 

from local magnification and ion trajectory effects, which  arise from local 

differences in radii on a specimen’s surface.  They are artifacts of the 3DAP 

microscope analysis method that have been known since the microscopes’ 

inception[45,59-61] and are discussed below. 

This section reveals there can be differences in the results from a 3DAP 

microscope reconstruction, depending on the analysis method.  This study 

evaluates the difference in analyzing an internal heterophase interface that is 
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oriented parallel or perpendicular to the field-evaporation direction during a 

3DAP microscope analysis and demonstrates the consequences local magnification 

and field evaporation trajectory effects can have on 3DAP microscope analyses. 

 Figure 2.4 displays the 3DAP microscope reconstruction of part of a 

carbide precipitate in a Ti51Al48C0.2Cr0.8 alloy.  It resides in a 10x10x8 nm3 volume 

and a surface defined by a 1.3 at.% C isoconcentration surface is used to identify 

the precipitate, which intersects the sides of the parallelepiped.  The perspective of 

the reconstruction is such that the inside of the precipitate is observable.  The 

arrow along one of the axes identifies the direction of field evaporation, which is 

approximately parallel to the axis of the needle-like specimen. 

The isoconcentration surface reveals a flat interface that was field 

evaporated first, which was followed by a curved portion that was field evaporated 

last.  Differences in the interface morphologies may not be 100% representative of 

the actual precipitate morphology because of field evaporation fluctuations 

occurring during the analysis: in the case of Fig. 2.4, the voltage on the specimen 

(whose value is regulated to obtain a fixed ion detection rate) increased 350 VDC as 

the precipitate intersected the specimen’s surface.  The emergence of the 

precipitate is detected by a concomitant increase in carbon concentration.  The 

increase in specimen voltage may indicate a blunting of the specimen apex or the 

emergence of a phase at a specimens’ surface requiring a higher local electric field 

to field evaporate it or both phenomena.  The second explanation is justified by the 
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increased carbon concentration and the presence of a carbide precipitate in the 

final reconstruction. Carbides are partially covalently bonded,[62] with an 

associated higher melting temperature (ca. 1580°C) than the TiAl phase, both of 

which mean the cohesive energy of the carbide is higher than that of the metallic 

TiAl phase.  The higher cohesive energy of the carbides ultimately results in its 

different field evaporation rate, which causes the increase in specimen voltage that 

was observed.  As the analysis continued, both the TiAl phase and carbide phase 

field evaporated simultaneously, resulting in the curved interface displayed in the 

rear half of the reconstruction, Fig. 2.4.   
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Analysis
direction, 8nm

10 nm

10 nm

 
 
Figure 2.4. A 3DAP microscope reconstruction of a portion of a carbide precipitate 
in a TiAl matrix.  The black isoconcentration surface demarcates 1.3 at. % C 
concentrations throughout the reconstruction.  Note the analysis direction, yielding 
both perpendicular and parallel field-evaporation conditions (see text).  The atoms 
displayed are Al (red dots), Ti (green dots), O (blue dots), Cr (pink dots), and 
C(grey spheres). 
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 During the field evaporation of this precipitate, two field evaporation 

conditions occur.  First, the interface between the phases is field evaporated 

abruptly, as the area analyzed crosses from the matrix TiAl phase into the carbide 

phase, because the field evaporation direction is perpendicular to the 

TiAl/precipitate interface.  This is termed a perpendicular field evaporation 

condition.  Second, as the analysis continues, both phases field evaporate 

concurrently, which is denoted a parallel field evaporation condition, because the 

TiAl/precipitate interface is parallel to the analysis direction.  Utilizing analysis 

cylinders to probe specific regions of the reconstruction, it is possible to measure 

the differences between the perpendicular and parallel field evaporation 

conditions.   

Figure 2.5 displays the same reconstruction as Fig. 2.4, but in a different 

orientation (without displaying atoms for clarity), indicating the positions of 

1.5 nm radius analysis cylinders used to measure both the composition and the 

density profiles in the perpendicular and parallel field evaporation conditions.  

Composition profiles were generated by counting the numbers of atoms of each 

type divided by the total atoms in equally sized bins along the analysis cylinder 

axis.  The density profiles were similarly generated by measuring the total number 

of atoms in equally sized slices along the analysis cylinder.  The density results are 
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displayed in arbitrary units because the relative quantities are discussed, such as 

the ratio of the densities of the two phases in the 3D reconstruction. 

 

#2

#1

TiAl matrix Carbide Direction
of 

analysis

 
Figure 2.5. A rotation of the reconstruction in Fig. 2.4 displaying only the 
isoconcentration surface and analysis cylinders.  The analysis cylinders were used 
for analyzing composition and density profiles across the interface.  The 
perpendicular and approximately parallel field evaporation conditions are 
investigated utilizing analysis cylinders numbers 1 and 2, respectively. 
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2.3.1. The perpendicular field evaporation condition 

 In the perpendicular field evaporation condition, the compositions 

measured through cylinder No. 1 in Fig. 2.5, change abruptly, see Fig. 2.6a, which 

indicates a sub-nanometer length transition from the TiAl phase to the carbide 

phase.  The perpendicular field evaporation condition reveals an interfacial region 

that is ca. 1 nm thick as measured from the TiAl composition to the carbide phase 

composition (which is actually Ti3AlC0.5, Chapter 5) and reveals increased Cr 

concentrations at the interface, suggesting interfacial Cr segregation.  

The density profile in Fig. 2.6b likewise changes abruptly, as expected 

from a sharp transition between phases.  Note, however, that the change in density 

occurs at ca. 0.5 nm removed from the interface (vertical dashed line).  The 

interface is defined by the inflection point of the C concentration gradient.  The 

physical density of the carbide phase is 1.6 times greater than the physical density 

of the TiAl phase; yet the density profile displays the opposite relationship, 

resulting in the carbide phase having a reconstructed total density that is 0.35 times 

the reconstructed total density of the matrix TiAl phase. 
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Figure 2.6. For the case where the interface orientation is perpendicular to the field 
evaporation direction: (a) composition profiles and (b) density profiles exhibiting 
sharp transitions.  These profiles were constructed using analysis cylinder number 
1 in Fig. 2.5. 
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2.3.2. The parallel field evaporation condition 

 In the case of parallel field evaporation of two adjacent phases (measured 

with analysis cylinder No. 2 in Fig. 2.5), the interfacial region exhibits different 

concentrations spanning several nanometers, Fig. 2.7a.  The dashed line indicates 

where the C concentration gradient is largest.  The composition profile exhibits C 

concentrations exceeding 1 at.% approximately 2 nm into the TiAl phase (whereas 

in the perpendicular field evaporation case, the C concentration in the TiAl phase 

was measured to be ca. 0.1 at.%).  Aluminum and Ti concentrations also appear to 

be altered near the interface; there is a depletion and enrichment of Ti and Al, 

respectively, in the TiAl phase within 2 nm of the interface.  The composition 

profile in this parallel field evaporation condition also does not reveal 

unambiguous Cr segregation to the interface, while the analysis in the 

perpendicular field evaporation condition does. 



 
 
 

 

54 

 

 

 

10

20

30

40

50

60

70

80

90

C
om

po
si

tio
n(

at
.%

)

Al
C
Ti

-11 -10 -9 -8 -7 -6 -5 -4 -3 -2 -1
0

1

2

Distance (nm)

Cr

Carbideγ-TiAl matrix

 
(a) 

0

1

2

3

4

5
Al
Ti

-11 -10 -9 -8 -7 -6 -5 -4 -3 -2 -1
0.00

0.05

0.10

0.15

Distance (nm)

C
Cr

Carbideγ-TiAl matrix

 
(b) 

Figure 2.7. Case where an interface orientation is parallel to the field-evaporation 
direction: (a) composition profiles and (b) density profiles exhibiting broad and 
irregular transitions.  These profiles were produced using analysis cylinder number 
2 in Fig. 2.5. 
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 The density profiles in the parallel field evaporation condition reveal 

radical differences between the phases, particularly within the matrix phase, 

Fig. 2.7b.  The vertical dashed line representing the interface is taken from 

Fig. 2.7a.  The density measured in the matrix phase appears to increase up to the 

interface to the carbide phase and then decreases over a distance of 2 nm to the 

level of the carbide densities.  The total density measured in the matrix phase near 

the interface is 6.7 times the carbide total density.   

The differences in densities of atoms originating from the matrix and 

precipitate phase can sometimes be visualized in the three-dimensional 

reconstructions, also known as atom maps.  A reconstruction displaying only 

matrix atoms (Ti and Al) surrounding a cylindrical precipitate (also a Ti3AlC type 

carbide) in TiAl, viewed along the precipitates’ long axis in Fig. 2.8a, illustrates 

the sharp boundary between the matrix and precipitate.  The corresponding 

reconstruction displaying only C and O atoms originating primarily from the 

precipitate phase, Fig. 2.8b, exhibits a poorly defined boundary between the 

phases. 
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(a) 

 
(b) 

Figure 2.8. 3DAP microscope reconstructions of the same analysis viewed along 
the cylindrical axis of a P–type carbide precipitate exhibiting: (a) matrix elements 
Ti (green) and Al (red) from the TiAl matrix phase; and (b) precipitate elements C 
(black) and O (blue) from the Ti3AlC carbide phase 
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2.3.3. Discussion comparing parallel and perpendicular field evaporation 

conditions 

The electric field required to induce field evaporation from a specimen is 

inversely proportionality to the specimen radius at an applied voltage, Eqn. 2.1.  

Local magnification effects[60] arise from local variations in radii on a specimen’s 

apex, which create locally disparate electric fields.  In our case, the carbide 

precipitates likely protrude from the specimen’s apex, such as in the cartoon in 

Fig. 2.9, producing a locally higher electric field, which is necessary to field 

evaporate the carbide at the same rate as the matrix phase.  Since the carbide phase 

is protruding from the specimen’s surface during the analysis, due to its resistance 

to field evaporation, it is subject to an enhanced local magnification.  Due to the 

disparate local electric fields above the matrix and carbide phases, ions may 

experience cross-field evaporation, and ion trajectory effects may occur.[60,61]  

The results of these effects on composition, precipitate morphology, and density in 

the reconstruction are discussed below. 

 

2.3.3.1.Composition profiles 

 Assuming the composition across the plane of a precipitate/matrix interface 

is independent of the plane’s normal, the composition profiles obtained for the two 

field evaporation conditions, Fig. 2.3, show strongly different results.  In reality 
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the same precipitate does not have orientation dependent local compositions on 

the scale presented here and hence the results demonstrate the effect of varying the 

direction of field evaporation on the composition profiles.  The perpendicular field 

evaporation condition yields sharp chemical chemical composition profiles 

between the precipitate/matrix interface, whereas the parallel field evaporation 

condition reveals chemical composition fluctuations of more than 5 at.% within 2-

3 nanometers of the interface (Fig. 2.7a).  To determine conclusively which of 

these conditions is physically correct would require investigations of the same 

material system using complimentary techniques with the same resolution.  

Measuring compositional details of internal interfaces at the nanometer scale with 

techniques other than 3DAP microscopy proved to be a non-trivial task.  

Measurements were attempted with several transmission electron microscopes 

(listed above), however, electron beam broadening within the sample and electron 

beam damage to the sample were obstacles to achieving compositions on the same 

length scale as 3DAP microscopy.  Similar studies of internal heterophase 

interfaces[55,63-66] suggest that chemical gradients across interfaces between 

nanometer sized precipitates and matrix phases are more accurate than 

composition profiles resulting from the perpendicular field-evaporation condition 

than composition profiles resulting from the parallel field-evaporation condition. 
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Figure 2.9. A schematic showing the surface topology of a FIM specimen when a 
precipitate phase (P) with a higher cohesive energy than the matrix phase (M) field 
evaporate simultaneously at the same field evaporation rate.[67] 
 
 
 

2.3.3.2.Morphological reconstruction and density profiles 

Despite the greater accuracy of chemical gradients for the perpendicular 

field-evaporation condition, the morphology of the interface, displayed by the 

isoconcentration surface, is likely to be more accurately displayed in the parallel 

field evaporation condition.  The surface of a specimen undergoes changes in field 

evaporation rate during the emergence or disappearance of a precipitate phase at it.  

These alterations can influence the reconstruction of portions of a precipitate, 

exemplified by the flat front interface of the precipitate displayed in Fig. 2.4.  

When two phases are field evaporating simultaneously in the parallel field-

evaporation condition, the local surface curvature above each phase has 

accommodated to the high electric field to support a consistent field evaporation 
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rate.  When a second phase abruptly emerges, however, on a specimen surface 

during field evaporation of the first phase, as is the case for the perpendicular 

field-evaporation condition, the consistent field evaporation rate is interrupted 

because of the different field evaporation rate of the second phase.  Fluctuations in 

field-evaporation rates ultimately affect how atoms are positioned in the 

reconstruction along the analysis direction, thus the morphologies in the 

reconstruction can be affected.  The morphology of a precipitate is thus 

reconstructed with greater accuracy when field evaporation fluctuations are 

minimized, as is the case in the parallel field-evaporation condition and not in the 

perpendicular field-evaporation condition. 

Both density profiles in Figs. 2.6b and 2.7b span 10 nm across the 3D 

reconstruction and exhibit vastly different profiles across the carbide/matrix 

interface, although the interfaces are part of the same precipitate.  The theoretical 

densities of TiAl and Ti3AlC carbide phases are 62.5 and 101 nm-3, respectively, 

resulting in a carbide-to-matrix ratio of 1.6.  The density profiles, however, 

suggest the carbide-to-matrix ratio to be 0.35, corresponding to a precipitate phase 

with a density 4.5 times less than it should be. 

The inaccurate values obtained for the carbide-to-matrix ratio obtained in 

the reconstructions originate primarily from the local magnification that occurs 

during the field evaporation of the phases.  Note the clearly defined carbide/matrix 

interface delineated by Ti and Al species in Fig. 2.8a, whereas C and O atoms, 
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primarily originating from the precipitate, are spread out over larger distances in 

the reconstruction of Fig. 2.8b.  Algorithms have been proposed [68] to adjust 

density fluctuations in reconstructions due to local magnification.  The algorithms 

appear to rid the reconstructions of density variations which is an important first 

step, however, the resulting phase density ratios are 1.0 between any two 

reconstructed phases independent of the phases analyzed. 

 

2.3.4. Summary of artifacts that can affect 3DAP microscope analysis 

3DAP microscope analyses were performed on TiAl alloys containing 

nanometer sized Ti3AlC carbide precipitates.  The interfaces between the two 

phases, which represent materials with disparate electrical properties, are analyzed 

perpendicular and parallel to the analysis direction; the analysis directions are 

defined as perpendicular and parallel field evaporation conditions, respectively. 

 

• The composition profiles in the perpendicular field-evaporation condition are 

suggested to represent the chemistry between matrix/precipitate interfaces more 

accurately than those obtained in the parallel field-evaporation condition because 

the latter condition can introduce field-evaporation trajectory effects. 

It is emphasized that the proxigram methodology described above was 

created to circumvent these issues and is discussed in detail by Ruesing et al. 

[69].Since the proxigram takes 100% of an interface surface area into account, as 
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opposed to a fraction of a surface when an analysis cylinder is used, it decreases 

the standard deviation of concentrations measurements associated with the 

interface, such as Gibbsian interfacial excesses.[69]  

 

• Parallel field evaporation conditions can result in the following reconstruction 

artifacts: 

1) concentration enhancements and depletions near an interface between 

two phases (our analyses display concentration gradients within 2 nm 

of the interface), 

2) broad interfaces, potentially several nanometers wide, when measured 

by the steady-state concentrations within each phase, 

3) extreme density fluctuations throughout the reconstruction, particularly 

near the precipitate/matrix interface 

 

• The morphology of a precipitate is suggested to be reconstructed with greater 

accuracy when the precipitate/matrix interface is more or less parallel to the field-

evaporation direction than when the interface is perpendicular to the field-

evaporation direction due to minimal variations in the field evaporation rate when 

field evaporating both phases in steady-state. 
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Chapter Three 

 

Atomic scale chemistry of αααα2/γγγγ interfaces in a multi-

component TiAl alloy 

 

As published in: 

S.S.A. Gerstl, Y.W. Kim, and D.N. Seidman, Interface Science 12 (2/3), 303 

(2004) 

 

3.1. Introduction 

 

 Titanium aluminide intermetallics are promising materials for high-

temperature structural applications primarily due to their inherently low density, as 

well as their good oxidation and creep resistance, and high strength.[4,11]  Fine 

lamellar microstructures composed of alternating α2 and γ lamellae, 10-30 nm 

thick, are known to improve high-temperature creep resistance.[42]  Micro-

alloying elements are introduced to form strengthening precipitates, refine the 

lamellar spacings, and improve creep and oxidation resistance.[25,70,71]  The 

detailed distribution of the alloying elements, however, is poorly characterized.  In 
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this article, we present analyses of the partitioning of all components among the 

intermetallic phases in a prototype-engineering alloy.  

 

3.2. Experimental Procedures 

 

 The alloy employed was produced by induction skull melting and hot 

isostatic pressing and has a composition of Ti-46.5 Al-1.5 Cr-0.5 Mn-3 Nb-0.2 W-

0.2 Hf-0.2 Zr-0.2 B-0.2 C-0.2 O (at.%),.  It was forged isothermally at 1423 K to 

91% reduction.  The oxygen content is introduced by these processing techniques.  

The alloy was annealed at 1553 K, then aged at 1073 K for 24 hr, and finally 

cooled in air to room temperature.   

 Transmission electron microscopy (TEM) specimens were prepared 

utilizing an electrolytic solution of 10 vol.% perchloric acid in methanol at –25°C 

in a Struers Tenupol 5 dual-jet electropolisher.  Three dimensional atom-probe 

(3DAP) microscopy specimen blanks were prepared using electro-discharge 

machining to dimensions of 213 µm x 213 µm x 15 mm.  Specimens for 3DAP 

microscopy were prepared by electropolishing, initially in a solution of 5 vol.% 

perchloric in glacial acidic acid, followed by a solution of 2 vol.% perchloric in 

butoxyethanol, to form apexes with a radius of ca. 50 nm. 

 Conventional and high-resolution TEM was performed on the Hitachi 8100 

and HF–2000 microscopes respectively, both operating at 200 kV.  To obtain 
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chemical information, we used a 3DAP microscope, which yields an atom-by-

atom reconstruction in direct space of a volume of material, typically 

20x20x100 nm3.  Each atom is identified chemically and positioned utilizing a 

time–of–flight mass spectrometer and a two-dimensional position–sensitive 

detector.  Such analyses allow local chemical gradients near an interface to be 

quantified on the sub- to nanometer length scale.  The 3DAP microscope 

investigations were performed using a 19% pulse fraction, at 60 K, and a pulse 

frequency of 1.5 kHz.  A custom software program, ADAM 1.5,[54,56] developed 

at Northwestern University, was used for analyzing the 3DAP microscopy data. 

 The mass spectrum contains a few mass–to–charge state (m/n) peak 

overlaps due to the multi-component nature for the alloy; for example, the 

following pairs of peaks overlap: 180Hf2+– 90Zr1+, 182W2+– 91Zr1+, 184W2+– 92Zr1+, 

and 186W2+– 93Nb1+.  A mass spectrum with some peak overlaps is exhibited in 

Fig. 3.1. Peaks representing more than one ion type (making up less than 0.3 % of 

the data) are omitted from the reconstructed data to avoid ambiguity. 
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Figure 3.1. Mass spectrum demonstrating instrumental mass resolution and 
possible peak overlaps.  The overlapping peaks (making up < 0.3% of all data) 
were not included in data analyses to guarantee uniqueness of elemental 
concentrations.  Zr primarily field–evaporates in the doubly charged state (90Zr++), 
therefore little or no overlap with other Zr isotopes occurs in the mass range 91-94 
amu. 
 
 

3.3. Experimental Investigations 

 

3.3.1. Microstructural characterization: Transmission Electron 

Microscopy 

 The alloy microstructure, displayed in a low magnification micrograph in 

Fig. 3.2, consists primarily of α2–Ti3Al and γ–TiAl phases with hexagonal D019 

and tetragonal L10 structures, respectively.  This figure exhibits a duplex 

microstructure with both single-phase γ and lamellar α2-γ grains.  Within the 

lamellar grains, the alternating α2 and γ lamellae exhibit a wide range of 
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thicknesses.  The α2–Ti3Al lamellae are 5 to 50 nm wide, whereas the γ–TiAl 

lamellae are 10 to 150 nm wide. 

 

 
Figure 3.2. Bright field TEM micrograph of the duplex microstructure of the 
titanium aluminide alloy, having both single-phase γ and lamellar α2/γ grains. 

 
The lamellar thicknesses vary significantly among the lamellar colonies.  The 

lamellae within individual lamellar colonies, however, vary in thickness by only 

±30%.  The individual colonies make up 26% of the microstructure; the remainder 

of the microstructure is a combination of single-phase γ-grains and boride and 

carbide precipitates. 
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The interface structure between α2 and γ lamellae was investigated 

utilizing high–resolution electron microscopy (HREM).  The lamellar interfaces 

were observed by orienting the plane of the interface parallel to the electron beam. 

Figure 3.3 is a typical lamellar interface revealing an atomically sharp boundary 

between the α2 and γ lamellae.  There was no observable transition region between 

the lamellae and few interfaces revealed misfit dislocations.  The orientation 

relationship is 

111( )γ || 0001( )α2
 and  110

γ
|| 1120

α 2
 

which is in agreement with the results of Blackburn.[21]  Now we discuss the 

distribution of micro-alloying elements within such microstructures, particularly 

near the lamellar interfaces. 
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Figure 3.3.  High-resolution electron microscope (HREM) micrograph displaying a 

typical atomically sharp interface between lamellae.  No misfit dislocations are 

identified in this micrograph. 

 

3.3.2. Chemical analysis: Three-dimensional atom-probe microscopy 

 3DAP microscope analyses of two α2/γ lamellar interfaces were carried out 

(referred to as Nos.1 and 2).  Figure 3.4 demonstrates the typical size of a 3DAP 

analysis superimposed on a TEM micrograph of the lamellar microstructure.  
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Figure 3.5 exhibits the 3D reconstruction of the α2/γ lamellar interface 

representing interface No.1.  The interface, represented as a green surface, is 

identified by an isoconcentration surface defined by a 55 at.% Ti concentration 

threshold.[54,56]  Concentrations of all identified elements are then measured at 

subnanometer distances from either side of the interface and plotted in the form of 

a proximity histogram (or proxigram for short).[56] 

Typical size of
a 3DAP analysis

γ
α2 α2

γ
α2

250 nm
 

Figure 3.4.  Bright-field TEM micrograph comparing the α2/γ lamellar structure to 
a 3DAP microscope analysis cross-sectional area.  The superimposed 3DAP 
microscope analysis area shows that the lamellar interface is parallel to the 3DAP 
microscope analysis direction. 
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Figure 3.5. A 3DAP microscopy reconstruction of an α2/γ interface parallel 
to the analysis direction.  The 55 at.% Ti isoconcentration surface in green 
defines the interface between the two phases.  Nb (red) and O (blue) are 
displayed to show their different partitioning behaviors.  Other elements are 
not displayed for the sake of clarity. 
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 Figures 3.6 and 3.7 exhibit the proxigrams for interface Nos.1 and 2, 

respectively.  The proxigrams display the constituent compositions in the vicinity 

of the interface.  The concentrations of the partitioning micro-alloying elements 

are presented in Table 3.1.  The micro-alloying additions Cr, Mn, C, and O 

partition to the α2-phase, whereas Nb and Zr preferentially reside in the γ-phase.  

Tungsten and hafnium, however, exhibit no significant partitioning; instead they 

exhibit strikingly similar near interfacial excesses in proximity to the α2/γ interface 

in the α2-phase (noted by arrows in Fig. 3.7 and detailed in Fig. 3.8).  In interface 

No.1, the concentrations of W and Hf are distinctly higher in the α2–phase within 

0-4 nm of the interface.  A similar behavior is observed within 2–7 nm of interface 

No. 2.  The near interfacial excesses of W and Hf are 0.26 and 0.35 atoms nm–2, 

respectively, calculated from the shaded regions displayed in Fig. 3.8.  The 

calculations involve multiplying the shaded region (concentrations times the bin 

size of 1 nm) by the theoretical density of the α2–phase, since the concentrations 

are measured in that phase. 
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Figure 3.6. Proximity histogram of the 3DAP microscopy analysis of 
interface No. 1, revealing partitioning behaviors of all elements.  Boron 
resides primarily in the form of boride particles and hence is not displayed.  
Each elemental concentration is displayed on its own ordinate axis in at. %.  
The γ-phase is on the left-hand side and the α2-phase is displayed on the 
right-hand side. 

 
 



 
 
 

 

74 

 

 

 
Table 3.1. Concentrations (at.%) of all elements, except B, W and Hf, 

summarizing two 3DAP analyses of α2/γ lamellar interfaces.  Concentrations of 
partitioning micro-alloying elements are in bold font.  Boron is not displayed as it 
primarily resides in boride precipitates, while W and Hf do not partition to either 
phase, but exhibit near interfacial excesses on the α2 side of the interface.  The 
uncertainties represent plus or minus one sigma. 

  
α2 

 
γ 

Partitioning 
Ratios (α2:γ): 

Ti 59.2±0.42 49.94±1.53     1.2 : 1 
Al 32.41±0.42 43.93±2.09        1 : 1.4 
O 1.12±0.11 0.08±0.06   13.9 : 1 
C 0.61±0.08 0.15±0.05     4.0 : 1 
Cr 2.61±0.16 1.76±0.86     1.5 : 1 
Mn 0.81±0.09 0.63±0.10     1.3 : 1 
Zr 0.21±0.04 0.28±0.09        1 : 1.4 
Nb 2.56±0.12 3.13±0.71        1 : 1.2 

 

 

3.4. Discussion 

 

3.4.1. Microstructural characterization 

 Lamellar thicknesses are known to vary with cooling rate.[11]  As this 

alloy was air cooled, the wide range of lamellar thicknesses discussed above is 

attributed to the nucleation and growth of lamellar colonies at different times 

during the final air-cooling procedure.  Chromium influences the lattice parameters 

in both intermetallic phases,[72] thus affecting the misfit between them.  In the 

present alloy, there are many interstitial (B, C, O) and substitutional (Nb, Cr, Mn, 

Zr) elements that can affect the lattice constants, subsequently also decreasing the 
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misfit between the two phases.  HREM observations reveal atomically sharp 

interfaces (Fig. 3.3) supporting these conjectures.  Although most of the interfaces 

observed are atomically sharp we observed periodic dislocations and growth 

ledges along 10% of the lamellar interfaces.  The addition of B to TiAl alloys has 

been theoretically[70] and experimentally[73] investigated and has been shown to 

refine grain sizes and lamellar thicknesses.  Carbon additions primarily form 

carbide precipitates, which increase the creep resistance.[39]  This paper presents 

its interstitial behavior in either intermetallic phase. 
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Figure 3.7. Proximity histogram of 3DAP microscopy analysis of interface 
No. 2, revealing similar partitioning behaviors of detected elements.  Boron 
resides primarily in the form of boride particles and hence is not displayed. 
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Figure 3.8. Concentration gradients of W and Hf near both lamellar interfaces, 
numbered 1 and 2, demonstrate near interfacial excesses (shaded regions) in the 
α2-phase of 0.26 and 0.35 atoms nm–2, respectively.  The horizontal dotted lines 
represent concentrations of the elements in the α2-phase, not including the 
concentration gradients. 
 
 

3.4.2. Chemical analysis: Three-dimensional atom-probe microscope 

investigation 

 Partitioning behaviors of the micro-alloying elements are in agreement 

with previous studies of similar alloys using atom-probe microscopy 
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techniques,[17,74,75] with the exception of W and Hf, which do not exhibit 

significant partitioning to either phase.  Spatially resolved concentration 

measurements of W and Hf near the lamellar interface reveal a local enhancement 

within 7 nm of the lamellar interface in the α2-phase.  It has been suggested that 

tungsten stabilizes the α2 lamellae against dissolution during aging of the 

microstructure.[71,73]  In view of the spatial correlation between W and Hf in two 

separate analyses, it is suggested that Hf serves a similar strengthening role in TiAl 

alloys.  The formation of the β–phase (B2 structure) adjacent to lamellar interfaces 

has been observed in other TiAl alloys after creep experiments and is suggested to 

be part of a decomposition process of the α2–phase.[76,77]  It is also established 

that Cr, W, V, and Nb stabilize the β–phase.[78,79]  If what we observed was part 

of a β–phase precipitate, Cr and Nb would be expected to exhibit concentration 

gradients similar to those of W and Hf.  However, the Cr and Nb concentrations do 

not show localized excesses such as those displayed by W and Hf. 

The random orientation of the lamellar grains in the microstructure can 

result in 3DAP microscope analyses along a variety of directions with respect to 

the lamellar interfaces, be it parallel, perpendicular or oblique to the interface.  The 

data presented includes only those analyses that were parallel to a lamellar 

interface, as represented in Figs. 3.4 and 3.5.  Analyzing an interface in a parallel 

orientation results in interfacial areas greater than ca. 1000 nm2, whereas an 

analysis of an interface perpendicular to the analysis direction is limited to 
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interfacial areas of ca. 360 nm2.  Due to the seven micro-alloying elements 

present at low concentrations (< 0.6 at.%), a greater analyzed area is necessary to 

provide more atoms parallel to the interface, thereby resulting in statistically 

significant data. 

We now comment on interface sharpness as determined by HREM and 

3DAP microscopies.  For a 3DAP microscope analysis direction parallel to the 

interface plane, there exists the possibility of field-evaporation trajectory 

effects[60] because each phase field-evaporates at slightly different values of the 

local electric field.  Therefore, when two phases field-evaporate simultaneously, 

their different field-evaporation characteristics must be taken into account when 

interpreting the 3D reconstruction.[80]  Since the expected evaporation field of Ti 

(26 V nm-1) is greater than that for Al (19 V nm-1),[45] the higher Ti-containing 

phase, α2, field–evaporates at a higher local electric field than the γ–phase.  The 

specimen voltage is 3% higher when field-evaporating the α2–phase with respect 

to field-evaporating the γ–phase.  As the tip radius remains constant during the 

transition of field-evaporating the γ– and α2–phases, the observed increase in 

specimen voltage confirms that the α2–phase field-evaporates at a higher electric 

field than the γ–phase.  For a 3DAP microscope analysis parallel to an α2/γ 

interface, the γ–phase field-evaporates preferentially, which affects the accurate 

composition measurements of the different phases (Table 3.1). When the ions 

impinge on the 2D position sensitive detector, the overlapping ion trajectories, due 
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to the 3% difference in field-evaporation conditions, cause the interfacial 

boundary, represented via the proxigram, to display a wider interface[81] than the 

one structurally observed by HREM, which demonstrates that the interfaces are 

atomically sharp (Fig. 3.3). 

 

Elemental Partitioning 

The partitioning of oxygen was observed to be the most pronounced, as 

reported elsewhere.[17,82,83]  Oxygen prefers the α2-phase to the γ-phase by a 

ratio of almost 14:1.  Our analyses show that the oxygen concentration reaches 

0.09 at.% in the γ–phase and 1.24 at.% in the α2–phase.  This is inconsistent, 

however, with Menand et al.’s suggested maximum oxygen concentration of 

0.025 at.% in the γ-phase.[83]  Menand et al.’s thorough study of oxygen 

concentrations in a Ti54Al46 alloy suggests that the multi-component nature of our 

alloy can have a significant effect on the maximum concentration of oxygen 

dissolved in the γ–phase. 

 The remaining micro-alloying elements partition according to their 

positions in the periodic table.  The metalloids (C and O) and transition metals (Cr 

and Mn), periods two and four respectively, partition to the α2-phase, whereas 

period five elements (Nb and Zr) partition to the γ-phase.  Elements from period 

six (W and Hf) do not show a preference for either phase and appear to create a 

concentration gradient in the α2-phase within 7 nm of the interface.  We note that 
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the correlation of partitioning behavior with periodic table period would not 

necessarily follow for all possible dopants.  

It has been suggested that W provides an impurity drag effect on 

interfaces,[71] thereby reducing interface mobility.  Tungsten has also been proven 

to stabilize the α2–phase from dissolution during aging,[73] thus increasing the 

creep resistance.  Our observations indicate a spatial correlation between W and Hf 

in our alloy due to their striking similarity in near interfacial excesses within 7 nm 

of the lamellar interfaces. 

 

3.5. Conclusions 

 

• The partitioning behaviors of O, C, Cr, and Mn to the α2-phase and Nb and Zr to 

the γ-phase, are in agreement with published results on γ-based TiAl alloys, with 

the caveat that the present alloy is a complex multi-component system.  The 

oxygen concentration in the γ-phase of our alloy is more than twice the oxygen 

concentration detected in the γ-phase of binary TiAl alloys,[83] most likely due to 

the presence of seven additional micro-alloying elements in our alloy. 

 

• The effect of field-evaporation of the two intermetallic phases is discussed.  Due 

to the parallel orientation of the α2/γ interface to the 3DAP microscope analysis 

direction, there may be field-evaporation trajectory effects, causing the 3D–
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reconstruction of the interface to appear somewhat wider than it should be.[81] 

HREM observations reveal the lamellar interfaces to be atomically sharp, devoid 

of misfit dislocations. 

 

• Our observation of a tungsten excess of 0.26 atoms nm-2 within 7 nm of the α2/γ 

interface on the α2–side, supports the view that W stabilizes the α2-phase against 

dissolution during aging and creep. Hafnium shows similar characteristics to W 

(with an excess of 0.35 atoms nm-2), suggesting it could serve a similar role in 

stabilizing the α2/γ lamellar interface during creep. 
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Chapter Four 

 

Three–dimensional imaging and compositional analyses of 

boride, silicide, and carbide precipitates in TiAl alloys 

 

4.1. Introduction 

 This article presents the results of employing a three–dimensional atom 

probe (3DAP) microscope to determine the morphologies and chemical 

compositions of precipitates in prototype and experimental reference titanium 

aluminide (TiAl) alloys.  The chemistry and morphologies of silicide, boride, 

titanium carbide, intermetallic carbide, and oxycarbide precipitates are presented.  

Additionally, we focus on the O concentrations within these precipitates.  The 

analytical techniques described show how to measure and evaluate nanometer–

sized precipitates, revealing compositional information not previously determined 

for TiAl alloys.  Moreover, since the precipitates have substantial O concentrations 

(more than 5 at.%), and O is considered an impurity in these alloys, these 

measurements have important implications for the quality control of commercial 

alloys. 

Titanium aluminide alloys are becoming increasingly competitive with 

other high temperature structural materials, such as Ni–based superalloys because 
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they possess similar mechanical properties but have a significantly lower 

density.[11]  Their microstructures consist primarily of the γ–TiAl and α2–Ti3Al 

phases, with L10 and D019 structures, respectively.  The evolution of TiAl as a 

structural alloy has involved the optimization of processing techniques and the 

addition of micro–alloying elements to achieve greater creep resistance, 

particularly for temperatures above 800°C.[38,84]  For example, combining 

processing techniques (such as hot isostatic pressing) with the addition of boron 

results in a fully–lamellar microstructure consisting exclusively of α2 and γ 

lamellae, which provides greater creep resistance than conventional duplex 

microstructures.[85]  Boron additions induce boride precipitation early in the 

processing procedures generating finer lamellar spacings, which have been shown 

to increase creep resistance.[86] 

With increasing demands on structural material performance, alloys are 

required to perform successfully at temperatures exceeding 800°C.  Therefore, 

while the refinement of the lamellar structure using boron additions increases 

creep resistance, it does not do so adequately for higher temperatures.  Above 

800°C, Ti3Al (α2) lamellae begin to dissolve during creep tests, thereby weakening 

the creep resistance.[42]  To counteract the loss of creep resistance due to 

α2 lamellar dissolution at higher temperatures, researchers have added C and Si to 

TiAl alloys.[23,24,87,88]  The C and Si additions have been shown to increase the 

high temperature creep resistance of the alloys significantly. [42,89]  Transmission 
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electron microscope (TEM) investigations found that carbide and silicide 

precipitates formed predominantly at α2/γ and γ/γ lamellar boundaries.[24,90]  

Both C and Si partition preferentially to the α2 phase during material processing 

due to their extremely low solubility in the TiAl (γ) phase; thus at higher 

temperatures, the decreasing volume fraction of the α2 phase due to dissolution 

results in higher local concentrations of C and Si, resulting in the nucleation of 

carbides and silicides.[24]  The process ultimately leaves γ/γ  lamellar boundaries 

decorated with carbide and silicide precipitates. 

 Oxygen has always been an unavoidable impurity in γ–TiAl alloys, and 

several studies have examined O concentrations in the intermetallic α2 (Ti3Al) and 

γ (TiAl) phases.[83,88,91-95]  The TiAl phase has a very low solubility for O (ca. 

0.03 at.%),[83,96] whereas the α2 phase has a significantly higher O solubility (up 

to 8.2 at.%).[97]  Oxygen has also been shown to play a critical role in the order–

disorder transformation of α2 lamellae.[34]  Therefore, when carbide and silicide 

precipitates form due to the dissolution process of the α2 phase at higher 

temperatures, the O solute content may strongly influence the nucleation of  

precipitates and their compositions.  A limited number of analytical techniques can 

measure oxygen concentrations, let alone oxygen concentrations of nanometer 

sized precipitates embedded within an alloy.  Consequently, we have utilized an 

atom–probe microscope in our investigations. 
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 Three–dimensional atom probe (3DAP) microscope analyses were 

performed on three prototype titanium aluminide (TiAl) alloys and one alloy 

serving as a reference specimen.  The prototype alloys are developmental alloys 

created and tested in collaboration with industry for their potential introduction 

into commercial applications.  The analyses revealed the chemistry and nanometer 

scale morphologies of several precipitate types: (1) boride; (2) silicide; (3) 

titanium carbides; and (4) intermetallic carbides.  Borides aid in refining lamellar 

structures, whereas carbides and silicides strengthen the γ/γ interfaces when the α2 

lamellae dissolve at higher temperatures.  Of the intermetallic carbides, both 

Ti2AlC (designated H–type in reference to their hexagonal crystal structure) and 

Ti3AlC (designated P–type in reference to their perovskite structure) are utilized 

for strengthening and creep resistance in TiAl.  Particular attention is given to the 

O concentrations within the precipitates and possible nucleation mechanisms.  We 

note that O substitution for C occurs in the titanium carbide series Ti(C,O).[62]  

Our analyses demonstrate the same substitution also occurs in the H– and P–type 

intermetallic carbides Ti2AlC and Ti3AlC.  
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4.2. Experimental procedures 

 Results are presented for four TiAl–based alloys –– three prototype alloys 

and one alloy to serve as a reference.  The three prototype alloys were generously 

supplied by: Y.–W. Kim at Universal Energy Systems in Dayton, Ohio; and F. 

Appel at the GKSS Research Center in Germany.  The reference alloy was 

fabricated at Northwestern University.  All nominal alloy compositions and the 

significant heat treatment steps are listed in Table 4.1 (all compositions are in 

atomic percent).  The final heat treatments of the alloys are listed because they are 

regarded as the most influential stages for precipitate formation.  For simplicity, 

the alloys are referred to by the letters A, B, C, and D, below. 

 
Table 4.1. The alloys investigated in this paper are from various sources and thus 
referred to with letters A-D in the text.  Their compositions and final heat 
treatments are listed.  The final heat treatments are listed because they are the most 
influential stages in precipitate formation. 
 
 

Homogenized 1200°C 
Aged 800°C for 24 h 

Ti48Al51C0.5W0.5 D3 

Homogenized 1330°C 
Aged 750°C for 24 h 

Ti46.8Al45Nb8C0.2 C2 

Homogenized 1280°C 
Aged 900°C for 24 h 

Ti48.7Al46Cr1.8Nb3W0.2Si0.2C0.1 B1 

Homogenized 1210°C 
Aged 800°C for 48 h 

Ti48.4Al46Cr1.5Nb3C0.4W0.3B0.2O0.2 A1 

Final Heat Treatment Composition (at. %) Alloy 

1 Provided by Y.-W. Kim, UES-AFRL 
2 Provided by F. Appel, GKSS 
3 Model alloy produced at NU 
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4.2.1. Alloy compositions and processing 

 

4.2.1.1.Prototype Alloy A   

Induction skull melting (ISM) was used to produce an ingot of alloy A, 

with a nominal composition Ti48.4Al46Cr1.5Nb3C0.4W0.3B0.2O0.2, followed by hot 

isostatic pressing.  A cylindrical billet was cut from the ingot and forged 

isothermally to 91% reduction at 1150°C.  Alloy A was then solutionized at 

1340°C for 1.5 hours, furnace cooled to room temperature, then heat–treated at 

1210°C, and air cooled.  The final heat treatment (Table 4.1) was at 800°C for 48 

hours followed by air cooling. 

 

4.2.1.2.Prototype Alloy B 

Alloy B has evolved from various processing trials with the goal of 

maximizing this alloy’s high temperature creep resistance[4] and has a nominal 

composition Ti48.7Al46Cr1.8Nb3W0.2Si0.2C0.1.  The alloy was isothermally forged to 

90% reduction, solution treated (in the single–phase α–field) at 1360°C for 5 

minutes, furnace cooled to 1200°C, and then air cooled to room temperature.  

Finally, the alloy was annealed at 900°C for 24 hours.  
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4.2.1.3.Prototype Alloy C   

 This TiAl alloy contains only two intentional alloying additions for a 

nominal composition of Ti46.8Al45Nb8C0.2, although the 3DAP microscope analysis 

also reveals the presence of Cr and B.  An alloy ingot was extruded to a 6:1 ratio at 

1250°C followed by heat treatments at 1030°C for 2 hours and 1330°C for 30 

minutes and then air cooled to room temperature. 

 

4.2.1.4.Reference Alloy D 

A titanium aluminide alloy with additions of C and W was processed at 

Northwestern University (Table 4.1).  Carbon was added to form carbide phases 

and the W addition to study partitioning characteristics.[98]  This reference alloy 

was arc melted from 99.9% Ti, 99.999% Al, 99.9% W, and 99.5% TiC (all 

concentration values in this article are in at. %) in an argon atmosphere and heat 

treated in silica capsules containing a Ti foil and filled with argon.  Controlling the 

argon gauge pressure during arc melting and using Ti foil as an O getter were steps 

taken to minimize O inclusion in the alloy during processing.  The nominal 

composition of the reference alloy (in at. %) is Ti48Al50C1W1. 

The reference γ–based TiAl alloy was fabricated to measure O 

concentrations in carbides in addition to those studied in the prototype alloys.  

Careful procedures were utilized to minimize the introduction of O into the alloys 

during their processing.   
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4.2.2. Preparation and atom–probe analyses of alloys 

 All specimens were cut from bulk ingots to create needle–shaped 

parallelepipeds with a volume of ca. 200 µm2 x 10 mm.  The samples were then 

electropolished using standard loop and beaker techniques,[99] resulting in a 

specimen with an apex radius of curvature of < 50 nm.  The samples were both 

observed and field evaporated along lamellar interfaces utilizing field ion 

microscopy (FIM), until a precipitate was visible in an FIM image.  Figure 4.1 is 

an FIM image from alloy A, showing both the lamellar structure and a precipitate 

prior to three–dimensional atom–probe (3DAP) microscopy analyses.  The FIM 

images were recorded using a partial gauge pressure of 10–5 Torr Ne.  Once 

precipitates became visible in an FIM image, the alloys were chemically analyzed 

with subnanometer resolution using a 3DAP microscope in the Northwestern 

University Center for Atom Probe Tomography (NUCAPT).  The specimens were 

cooled to 80 K and then field evaporated with a pulse fraction (Vpulse/Vdc) of 19% 

at a pulse frequency of 1.5 kHz; Vpulse is the pulse voltage and Vdc is the steady–

state dc voltage.   
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I 10 nm 

 

 
 
Figure 4.1. Field-ion microscope image of TiAl alloy A exemplifying α2/γ-
lamellae and precipitate structures prior to their analysis with the 3-dimensional 
atom probe microscope. 
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4.2.3. Analyses of three–dimensional datasets 

The resulting 3DAP microscope reconstructions reveal nanometer–sized 

precipitates embedded in a TiAl matrix.  Three–dimensional reconstructions and 

quantitative local compositions were obtained utilizing ADAM, which was 

developed at Northwestern University.[54-56]  Each precipitate’s size and 

morphology are identified with the visual aid of an isoconcentration surface.  

Proximity histograms[56] (or proxigrams for short) are created to display 

concentration profiles associated with the different phases.  Proxigrams are 

powerful for analyzing 3DAP microscope data, because the algorithm used to 

measure concentrations takes into account the interface between the γ–matrix and 

precipitate phases, providing concentration profiles of the elements in the phases 

on either side of an interface.  Thus, elemental concentrations on either end of a 

proxigram – that is, furthest from an interface –– typically correspond to 

concentrations within that phase.  The concentrations in the different phases are 

obtained using proxigrams and are then tabulated for each analysis.  The 

partitioning ratios, κ=Ci
P/Ci

γ, where Ci
P and Ci

γ are the precipitate and γ–TiAl 

concentrations of element i, respectively, are listed in Tables 4.2–4.7 for each 

analysis. 

In the cases where concentration fluctuations occur within nanometers of 

the interface suggesting increased or decreased concentrations in the interfacial 
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region of the microstructure, segregation calculations are implemented to 

quantify the amount of excess or depletion.  The Gibbsian interfacial excess is a 

value expressing the amount of solute segregation occurring at the interface 

between two grains or two phases.  The 3DAP microscope is unique in its ability 

to measure the Gibbsian excess directly, without deconvolution procedures.[57,58]  

The Gibbsian excess of solute i (Γi) is thermodynamically expressed by a ratio of 

interfacial energy and chemical potential: 

Γi = − ∂σ
∂µ i

� 

� 
� 

� 

� 
� ;      (4.1) 

where σ is the interfacial free energy and µ i is the chemical potential of the solute 

species i.  This thermodynamic value is not only a function of temperature and 

pressure, but of the 5 degrees of freedom of defining the heterophase interface.  In 

terms of measuring the Gibbsian excess in the laboratory, the value is expressed 

as: 

Γi = N i
excess

A

� 

� 
� 

� 

� 
� ;      (4.2) 

where Ni
excess is the number of excess atoms at an interface defined by an area A.  

The Γi values are determined from proxigram concentration profiles using: 

Γi = ρ∆x cm
i − ck

i( )
m=1

p

� ;      (4.3) 
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where ρ is the known atomic density, ∆x is the bin size along the proxigram 

abscissa between p concentration data points.  The ck
i is the concentration of 

component i in phase k (k=α, β).  The phases α and β refer to the matrix TiAl 

phase and precipitate phases, respectively. 

 

There are several factors to take into account when analyzing non-metallic 

phases -- such as borides, silicides, and carbides -- by field-evaporation in the 

3DAP microscope.  Carbon, for example, is generally known to be measured in 

less-than-expected quantities in atom probe microscope analyses of carbides due to 

the field-evaporation of C as complex molecular ions.[100,101]  That is, C2
2+ 

compounds are indistinguishable from C+ ions in mass–to–charge state 

spectra.[102]  There are methods available to minimize this underestimation; for 

example, analyzing the alloys at higher temperatures or larger pulse fractions have 

been shown to minimize the loss of C.[100]  Despite using these techniques, our C 

compositions did not match the stoichiometry of known carbide phases.  We then 

deduced the carbide phases from ratios between their Ti and Al concentrations. 

Another factor to account for during 3DAP microscope analyses of the 

intermetallic TiAl matrix is the dependence of the rate at which Ti and Al ions 

field evaporate on crystallographic orientation.  The measured γ–matrix 

compositions can differ among the 3DAP microscope analyses due to preferential 

evaporation from crystallographic directions of the γ grain being analyzed.  For 
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example, along the  [001] crystallographic direction, Ti layers field–evaporate at 

a greater rate than Al layers,[98] thus preferential field–evaporation of Ti could 

occur, resulting in a reduced Ti measurement for that phase. 

 

 

4.3. Results 

 

 All studies investigating O in γ–TiAl alloys have shown it to reside 

preferentially in the α2 phase of lamellar TiAl microstructures. [82,93,95,99]  

Several of the most recent studies of high temperature TiAl alloys have suggested 

that carbide and silicide precipitates nucleate at the lamellar boundary and grow at 

the expense of dissolving α2 lamellae during the alloys’ processing steps.  We now 

present local O concentrations within carbide, boride, and silicide precipitates as 

determined by 3DAP microscopy.  We note for comparison that there are studies 

that report the maximum O concentration in the γ–TiAl parent phase to be 

0.03 at.%[82] and  a minimum of 2.5 at.% O concentration for the parent α2–Ti3Al 

phase, on alloys ranging in composition from Ti54Al46 to Ti58Al42.[82,83,95,96] 

 

4.3.1. Intermetallic titanium–aluminum–oxycarbide precipitate 

A 3DAP microscope analysis of alloy A revealed a precipitate with a 

measured concentration of approximately Ti54Al26C10.3O8.3(W,Cr,Nb)1.  The 
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Ti:Al:C+O ratios suggest a Ti2AlC–type carbide.[103]  The three–dimensional 

reconstruction of the precipitate/TiAl interface is shown in Fig. 4.2a, where the 

interface is delineated by a 43 at.% Al isoconcentration surface.  One of the axes is 

labeled with an arrow designating the analysis direction, which is parallel to the 

reconstructed interface.  Recognizing the analysis direction with respect to the 

analyzed interface plane is important for addressing concentration profiles near the 

interface and will be addressed in section 3.5. 

The concentration profile shown in Fig. 4.2b is a proxigram showing 

concentration profiles of all elements on either side of the isoconcentration surface 

shown in Fig. 4.2a.  We have tabulated the phase concentrations (with one 

standard deviation) in Table 4.2, and it shows the carbide containing an O 

concentration of more than 8 at.%.  The proxigram concentration profile in 

Fig. 4.2b suggests, however, a greater C concentration toward the precipitate 

center (ca. +10 nm from the interface) than near the precipitate periphery (1–3 nm 

on the abscissa), while the O concentration decreases to 6 at.% inside the 

precipitate from 9 at.% at 5 nm from the interface.   
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Figure 4.2. (a) 3DAP reconstruction consisting of 316,208 atoms revealing an 
interface between a precipitate and γ-phase with a 43 at.% isoconcentration 
surface.  Ti and Al atoms are not shown for clarity; C, Cr, Nb, W, and O are shown 
in their respective colors listed in:(b) A proxigram showing concentrations to 
either side of the interface in (a).  The high oxygen concentration suggests it to be 
an oxycarbide precipitate with composition Ti2Al(C,O).   The boron concentration 
was < 0.1 at. % and thus is not plotted.  
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Aside from the O and C concentration gradients inside the precipitate, W 

partitions to the oxycarbide phase at a concentration of 0.5 at.%, a factor of 1.5 

over its concentration in the γ–matrix; conversely, Cr and Nb partition 

preferentially to the γ–matrix phase.  The Cr and Nb concentrations are ca. 

0.2 at.% in the precipitate and 1.2 and 2.4 at.%, respectively, in the γ–matrix 

phase. 

 
Table 4.2. Compositions (in at.%) and one standard deviation are listed of the γ–
TiAl and carbide phases in Fig. 4.2.  The precipitate to γ–phase ratio, or P/γ ratio, 
represents the degree to which an element partitions to a phase; values great than 1 
partition to the precipitate, whereas values less than 1 partition to the matrix phase.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

0.18 0.23±0.11 1.25±0.09 Cr 

0.26±0.05 

0.53±0.17 

8.31±0.84 

10.29±1.12 

25.91±0.57 

54.49±0.61 

Oxycarbide 

0.1 2.40±0.19 Nb 

1.5 0.35±0.08 W 

92.3 0.09±0.03 O 

93.5 0.11±0.05 C 

0.5 49.93±0.90 Al 

1.2 45.88±0.80 Ti 

Ppt/γ Ratio γ-TiAl  
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4.3.2. Silicide precipitate 

A portion of a silicide precipitate neighboring a TiAl lamella was analyzed 

in alloy B.  TEM investigations have shown silicides to form exclusively at α2/γ 

and γ/γ lamellar interfaces and not within single–phase γ grains.[89,104]  The 3–D 

reconstruction (Fig. 4.3a) shows the silicide adjacent to a γ–lamella, because alloy 

B is fully lamellar.  The interface between the precipitate and γ–phase is defined 

by a 40 at.% Al isoconcentration surface (Fig. 4.3a).  Silicon, Cr, Nb, C, W and O 

(that is, all elements in the alloy other than Al and Ti) are found to partition to the 

precipitate phase; in particular the 1.4 at.% O concentration detected in the silicide 

is more than an order of magnitude greater than its composition in the γ–phase 

(0.12 at.%), resulting in a partitioning ratio of 12.  The measured precipitate 

composition is Ti50Al17Si16.5Cr6Nb5C3O1.4W0.8, whereas the typical titanium 

silicide stoichiometry is Ti5Si3.  Our results show Al with the same concentration 

(within one standard deviation) as Si within the precipitate (Table 4.3), confirming 

recent analytical electron microscopy measurements[42] revealing precipitates in 

TiAl alloys with Ti5(Si,Al)3 stoichiometry.[105] 
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Figure 4.3. (a) 3DAP reconstruction, consisting of 308,033 atoms, showing a 
silicide phase next to γ–TiAl. Ti, Al, and Si atoms are represented as green, red, 
and purple dots respectively.  Other atoms are not shown for clarity. (b) A 
proxigram profile suggesting the phase to be a Ti5(Si,Al)3 precipitate.  The profile 
exhibits a depletion and an enhancement of Ti and Al atoms respectively at the 
interface and that all micro-alloying elements partition to the silicide phase (see 
Table 4.3). 
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Table 4.3. Compositions (in at.%) and one standard deviation are listed of the 

silicide and gamma TiAl matrix phases measured via three-dimensional atom–
probe microscopy (Fig. 4.3).  Partitioning ratios also reveal the elemental 
partitioning trends.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

12.0 1.44±0.20 0.12±0.11 O 

1.6 4.87±0.25 3.04±0.16 Nb 

11.3 2.82±0.16 0.25±0.15 C 

3.6 0.80±0.13 0.22±0.06 W 

5.86±0.35 

16.51±0.47 

17.07±0.82 

49.58±0.50 

Silicide 

4.2 1.39±0.54 Cr 

18.1 0.91±0.85 Si 

0.3 44.56±1.50 Al 

1.0 49.41±2.28 Ti 

Ppt/γ Ratio γ-TiAl  
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The Ti concentration is similar on either side of the precipitate/γ interface, 

although a local depletion of Ti is measured at the interface.  The Ti depletion, and 

concomitant Al enhancement, at 0 to –1 nm from the interface (Fig. 4.3b) have 

been evaluated with respect to interfacial segregation.  The following calculations 

refer to a region between –1.3 and +0.5 nm on the abscissa of Fig. 4.3b.  The areas 

above and below the Ti and Al concentration curves respectively were measured 

for their excess concentrations with respect to the bulk concentrations in either 

phase.  The 0.5 nm bin size and natural atomic density of TiAl was applied in 

calculating the amounts of interfacial excess or depletion by equation (4.3).  

Titanium atoms are depleted in this region by 3.5 nm–2 whereas Al atoms are 

enhanced by 3.9 nm–2.  These values are illustrative of the proxigram’s 

representation of the interface compositions, however, it should be noted that the 

analysis of the interface occurred under the parallel field evaporation condition as 

described in section 2.3, which suggests the interfacial concentration fluctuations 

are likely due to field evaporation trajectory effects incurred when two phases field 

evaporate simultaneously(Section 2.3). 

The concentrations listed for the silicide precipitate (Table 4.3) shows W to 

partition preferentially to the silicide by a factor of 3.6, leaving a solute 

concentration of 0.22 at.% in the γ–matrix.  Niobium also partitions to the silicide, 

however to a much lesser degree: a factor of only 1.6, leaving the γ–matrix with a 
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solid solution of 3 at.%.  Boron, not listed in the alloy’s nominal composition and 

thus considered an impurity introduced during processing, was detected by 3DAP 

microscopy to reside solely in the silicide phase at a concentration of 

0.04±0.02 at.%.   

 

4.3.3. Boride precipitate 

Boride precipitates in TiAl alloys tend to have the structure of a thin sheet, 

as determined by TEM.[22,106]  An analysis of alloy C by 3DAP microscopy 

reveals a section of a boride precipitate with composition 6 nm thick (Fig. 4.4a), 

that may be interpreted as part of such a sheet structure.  The titanium boride’s 

composition is measured to be Ti59B14Al9Nb7.7C3.6Cr0.5O6.2. The boride/γ interface 

in Fig. 4.4a is delineated by a 23 at.% Al isoconcentration surface, since Al has the 

steepest concentration gradient between the two phases.  Aside from Ti and B; C, 

O, and Cr show increased concentrations in the boride precipitate (Fig. 4.4b), 

whereas the Al and Nb concentrations are less in the precipitate than their 

concentrations in the γ–phase (Table 4.4).  
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Figure 4.4. (a) 3DAP reconstruction, consisting of 150,831 atoms, of a boride 
precipitate embedded in a TiAl matrix.  The red isoconcentration surface 
delineates ��its interface from the matrix phase by a 23 at.% Al concentration 
gradient.  Ti, Al, and O atoms are represented as green, red, and blue dots, 
respectively.  Other atoms are not shown for clarity. (b) The proxigram showing 
the phase compositions with respect to distance from the interface.  Carbon, 
oxygen, and boron show increased concentrations in the boride phase, whereas Nb 
and Al are diminished in the boride phase. 
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Table 4.4. Compositions (in at.%) and one standard deviation are listed of the 

elements in the boride and gamma TiAl phases (Fig. 4.4).  The partitioning ratio is 
also listed.  
 
 
 

22.0 6.17±1.22 0.28±0.19 O 

0.45±0.39 

7.76±1.36 

3.65±2.51 

13.90±2.43 

9.32±2.39 

58.84±2.11 

Boride 

106.9 0.13±0.13 B 

4.5 0.10±0.02 Cr 

0.9 8.67±0.32 Nb 

30.4 0.12±0.04 C 

0.2 42.68±1.10 Al 

1.2 48.01±1.13 Ti 

Ppt/γ Ratio γ-TiAl  
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4.3.4. Carbide precipitates in a reference TiAl Alloy D 

 3DAP microscope measurements of alloy D reveal binary titanium carbides 

and two types of intermetallic carbides. 

 

4.3.4.1.Binary titanium carbides 

Binary titanium carbide precipitates are the smallest and most numerous of 

the carbide precipitates investigated in the reference alloy.  Figure 4.5a displays 

the three–dimensional reconstruction of three carbide precipitates in the reference 

alloy, delineated by a 12 at.% C isoconcentration surface, within a 22 x 22 x 

49 nm3 reconstructed volume.  This corresponds to a precipitate number density of 

ca. 1x1023 m–3.  For identification purposes, the individual precipitates are labeled 

1, 2, and 3.  The reconstruction reveals a range of morphologies showing number 1 

to be an oblate ellipsoid structure (of which only a portion was analyzed), 

number 2 to be a part of a precipitate with a dimpled or wave–like surface 

structure, and number 3 to be a small spheroidal carbide precipitate with 

approximately a 1.3 nm radius.  
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Figure 4.5. (a) Titanium carbide type precipitates delineated by a 12 at. % C 
isoconcentration surface in a model TiAl alloy.  The surface reveals three 
precipitates with a wide range of morphologies.  The 1,220,432 atoms are not 
displayed for clarity.  The elemental concentrations within the precipitates are 
displayed on the right side of the proxigram, (b), displaying the increased oxygen 
concentration in the carbides.  Al shows a 6 at.% concentration level 0 to 2 nm into 
the carbides, then drops below 1 at.%; this is discussed further in the text.  The 
quaternary microalloying element, W, does not partition to either side, but 
segregates to the interface.   
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Table 4.5. Compositions (in at.%) and one standard deviation and partitioning 

ratios are listed of the phases in Fig. 4.5.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 
 
 
 
 
 

0.92 

44.7 

91 

0.05 

1.19 

Ppt / γ Ratio 

0.98±0.29 

9.40±0.92 

23.66±1.3
4 

2.41±1.21 

63.63±1.8
8 

1.07±0.05 W 

0.21±0.02 O 

0.26±0.04 C 

45.26±0.2
3 

Al 

53.19±0.2
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γ-TiAl  
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The concentrations of O in particular, are measured for each of the three 

precipitates and the local γ–matrix around them, within ca. 4 nm of the 

precipitates.  The individual O concentrations of the carbides are all within 

9±1 at.% O; the O partitioning coefficients between the carbides and their local γ–

matrix, however, vary significantly.  Most notably, the smallest carbide (number 3) 

has the smallest partitioning ratio of 40, whereas precipitate numbers 2 and 1 have 

partitioning ratios of 57 and 143, respectively.  The individual partitioning ratios 

correspond to the following results: the γ–matrix surrounding the smallest carbide 

(number 3) contains 0.25 at.% O, whereas the γ–matrix surrounding precipitate 

numbers 2 and 1 contain 0.18 at.% and 0.06 at.% O, respectively, which are more 

typical O concentrations of the γ–phase.  The proxigram displayed in Fig. 4.5b 

shows the partitioning trend of O in these binary carbides and the concentrations 

among all three carbides are tabulated in Table 4.5. 

The Al concentration profile within the carbides, as depicted by the 

proxigram, shows a 5.97±0.39 at.% concentration at 0–2 nm from the carbide/γ 

interface and a 2.41±1.21 at.% concentration further inside the carbide (3–6 nm 

from the interface).  This concentration step is due to the interface corrugations 

seen in carbide number 2, where pockets of Al reside.  The W quaternary addition 

was not observed to partition strongly to either phase (1.25 at.% in the carbide 
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versus 1.23 at.% in the γ–matrix), but rather it segregates to the interface; this 

effect is also discussed elsewhere.[98] 

 

4.3.4.2.Intermetallic Ti2AlC (H–type) carbide 

Figure 4.6a shows a reconstruction of a carbide phase and the matrix phase 

delineated by a 7 at.% C isoconcentration surface.  The analysis reveals a flat 

interface and thus the precipitate is significantly larger than the other precipitates 

discussed.  Evaluating the interface thickness by the transition of concentrations 

between the phases in the proxigram, Fig. 4.6b, shows the interface to be ca. 1 nm 

thick.  The direction of analysis, displayed by the arrow along one reconstruction 

edge in Fig. 4.6a, can influence the measurement of interface thickness and is 

discussed further below.  The O concentration in this precipitate, plotted in the 

proxigram, reaches 4.8 at.%, which is 34.3 times the O concentration in the 

adjacent γ–matrix (phase concentrations are tabulated in Table 4.6). The tungsten 

quaternary addition in this alloy is observed to partition to the γ–matrix phase by a 

factor of 15.  Its concentration in the γ–matrix is 0.45 at.% compared to 0.03 at.% 

in the carbide phase. 
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Figure 4.6. (a) A reconstructed carbide/TiAl interface in a model TiAl alloy as 
revealed by 3DAP microscope data of 123,254 atoms.  The planar interface is 
delineated by a 7 at.% C concentration gradient.  The carbide stoichiometry, 
displayed on the right side of the proxigram (b), shows increased O and C 
concentrations, whereas a decreased Al concentration with respect to the matrix 
phase.  
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Table 4.6. Compositions (in at.%) and one standard deviation and partitioning 
ratios are listed of the H-type carbide and γ–TiAl shown in Fig. 4.6.  

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

34.3 4.8±0.5 0.14±0.03 O 

0.03±0.04 

13.5±0.4 

29.2±1.9 

52.3±1.1 

Carbide 

0.1 0.45±0.04 W 

270.0 0.05±0.04 C 

0.6 45.6±0.3 Al 

0.97 53.7±0.4 Ti 

Ppt/γ Ratio γ-TiAl  
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4.3.4.3.Intermetallic Ti3AlC (P–type) oxycarbide 

In contrast to the H–type carbides, P–type carbides in the reference alloy 

primarily nucleate homogenously within the γ–matrix at number densities 

exceeding 1x1021 m–3.  When the cubic P–type phase nucleates in the tetragonal 

TiAl phase, there results an anisotropic lattice misfit: 2% for the (001) plane and 

4% for the (100) or (010) planes.  The P–type carbides thus preferentially grow 

along their  [001] axis, resulting in cigar–like morphologies with radii of ca. 5–

10 nm and lengths of 70 nm.[98]  Figure 4.7a reveals a portion of a precipitate 

with the composition Ti57Al14C14O14W0.4.  Our 3DAP microscope analysis was not 

large enough to observe the precipitate’s full morphology due to the fracture of the 

specimen, but morphological measurements from TEM results[98] suggest that if 

the reconstruction captured a quarter of a P–type precipitate, its radius is estimated 

to be at least 7–10 nm.  The precipitate is better described as an oxycarbide 

precipitate because the O concentration is the same (within one standard deviation) 

as the C concentration (Fig. 4.7b, Table 4.7). 
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Figure 4.7. (a) An oxycarbide precipitate in a model TiAl alloy analyzed by 3DAP 
microscopy.  The reconstruction consists of 164,412 atoms and the 
isoconcentration surface represents a 10 at.% carbon concentration gradient. (b) 
The proxigram displaying increased concentrations of Ti, C, and O in the 
oxycarbide and a decreased Al concentration.  W, the microalloying element, 
segregates to the interface.  
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Table 4.7. Compositions (in at.%) and one standard deviation and partitioning 

ratios are listed of the phases in Fig. 4.7. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

0.4±0.2 

14.3±2.2 

14.5±2.2 

14.2±2.1 

56.8±3.0 

Oxycarbide 

1.1 0.36±0.17 W 

34.9 0.41±0.46 O 

76.3 0.19±0.04 C 

0.3 49.4±1.8 Al 

1.1 49.8±1.8 Ti 

Ppt/γ Ratio γ-TiAl  
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4.3.5. Artificially broadened interfaces  

Figures 4.2 and 4.6 demonstrate the difference between a 3DAP 

microscope analysis of a carbide/metal interface parallel and orthogonal to the 

analysis direction (see the arrows designating the analysis direction in both 

figures).  By 3DAP microscope analysis, we refer to the field–evaporation process 

that occurs along the specimen needle axis during data collection.  The interface is 

parallel to the analysis direction in Fig. 4.2 and perpendicular to the analysis 

direction in Fig. 4.6.  Both analyses involve Ti2AlC type carbides.  The apparent 

interfacial width in Fig. 4.2 is almost 3 nm, whereas it is 1 nm in Fig. 4.6.  The 

difference is likely to originate from trajectory effects introduced by the different 

local field–evaporation conditions of the two phases during the analysis,[60,61] 

which is also articulated in another example in section 2.3. 
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4.4. Discussion 

 

4.4.1. Oxygen concentrations in the parent γ and α2 phases  

 Due to the significant difference in O solubility between the α2– and γ–

phases, determining the maximum solubility of O in TiAl alloys has been an 

ongoing effort.[83,95,96,107]  The O concentration in the γ–phase in all TiAl 

alloys has been reproducibly measured to be extremely low (0.03 at.%) compared 

to the O solubility in the α2 phase, which can be as much as 8.2 at.%, according to 

tertiary phase diagrams combining experiments and thermodynamic calculations 

from CALPHAD.[97,108]  In the alloys that consist of both TiAl and Ti3Al 

phases, O partitions strongly to the α2 phase.  The crystal structures of both TiAl 

and Ti3Al (L10 and D019 respectively) contain octahedral interstitial sites, which 

could geometrically accommodate interstitial O atoms.  A geometric size effect 

has been ruled out, however, since the octahedral interstitial sites in both the γ and 

α2 phases have the same volume.[82]  The consistent partitioning behavior of O to 

the α2 phase is thought to be more electronic in nature and has been related to the 

presence of octahedral interstitial sites made up of six Ti atoms (the so called Ti6 

octahedra) in the α2 phase, which the γ phase does not have in its structure.  The 

interstitial sites in the γ–phase consist of Ti4Al2– and Ti2Al4–type cavities.   
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Due to its large partitioning to the α2 phase, O may also influence the 

order–disorder transformations of the α2 lamellae during processing.[80]  We use 

the α2 and γ lamellae as a starting point of a discussion of O partitioning in TiAl.  

It has been shown that the combination of mechanical stress and temperatures 

exceeding 800°C causes the α2 phase to dissolve in fully lamellar TiAl alloys.  It is 

then suggested, that the dissolution process results in precipitation of both carbide 

and silicide precipitates along γ/γ interfaces where the original α2 lamellae were 

located.[24]  It has been shown that high C and Si concentrations within the α2 

phase causes carbide and silicide precipitation upon the dissolution of the.[24]  

The impurity O concentration may not be high enough in the α2 phase to form 

oxide precipitates, however, its relatively high concentrations within the α2 and 

precipitate phases (analogous to C and Si concentrations in those phases) suggests 

its potential involvement in the precipitation processes.  

 

4.4.2. Oxygen concentrations in carbide, silicide, and boride precipitate 

phases  

The intermetallic carbide precipitate crystal structures (both H–type Ti2AlC 

and P–type Ti3AlC), in contrast to the γ–phase, have Ti6 octahedral cavities.  

Carbon atoms occupy the octahedral positions in both the P–type and H–type 

carbides.[93]  The silicide crystal structure is made up of alternating Ti and mixed 

(Ti plus Si) layers,[109] which form chains of octahedra made of 6 Ti atoms that 
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are trigonally distorted.[110]  Oxygen is also reported to reside in these distorted 

Ti6 octahedral interstitial positions.  It appears that O strongly prefers to reside in 

the Ti6 octahedra of the Ti5Si3, Ti2AlC, Ti3AlC, and Ti3Al crystal structures, as 

compared to the Ti4Al2 and Ti2Al4 sites in the γ–TiAl matrix.  The O 

concentrations within all precipitates are discussed below.  In the case of the 

silicide, there is a discussion of Ti and Al concentration fluctuations near the 

interface. 

 

4.4.2.1.Intermetallic oxycarbide precipitate 

Since the C concentration is measured at just over 10 at.% in the 

intermetallic carbide of Fig. 4.2, and the O concentration is 8.31 at.%, we believe 

that the precipitate represents an intermetallic–oxycarbide Ti2Al(C,O) phase, 

where O is substituting for C in the precipitate.  The extremely large and similar 

partitioning ratios of ca. 93 for both C and O suggests that C and O play an 

analogous role in the Ti2Al(C,O) phase, that is they very likely substitute for each 

other in the carbide crystal structure. The concentration gradients displayed by C 

and O within the precipitate as a function of distance from the γ/precipitate 

interface suggest that they distribute differently within the precipitate phase, 

implying a variance in the internal structure of the precipitate. 
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4.4.2.2.Silicide precipitate 

Silicide precipitates in alloy B (Fig. 4.3) have been studied employing 

analytical transmission electron microscopy by Karthikeyan et al.[42] and are 

suggested to precipitate from pre–existing B2 phases.[89]  The B2 phase is formed 

during high temperature processing and is stabilized by tertiary microalloying 

elements such as Cr, W, and Nb.[14,111]  Karthikeyan et al. also investigated an 

alloy similar to Alloy B without the C and Si additions and measured increased 

levels of W, Cr, and Nb in the B2 phases that had formed.  Table 4.3 shows that all 

the microalloying elements, including Cr, W, and Nb, partition to the silicide 

phase, supporting the possibility that the silicide displayed in Fig. 4.3 formed from 

a B2 parent phase.  Oxygen concentrations in the B2 phase have not been reported, 

but it lacks Ti6 octahedral interstitial sites, which may suggest the B2 phase to 

have a low O concentration similar to that of the γ–TiAl phase, which also lacks 

Ti6 octahedral interstitial sites.  Therefore a silicide precipitate (despite having Ti6 

octahedral interstitial sites) that forms from the B2 phase, likely results with a 

relatively low O concentration with respect to the carbide precipitates in TiAl 

alloys, as demonstrated by our data. 

The concentration enhancement and depletion of Al and Ti, respectively, 

near the interface of the silicide precipitate (Fig. 4.3b) appear to be complimentary 

(both concentration fluctuations at the interface are within 3.7±0.2 nm–2), however, 

we note that the interface was parallel to the field-evaporation direction during the 
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analysis.  The distinct possibility that the measured concentration fluctuations are 

an artifact caused by field evaporation trajectory effects during the field–

evaporation process must be heeded.  This would mean that the measured 

concentrations at the interface may not represent those at the physical interface, 

however the concentrations detected away from the interface are representative of 

the material phases.   

 

4.4.2.3.Boride precipitate 

For an alloy projected to have < 2 at.% O in it (due to processing methods), 

we have shown that 6.17±1.22 at.% O resides in the boride precipitate (Table 4.4).  

Carbon also partitions to the boride phase revealing a 3.65±2.51 at.% C 

concentration while a 0.12±0.04 at.% C concentration is measured in the γ–matrix.  

Although the phase composition is Ti59B14Al9Nb7.7C3.6Cr0.5O6.2 resulting in a Ti:B 

ratio of 4.3 and a M:B (M=metal) ratio of almost 5.5, a crystal structure is not 

determined.  What looks to be almost a 3 nm interfacial region according to the 

proxigram (Fig. 4.4b), may result from trajectory effects due to the differences in 

the field–evaporation characteristics of the boride and γ–matrix phases during 

analysis.  A discussion of how field-evaporation trajectory effects can influence 

interfacial widths follows in section 4.4.4 below. 
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4.4.2.4.Binary carbide precipitates 

The isoconcentration surfaces of the three binary carbides in Fig. 4.5 

exhibit a wide range of morphologies, from oblate to dimpled, and thus suggests 

that they were in their growth or coarsening stages.  The O concentration within 

the binary carbides is among the highest of the precipitates measured, but more 

striking is the average O concentration in the surrounding γ–matrix, which is 

0.21±0.02 at.% O (Table 4.5).  In a discussion below, cross-comparing all 

precipitates, it is suggested these relatively high O concentrations indicate its 

involvement in carbide formation. 

4.4.2.5.H–type intermetallic carbide 

The composition measured for the intermetallic carbide in Fig. 4.6 suggests 

it to be an O rich hexagonal (H–type) carbide precipitate.  Its measured 

stoichiometry is Ti52Al29C13.5O5.  H–type carbides observed by TEM are typically 

larger than perovskite (P–type) carbides in TiAl alloys,[42] which would imply a 

3DAP microscope analysis of an H–type carbide would result in a flat interface 

due to the small scale of the analysis.  The H–type carbides are large due to both 

their predominantly heterogeneous nucleation at grain boundaries and their 

incoherent interfaces to the γ–matrix.  Both characteristics provide the means for 

increased growth rates due to interfacial solute diffusion mechanisms. 
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4.4.2.6.P–type intermetallic oxycarbide 

The composition of the precipitate in Fig. 4.7 suggests two possible phases.  

The first possibility may be an oxygen rich P–type Ti3Al(C,O) carbide, which 

implies that O is substituting on the C sub–lattice sites, as suggested in the 

carbides of alloys A and D.  But due to the precipitate’s high O concentration 

(14.3 at.%), the second possibility is that C substitutions are occurring in the 

Ti3AlO phase reported by Chen et al.[112] 

 

4.4.3. Evidence of oxygen influence in carbide formation 

Table 4.8 summarizes the precipitates analyzed in alloys A–D with their 

suggested crystal structure, O concentrations and partitioning ratios.  We have 

more appropriately designated those carbides with more than 5 at.% O, as 

oxycarbides.  In the case of the prototype alloys A, B, and C, the O is likely to 

originate from dissolving α2 phase lamellae because the alloy microstructures were 

fully lamellar, whereas in the reference alloy, which is single phase γ–TiAl, may 

have been supersaturated with O.  

The O concentration within the binary titanium carbides is among the 

highest (more than 10 at.% O) of all precipitates (Table 4.8), and still their O 

partitioning ratio is the smallest.  This indicates the local O concentration around 

the binary precipitates is abnormally high for the γ–matrix phase, which is 

0.21±0.02 at.% O (Table 4.5).  Combining these measurements and their 
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appearance of being in stages of development because of their wide range of 

morphologies (Fig. 4.5a) suggests that O may play a significant role in the 

formation of carbides in TiAl.  Whatever amount of O impurity is incorporated in 

the TiAl matrix, its solubility in the ordered structure is so low, that O 

concentrations above ca. 0.1 at.% may create large driving forces for precipitate 

formation. 

 
Table 4.8. Summary of precipitates analyzed by 3DAP microscopy in a variety of 
engineering TiAl alloys.  Details of alloys A-D are listed in Table 1.  The 
precipitate phase, as determined from Ti:Al concentration ratios and corresponding 
crystal structures are listed with oxygen concentrations and partitioning ratios 
compiled from the previous six tables. 
 
 

Phase or 
suggested 
precipitate 

Alloy Corresponding 
structure 

Oxygen 
Content 
(at.%) 

Ti6 
octahedra 

present 

Oxygen 
Partitioning 

Ratio 
TiAl  Tetragonal, L10 0.15±0.07 No 1 
Ti2Al(C,O) 
Oxycarbide 

A Hexagonal D4
6h 8.31 ± 0.84 Yes 92.3 

Ti5(Si,Al)3 B Hexagonal D88 1.44 ± 0.20* Distorted 12.0 
Ti-Boride C Undetermined 6.17 ± 1.22 - 22.0 
Ti-Oxycarbide D Undetermined 10.82 ± 0.44 - 11.0 
Ti2AlC D Hexagonal D4

6h 4.8 ± 0.50 Yes 34.3 
Ti3Al(C,O) 
Oxycarbide 

D Perovskite L12 14.3 ± 2.20 Yes 34.9 

The relatively low O concentration in the silicide could be due to its distorted 
Ti6 octahedra or its formation from a previously O-depleted B2 phase (see 
text). 

 

Despite the difference in microstructures between the prototype and 

reference alloys, all analyses of precipitates in TiAl exhibited O partitioning ratios 

greater than 10, corresponding to precipitate phases with at least 10 times the O 
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concentration measured in the γ–phases.  The O concentration within the silicide 

precipitate was the lowest, measured to be 1.44 at.%; whereas O concentrations 

within the boride and carbide precipitates ranged from 4.8 to 14.3 at.%.  Of the 

combined C and O concentrations (or interstitial sites occupied) in the six 

precipitates presented in this article, O is at least 25% of this concentration.  

Another way of appreciating the large O content is that the O/C ratios within the 

carbides alone range from 0.36 to 0.99.   

The high O concentrations measured by 3DAP microscopy leads us to 

suggest that O is substituting for C atoms in the Ti6 interstitial sites in their 

respective crystal structures.  It has been known, that C (added as a microalloying 

agent) is rejected from the γ–phase (i.e. into the α2 phase) and eventually forms 

carbides at temperatures exceeding 800°C.  The results presented here indicate that 

O (the unavoidable impurity in TiAl alloys) has very similar characteristics to C in 

that it is also rejected from the γ–phase and partitions significantly to the carbide 

phases.  Oxygen partitions to the carbide phases to such a degree, that it resides in 

interstitial positions normally occupied by C.  Therefore it is suggested that O may 

play a critical role in forming the carbides originally. 

 

4.4.4. The influence of interface orientation to field–evaporation direction 

Materials with different bonding characteristics will field–evaporate under 

different conditions in the atom probe microscope.  The high electric fields (20-50 
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V/nm) applied to the specimen apex during the analysis affects atoms 

inconsistently if they are bonded to the surface differently, i.e. via metallic, 

covalent, or ionic bonding.  The bonding characteristics originate from the 

individual phases.  That is, an atoms’ ultimate field evaporation may require 

higher or lower local electric fields depending on which phase it resides in.  

Therefore, when two phases with different bonding characteristics share the apex 

region of the specimen, each will create its own local electric field, governed by 

that material’s bonding character.  The phases create their locally required electric 

field for field evaporation by altering their local radius of curvature according to 

E = V/kr, where V and r are the specimen applied voltage and local radius, 

respectively, and k is a geometric factor taking into account the non-spherical 

nature of the specimen.  A phase that requires high local electric fields to field 

evaporate will therefore cause a protrusion on the specimen surface.  Protrusions 

on the specimen surface finally introduce local magnification effects, which result 

in a dilation of the lateral dimension in the 3-dimensional reconstruction thus 

portraying the phase with a larger volume than in nature. 

The local differences in electric field can influence the initial trajectories 

taken by the ions upon their field-evaporation from the specimen apex and thus are 

termed ion trajectory aberrations.[60,61]  Due to the difference in local electric 

fields between the precipitates and the γ–TiAl matrix during atom probe analyses, 

ion trajectory effects are believed to play a role in the apparent width of interfaces 
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as determined by the proxigram concentration profiles, as exemplified in Figs. 4.2 

and 4.6 above.  Carbon and O concentration gradients across the interface, which 

are 3 to 6 nm wide in some analyses, may be due to trajectory overlap effects.  The 

intermixing of phase compositions caused by the trajectory effects is most 

pronounced if the atom probe analysis direction is parallel to the interface, such as 

in Fig. 4.2.  Local magnification and trajectory artifacts during atom probe 

analyses thus play a role in the specimen’s final reconstruction.[60]  An additional 

discussion of field-evaporating interfaces parallel and perpendicular to the 

direction of analysis is in the experimental methods chapter. 

 

4.5. Conclusions 

 

Boride, silicide, binary carbide, and intermetallic carbide precipitates were 

analyzed utilizing the 3DAP microscope.  Morphology and composition on the 

nanometer scale was determined.  Particular attention was given to O 

concentrations, since it is an impurity element incorporated in processing of TiAl 

alloys.  

 

• Oxygen occupies at least 25%, and up to 50%, of the Ti6 octahedral sites filled by 

C and O atoms in the D019, L10, and D88 crystal structures suggested of the 

precipitates studied in this article.  A silicide precipitate (D88 crystal stucture) 
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contained the lowest O concentration of 1.4 at.% and a boride was measured to 

have 6.17 at.% O, whereas three oxycarbides revealed O concentrations ranging 

8.3 – 14 at.%. 

 

• In view of oxygen’s interstitial character in TiAl alloys, it clearly prefers Ti6 

octahedral sites in a variety of crystal structures (the hexagonal D019 α2, D88 

silicide, and D46h intermetallic carbide phases; cubic titanium carbide, and 

perovskite L12 intermetallic carbide phases) to interstitial volumes similar in size 

but consisting of Ti4Al2 and Ti2Al4 environments within the γ–TiAl phase (L10 

crystal structure). 

 

• The local γ–TiAl matrix surrounding the smallest Ti–carbide precipitate detected 

(with radius of ca. 1.3 nm) and the most oxygen rich oxycarbide precipitate have O 

concentrations of 0.25 at.% and 0.41 at.%, respectively.  Both O concentrations are 

very large (considering the γ–TiAl phase typically has an O solubility limit of 

0.03 at.%) which suggest the involvement of O in the nucleation of carbides. 

 

• Having analyzed three precipitates in the prototype alloys, all with varying O 

concentrations (up to 8.3 at.%), we created an alloy to serve as a reference.  The 

reference alloy also revealed a range of O concentrations within its precipitates – 

as high as 14.3 at.% even though great care was taken to minimize O 
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contamination during processing.  The similarities indicate that oxygen rich 

carbides, or oxycarbides, are potentially common phases in TiAl alloys, even 

though only carbides and silicides have been reported on in the literature. 

 

• Oxycarbide precipitates reveal that O impurities in TiAl alloys reside in the 

strengthening precipitates.  The stability and longevity of these strengthening 

precipitates may be a function of their O content, since O is known to influence 

mechanical properties in the intermetallic phases,[88] therefore the design of 

carbide precipitation hardened TiAl alloys has to take into account the formation 

of oxycarbide precipitates. 
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Chapter Five 

 

Nanoscale investigations of carbide precipitates in TiAl: 

structure, composition, and morphology 

 

5.1. Introduction 

 

Titanium aluminide (TiAl) alloys have recently shown improvements in 

high temperature creep resistance, due in large part to the addition of C and Si to 

form carbides and silicides in the microstructure.  Three types of precipitates are 

primary candidates for increasing the creep resistance: Ti5Si3,[104] Ti2AlC,[39] 

and Ti3AlC [113,114].  The Ti5Si3 silicides and Ti2AlC carbides have 

demonstrated to be more stable at temperatures exceeding 800°C than the Ti3AlC 

carbides.  There is evidence, however, that the hexagonal Ti2AlC carbides (H–

type) are formed from the metastable perovskite Ti3AlC carbides (P–type).[113]  

Therefore, the nucleation and growth of Ti3AlC precipitates is of interest due to 

their subsequent transformation into the Ti2AlC phase, which is a very stable 

phase. 
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Titanium aluminide alloys have provided increasingly competitive 

mechanical properties compared to Ni-based super-alloys through the use of 

microalloying elements.  Chromium, Mo, and V have been shown to increase 

ductility,[25] whereas W and Ta have been shown to induce solid-solution 

strengthening.[4]  Yttrium has recently been added to TiAl alloys and shown to be 

advantageous for improving oxidation resistance,[115] and the effects of Zr has 

demonstrated to increase strength.[14,116,117] [118]  However, most of the 

experiments realizing the benefits of microalloying elements were carried out in 

alloys without strengthening precipitates, thus the question arises, where do these 

microalloying elements reside with respect to carbide/matrix heterophase 

interfaces when strengthening precipitates are part of the microstructure and do 

they affect the precipitates’ development?  This article addresses structural and 

compositional analyses, on a nanometer scale, of carbide precipitates, the 

carbide/TiAl matrix interfaces, and compositional profiles within the carbides 

themselves. 

 

5.2. Experimental Procedures 

 

The TiAl alloys were prepared by arc melting 99.999% Al, 99.9% Ti, and 

99.5% TiC (all compositions in this article are in atomic percent) using a non–

consumable W electrode in an argon atmosphere.  Quaternary additions of 
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99.7% Cr, 99.97% Mo, 99.9% W, 99% Zr, 99.9% Y, and 99.95% Ta (referred to 

as X) were added for a nominal composition of Ti50Al48CX.  The melted buttons 

were about 5 g and were flipped and re–melted five times to obtain homogenous 

alloys.  The buttons were then solutionized at 1250°C for 168 hrs in quartz tubes 

that were evacuated and purged with argon gas.  The samples were then quenched 

into an iced brine solution.  A final aging treatment for carbide precipitation was 

performed at 800°C for 24 hours.[113]  The alloys containing Cr and Mo were 

also aged for 48 and 96 hrs. for the investigation of microstructural and 

precipitation development.  The alloys are hereafter labeled as TiAlCX, where 

X = Cr, Mo, W, Zr, Y, or Ta. 

 

Transmission electron microscope (TEM) specimens were electropolished 

to electron transparency with a 10 vol.% perchloric acid in methanol solution at –

25°C. Hitachi H–8100 and HF–2000 TEMs were utilized for surveys of alloys 

(e.g. obtaining precipitate number density), a HB–501 VG–STEM at Cornell 

University, and the JEOL atomic resolution microscope, ARM-1250 at the Max-

Planck Institut für Metallforschung in Stuttgart, Germany, were employed for 

atomic scale characterization of the heterophase interface between the matrix and 

precipitate phases, and the precipitates’ internal structural characteristics.  
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Three–dimensional atom–probe (3DAP) microscope specimens were cut 

to 200x200 µm2 x1 cm parallelepipeds, and sharpened at one end to a 50–100 nm 

apex employing standard beaker and loop electropolishing techniques described 

elsewhere.[99]  A 5 vol.% perchloric acid in glacial acidic acid solution was 

employed as a coarse electropolish, followed by 2 vol.% perchloric acid in a 

butoxyethanol solution for the final electropolish.  The alloys were then 

chemically analyzed using the 3DAP microscope at Northwestern University’s 

Center for Atom Probe Tomography (NUCAPT) for determining the compositions 

of the carbide and precipitate/TiAl interfaces.  The samples were cooled to 80 K 

and observed utilizing field-ion microscopy (FIM), using 10–5 Torr partial gauge 

pressure of Ne,[119] during field evaporation until a precipitate was visible.  The 

specimens were then field evaporated with a 19% pulse fraction (ratio of pulse 

voltage to steady state DC voltage) at a pulse frequency of 1.5 kHz.  The data was 

analyzed utilizing ADAM, an analysis software developed at Northwestern 

University.[54-56] 

 Atom-probe microscopy has been utilized for studying metallic materials 

since its inception due to the electrical conductivity required of the specimen, since 

the analysis procedure involves surface electric fields of more than 30 V nm-1.  

Applying the method to studying materials of non–metallic character, as we have 

done in this research, has proven to be an ongoing challenge, but often with 

rewarding results.[58,63,69,120-123]  The experimental difficulty that arises with 
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non-metallics is their typically nonuniform field evaporation behavior, expressed 

in detail in Section 1.3.  The process of local field-evaporation of ions from a 

specimen surface becomes increasingly complicated when the bonding character 

of the analyzed material is other than metallic.  Materials with nonmetallic 

bonding (such as increased covalent bonding character) have been shown to 

require a higher local electric field at the specimen apex for field–evaporation to 

take place.[45,61]  Nonetheless, even though it takes many samples to acquire 

appropriate data, the methodology is invaluable in its unique and powerful ability 

to identify concentrations on the atomic scale in 3D.  

 

5.3. Results 

 

Carbides within the TiAl alloys were investigated utilizing both TEM and 

3DAP microscopy.  TEM was primarily used for obtaining structural information, 

while 3DAP microscopy provided the chemical and 3-D morphology of 

precipitates on a subnanometer to nanometer scale. 
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5.3.1. Transmission Electron Microscopy results 

 
5.3.1.1. Microstructure 

In all alloys TEM micrographs revealed γ–matrix grains with precipitates 

consisting of needle–like morphologies.  The TiAl phase is a tetragonal L10 phase 

with a tetragonality (c/a lattice parameter ratio) of 1.018.  The precipitates are 

intermetallic carbides with a perovskite structure (P–type carbides) with reported 

stoichiometry Ti3AlC, where C occupies the central octahedral site of a L12 

structure.  Having surveyed the alloys with different microalloying elements (all 

microalloying additions were ca. 1 at.%), the microstructure of TiAlCCr alloy is 

representative for all the TiAlCX alloys, where X = Cr, Mo, Zr, Y, or Ta, which is 

displayed in a micrograph in Fig. 5.1a after an aging of 800°C for 24 hrs.  This 

alloy is not, however, representative of the microstructure observed in the alloy 

containing W.  Figure 5.1b, shows that along side the needle-like precipitates, 

there are both smaller spherical and larger platelet-type precipitates present.  The 

compositions of various precipitates were analyzed in the 3DAP microscope, 

Section 3.2.  The long aspect ratio structural morphology of the P–type carbide 

precipitates are commonly referred to as needle or cigar–shaped.  The needle-like 

morphology arises from the anisotropy of the coherency strains between the 

precipitate and γ–matrix crystal structures.  The (001) planes of the perovskite 

structure exhibit a lattice misfit of 2.1% with the (001) planes of the matrix TiAl 
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phase (misfit is defined as 2(aγ–ap)/(aγ+ap), where aγ and ap are the lattice 

parameters of the γ–TiAl and perovskite phases, respectively).  This value is less 

than half that of the misfit in the lateral (100) and (010) planes, which have a 

misfit of 5.7 %.[124]   
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(a) 

 

100 nm
 

(b) 
 

Figure 5.1. (a) A bright field TEM image of the TiAlCCr alloy microstructure 
(along the [310] zone axis), representative of the TiAlCX alloys (where X is also 
Mo, Zr, Ta, and Y), displaying a high number density (7 x 1017cm–3) of needle like 
precipitates.  (b) Bright field TEM image of TiAlCW alloy (along the [110] zone 
axis) exhibiting local clustering of precipitates for the same heat treatment of 
800°C for 24hrs. 
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The precipitates are homogenously distributed within the γ–TiAl grains, 

since there was no observation of their linear or planar alignment (which would 

indicate heterogeneous nucleation on dislocations or grain boundaries, 

respectively).  Precipitate number densities in the γ-grains are 7x1022 m–3, 

measured utilizing both TEM and 3DAP microscopy techniques. 

 The precipitates with non-needle-like structures in the TiAlCW alloy were 

identified in two groups: preciptitates with radii less than 5 nm and precipitates 

with radii greater than 150 nm.  Three types of precipitates were also analyzed 

with the 3DAP microscope and the two respective groups were found to be binary 

titanium carbide precipitates with irregular morphologies and ternary intermetallic 

carbide precipitates with a stoichiometry indicative of the hexagonal (H–type) 

Ti2AlC phase.  The binary Ti carbides were too small and irregular to determine 

their crystal structure.  The crystal structures of the P–type and H–type carbides 

are displayed in Fig. 5.2. The chemistry and morphology of the carbides is 

investigated utilizing 3DAP microscopy, discussed in section 3.2. 
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Figure 5.2. (a) Crystal structure of the perovskite (P–type) carbide phase with 
stoichiometry Ti3AlC showing carbon in the octahedral site of the perovskite 
structure. (b) Crystal structure of the hexagonal (H–type) carbide phase with 
stoichiometry Ti2AlC. 
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5.3.1.2.P–type carbide nanostructure 

 The evolution and chemistry of P–type carbides is important because of 

their eventual transformation into the more stable H–type carbides.[124]  The  

TiAlCCr alloy was aged at 800°C for 24, 48, or 96 hrs.  TEM micrographs of the 

microstructure at each of these stages are exhibited in Fig. 5.3a–c.  All precipitates 

in the sample that were aged for 24 hrs have the needle-like morphology 

(Fig. 5.3a) corresponding to the P–type carbides.  Strain contrast along each 

precipitate reveals the existence of internal domain structures discussed in greater 

detail below.  After 48 hrs, large precipitates, greater than 500 nm in one 

dimension, are visible in addition to the needle–like precipitates as depicted in 

Fig. 5.3b).  After the longest aging, 96 hrs, few needle–like precipitates remain, 

and the majority of precipitates have irregular morphologies, as displayed in 

Fig. 5.3c.  The lengths of the needle-like P–type carbides have been measured after 

subjecting the alloy to 800°C for 24 hrs, 48 hrs, or 96 hrs. After 24 hrs, the 

precipitates display a unimodal distribution with an average length of 

66.8±23.6 nm.  After 48 hrs, however, needle-like precipitates longer than 200 nm 

are found in addition to those averaging 86±31 nm.  The longest aging, 96 hrs at 

800°C, also reveal a bimodal distribution with average precipitate lengths of 

57±12 nm and 157±19 nm.  Histograms of the length distributions of the needle-

like precipitates are presented in Fig. 5.4. 



 
 
 

 

143 

 

 

 

 
(a) 

  
(b) 

400 nm
 

(c) 
Figure 5.3. Bright field TEM images displaying microstructures of the TiAlCCr 
alloy with heat treatments at 800°C for (a) 24 hrs, (b) 48 hrs, and (c) 96 hrs. 
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(c) 
Figure 5.4. Frequency distributions showing the lengths of needle like P–type 
carbide precipitates in a TiAl alloy after heat treating at 800°C for (a) 24 hrs, (b) 
48 hrs, and (c) 96 hrs. 
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A detailed TEM examination of the P–type carbide precipitates reveal 

periodic strain-field contrast perpendicular to the long axis, as exhibited in 

Figs. 5.3a and 5.5.  Tian et al.[124] have interpreted these periodic contrast effects 

to represent long-range order within the precipitate crystal structures with two 

crystallographic orientation variants, as shown in Fig. 5.6. To observe these 

periodic internal domain structures of the P-type carbide in high resolution and the 

influence they may have on the TiAl/carbide interface, it is necessary to situate the  

[100] or  [010] type crystalline directions of the carbides parallel to the electron 

beam in a TEM.  Not only does the electron beam have to be perpendicular to the 

needle axis, but the carbide should be rotationally situated such that the beam is 

parallel to low-index crystallographic planes of the carbide, (100) or (010) planes.  

This positioning was achieved for the TiAlCY alloy. 
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50 nm
 

Figure 5.5.  TEM micrograph showing several P-type carbide precipitates in a 
TiAl matrix, revealing their periodic internal domain structures.  The beam is 
oriented perpendicular to the needle axis along the [310] zone axis in the TiAl 
phase. 
 
 

Both conventional and high resolution TEM (CTEM and HREM, 

respectively) have revealed complimentary measurements for the domain 

periodicity.  Using strain contrasts in CTEM (Fig. 5.5), the domain boundaries are 

spaced by 5.2±0.8 nm of a representative sample aged for 24 hrs.  Figure 5.7, is an 

HREM micrograph revealing atomic planes in both the matrix and the precipitate.  

The domain spacing in this precipitate is measured in terms of atomic planes to be 

11.6±2.3 (001) interplanar spacings, corresponding to 4.82±0.96 nm.  The average 

periodicity of the domain lengths within the carbides is not dependent on the 
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length of the carbides, which range between 17 and 113 nm, with a mean length 

of 41.7±20.3 nm. 

 

 
 
Figure 5.6.  Crystalline orientation variants proposed by Tian et al. to explain the 
domain contrast observed in the P–type carbide precipitates seen in Fig. 5.[124]  
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 HREM on both the dedicated STEM and ARM-1250 microscopes was 

accomplished despite electron radiation damage of the sample while observing it 

perpendicular to the Ti–Al ordered structure (Al has a far lower threshold energy 

for point defect production than Ti, causing the structure to become disordered 

with increasing electron dose).  When the electron beam was perpendicular to the 

long axis of the P–type carbides and to the ordered TiAl structure, HREM revealed 

the lattice planes to be continuous through the precipitates, corresponding to 100% 

coherency, as seen in Fig. 5.7.  Enlarging an interfacial region close to one of the 

domain boundaries further, as shown in Fig. 5.8, exhibits the atomic structure of 

the matrix phase next to the atomic structure of the precipitate phase.  There is 

little contrast between the two phases because the 1.25 MeV electron beam used 

for the projection image of the lattice is not diffracted sufficiently.  The atomic 

columns (white and grey spots) appear curved when viewed in the plane of the 

figure, but there is no misfit dislocation at the boundary between the two phases.  

Note the alternating contrast representing Ti and Al planes in the γ–matrix phase 

on the left-hand side of Fig. 5.8, compared to the decreased contrast in the carbide 

phase on the right-hand side.  The bending of the columns in this phase contrast 

image corresponds with the strain fields observed in the strain contrast images 

made using CTEM methods (Fig. 5.3a).  The ends of the needle-like carbide 
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precipitates also did not reveal misfit or strain induced dislocations at the 

precipitate/matrix heterophase interface. 

 

 5 nm
 

 
Figure 5.7. HREM micrograph of a P-type carbide precipitate near the specimen 
hole in the TiAlCY alloy displaying its periodic domain structure and its 
coherency with the matrix phase.  The specimen is tilted to the [310] zone axis. 
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Figure 5.8. HREM image revealing the coherent interface between the TiAl matrix 
and a P–type carbide precipitate.  The image is taken with the beam parallel to the 
[100] zone axis, thus resolving the alternating Ti-Al planes of the ordered TiAl 
structure along the [001] direction. 
 
 

In addition to evaluating the structure of the P–type carbide precipitates, 

we also examine their chemical compositions utilizing 3DAP microscopy.  

Specifically, we measure where microalloying elements reside with respect to (1) 

the γ–matrix phase, (2) the heterophase interface between the two phases, and (3) 

along the domains inside the carbide precipitates.  Measuring nanometer scale 
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compositional phenomena was possible only be employing a 3DAP microscope, 

which results with typical analysis cross–sections of 20x20x100 nm3, shown in a 

TEM micrograph in Fig. 5.9. 

 

 
 

 
 

Figure 5.9.  Microstructure of the TiAlCX alloys with the typical size of a 3DAP 
microscope analysis superimposed utilized for measuring chemistry and 
morphology of the nanometer sized P-type carbide precipitates. 
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5.3.2.  3DAP microscopy results for TiAlCX alloys (X = Cr, Mo, W, Y, Zr, 

or Ta) 

 Six alloys were fabricated, as discussed, each with a different 

microalloying addition: Cr, Mo, W, Y, Zr, or Ta.  Three-dimensional atom-probe 

microscopy is utilized in recognizing where these microalloying additions reside 

with respect to the carbides.  Below we present the results of the individual 

analyses, which reveal nanometer sized precipitate morphologies, their 

compositions, and partitioning or segregation behaviors of the microalloying 

elements.  The compositions derived from the 3DAP microscope analyses are 

summarized in Table 5.1. 

5.3.2.1. TiAlCCr alloy 

Aging treatments of 24 hrs. and 48 hrs. at 800°C were analyzed with the 

3DAP microscope, resulting in two reconstructions revealing their local 

compositions.  

Figure 5.10a displays a three–dimensional reconstruction of three P–type 

carbides in the TiAl matrix from the TiAlCCr alloy.  The precipitates are 

delineated by a 3 at.% C isoconcentration surface, from which the concentration 

profiles in the proxigram are calculated.  The average composition of the three 

carbides obtained using the proxigram method described in Chapter 2 is 

Ti65.7Al20.7C10.2Cr0.67O2.9.  The Ti:Al concentration ratio in these phases indicates a 
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Ti3AlC carbide type precipitate.  Carbon is generally known to be underestimated 

in atom-probe microscope analyses of carbides,[100,101] because it can field–

evaporate from the carbide phase in the form of complex molecular ions, this is 

addressed in the discussion.   
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(b) 

Figure 5.10.  (a) 3-dimensional reconstruction of the TiAlCCr alloy representing 
three carbides in the 17x17x26 nm3 volume of 278,199 atoms.  A 1.3 at. % C 
isoconcentration surface delineates the precipitates from the γ-TiAl matrix.  The 
colors of the atoms are the same as labeled in the proxigram: (b) Proxigram 
displaying the concentrations with respect to distance from the interfaces shown in 
(a). 
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Aside from the clear enrichment of C in the precipitate exhibited in the 

proxigram, Fig. 5.10b, O also partitions strongly to the precipitate with a 

concentration 58 times greater than in the γ–matrix, which is 0.05±0.02 at.%.  The 

microalloying element Cr does not exhibit particularly strong partitioning behavior 

(0.85±0.1 in the γ–phase vs. 0.7±0.4 in the carbide phase); it is, however, depleted 

at the heterophase interface between the γ–matrix and precipitate phases.  This 

appears opposite to what was presented of the largest carbide in Section 2.3, where 

the perpendicular field evaporation case exhibited Cr segregation.  Since the 

proxigram in Fig. 5.10b takes 100% of the interface surface area into account in its 

composition calculations, it is statistically more relevant than the compositions 

measured in the analysis cylinder which is applied to only a fraction of the 

interfacial area (discussed in detail by Ruesing et al.[69] and in Section 2.3).  Also 

note that Cr is diminished towards the interior of the precipitates.  Since two of the 

carbides are analyzed only partially (their isoconcentration surfaces intersect the 

analysis volume), the precipitate centers may not have been analyzed.  From the 

proxigram, however, we can conclude that the Cr concentration drops below 

0.5 at.% at 6 nm towards the precipitate’s center, which is almost half of the 

0.85±0.1 at.% Cr  concentration measured in the TiAl matrix phase. 

Doubling the aging time from 24 hrs. to 48 hrs. at 800°C results in more 

than a halving of the Cr partitioning ratio from 0.82 to 0.34, corresponding to a 
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decreased Cr concentration within the precipitate.  The 3DAP microscope 

reconstruction of part of the precipitate is displayed in Fig. 5.11a.  The 

concentration of the precipitate in the alloy aged at 800°C for 48 hrs. is 

Ti65.9Al20.2C10.4Cr0.43O2.6, derived form the proxigram in Fig. 5.11b.  The total C 

and O concentrations double in the γ–matrix phase from 0.21±0.11 to 

0.42±0.25 at.%, with a doubling of the aging time, whereas their combined 

concentration is consistently at a 13±2 at.% level within the carbide precipitate 

independent of aging time. 
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(b) 

 
Figure 5.11. (a) A 23x23x6 nm3 volume with a 3 at.% isoconcentration surface 
delineating part of a P–type carbide precipitate.  Elements are colored as they are 
displayed in the proxigram: (b) Proxigram showing concentrations with distance 
from the interface.  
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5.3.2.2.TiAlCMo alloy 

Figure 5.12a reveals a three–dimensional mid–section of a needle-like P–

type carbide precipitate analyzed in the TiAlCMo alloy.  The measured precipitate 

composition using the proxigram (Fig. 5.12b) is Ti65.32Al21.97C11.27Mo0.66O0.85, and 

is thus deemed a Ti3AlC carbide, according to the Ti:Al ratio.  The cylindrical 

morphology displayed in the reconstruction also supports this assessment when 

compared to TEM observations.  Concentration values from 10 nm outside the 

precipitate to its core are shown in the proxigram in Fig. 5.12b.  Molybdenum is a 

substitutional microalloying element in both the γ–matrix and precipitate phases.  

The Mo depletion up to 3 nm outside of the carbide precipitate is mirrored by its 

segregation at the interface.  The amount of Mo depletion at the interface with 

respect to the γ–matrix phase, 1.5 to –3 nm from the heterophase interface in 

Fig. 5.12b, is measured to be 0.11±0.02 nm–2.  The Mo concentration has a value 

near zero in the precipitate core (+5 nm in the proxigram), although its value is 

0.66±0.11 at.% Mo away from the core and reaches a maximum value of 

1.3±0.2 at.% Mo at the interface.  The Gibbsian interfacial excess at the interface 

is thus 0.22±0.03 nm–2 with respect to the Mo concentration level in the carbide, 

employing the calculation techniques discussed in chapter 2.  Measuring the 

excess independent of where the interface is located results in a relative Gibbsian 

excess of Mo relative to Ti and Al of 0.34±0.05 nm–2.  The C concentration profile 
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outside the carbide precipitate appears to level out to 0.3 at.% 5 nm into the γ–

matrix phase on the abscissa in Fig. 5.12b before decaying to 0.09±0.02 at.% 

further into the γ–matrix phase.  The O concentration within the carbide is 

0.85±0.33 at.% and decreases to 0.03±0.02 at.% approximately 4 nm outside of the 

precipitate. 
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(b) 

Figure 5.12. (a) A 15x15x22 nm3 3DAP microscope reconstruction of a section of 
a P–type carbide precipitate revealing its needle-like morphology with ca. 10 nm 
diameter.  The precipitate is defined by a 5 at.% C isoconcentration surface and 
atoms are shown in the colors of the proxigram. (b) Proxigram showing elemental 
distributions with respect to the interface. 
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Doubling the aging time again, as with the TiAlCCr alloy, to 48 hrs. at 

800°C reveals a carbide concentration of Ti66.26Al21.50C10.24Mo0.74O1.29.  The 

analysis reconstruction of this alloy revealed one end of a P–type carbide, 

Fig. 5.13a  It is difficult to conclude if the Mo concentration within the precipitate 

increases with respect to the shorter aging time above, due to the variations in 

concentration shown in the positive abscissa values in the proxigram, Fig. 5.13b  

The amount of Mo depletion outside the precipitate is unchanged compared to the 

alloy aged for 24 hrs, while the Gibbsian interfacial excess increases to 

0.34±0.05 nm–2.  The relative Gibbsian excess of Mo relative to Ti and Al, 

however, is halved to 0.15±0.02 nm–2.  The O concentrations increase from 

0.85±0.33 at.% after a 24 hr. aging time to 1.3±0.2 at.% after the 48 hr. aging time 

at 800°C. 
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(b) 

 
Figure 5.13. (a) 3DAP reconstruction of a 22x22x34 nm3 volume containing the 
end of a P–type carbide precipitate, delineated by a 2 at.% C isoconcentration 
surface.  Atoms are not shown for clarity. (b) Proxigram displaying concentrations 
away from the interface. 
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5.3.2.3.TiAlCW alloy 

3DAP microscope analyses of the TiAlCW alloy revealed several types of 

carbide precipitates as indicated in Fig. 5.1b.  The 3DAP microscope examinations 

of the carbides revealed they not only had different structures, as determined by 

TEM, but different compositions.  One intermetallic H–type carbide, one 

intermetallic oxycarbide precipitate, and binary titanium carbides were analyzed. 

 

5.3.2.3.1. Intermetallic H–type carbide 

The dimensions of the analyzed carbide is presumed to be large relative to 

other carbides analyzed by 3DAP microscopy, because its interface is flat and 

crosses the entire reconstruction volume, Fig. 5.14a.  That the interface is 

perpendicular to the analysis direction, indicated by the arrow along one of the 

parallelepiped edges, also reveals a sharp interfacial transition – the distance 

between phase compositions according to the proxigram – of ca. 1 nm.  This 

analysis is a good example of the perpendicular field evaporation case discussed in 

Section 1.3.  The carbide composition was measured to be Ti52Al29C13.5O5, as 

revealed in the accompanying proximity histogram in Fig. 5.14b.  The Ti 

concentration is the same in both phases (ca. 53 at.% ), implying the phase is an 

oxygen rich H–type Ti2AlC precipitate phase.  Aside from the clear partitioning of 

Al and C to the γ–matrix and carbide phases, respectively, O partitions to the 
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carbide phase whereas the microalloying element W partitions to the γ–matrix 

phase.  The partitioning ratios of O and W are 34.3±8.2 and 0.07±0.09, 

respectively.  Carbon and O occupy interstitial sites in the γ–phase and their 

concentrations are 0.05±0.04 at.% and 0.14±0.03 at.%, respectively. 
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Figure 5.14. (a) An H-type carbide in the TiAlCW alloy displaying a much larger 
sized precipitate than those in Fig.4.  A 7 at. % C isoconcentration surface 
separates the carbide and matrix phases.  The concentrations of each phase is given 
in the proxigram (b) displaying the H-type carbide on the right, and the matrix on 
the left hand side.  The bottom plot emphasizes the ordinate axis to reveal the W 
partitioning to the matrix phase  Color schemes: Ti-green, Al-red, C-grey, W-pink. 
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5.3.2.3.2. Intermetallic oxycarbide 

Figure 5.15 displays a portion of an intermetallic oxycarbide precipitate, so 

named because of its significant O concentration; the precipitate’s composition is 

Ti57Al14C14O14W0.4.  The similar concentration levels of Al, C, and O within the 

carbide is unique to this precipitate.  The interface width, as interpreted from the 

concentrations in the proxigram, is ca. 3 nm, which most likely represents a 

broadening effect that occurs when analyzing interfaces parallel to the direction of 

analysis, which is discussed in detail below.  The higher Ti concentration in this 

carbide and correspondingly lower Al concentration compared to the H–type 

carbide indicates a Ti:Al ratio suggestive of a P–type carbide.  Having observed 

needle like precipitates resembling P–type carbides in TEM, the 3DAP microscope 

reconstruction may have captured a quarter of the precipitate, and its radius is 

estimated to be at least 15–20 nm.   
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Figure 5.15. (a) An oxycarbide precipitate in a model TiAl alloy analyzed by 
3DAP microscopy.  The reconstruction consists of 164,412 atoms and the 
isoconcentration surface represents a 10 at.% carbon concentration gradient.  The 
colors are the the same as plotted in: (b) The proxigram displaying increased 
concentrations of Ti, C, and O in the oxycarbide and a decreased Al concentration.  
W, the microalloying element, segregates to the interface.   
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5.3.2.3.3. Binary Titanium carbides 

Binary titanium carbide precipitates are the smallest and have the highest 

number density of all the carbide precipitates in TiAlCW, exhibited in Fig. 5.1b 

between the larger precipitates.  They have thus also been observed, and 

published,[125] using the LEAP microscope.[126] Figure 5.16a displays the three–

dimensional reconstruction of three carbide precipitates in the TiAlCW alloy, 

delineated by a 12 at. % C isoconcentration surface, within a 22x22x49 nm3 

reconstructed volume.  This corresponds to a precipitate number density of ca. 

1x1023 m–3.  For the purpose of identification, the individual precipitates are 

labeled 1, 2, and 3.  The 3D reconstruction reveals a range of morphologies, 

showing number 1 to be an oblate ellipsoid structure (of which only a portion was 

analyzed), number 2 to be a part of a precipitate with a corrugated surface 

structure, and number 3 to be a small spheroidal carbide precipitate with ca. a 

1.3 nm radius.  

The proxigram displayed in Fig. 5.16b shows the concentrations of all 

elements with respect to distance from the carbide/γ interface for all precipitates.  

The concentrations of O in particular, are measured for each of the three 

precipitates and the local γ–matrix around them, within ca. 4 nm of the 

precipitates.  The individual O concentrations of the carbides are all within 

9±1 at.% O; the O partitioning coefficients between the carbides and their local γ–
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matrix, however, vary significantly.  Most notably, the smallest carbide 

(number 3) has the smallest partitioning ratio of 40, whereas precipitate numbers 2 

and 1 have partitioning ratios of 57 and 143, respectively.  The individual 

partitioning ratios correspond to the following results: the γ–matrix surrounding 

the smallest carbide (number 3) contains 0.25 at.% O, whereas the γ–matrix 

surrounding precipitate numbers 2 and 1 contain 0.18 at.% and 0.06 at.% O, 

respectively, which are more typical O concentrations of the γ–phase. 

The Al concentration profile within the carbides show a 5.97±0.39 at.% 

concentration at 0–2 nm from the carbide/γ interface and a 2.41±1.21 at.% 

concentration further inside the carbide (3–6 nm from the interface).  This 

concentration step is due to the interface corrugations seen in carbide number 2, 

where pockets of Al reside.  The W quaternary addition is not observed to partition 

strongly to either phase (1.07±0.05 at.% in the carbide versus 0.98±0.29 at.% in 

the γ–matrix), but rather it segregates to the interface.  The relative Gibbsian 

excess of W with respect to Ti and O is 1.8 nm–2. 
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(b) 

Figure 5.16. (a) Titanium carbide type precipitates delineated by a 12 at. % C 
isoconcentration surface in a model TiAl alloy.  The surface reveals three 
precipitates with a wide range of morphologies.  The 1,220,432 atoms are not 
displayed for clarity.  The elemental concentrations within the precipitates are 
displayed on the right side of the proxigram, (b), displaying the increased oxygen 
concentration in the carbides.  The quaternary microalloying element, W, does not 
partition to either side, but segregates to the interface. 
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5.3.2.4.TiAlCY alloy 

 A P–type carbide precipitate with the composition 

Ti65.5Al22.5C9.3Y0.92O2.32 was analyzed in the alloy containing Y as a quaternary 

microalloying element.  The reconstructed precipitate in Fig. 5.17a has a radius of 

ca. 3.5 nm and is ca. 8 nm long.  In this alloy, Y preferentially partitions to the 

carbide phase at a concentration of 0.92±0.44 at.% (Fig. 5.17b), since its 

concentration in the γ–matrix is almost 5 times less, 0.2±0.05 at.%.  Of the 

microalloying partitioning characteristics between the matrix TiAl and carbide 

phases, Y is the only element which partitions preferentially to the carbide phase.  

Oxygen again partitions to the carbide phase, even though its concentration in the 

γ–matrix phase is relatively high, 0.42±0.1 at.%.  
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(a) 

 
(b) 

 
Figure 5.17. (a) A 21 x 21 x 7 nm3 sized reconstruction volume of the TiAlCY 
alloy displaying a P-type carbide precipitate with a ca. 3.5 nm radius.  The 
precipitate is visualized by a 2 at.% C isoconcentration surface. (b) Proxigram of 
the reconstruction displaying concentrations of all elements with respect to the 
carbide/matrix interface. 
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5.3.2.5.TiAlCZr alloy 

3DAP microscope analysis of the TiAlC&Zr alloy yielded a full cross-

section of a cylindrical precipitate, indicative morphologically of a P–type carbide.  

Figure 5.18a shows a reconstruction of the carbide precipitate embedded in the 

TiAl matrix phase, where the 5 at.% C isoconcentration surface delineates a 

precipitate with a radius of ca. 5 nm.  Its length could not be fully analyzed (TEM 

measurements confirmed their lengths to be in the range 35–150 nm) due to the 

specimen’s ultimate failure during analysis.  The precipitate composition is 

Ti66.1Al20.8C11.7Zr0.78O0.78, which again indicates a Ti3AlC carbide precipitate.  The 

Zr concentration in the γ–matrix phase is 1.41±0.46 at.% while it is measure to be 

0.78±0.39 at.% within the precipitate (Fig. 5.18b).  The O concentration rises from 

0.06±0.01 at.% in the  γ–matrix to 0.78±0.15 at.% within the precipitate, which is 

the same concentration level as Zr in the precipitate.  Carbon concentrations seem 

to stabilize 4 to 6 nm outside the precipitate (according to the proxigram) at a 

concentration of 0.27±0.02 at.% C,  before decreasing to 0.07±0.04 at.% C further 

from the precipitate.  This increased peripheral concentration is a trend found in 

the analyses of all P–type carbide precipitates and is addressed in the discussion. 
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(b) 

Figure 5.18. (a) 3-dimensional reconstruction of the axis of a P–type carbide 
precipitate revealed by a 5 at.% isoconcentration surface and showing elements in 
colors that are listed in the proxigram.  (b) The proxigram of the reconstruction 
showing matrix compositions on the left and carbide concentrations on the right. 
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5.3.2.6.TiAlCTa alloy 

Figure 5.19a shows part of a precipitate analyzed in the TiAlCTa alloy 

identified by a 2 at.% C isoconcentration surface.  Part of a carbide precipitate was 

also analyzed in the TiAlCTa alloy and its composition is 

Ti65.27Al22.46C10.12Ta0.25O1.59.  Tantalum concentration is found to partition to the 

matrix TiAl phase by a factor of three greater than its 0.25±0.22 at.% 

concentration in the precipitate.  No segregation (or depletion) of Ta is observed at 

the heterophase interface.  Oxygen partitions to the carbide phase, where its 

concentration is 1.59±0.56 at.% compared to 0.08±0.05 at.% in the  γ–matrix. 
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(b) 

Figure 5.19. (a) Reconstruction of part of a carbide, delineated by a 2 at.% C 
isoconcentration surface, analyzed in the TiAlCTa alloy.  Atoms are not shown for 
clarity or the interface. (b) Proxigram showing concentrations with respect to 
distance from the surface in (a). 
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5.3.3. Chemical gradients along the P–type precipitate axis 

Reconstructing the P–type precipitates in 3D makes it possible to 

investigate the chemical concentrations not only across their interfaces to the γ–

matrix phase with proxigrams, but also along the inside of the precipitates to probe 

their internal chemistry. 

Domains within the carbide precipitates have been observed structurally, 

via strain-field contrast in TEM, as presented in Fig. 5.7; their chemical makeup 

has, however, until this effort, not been investigated.  Applying one-dimensional 

analysis cylinders down the axis of the P–type carbides in the 3D reconstructions 

of the TiAlCMo alloy, Figs. 5.12 and 5.13, make possible the measurement of the 

chemistry inside the carbide precipitates.  The two reconstructions in Figs. 5.12 

and 5.13 are of P–type carbide precipitates in the TiAlCMo alloys aged for 24 and 

48 hrs. at 800°C, respectively.  The analysis cylinders are 4 nm in radius to ensure 

they only measure the inside of the precipitates, which have ca. 5 nm radii. 

Figure 5.20a reveals the concentration profile along the P–type carbide in the alloy 

aged at 800°C for 24 hrs.  Three locations along the profile exhibit localized 

decreases in Ti and increases in both the Al and Mo concentrations.  Figure 5.20b 

exhibits a similar concentration profile along the carbide axis in the alloy aged for 

48 hrs.  Since that analysis reconstructed the end of a precipitate, the concentration 

profile shows the transition from the carbide phase (Ti and C rich) to the γ–matrix 
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phase (Ti and Al rich).  The distance between the concentration fluctuations is 

ca. 7.5±0.6 nm for the alloy with a 24 hr. aging treatment, and 9.0±1.1 nm for the 

alloy with a 48 hr. aging treatment, as measured from the concentration profile.  In 

view of the variance of distances between the domain boundaries exhibited in 

Fig. 5.7, these concentration profiles distinctly suggest a chemical concentration 

fluctuation at the domain boundaries within the P–type carbide precipitates. 
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Figure 5.20. Concentration profiles along the axes of P-type carbide precipitates in 
the TiAlCMo alloy.  (a) Carbide in alloy heat treated at 800°C for 24 hrs., where 
periodic localized concentration variations are observed (marked by arrows) (b) 
Carbide in alloy heat treated at 800°C for 48 hrs. where similar concentration 
variations are observed (except in Mo); the transition to the matrix phase through 
the end of the precipitate is also shown. 
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5.4. Discussion 

Both TEM and 3DAP microscope analyses have detected nanometer level 

structures of and local chemistry around carbide precipitates within TiAl alloys.  

The results reveal partitioning behaviors of solute microalloying elements between 

the carbide and matrix phases and within the carbide precipitate structures. 

 

5.4.1. Transmission Electron Microscopy results 

Microstructures of the TiAlCX alloys and the precipitates within them have 

been characterized using a variety of TEMs revealing large precipitate structures 

on the length scale of microns down to the nanometer scale of neighboring atoms 

between the carbide/matrix interface.  Within the ca. 5 nm radius needle-like 

carbides, periodic domain boundaries were observed along the long axis of the 

carbidesThe length scale of the domains of the precipitates, ca. 5 nm, was found to 

be independent of the total precipitate length, which ranged 17 to 113 nm.  This 

suggests that the internal domain structure may be dependent on external forces 

such as the misfit between the precipitate and γ–matrix phases.  The lattice 

parameter misfit between the (100) or (010) γ–phase planes and the (100) or (010) 

P–type carbide phase is 5.7 % and the lattice misfit between the (001) planes of 

both phases is 2.1 %,[127]  Misfit dislocations typically form along heterophase 
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interfaces at periodic distances to compensate for built up strain due to the lattice 

mismatch.[64,128,129]  A 2.1% lattice misfit value corresponds to a theoretical 

distance between misfit dislocations along the  [001] axis of 19.8 nm.  Since this 

distance is almost four times the distance observed between the internal domain 

boundaries of the P–type carbides (ca. 5 nm), there does not seem to be a 

correlation between the misfit dislocation length and the domains within the 

precipitates.  Periodic strain fields along the precipitate needles are observed 

(Fig. 5.3a) implying that the misfit dislocations have not relieved the misfit strain 

between the phases.  HREM micrographs (Fig. 5.7) confirm this inference by 

revealing no misfit dislocations along the heterophase interfaces between the 

carbide and γ–matrix phases, since the presence of misfit dislocations would 

ultimately relieve the strain at the interface.  In fact, the strain fields around the 

precipitates have been observed over precipitate lengths exceeding 100 nm 

implying no misfit dislocations are present relieving the lattice strain.  The lack of 

misfit dislocations along the carbide/matrix heterophase interfaces has been 

confirmed with HREM. 

This carbon-deficient perovskite phase, with stoichiometry Ti3AlC0.5, was 

proposed by Tian using trial-and-error calculation methods in combination with 

electron diffraction observations.[124]  The structure involving crystallographic 

orientation variants, depicted in Fig. 5.6, was proposed to explain the domain 

structures observed within the needle-like carbides.  If the carbide precipitate has a 



 
 
 

 

182 

 

 

cubic structure, then misfit dislocations would theoretically be observed 

approximately every 19 nm along the precipitate/matrix interface to relieve the 

misfit strain energy between the lattices.  Misfit dislocations are not observed, 

however, over lengths of 100 nm, thus the strain is being accommodated, at least 

partially (because strain fields around the precipitates are still observed), through 

other means.  Two possibilities follow: (1) the precipitate phase Ti3AlC0.5 must be 

tetragonally distorted for it to compensate partially the build up of stress to the γ–

matrix phase, or (2) the domain boundary structures observed inside the precipitate 

compensate for built up stress sufficiently enough for each domain to remain 

cubic.  A cubic phase would not, however, form crystallographically asymmetric 

orientation variants, as proposed by Tian et al., because the variant unit cells 

(Fig. 5.6) appear to be asymmetric.[124] 

It is suspected that the presence of the domains is involved in relieving part 

of the lattice misfit strain within the carbide, because carbide lengths exceeding 

100 nm are observed devoid of misfit dislocations.  The internal chemistry of the 

carbides, measured via 3DAP microscopy, may also play a role in the domain 

structure within the precipitates. 

The 24 hr. aging time at 800°C results in the precipitation of primarily P–

type carbides within γ–phase TiAl matrix grains in all alloys except for those 

containing W.  With the addition of 1 at.% W, a range of precipitate morphologies 

and carbide compositions were measured by 3DAP microscopy, suggesting the W 
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microalloying addition to influence the carbide formation mechanisms.  Altering 

the carbide/matrix interfacial energy, by the segregation of W to the carbide/matrix 

interface, may be influenced the development of the carbides.  This phenomenon 

was observed among the smallest and most irregularly shaped carbides (Fig. 5.16); 

W segregation to the carbide/matrix interface relative to Ti and O concentrations 

was detected, with a relative Gibbsian excess of 1.8 nm–2.   

A distinct needle-like P–type carbide was not observed in the TiAlCW 

alloy by 3DAP microscopy, but one oxygen-rich variation was analyzed.  One H–

type carbide and several binary titanium carbides were also analyzed.  From TEM 

micrographs, the features that look like large precipitates in Fig. 5.1b, are in fact 

clusters made up of needle-like P–type carbides along side each other.  The 

observation of these clusters and the statistics on needle-like carbide lengths for 

three aging times (24, 48, and 96 hrs. at 800°C, Fig. 5.4) suggest that the carbides 

are coarsening, since they originally show a monomodal distribution followed by a 

bimodal distribution where the smaller mean size decreases from 86±31 nm to 

57±12 nm with increasing aging time.   

 

5.4.2. 3DAP microscopy results 

To discuss the results of compositions measured in the matrix and carbide 

phases and the partitioning ratios of the microalloying elements, we refer to 
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Table 5.1, which summarizes the concentrations in each phase with 

corresponding partitioning ratios measured via 3DAP microscopy. 

Among the five alloys that reveal P–type carbides, the average precipitate 

composition is measured to be Ti65.7Al21.4C10.5O1.8, which is indicative of a carbon- 

deficient perovskite phase Ti3AlC0.5, proposed by Tian et al.,[124] which, 

normalized to 100 for comparison reasons, is Ti66.3Al22.3C11.3.  Therefore, we 

confirm Tian’s proposed C deficient carbide phase stoichiometry Ti3AlC0.5.   

 

In the following sections, we start by discussing partitioning ratios of the 

solute microalloying elements and oxygen between the carbide and γ–matrix 

phases, followed by a discussion of C, Al, and Ti concentration fluctuations 

observed in the proxigrams.  We finish with the chemistry at domain boundaries 

inside P–type carbides and the C concentrations at the peripheries of the P–type 

carbides. 
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Table 5.1. Table summarizing concentrations of all elements in all phases 
analyzed in the 3DAP microscope.  The alloys TiAlCX, where X=Cr, Mo, W, Y, 

Zr, Ta, are listed at left with their aging treatment.  The compositions for each 
phase are given for each element with average standard deviation from the 
compositions used to determine the phase. 
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Table 5.1. (cont.) 
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Table 5.1. (cont.).  All alloys containing W as the microalloying element are 

listed below. 
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5.4.2.1.  Microalloying elemental partitioning characteristics 

 We discuss the partitioning characteristics in the TiAl alloys in two parts 

due to the significant effect the microalloying element W apparently has on the 

carbide precipitation.  First, we discuss the P–type carbide precipitates that were 

analyzed in alloys with Cr, Mo, Y, Zr, or Ta additions.  Second, we discuss the 

oxygen concentrations and partitioning ratios in all carbides, including those found 

in the alloy with a W addition.  Partitioning ratios are defined as the ratio of the 

concentration of an element in the precipitate phase to its concentration in the 

matrix γ–TiAl phase.  We have shown that O partitions reproducibly to the carbide 

phases. 

 

5.4.2.1.1. Partitioning of microalloying elements in P–type 

carbides 

All the microalloying elements added to the TiAl system in this article, 

except for Y, are known to form carbides of the form MC or M2C where 

M = microalloying element, primarily used for strengthening in steels.[118,130-

132]  These binary carbides, however, do not form in the TiAl alloys; instead, 

intermetallic carbides of the form Ti2AlC or Ti3AlC are found, and the Cr, Mo, W, 

Zr, and Ta microalloying additions are all rejected from the intermetallic carbides.  

Yttrium is a special case in that it is the only microalloying element that partitions 

preferentially to the P–type carbide phase.   
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Calculations of solute formation energies, that is, the free energy of a 

microalloying element to substitute on the Ti or Al lattice sites in TiAl, P–type, 

and H–type phases, suggest a similarly unique behavior of Y.  Yttrium is the only 

solute revealing negative formation energies in the H–type carbide phase[133], 

implying its preferential partitioning to the carbide phase. 

For the alloys with Cr and Mo additions, where 3DAP microscopy results 

were possible for different aging treatments, the partitioning of Cr (0.38±0.21) to 

the γ–matrix phase is more pronounced for the 48 hr. aging treatment compared to 

the 24 hr. aging treatment (0.82±0.48) at 800°C, corresponding to the rejection of 

Cr from the precipitate phase to the γ–matrix phase with increasing aging time.  

Molybdenum, however, showed no changes in its partitioning ratio (0.7±0.1) 

between the same two aging treatments.  

The six microalloying elements studied with respect to carbide/TiAl 

interfaces, each exhibits a particular characteristic partitioning or segregation 

behavior with respect to the carbide/TiAl heterophase interface.  First-principle 

simulations show lower solute formation energies within carbides for solutes with 

lower periodic table group numbers (column number in the periodic table).  This 

suggests that partitioning ratios of the microalloying elements should increase with 

decreasing periodic table group number,[133] since a partitioning ratio represents 

the solute atom’s concentration in the precipitate divided by its concentration in 

the matrix.  There was no distinct trend, however, in the partitioning ratios with 
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periodic table group number in our experimental data.  There is a partitioning 

trend with periodic table row number (called the period).  With the exception of 

the microalloying addition Y, the partitioning ratios of the quaternary additions 

decrease for increasing period (row–) number in the periodic table.  That is, Cr 

(period 4) has a partitioning ratio of 0.82±0.5, while period 5 elements Mo and Zr 

have partitioning ratios of 0.71±0.14 and 0.55±0.33, respectively, and Ta (period 

6) has a partitioning ratio of 0.33±0.30.  Decreasing values of the partitioning 

ratios correspond to increasing relative differences between the constituent’s 

concentrations in either carbide or matrix phases. 

 

5.4.2.1.2. Partitioning of oxygen among carbides 

Of particular interest in this system is not only the partitioning of the 

microalloying elements, but the presence of the unavoidable impurity O (which is 

incorporated during processing) to either the γ–matrix TiAl or carbide phases.  To 

show the extent to which O partitions, we have plotted the C concentration versus 

the O concentration in Fig. 5.21 for alloys with W as their microalloying addition, 

and those without W.  Clearly the alloy with W as a microalloying element shows 

carbides with much greater oxygen concentrations, compared to the alloys with the 

other microalloying elements Cr, Mo, Y, Zr, and Ta.  The dashed line in Fig. 5.21 

corresponds to equal C and O concentrations.  The combined C and O 

concentrations measured within the P–type carbide precipitates were reproducible 
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within 12.2±0.6 at.%, while the alloys with W as their microalloying addition had 

combined C and O concentrations of 29.6±8.5 at.%, more than twice the 

concentration in carbides without W.  It has been proposed that the addition of W 

radically slows diffusion processes in the TiAl phase,[134] which may have 

contributed to the high amount of O in the carbides and/or influenced the 

formation of the carbides to begin with. 

The TiAl alloy containing W as a microalloying element exhibited three 

different carbide types in 3DAP microscope analyses: H–type TiAl based 

intermetallic carbide, binary titanium carbides, and a P–type TiAl based 

intermetallic oxycarbide. Whereas analysis of the other alloys, containing Cr, Mo, 

Y, Zr, and Ta as microalloying elements, revealed only P–type carbides.  Oxygen 

concentrations in these P–type carbides are 1.7±0.9 at.%, which is almost one 

order of magnitude less than the O concentration measured in the P–type carbide 

alloy with the W addition; its composition is Ti56.8Al14.2C14.5O14.3.  Even though 

the O concentration in the H–type carbide is 4.8 at.%, with a composition 

Ti52.3Al29.2C13.5O4.8, the average O concentration of all carbides in this alloy is 

10.9±4.8 at.%.   
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Figure 5.21.  Oxygen and C concentrations within all carbide precipitates analyzed 
by the 3DAP microscope, comparing those with W vs. those without W as a 
microalloying element.  Those alloys without W (‘non-W containing’ alloys) were 
alloyed with Zr, Mo, Ta, Y, or Cr.  The dashed line corresponds to equal 
concentrations of C and O.  
 

 

The compositions of each Ti-rich binary carbide diplayed in Fig. 5.16 are: 

Ti62.7Al1C23.2O15.1, number 1 Ti64.4Al1C25.7O8.6, number 2 Ti62.3Al3.1C22.9O10.2, and 

number 3 Ti48.2Al15.3C26.7O10.  The relatively high Al concentration of carbide 
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number 3 represents the carbide with a 1.3 nm radius; its relatively small size 

suggests that it may have been a nucleating carbide.  The irregular morphologies 

of the binary titanium carbides exhibited in Fig. 5.16 in general suggest that the C 

supersaturation is small; which is also supported by the pockets of Al found in the 

corrugations of the largest binary carbide precipitate (number 2) indicating 

dendritic growth.   

 

5.4.2.2.Chemistry of domain interfaces within P–type carbides 

The tetragonality of the TiAl matrix phase (c/a lattice parameter ratio = 

1.018) fundamentally influences the P–type carbide morphology.  Since the P–type 

carbide crystal structure is cubic, there is an anisotropy of misfit between the 

carbide and γ–matrix phases ultimately causing the precipitate to grow along the  

[001] axis resulting in a needle-like morphology.  The longer the carbide becomes, 

the more strain energy is created due to its lattice parameter misfit with the γ–

matrix phase.  Interfacial energies of the P–type carbide / TiAl interface have been 

calculated by Benedek.[128]  It appears that it is energetically favorable for the P–

type carbide to change its crystallographic structure, in terms of creating 

orientation variants, than to insert a misfit dislocation at the heterophase interface.  

The new structure is a long-range ordered structure with vacancies in half of the 

perovskite interstitial positions, resulting in the composition Ti3AlC0.5, as shown in 

Fig. 5.6.  The C atom in the interstitial position of the perovskite crystal structure 
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has been shown to increase the unit cell’s lattice parameter,[127] therefore, the 

alternating filled and vacant interstitial sites (Fig. 5.6) may distort the carbide 

lattice such that it compensates for the anisotropic misfit originating from the 

cubic phase within the tetragonal TiAl host phase.   

The repeated concentration variations observed in the one–dimensional 

concentration profile along the carbide axis in Fig. 5.20a, displays a remarkable 

resemblance to the interfaces between the crystallographic variants, or domains, 

observed in TEM (Fig. 5.7).  After 24 hrs. at 800°C the domains have a mean 

composition of Ti67Al21C11O1Mo0.4.  At the domains boundaries, however, Ti, Al, 

and Mo concentrations are ca. 57, 30, and 2.5 at.%, respectively.  After 48 hrs. at 

800°C (Fig. 5.20b), the domains have a mean composition of Ti67Al20C11O1.3Mo0.7, 

and the compositions fluctuations at the domain boundaries are less well defined, 

particularly in the case of the Mo concentration profile and are deemed 

indistinguishable from the average domain concentration. 
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5.4.2.3.Peripheral carbon concentrations near the P–type carbide 

precipitates 

All of the proxigrams for the P–type carbide analyses reveal a peripheral C 

concentration above 0.1 at.%, which is 3 to 5 nm outside the precipitates before 

decreasing below 0.1 at.% concentrations levels in the parent γ–phase (see for 

example Figs. 5.12b, 5.13b, 5.18b, and 5.19b).  This C concentration plateau is 

0.33 ± 0.07 at.% for alloys aged at 800°C for 24 hrs and 0.40 ± 0.02 at.% for 

alloys aged at 800°C for 48 hrs.  The increased C concentration for the longer 

aging treatment is indicative of the carbide’s growth with aging time and that 

interstitial C in the γ–matrix phase diffuses to within the region of the growing 

carbide precipitates.  Such peripheral concentration plateaus were not detected 

among the analyses of precipitates other than P–type carbides, such as those found 

in the TiAlCW alloy.   

The edge length of the cubic perovskite precipitate unit cell is 1.9 % larger 

than the c–lattice parameter in the γ–matrix unit cell, likely causing the γ–matrix 

lattice adjacent to the precipitate to become dilated.  The strained γ–matrix lattice 

surrounding the precipitate may then permit more C to reside in its dilated 

interstices, resulting in the presence of a C concentration near the precipitates that 

is higher than in the TiAl bulk.  According to the measured peripheral C 

concentration of 0.33 to 0.40 at.% in the matrix ca. 4 nm outside the precipitates, 
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the dilated TiAl lattice then exhibits a C solubility 10 times that of the bulk TiAl 

lattice which has been reported to be 0.03 at.%.[83]  According to elasticity 

theory,[135] however, the lattice strain outside the precipitate should decrease as r-

3, where r is the radial distance from a spherical precipitate in a matrix phase.  This 

sharp decrease contradicts the length scale of more than 3 nm we observe in the 

periphery C concentration plateaus. 

5.4.2.4. Artifacts affecting C, Al, and Ti concentrations 

Carbon atoms have been known to field–evaporate from carbide phases 

(such as M2C carbides in steel) in the form of complex molecular ions, resulting in 

C measurements less than expected in the atom probe microscope analyses of 

carbides.[100,101]  For example, C2
2+ molecular ions are indistinguishable from 

C+ ions in mass–to–charge state spectra,[102] and singularly charged C2
1+ ions 

experience a mass–to–charge state ratio overlap with Ti2+ ions.  Since the 

underestimation of C appears to be systematic among most carbides in steels, 

methods to minimize the effect have been determined and include analyzing the 

alloys at higher temperatures and larger pulse fractions.[100]  Typically, 

temperatures between 20 K and 60 K and pulse fractions between 15% and 20% 

are applied in 3DAP microscope analyses of alloys.  We employed temperature 

and pulse fraction values of 80 K and 20%, respectively, as increasing both the 

temperature and the pulse fraction beyond these values resulted in the increased 

number of catastrophic failures of the specimens during analysis.  Therefore, 
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despite using the methods to minimize C underestimation, our C compositions 

were consistently lower than the common Ti2AlC or Ti3AlC phase stoichiometries. 

The measured Ti and Al compositions in the γ–matrix phase were often 

found to vary by more than 5 at.% among different analyses.  Such differences in 

measured γ–matrix compositions can be due to two factors: (1) the TiAl ordered 

structure and (2) the crystallographic orientation of the γ grain during the analysis.  

The ordered structure of the L10 phase, with alternating Ti and Al planes along the  

[001] crystallographic direction, influences the rate at which field evaporation 

occurs during an analysis.  The pure Ti planes field–evaporate more rapidly than 

the pure Al planes along the  [001] crystallographic direction (see also Appendix 

A).  The bulk crystallographic orientation of the γ–grain being analyzed can also 

influence composition measurements during analysis of TiAl alloys with the 

3DAP microscope.[17] 

Concentration profiles just outside some precipitates (–1 nm on the 

abscissa of Fig. 5.17, for example) show a slight enhancement in Al and 

corresponding depletion in Ti.  The fluctuations in Al and Ti concentrations just 

outside the precipitates may be related to their growth: the increased Ti 

concentration required for forming the carbide phase leaves a depletion of Ti just 

outside it, whereas Al is rejected during the formation of the precipitate and thus 

an increased concentration is observed just outside the carbide precipitate.  

Investigations using one-dimensional concentration profiles across reconstructed 
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interfaces that lie parallel to the analysis direction have, however, shown similar 

Al enhancements and Ti depletions, whereas interfaces perpendicular to the 

analysis direction do not show these concentration fluctuations.  Additional 

examples and data discussing these aspects are articulated in Section 2.3. 

5.5. Conclusions 

 

Microstructural and compositional investigations of model TiAl alloys with 

microalloying elements and carbide precipitates have been completed.  The 

microalloying elements studied comprised ca. 1 at.% of the Ti50Al48CX 

compositions, where X = Cr, Mo, W, Y, Zr, and Ta.  The following conclusions 

were drawn from implementing the complimentary techniques of CTEM, HREM, 

and 3DAP microscopy. 

 

• Needle-like P–type carbide precipitates were observed in all alloys, with 

their long axis aligned along the  [001] axis of the TiAl matrix phase.  Periodic 

domain boundaries, 5.2±0.8 nm apart, were observed within the carbides parallel 

to their long axis.  The distance between the domain boundaries is also found to be 

independent of carbide length.  Although a 2.1 at.% lattice misfit exists between 

the carbide and matrix phases, no misfit dislocations were observed along at least 

100 nm lengths of the heterophase interface.  Thus the internal domain structures 

of the precipitates are proposed to accommodate the lattice strains sufficiently 
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enough to counteract the formation of misfit dislocations at the carbide/matrix 

interface.     

 

• In a TiAl alloy aged for 24 hrs. at 800°C with a 1 at.% Mo microalloying 

addition, domain boundaries within the P–type carbides were found to have 

increased Al and Mo concentrations and decreased Ti concentrations relative to the 

remainder of the precipitate.  After aging for 48 hrs. at 800°C, the concentration 

fluctuations at domain boundaries had subsided. 

 

• Despite the tendency of C measurements to be underestimated for the 

case of carbides in steels, the compositions of the intermetallic P–type carbides 

revealed reproducible compositions confirming Tian et al.’s proposed 

stoichiometry Ti3AlC0.5. 

 

• 3DAP microscopy revealed Y to be the only microalloying element to 

partition preferentially to the P–type carbide phase.  Yttrium’s partitioning ratio 

4.6±2.5 (at.%/at.%), whereas all other microalloying elements reveal partitioning 

ratios < 1.0. 

 

• With the exception of Y, a trend of decreasing partitioning ratio is 

detected to correspond with increasing periodic table row (period) number, such 
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that the Cr microalloying addition (period 4) partitions weaker to the TiAl matrix 

phase than does the Ta microalloying addition (period 6). 

 

• 3DAP microscope analyses of the alloy with the W microalloying 

addition result in the detection of an H–type carbide, a P–type oxycarbide, and 

three binary Ti-rich carbides, all which contain oxygen concentrations rangeing 5 

to 15 at.%; whereas analyses of the alloys with microalloying additions Cr, Mo, Y, 

Zr, and Ta reveal only P–type carbides which contain oxygen concentrations of 

3 at.% or less.  Thus W has been shown to have an effect on both microstructural 

development of carbides and their oxygen concentrations. 

 

• Periphery concentration plateaus between 0.3 and 0.4 at.% are measured 

3 to 5 nm outside the P–type carbide precipitates. which are suggested to be due to 

the dilated TiAl matrix adjacent to the carbide phase.  
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Chapter 6 

 

Future work 

 

 With the introduction of the local-electrode atom-probe (LEAP) 

microscope, volumes of materials larger than 80x80x60 nm3 have been 

reconstructed with data collection rates upwards of 600 times greater than that of a 

conventional 3DAP microscope.  These outstanding capabilities may revolutionize 

how materials are presently analyzed by making possible the study of 

nanostructural features over greater length scales, in three dimensions.  3DAP 

microscopy is typically limited to studying materials with features smaller than 

this, i.e. requiring the high precipitate number densities (> 1022 nm–3) discussed in 

the previous chapters.  The ability to analyze volumes approaching 5x105 nm3 

make possible the analysis of myriad types of materials, of which the 

investigations of materials with lower precipitate number densities is one.   

In light of the above, it is suggested to collect carbide and matrix 

compositional data utilizing the LEAP microscope for the 96 hr. aging treatments, 

at 800°C, for the TiAlCCr and TiAlCMo alloys, Chapter 5.  Since two points on 

any plot (data derived from the 24 and 48 hr. aging treatments of the TiAlCCr and 

TiAlCMo alloys) do not determine necessarily a linear relationship. The additional 
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composition and partitioning ratio measurements from the 96 hr. aging time 

would reveal more completely the temporal evolution of the carbide precipitate 

compositions in these alloys. 

During the development of the prototype TiAl alloys, with the goal of 

increasing their creep resistance, larger number densities of precipitates along 

lamellar boundaries were found to be invaluable in achieving high temperature 

creep resistance (Chapter 4 and references therein).  Therefore, the continued 

investigation of prototype TiAl alloys would benefit from LEAP microscope 

analyses.  Since the alloys contain precipitates decorating the α2/γ lamellar 

boundaries, the LEAP microscope could be utilized to investigate the local 

compositions of the strengthening carbide and silicide precipitates. 

 

In view of field evaporation trajectory effects and local magnification that 

may introduce artifacts to three dimensional reconstructions, such as the metals 

and carbides elucidated in this thesis (Section 2.3), methods for achieving a greater 

understanding of field-evaporation effects are proposed.  Scripts for APEX or 

IVAS that can determine the isoconcentration surface orientation with respect to 

the analysis direction would facilitate correlating the parallel and perpendicular 

field-evaporation conditions (Section 2.3) with artifacts observed in three-

dimensional reconstructions.  In Section 2.3 I discuss examples of the case of 

parallel and perpendicular field-evaporation conditions.  Systematic results are, 
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however, needed to reveal the relationship between composition profiles, density 

profiles, and angles of the interface with respect to the direction of field 

evaporation, which may reveal the process by which two phases field-evaporate 

simultaneously from a specimen apex. 

The ‘holy grail’ concerning 3DAP or LEAP microscopies would be 

deciphering the root cause of catastrophic failures of specimens during their 

analysis.  From ample experience, failures occur more frequently during analyses 

of materials with phases of less metallic character, however the cause of these 

failures is not the material alone, because variables of tip geometry, pulse shape, 

and specimen temperature likewise play roles in the materials stability during field 

evaporation.  
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Appendix A. 

 

Site occupancy of Nb and Mo in TiAl alloys 

 

1. Introduction 

 

Atom-probe microscope analysis along ordered crystallographic directions 

are employed for measuring site preferences of the microalloying elements Mo and 

Nb.  Since the TiAl phase has the L10 structure, it has a characteristic layered 

structure along certain crystallographic directions.  Alternating Ti and Al planes 

occur along the  [001] direction, spaced by 0.204 nm, and along the {110} type 

crystallographic directions, albeit by a smaller distance, 0.142 nm. 

 

2. Alloys investigated 

 

Two alloys were investigated along their ordered  [001] crystallographic 

orientations to reveal the site occupancy of Nb and Mo.  The alloy containing Nb 

was provided and processed by Dr. F. Appel at the GKSS Research Center in 

Germany and has a nominal composition of Ti46.8Al45Nb8C0.2.  The alloy was 
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extruded to a 6:1 ratio at 1250°C followed by heat treatments at 1030°C for 2 

hours and 1330°C for 30 minutes and then air cooled to room temperature. 

The alloy containing Mo was processed at Northwestern University to 

obtain a nominal composition of Ti50Al48CMo.  The alloy was arc melted from 

99.9% Ti, 99.999% Al, 99.9% Mo, and 99.5% TiC (all concentration values are in 

at. %) in an argon atmosphere.  They were then homogenized at 1250°C for 

168 hrs. and quenched into an ice brine solution, followed by aging at 800°C for 

48 hrs. 

 

3. Experimental analysis 

 

Among the crystallographic directions visible in FIM, identified by circular 

rings of atoms that are poles, the brightest and most distinguished crystallographic 

pole is that corresponding to the  [001] direction.  The (002) planes of the TiAl 

(L10 structure) unit cell are ordered in alternating layers of 100% Ti and 100% Al.  

In combination with 3DAP microscope analyses, discussed below, it was 

determined by composition and density profiles that the brighter layer is Al and the 

dim layer is composed of Ti atoms, Fig. A.1.  It is noted that the {110} planes are 

also ordered, but they are identifiably different during FIM because the alternating 

bright and dim rings identifying the pole are significantly closer to one another, in 

agreement with the smaller d-spacings between the (110) planes.  The alternating 
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bright and dark rings are due to the different imaging gas ionization fields above 

each plane. 

 

Ti planes

Al planes

 
Figure A.1. Field-ion microscope image of a 001 pole revealing alternating bright 
and dark rings, corresponding to the alternating Al (bright) and Ti (dark) planes in 
the ordered TiAl structure. 
 

 

In addition to differences in intensity, under both steady state (DC) and 

pulsed (AC) field evaporation conditions, the alternating Ti and Al planes 

demonstrate different field evaporation rates.  In the TiAl alloy containing Mo, for 

example, with an applied specimen voltage of 12,581 Vdc at 1x10–5 Torr partial 

gauge pressure neon, one Al plane takes about 20 seconds to field evaporate, 

whereas the Ti plane closely follows the Al plane and field evaporates in six 
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seconds.  When the last Al atoms in the Al plane field evaporate, a quick 

succession of Ti atoms is observed indicating that the remainder of the Ti plane 

field evaporates shortly after the Al plane. 

 

4. Results and Discussion 

 

4.1. Molybdenum site occupancy in a TiAl alloy 

Figure A.2 exhibits a subsection of a three-dimensional reconstruction 

resulting from a 3DAP microscope analysis near the  [001] crystallographic 

direction of a TiAl specimen with a measured composition of Ti53.5Al44.7Mo1.8.  

Five planes are clearly resolved with Ti atoms exhibiting greater alignment in the 

lateral dimension of the reconstruction than the Al atoms, that is, the Al layers 

appear more diffuse.  The microalloying element, Mo, appears to be randomly 

scattered throughout the reconstruction.  The sequence of field evaporation 

indicated by the arrow is analogous to the direction of specimen apex recession 

during an analysis. 
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Figure A.2. A 3DAP microscope reconstruction of 3,835 atoms exhibiting five 

atomic planes after a 3DAP microscope analysis along the [001] crystallographic 

direction of the TiAl-phase.  The dimensions perpendicular to the sequence of field 

evaporation are 7 x 7 nm and the vertical dimension is dilated for clarity of the 

planes.  The sequence of field evaporation is from top to bottom. 
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To quantify the atomic locations, we utilize an analysis cylinder along the 

field evaporation direction (perpendicular to the planes) and measure densities of 

atoms along the cylinder axis with 0.07 nm bins.  The density profiles of the 

individual elements are displayed in Fig. A.3.  During the field evaporation of each 

plane, the Al atom density grows more gradually than the Ti atom density.  The Ti 

atoms exhibit high densities in relatively short bursts along the z-axis, which is 

parallel to the  [001] direction.  The dashed line indicates the peak Al density, 

which is consistently located just before the Ti peak density.  This indicates that 

the Al planes completely field evaporate before the Ti atoms in the layer of atoms 

below can field evaporate.  Once the Al atoms have field evaporated, Ti atoms 

experience a local electric field higher than is necessary for their field evaporation, 

most likely due to the fact that Ti has a lower evaporation field in this phase.  Thus 

all atoms in the Ti plane appear to field evaporate in close succession, resulting in 

the sharp Ti density peaks in Fig. A.3.  The density distribution of Mo atoms is 

comparatively uniform from this density profile representation, so we additionally 

utilize composition profiles. 
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Dilated Z dimension (arb. units)

Al

Ti

Mo

Sequence of Field Evaporation  
 

Figure A.3. Density profiles of the 3DAP microscope reconstruction along the 

sequence of field evaporation.  The five peaks correspond to atomic planes field 

evaporating from the surface of a specimen.  The vertical dashed lines indicate 

maximum Al densities, which consistently anticipate the maximum Ti densities. 
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Composition profiles were measured using the same cylindrical geometry 

as for the density profiles, with its long axis perpendicular to the reconstructed 

planes.  The cylinder was divided into 0.08 nm bins and the ratio of each element 

to the total number of elements in each bin is plotted in Fig. A.4.  Due to the small 

bin size, a moving average over the length of 3 bins was applied to reduce noise in 

the profile.  The clear alternation of Ti and Al concentrations unambiguously 

displays the  [001] crystallographic ordering in the TiAl phase.  The dashed lines 

designate the onset of increased Mo concentrations, which follow closely the onset 

of increased Al concentrations.  The Ti peak concentration, corresponding to the 

burst of Ti atoms, shows that the Ti atomic layer has already field evaporated by 

the time the Mo concentration rises.  Thus, it can be concluded that Mo resides 

preferentially on the Al sublattice.   
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Figure A.4. Composition profile along the [001] crystallographic direction of a 

TiAl alloy containing Mo.  The dashed lines indicate the onset of increased Mo 

concentrations. 
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Another common representation of atom probe data is the integral profile, 

which is displayed in Fig. A.5.  All atoms are plotted with respect to the total 

number of majority atoms (Ti+Al atoms in this case).  This representation shows 

that Ti and Al display opposite concavities per plane (indicated by the vertical 

dashed lines).  The cumulative number of Ti atoms is concave up, while the 

cumulative number of Al atoms is concave down.  Molybdenum atoms clearly 

echo the concave down character of Al.  This representation again shows the 

correlation between Al and Mo atoms and that they field evaporate from the same 

plane within the structure. 
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Figure A.5. Integral concentration profile displaying the individual atomic events 

during the 3DAP microscope analysis along the [001] crystallographic direction.  

The cumulative number of atoms are plotted vs. total Al+Ti atoms and the vertical 

dashed lines indicate the repetitive nature of the planes.  The mirrored 

characteristic of Al (concave down) and Ti (concave up) is indicative of 

alternating planes.  The cumulative number of Mo atoms is plotted on the right 

ordinate.    

 

 

4.2. Niobium site occupancy in TiAl 

A similar analysis was performed on the alloy containing Nb, with 

measured composition Ti44Al48Nb8C0.1.  We display an integral atom profile in 

Fig. A.6 for more than 15 planes.  The integral profile clearly displays the planar 
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structure when the abscissa is the cumulative number of Al atoms, so that the 

detection of Ti and Nb atoms are plotted against that of the detection of Al atoms.  

A horizontal segment in the profile implies that Al atoms are evaporating, whereas 

vertical segments indicate that Ti or Nb atoms are evaporating.  Figure A.6 shows 

that Ti and Nb atoms are concomitantly increasing in number (the vertical dotted 

lines are to guide the eye).  Therefore, we conclude that Nb resides preferentially 

in the Ti planes for this Ti44Al48Nb8C0.1 alloy. 
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Figure A.6. Integral concentration profiles for the number of Ti atoms versus the 

number of Al atoms, and the number of Nb atoms versus the number of Al atoms.  

Vertical dotted lines are to guide the eye displaying the concomitant field 

evaporation of Ti and Nb atoms. 

 

 

Site occupancy of Nb in the Ti sublattice in TiAl has been determined 

previously by the ALCHEMI method[136], which involves an extensive 

deconvolution procedure and hence is complicated compared to using 3DAP 

microscope.  In conclusion we have confirmed that Nb resides in the Ti lattice by 

imaging directly the alloy lattice using 3DAP microscopy. 
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4.3. Comment on site occupations in TiAl alloys 

The field-evaporation characteristics of individual Ti and Al layers along 

the [001] direction in the TiAl-phase demonstrates that the behavior of elemental 

specimens (Ti or Al in this case) are not suitable to compare with, or model, the 

field-evaporation characteristics of intermetallics.  FIM observations show that the 

dim Ti layers field evaporate in ca. 1/3 the time it takes the bright Al layers to 

field-evaporate at the same applied dc voltage.  This implies that Ti requires a 

lower evaporation field than does Al.  Lefebvre et al. have claimed contrarily, that 

the Ti layers are the highest field evaporation species along the  [001] direction in 

a Ti–48 at.% Al alloy.[137]  For pure Ti and Al specimens, the evaporation fields 

are calculated to be 26 and 19 V nm-1, respectively, for the most common charge 

states (doubly and singly charged Ti and Al ions).[45]  This implies that for pure 

Al or Ti specimens, with the same applied specimen voltage and same average tip 

radius, the Al atoms should field evaporate at a higher rate than the Ti atoms.  Our 

FIM observations and 3DAP microscope analyses demonstrate the opposite 

behavior: that is, the Ti atoms field evaporate at a higher rate than Al atoms along 

the  [001] direction. 

Site occupancy in TiAl is frequently dependent on the Ti:Al ratio,[138] 

which we also demonstrate in this work.  Woodward et al.[139] calculated the 

dependence of site occupancy on the Ti:Al ratio for many microalloying elements 
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in TiAl, where they concluded that the site occupancy of Mo shows a strong 

dependence on Al concentration.  We confirm experimentally Woodward et al.’s 

theoretical prediction for our TiAl alloy; for an Al concentration of 44.5 at.%, the 

Mo preferentially resides on the Al sublattice.  Niobium, however, substitutes 

exclusively on the Ti sublattice, independent of the Ti:Al ratio, which has been 

confirmed using the ALCHEMI method.[140]  Employing 3DAP microscopy we 

have demonstrated that Nb resides in the Ti sublattice, even when the Ti:Al ratio is 

less than unity (0.92 in our alloy). 

 

5. Conclusions 

 

It is possible to determine unambiguously the site occupancy for 

microalloying elements in TiAl alloys employing 3DAP microscopy.  

Molybdenum is demonstrated to reside in the Al sublattice for an alloy with the 

composition Ti53.5Al44.7Mo1.8
, and Nb resides in the Ti sublattice for an alloy with 

the composition Ti44Al48Nb8C0.1. 
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