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Abstract
It is known that Zr and Yb partition to the Al3Sc precipitates created during aging when microalloyed separately in dilute binary Al–
Sc alloys. Addition of Zr delays precipitate coarsening, thereby improving the coarsening resistance of the ternary Al-Sc-Zr alloys. Addition of Yb increases the resistance against dislocation climb, thereby improving the creep resistances of the ternary Al-Sc-Yb alloys. A
combination of microhardness, creep, and atom probe tomography measurements provide evidence that these eﬀects of Zr and Yb additions are cumulative in quaternary dilute Al–Sc–Yb–Zr alloys: Yb increases their creep resistance at 300 °C compared with ternary Al–
Sc–Zr alloys and Zr improves their coarsening resistance at 300 °C compared with ternary Al–Sc–Yb alloys. Additionally, excellent
coarsening resistance is observed at 350 and 375 °C.
Ó 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Small additions of scandium to aluminum (below the
maximum solubility limit of 0.23 at.% Sc at the eutectic
temperature) result, upon aging, in the formation of nanoscale coherent Al3Sc precipitates with L12 structure, which
remain coarsening resistant up to 300 °C [1–8]. When cast
to produce coarse, millimeter diameter grains and aged to
form nanoscale Al3Sc precipitates, binary Al–Sc alloys
exhibit good creep resistance as a result of precipitation
strengthening up to 300 °C, above which rapid coarsening of the Al3Sc precipitates occurs [9,10]. Increasing the
coarsening resistance of the precipitates with additional
alloying elements results in improved long-term creep resistance for this alloy and/or higher creep temperatures.
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Microalloying binary Al–Sc alloys with elements with
small diﬀusivities in Al (in particular Ti [11], Zr [12] and/
or Hf [13]) leads to slower coarsening kinetics of the Al3Sc
precipitates. In the extensively studied Al–Sc–Zr system, Zr
partitions to the Al3Sc precipitates forming coarseningresistant Al3(Sc1xZrx) precipitates [12,14,15], which retain
their L12 structure. While up to half of the Sc atoms can be
replaced by Zr atoms [16,17], the Zr concentrations in the
precipitates of Al–Sc–Zr alloys are, however, smaller than
this maximum value, x = 0.5 [12,18–20], as a result of the
small diﬀusivity of Zr in Al [21]. Several experimental studies have demonstrated that Zr segregates at the a-Al/Al3Sc
heterophase interface, forming a Zr-enriched Al3(Sc1xZrx)
outer shell [13–15,18,22–24]. Furthermore, lattice kinetic
Monte Carlo simulations indicate that the formation of
this shell is due to the large disparity in diﬀusivities between
Sc and Zr [25].
Rare earth (RE) elements are attractive ternary additions
to Al–Sc alloys for many reasons. First, many RE elements
substitute for Sc in Al3Sc(L12) precipitates forming
Al3(Sc1xREx) (L12) with high RE solubility, thereby replac-
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ing the more expensive Sc [26–28]. Secondly, RE elements
have diﬀusivities in Al [29,30] that are signiﬁcantly greater
than those of Zr or Ti [31], so that RE atoms are incorporated
into Al3Sc(L12) precipitates more rapidly than Zr or Ti
atoms. Thirdly, unlike Ti or Zr [17], RE elements increase
the lattice parameter mismatch between a-Al(fcc) and
Al3(Sc1xREx) (L12) [26,27], which can increase the creep
resistance of an alloy by increasing dislocation–precipitate
elastic interactions [32]. Speciﬁcally, replacing some of the
Sc with Yb or Gd [33,34] and Y, Dy or Er [35] results in
improved creep resistance. Neither peak microhardness
nor coarsening resistance are, however, aﬀected [36,37].
Herein we report on the microstructural temporal evolution and creep properties of binary Al–Sc alloys microalloyed with both Yb (used to improve creep resistance)
and Zr (added to enhance coarsening resistance). The interactions among the alloying elements and the resulting
mechanical properties are reported and discussed.
2. Experimental procedures
Two microalloying compositions were chosen to maximize the probability that the alloys were in the single aAl(fcc) phase ﬁeld during homogenization, permitting complete homogenization. Each alloy was produced by diluting
small quantities of Al–1.2 at.% Sc (Ashurst), Al–0.17 at.%
Yb (Stanford Materials), and Al–2.96 at.% Zr (Alcoa) master alloys in 99.99% pure Al. The compositions of the alloys
are Al–0.07Sc–0.02Yb–0.004Zr and Al–0.06Sc–0.02Yb–
0.02Zr (at.%), with impurity concentrations of
22 ± 3 at. p.p.m. iron and 38 ± 5 at. p.p.m. silicon, as veriﬁed by direct coupled plasma mass spectroscopy performed by Wah Chang (Albany, OR). Hereafter all
concentrations are expressed as atomic percentages (at.%)
or atomic parts per million (at. p.p.m.) and these alloys
are referred to as the low Zr and high Zr alloys. They were
melted in an alumina crucible in a resistively heated furnace
at 750 °C in air. After thorough stirring, the melt was cast
into a graphite mold resting on a large copper platen.
Homogenization was performed at 640 °C for 72 h in air
and terminated by water quenching to room temperature.
Aging was performed in air at 300, 350 or 375 °C and terminated by water quenching.
Vickers microhardness measurements were performed at
room temperature using a 200 g load for 10 s on aged samples, which were mounted in acrylic and ground to a 1 lm
surface ﬁnish. Ten measurements were performed on each
sample. Compression creep tests were performed in air
on specimens, 8 mm diameter and 16 mm length aged for
96 h at 300 °C, using a nickel-based superalloy compression cage lubricated with a boron nitride coating to minimize friction between the cage and the sample. The
displacement was measured with a linear variable diﬀerential transducer connected to an extensometer. Prior to testing the creep samples were soaked at the testing
temperature for 2 h to ensure a uniform temperature. During testing suﬃcient time was allowed to reach a minimum

strain rate for each successively higher load applied to the
sample. The creep experiments were terminated when a
sample achieved an engineering strain of 10%. No sample
was crept for more than 10 days to ensure that the precipitates did not coarsen signiﬁcantly during the test.
Sample blanks for local electrode atom probe (LEAP)
tomography were produced by mechanically grinding the
material to a square cross-section of 300  300 lm2. An
atomically sharp microtip was then created by electropolishing: initial polishing was performed with a solution of
10 vol.% perchloric acid in acetic acid, while ﬁnal polishing
was performed with a solution of 2 vol.% perchloric acid in
butoxyethanol. LEAP tomography was performed at a
specimen temperature of 30 K using a LEAP 3000 (Cameca, (formerly Imago Scientiﬁc Instruments) Madison, WI)
[38] operated in voltage pulsing mode at a pulse repetition
rate of 200 kHz and a 20% pulse fraction (ratio of pulse
voltage to the steady-state dc voltage). Proximity histogram plots (proxigrams for short) [39] were calculated
employing the APEX [40] or IVAS (Cameca) software programs, using an isoconcentration surface of 9 at.% Sc, corresponding to the inﬂection point in the Sc concentration
proﬁle. The average precipitate composition was determined by counting the number of atoms in the precipitates
using a cluster search algorithm (IVAS).
3. Results
3.1. Microhardness evolution upon aging at 300 °C
The Vickers microhardness exhibits a signiﬁcantly
longer incubation time upon aging at 300 °C for both quaternary Al–Sc–Yb–Zr alloys (Fig. 1), compared with a

Fig. 1. Vickers microhardness versus aging time at 300 °C for the two
quaternary Al–Sc–Yb–Zr alloys with low Zr and high Zr concentrations.
Also plotted for comparison are the aging responses of ternary alloys
without Zr (Al–0.06Sc–0.02Yb [34,36]) and without Yb (Al–0.06Sc–
0.005Zr [52]).
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ternary Al–0.06Sc–0.02Yb alloy containing no Zr (hereafter referred to as Al–Sc–Yb) studied earlier [36]. The low
Zr quaternary alloy required a shorter incubation time
compared with the high Zr alloy (<5 min versus
15 min). For the latter alloy the microhardness increased
by only 20 MPa after 15 min aging, while for the low Zr
alloy the microhardness increased by 40 MPa after aging
for 5 min. Both quaternary Al–Sc–Yb–Zr alloys required
an incubation time shorter than a ternary Al–0.06Sc–
0.005Zr alloy without Yb (Fig. 1, from data reported in
van Dalen et al. [34]), which only exhibited signiﬁcant
hardening after aging for 30–60 min.
For both Al–Sc–Yb–Zr alloys there was only one rapid
increase in microhardness, between 15 and 60 min. In contrast, the Al–Sc–Yb alloy exhibited a distinct plateau in
microhardness between the ﬁrst and second rapid increases
in microhardness, which is attributed to the initial precipitation of Yb-rich Al3(Yb1xScx) precipitates, followed by a
second precipitation stage of Sc-rich Al3(Sc1xYbx) precipitates, as Sc diﬀuses into the Yb-rich precipitates [34].
Additionally, both Al–Sc–Yb–Zr alloys retained their
microhardness values for up to 64 days of aging at
300 °C, unlike the ternary Al–Sc–Yb alloy, which begins
to lose its microhardness after 96 h.
3.2. Microstructure evolution upon aging at 300 °C
In the homogenized unaged state there were no precipitates visible in the three-dimensional (3-D) LEAP tomographic reconstruction for either of the Al–Sc–Yb–Zr
alloys. After 15 min aging there was, however, evidence that
precipitation was occurring in both Al–Sc–Yb–Zr alloys, as
demonstrated in Fig. 2 for the low Zr alloy, which exhibited
precipitates with an average radius hRi of 0.67 ± 0.19 nm.
The largest precipitate in the dataset has a maximum value
Rmax of 1.32 nm. The high Zr alloy contained smaller precipitates:
after
15 min
hRi = 0.56 ± 0.08 nm
and
Rmax = 0.82 nm. These quantities were determined using
the envelope method [41,42]. The precipitate size distributions for the Zr-containing alloys, including sub-critical precipitates, are displayed in Fig. 3.
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The Yb/(Yb + Sc) ratio of atomic concentrations in the
0
0
0
precipitates (C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞ)), where a0 refers to
the L12 structure precipitate phase, is displayed after
15 min aging in Fig. 4a and b. There is a wide range of
0
0
0
values of C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞ) for individual precipitates. The average value for the ratio is 0.37 ± 0.26 for
the low Zr alloy and 0.46 ± 0.23 for the high Zr alloy.
0
0
0
These values are greater than C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ
based on the overall alloy compositions, which are
0.22
and
0.25,
respectively.
For
comparison,
0
0
0
C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ is displayed for the ternary
Al–Sc–Yb alloy (Fig. 4c), which has a larger ratio of
0.56 ± 0.25 than either of the two Zr-containing quaternary alloys [33]. Furthermore, the Al–Sc–Yb alloy also
has a higher maximum precipitate radius Rmax of 2.6 nm.
After 1 h aging the average precipitate radius has
increased to hRi = 0.81 ± 0.38 nm for the low Zr alloy
and hRi = 0.92 ± 0.61 nm for the high Zr alloy. Fig. 5a
and b exhibits a clear trend of decreasing values of
0
0
0
C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ with increasing values of hRi.
For precipitates with R < 0.75 nm most of the precipitates
0
0
0
have values of C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ greater than for
the overall alloy composition, although there is signiﬁcant
scatter. In contrast, precipitates with R > 1 nm always exhi0
0
0
bit a smaller value of C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ than the
overall alloy ratio. Fig. 6 shows the fraction of solute
(Yb + Sc) that has precipitated after 15 min and 1 h aging.
Slower precipitation kinetics are observed with Zr-containing alloys: after 1 h the fraction of the total (Yb + Sc) solute precipitated is signiﬁcantly smaller for the Zrcontaining alloys than for the Zr-free Al–Sc–Yb alloy
(50% vs. 70%) (Fig. 6).
Fig. 7 shows the proxigram for the high Zr alloy after the
longest aging time (1536 h or 64 day), where the concentrations of Sc, Yb and Zr are plotted as a function of distance
from the a-Al/Al3(Yb1xyScxZry) interface. While there is
a nearly uniform distribution of Yb and Sc in the precipitates, Zr is segregated at the a-Al/Al3(Yb1xyScxZry) heterophase interface. The concentration of Sc + Yb + Zr
sums to >25% due, most probably, to ﬁeld evaporation differences between the elements [43–45].
3.3. Partial radial distribution functions after aging at
300 °C
The partial radial distribution functions (RDF) [46,47]
for interactions among each of the elements were measured
to shed light on the mechanism causing the increased incubation time required for precipitation in the presence of Zr
(Fig. 1). The standard deﬁnition of a RDF [48] at a given
radial distance is deﬁned as the average concentration of
component i around a given solute species X, when
summed over all of the atoms of type X, by:

Fig. 2. Three-dimensional reconstruction of a LEAP tomographic data
set (2.6 million atoms) for the low Zr alloy after 15 min aging at 300 °C
showing precipitates with average radius hRi = 0.67 ± 0.19 nm: (a) Sc
atoms; (b) Yb atoms.

RDF ¼

NX
hC Xi ðrÞi
1 X
N ki ðrÞ
¼
C oi
C oi k¼1 N ktot ðrÞ

ð1Þ
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Fig. 3. Precipitate size distributions (PSD) for aging at 300 °C: (a) high Zr alloy, 15 min (119 precipitates); (b) low Zr alloy, 15 min (138 precipitates); (c)
high Zr alloy, 1 h (273 precipitates); (d) low Zr alloy, 1 h (65 precipitates).

where C oi is the overall concentration of element i in the alloy, C Xi ðrÞ is the concentration of component i at a distance
r from component X, N ktot ðrÞ is the total number of atoms in
the shell at a distance r from the kth atom of type X, and
N ki ðrÞ is the number of atoms of type i in the shell at a distance r from the kth atom of type X. An advantage of performing a partial RDF analysis using 3-D LEAP
tomography is that the analysis is performed in direct
space, whereas (X-ray or neutron) scattering experiments
are performed in reciprocal space, so the results need to
be deconvoluted. Only the partial RDF data for
r P 0.2 nm are presented as the physical interpretation at
smaller r is diﬃcult due to possible ion trajectory eﬀects
[49,50]. RDF values of unity describe perfectly random distributions, while values that diﬀer from unity describe clustering or ordering. The absolute magnitude of these
processes can be compared with the partial RDF amplitude
(A = [partial RDF(r)  1]), where A > 0 indicates a greater
concentration than the overall concentration (positive correlation) and A < 0 implies a smaller one (negative
correlation).
Partial RDF are presented in Figs. 8–10, and were determined employing all solute atoms in the dataset of the two
quaternary alloys. No precipitates are visible in the asquenched state in either alloy, thus all of the solute atoms
are in the a-Al matrix. A partial RDF for the high Zr alloy
after 15 min aging is presented for comparison. There are
some precipitates visible after 15 min in this alloy, so the
partial RDF is a convolution of the atoms in the a-Al
matrix as well as atoms in the precipitates. A partial
RDF at this aging time will still display the eﬀect of atomic

interactions, compared with the as-quenched state. A study
of Ni–Cr–Al alloys [46], performed for longer aging times
(>64 h), obtained values systematically greater than unity,
rather than oscillations about unity. This was attributed
to precipitation at the longer aging times.
For the high Zr alloy values greater than unity are
observed for the partial Yb–Zr and Zr–Yb RDF for distances <1 nm, both in the as-quenched state and after
15 min of aging (Fig. 8a). After 15 min of aging the maximum value, which is at the ﬁrst nearest neighbor (NN) distance, is 1.75 (i.e. 1.75 times the average concentration in
the alloy). In the low Zr alloy in the as-quenched state there
are peaks between the second and third NN distances
(Fig. 9a). The interaction between Yb and Zr is, however,
less obvious than in the high Zr alloy (Fig. 8a).
The partial Yb–Yb RDF demonstrates that in the asquenched state the high Zr alloy has values greater than
unity (Fig. 10b), indicating that some clustering has
occurred. After 15 min aging Yb is involved in forming
Al3(Yb1xScx) precipitates, which is reﬂected in values
exceeding 10 for the partial RDF (Fig. 10b). There are also
large values for the Yb–Yb partial RDF of the low Zr alloy
in the unaged state (Fig. 10a), with a peak value of 17,
indicative of a strong interaction among the Yb atoms in
the unaged state.
The Zr–Zr partial RDF for the high Zr alloy in the
unaged state has values that remain close to unity, ranging
from 0.9 to 1.4 (Fig. 8b). There is no signiﬁcant change
after aging for 15 min, with the maximum value being
1.7. The probable reason for this lack of measurable clustering of Zr atoms is its very small diﬀusivity in Al [21].
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Fig. 5. The atomic concentration ratio C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ versus
the precipitate radius R for individual precipitates after aging for 1 h at
300 °C: (a) high Zr alloy; (b) low Zr alloy.

0

0

0

Fig. 4. The atomic concentration ratio C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ versus
the precipitate radius R for individual precipitates after aging for 15 min at
300 °C: (a) high Zr quaternary alloy; (b) low Zr quaternary alloy; (c) Zrfree Al–0.06Sc–0.02Yb ternary alloy [34].

The low Zr alloy exhibits similar results for the unaged
state (Fig. 9b). The range of partial RDF values ﬂuctuates
more strongly than for the high Zr alloy because there are
fewer Zr atoms, and the partial RDF is a measure of the
ratio of the number of atoms. The errors and the signiﬁcance of the peaks in partial RDF were discussed in van
Dalen [33].
In the unaged state of the high Zr alloy there is an
attractive interaction between Sc and Yb atoms, but no

Fig. 6. Percentage of solute (Yb + Sc) precipitated after 15 min and 1 h
aging at 300 °C as a function of Zr concentration. The data for Zr-free Al–
0.06Sc–0.02Yb are from van Dalen et al. [34].

clear indication of interactions between Sc and Zr atoms
(Fig. 8c). While the Sc–Sc partial RDF does not increase
much above unity (Fig. 8c), there is a strong repulsive
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the presence of the Al3(Yb1xScx) and Al3(Sc1xYbx) precipitates. The Sc–Zr partial RDF after aging for 15 min
remains, however, close to unity. Again, these results for
the samples measured after aging represent a convolution
of atoms in the precipitates and the a-Al matrix and, hence,
are more diﬃcult to interpret compared with the case
where no precipitates are present.
Finally, the low Zr alloy in the unaged state exhibits the
same repulsive interaction between Sc atoms in the Sc–Sc
partial RDF (Fig. 9c). Similarly to the high Zr alloy, little
interaction is observed between the Zr and Sc atoms in the
unaged state. There is, however, considerable interaction
between the Sc and Yb atoms, with partial RDF peaks
exceeding 3.
Fig. 7. Proxigram of high Zr alloy after aging for 1536 h at 300 °C,
displaying the Sc, Yb and Zr concentrations in the a-Al matrix and
precipitates as a function of distance from the matrix/precipitate interface,
deﬁned as the a 9 at.% Sc isoconcentration surface.

interaction at the ﬁrst NN distance and an attractive interaction at the second NN distance, possibly indicating
short-range order. For comparison, after 15 min aging
there are very clear Sc–Sc and Sc–Yb interactions
(Fig. 8d), with the maximum values of the partial RDF
peaks being 2.7 and 4, respectively. This is anticipated from

3.4. Coarsening resistance at 300, 350 and 375 °C
The average precipitate radius hRi and number density
Nv are plotted in Figs. 11 and 12 for both alloys up to an
aging time of 1536 h (64 days) at 300 °C. Within experimental error hRi and Nv have equal values for the two
alloys. The quasi-stationary coarsening behavior of ternary
alloys is described by [51]:
3

3

hRðtÞi  hRðto Þi ¼ K KV ðt  to Þ

ð2Þ

Fig. 8. Partial radial distribution functions (RDF) for the high Zr alloy: (a) Yb–Zr and Zr–Yb in the as-quenched state and after 15 min aging; (b) Zr–Zr
in the as-quenched state and after 15 min aging at 300 °C; (c) Sc–Yb, Sc–Sc and Sc–Zr in the quenched state; (d) Sc–Yb, Sc–Sc and Sc–Zr after 15 min
aging at 300 °C.
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Fig. 10. Partial radial distribution functions (RDFs) for Yb–Yb for the
as-quenched state: (a) low Zr; (b) high Zr alloys. (Also including curve for
15 min of aging.)

Fig. 9. Partial radial distribution functions (RDFs) for the low Zr alloy in
the as-quenched state: (a) Zr–Yb and Yb–Zr; (b) Zr–Zr; (c) all Sc partial
RDFs.

1
N ðtÞ1
V  N ðt o ÞVo ﬃ 4:74

K KV
ðt  to Þ
/eq

DC ai ¼ hC a;ff
ðtÞi  C a;eq
ð1Þ ¼ jai;KV t1=3
i
i

ð3Þ
ð4Þ

where KKV and jai;kV are the coarsening rate constants for
precipitate radius, hR(t)i, and matrix supersaturation,

Fig. 11. Average precipitate radius hRi versus aging time at 300 °C for low
Zr and high Zr alloys. The lines connecting the data points were used to
calculate the coarsening rate constants.
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Fig. 12. Number density of precipitates Nv versus aging time at 300 °C for
the low Zr and high Zr quaternary alloys, compared with a Zr-free ternary
Al–0.06Sc–0.02Yb alloy [34].

DC ai ðtÞ, respectively and t0 is the onset of quasi-stationary
coarsening, i.e. the time at which the volume fraction of
precipitates u is asymptotically approaching a constant value /eq. The matrix supersaturation DC ai ðtÞ is the diﬀerence
between the concentration in the far ﬁeld a-Al matrix
hC a;ff
ðtÞi and the equilibrium a-matrix solute solubility
i
C a;eq
ð1Þ.
i
The time exponents for the evolution of hR(t)i at 300 °C
(Fig. 11) are calculated using a multiple regression analysis
(Eq. (2)) to be 0.02 ± 0.04 for the low Zr alloy and
0.07 ± 0.01 for the high Zr alloy, compared with the higher
value of 0.18 ± 0.03 for the ternary Al–Sc–Yb alloy [34].
The time exponents are smaller than the 1/3 model value,
indicating that coarsening is occurring at a rate slower than
the diﬀusion-limited rate and a quasi-stationary state has
not been achieved. These values may, however, not be very
useful because as a rule of thumb hR(t)i must increase by a
factor of 10 to obtain a meaningful value for the exponents.
This would, however, require too long a time for practical
laboratory studies at 300 °C. For the evolution of Nv at
300 °C the measured time exponent is 0.18 ± 0.01 for
the low Zr alloy and 0.17 ± 0.07 for the high Zr alloy
(Fig. 12). These values are also smaller than the value of
0.84 ± 0.05 measured previously for the ternary Al–Sc–
Yb alloy [34] and are signiﬁcantly less than the quasi-stationary state coarsening model value of –1.
Due to the excellent microhardness retention by both
alloys upon aging at 300 °C (Fig. 1) resulting from the
strong coarsening resistance of the precipitates (Figs. 11
and 12), the evolution of microhardness was measured
for aging at 350 and 375 °C (Fig. 13). As expected, the peak
microhardness values decrease with increasing aging temperature. Once the peak microhardness value is achieved
it remains constant up to the longest aging times studied:
96 h at 350 and 375 °C and 1536 h at 300 °C. A similar
trend was observed for an Al–0.07Sc–0.02Zr alloy [52],

Fig. 13. Vickers microhardness versus aging time at 300, 350 and 375 °C
for the low Zr and high Zr alloys. Also plotted for comparison are the
aging responses of the Yb-free ternary alloy (Al–0.06Sc–0.005Zr [52]) at
350 and 375 °C.

but with smaller peak microhardness values at 350 and
375 °C (Fig. 13). In contrast, for a comparable ternary
Al–Sc–Yb alloy without Zr addition the microhardness
was noticeably less, 150 MPa, than the peak microhardness
after aging for 96 h at 350 °C [34].
3.5. Creep properties at 300 °C
The minimum strain rate e_ is plotted as a function of
compressive stress r in Fig. 14 for the two quaternary
alloys and the two control ternary Al–Sc–Zr [52] and Al–
Sc–Yb [34] alloys with similar hRi values (Table 1). All
alloys exhibit a large apparent stress exponent, which is

Fig. 14. Double logarithmic plot of minimum strain rate versus applied
stress for peak aged alloys subjected to compressive creep at 300 °C.
Values of hRi are given for each alloy. The calculated threshold stresses
are indicated by arrows on the abscissa.
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Table 1
Creep threshold stresses at 300 °C and the corresponding average
precipitate radii hR(t)i for present quaternary Al–Sc–Yb–Zr alloys and
control Al–Sc–Zr [52] and Al–Sc–Yb alloys [33].
Alloy (at.%)

Threshold stress (rth) (MPa)

hR(t)i (nm)

Al–0.06Sc–0.02Yb–0.005Zr
Al–0.06Sc–0.02Yb–0.02Zr
Al–0.06Sc–0.02Yb
Al–0.07Sc–0.02Zr

16 ± 3
23 ± 9
25 ± 5
14 ± 1

2.7 ± 0.5
2.8 ± 0.3
2.9 ± 0.5
2.3 ± 0.1

indicative of a threshold stress rth, determined by plotting
_ vs. r according to:
e1=n


Q
n
ð5Þ
e_ ¼ Aðr  rth Þ exp 
Rg T
where A is the Dorn constant, r is the applied stress,
Q = 142 kJ mol1 is the activation energy of creep in pure
Al [53], n = 4.4 is the stress exponent of pure Al [53], and
Rg is the ideal gas constant. The threshold stresses of the
low and high Zr alloys are 16 ± 3 and 23 ± 9 MPa, with
the smaller threshold stress resulting from the smaller slope
(Fig. 14). The ternary Al–Sc–Yb and Al–Sc–Zr alloys exhibit threshold stresses of 25 ± 5 and 14 ± 1 MPa,
respectively.
4. Discussion
4.1. Precipitate nucleation at 300 °C
4.1.1. Partial radial distribution functions
Zirconium strongly aﬀects the diﬀusivity of Yb in Al,
since the precipitation kinetics in the quaternary Al–Sc–
Yb–Zr alloy are slower than in the Zr-free Al–Sc–Yb alloy
(Fig. 1). In a recent study on Al–Li–Sc alloys it was shown
that the coarsening of Al3(Li1xScx)L12 precipitates occurs
at a slower rate than that of Al3Li(L12) in Al–Li [54], which
exhibited larger Nv and smaller hRi values than in the Scfree Al–Li alloys. Additionally, Soisson and Martin [55]
employed lattice kinetic Monte Carlo (LKMC) simulations
to study the eﬀects of small concentrations, as small as
10 at. p.p.m., of generic ternary additions on the formation
of clusters. Even at these small concentrations the formation of atomic clusters can either be enhanced or suppressed, depending on the parameters describing the
interactions between the dilute alloying elements and
vacancies.
It is known that the addition of small concentrations of
microalloying elements or impurity atoms can greatly aﬀect
the precipitation kinetics of the other solute elements in Al
alloys. For example, when 0.1 at.% Si is added to an Al–
0.18 at.% Zr alloy there is a 60% increase in the microhardness and a simultaneous decrease in the incubation time for
precipitation, since the microhardness is increased in the
as-quenched state. This occurs because Si is incorporated
into the precipitates on the Al sublattice sites [56]. The
addition of 0.1 at.% Si to Al–Hf alloys [57] as well as
0.1 at.% Ag additions to Al–Cu–Mg alloys [58] lead to
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signiﬁcant increases in microhardness. In a study on a commercial 6111 aluminum alloy, the increase in strength upon
aging at 175 °C for 30 min following pre-aging at 79–
107 °C was 60–85 MPa, in contrast to a strength increase
of only 20–25 MPa in a sample that had not undergone
pre-aging [59]. This is attributed to the clustering of atoms
during pre-aging.
There is experimental evidence in diﬀerent alloy systems
for an eﬀect of the diﬀusivity of one element on another,
which gives rise to oﬀ-diagonal terms in the diﬀusion tensor: for example, Fe-, Cu- and Ni-based alloys [60–64]. Diffusivity in the presence of solute atoms has been modeled,
with a summary of the diﬀerent methods given by Nastar
[65]. In addition to the overall changes in the diﬀusive
ﬂuxes, the speciﬁc atomistic interactions between atoms
and their eﬀects on diﬀusion have been examined. For
example, Mao et al. demonstrated that clusters of Al (Al
n-mers) and Cr (Cr n-mers) diﬀuse faster in a Ni matrix,
up to pentamers, than an individual Al or Cr atom [64],
with Al–Al and Cr–Cr dimers diﬀusing at the fastest rate.
They attributed this behavior to attractive vacancy–solute
interactions at distances greater than the ﬁrst NN distance,
speciﬁcally, through the fourth NN.
Based on these prior results, the partial RDF results
shed light on the interactions among the alloying elements
in the Al–Sc–Yb–Zr alloys. The partial Yb–Zr and Zr–Yb
RDF (Fig. 8a) demonstrate that attractive interactions
exist between the Yb and Zr atoms in the as-quenched
state. In the low Zr alloy there is less of an interaction of
Yb with Zr atoms (Fig. 9a). This interaction with Zr atoms
in the unaged condition, could be one reason why the rate
of Yb precipitation decreases on addition of Zr to the Al–
Sc–Yb alloy, as Zr has a very small diﬀusivity in Al [21].
The likelihood that Zr is aﬀecting Yb diﬀusivity increases
if they are in close proximity to one other, i.e. within several NN distances. Beyond 4 NN distances the data are
more diﬃcult to interpret, due to experimental measurement uncertainties as well as decreased distances between
NN for larger NN distances. This is not expected to be a
serious problem because in metallic alloys the atomic interactions beyond the fourth NN are not anticipated to be
strong.
At the 15 min aging time ordered precipitates with the
L12 structure are present in the alloy. Since the Sc and
Yb atoms are located at the second NN distance in this
structure it is expected that the partial RDF of Sc–Sc,
Yb–Yb and Sc–Yb display a peak at the second NN distance and a value of less than unity at the ﬁrst NN distance.
This is not observed as the entire curve has values above
unity (not just delta functions at the actual positions). This
is due to positional errors in the RDF and to peak overlap.
Thus only positive correlations can be inferred, rather than
speciﬁc NN positions.
4.1.2. Zirconium clustering in the precipitates
The partial RDF results indicating that Zr interacts with
Yb in the as-quenched state imply that Zr is involved in the
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nucleation process. Deschamps et al. [66] suggested that the
nucleation of Al3Sc(L12) precipitates is catalyzed by the relatively immobile Zr atoms. Additionally, Fuller and Seidman [12] proposed that Al3(Sc1xZrx)(L12) precipitates in
dilute Al–Sc–Zr alloys nucleate on Sc–Sc, Zr–Zr or Sc–Zr
dimers or larger clusters. LKMC simulations of Al–Zr–Sc
alloys also demonstrate that there is a higher concentration
of Zr at the center of the precipitates, which was attributed
to Zr being present at the beginning of the precipitation
process, a thermodynamic eﬀect [24]. This is unlike the
Zr shell engulﬁng the precipitates, which was attributed
to the small diﬀusivity of Zr in Al, which is a kinetic eﬀect.
Thus if Zr has the same eﬀect on the formation of
Al3(Sc1–xYbx)(L12) precipitates as in the Al–Zr–Sc alloys
it should be present in the precipitates during the nucleation stage. The LEAP tomographic results demonstrate
that after 15 min aging very few precipitates contain a Zr
atom. In fact, for the high Zr alloy aged for 15 min none
of the 200 clusters and precipitates detected by the envelope method contain a Zr atom. After 1 h aging 8.5% contain a Zr atom. In the low Zr alloy 2.1% of the precipitates
contain a Zr atom after 15 min and 0% after 1 h aging.
Hence, it is unlikely that the main mechanism of precipitation in these Al–Sc–Yb–Zr alloys involves nucleation on Zr
atoms or Zr-containing clusters. Rather, the main eﬀect of
Zr seems to be to decrease the diﬀusivity of Yb. Due to the
small diﬀusivity of Zr in Al the root mean square (RMS)
diﬀusion distance of Zr is insuﬃcient for Zr atoms to reach
the precipitates after 1 h. The small Zr concentrations measured in the precipitates even after 1536 h aging, determined using proxigrams, is consistent with this
interpretation (Fig. 7).
4.2. Growth and coarsening
4.2.1. Yb/(Yb + Sc) ratio in precipitates created at 300 °C
For both quaternary alloys there is a wide range of precipitate concentrations after 15 min aging (Fig. 4a and b),
indicating that the Yb and Sc atoms co-precipitate.
Although there is a diﬀerence between the average value
0
0
0
of C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ in the two Zr-containing
alloys, they are more similar to each other than to the
Zr-free ternary Al–Sc–Yb alloy, which contains more Yb
in smaller precipitates as well as in some larger precipitates
0
0
0
(Fig. 4c): C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ is twice as large in the
Zr-free ternary Al–Sc–Yb alloy than in the Zr-containing
quaternary
alloys.
The
large
value
of
0
0
0
C aYb ðRÞ=ðC aYb ðRÞ þ C aSc ðRÞÞ for Al–Sc–Yb is because after
15 min aging over 90% of the Yb atoms had precipitated.
Slower precipitation kinetics are observed with Zr-containing alloys: the fraction of the total (Yb + Sc) solute precipitated is smaller by almost one-third for the Zr-containing
alloys than for the Zr-free Al–Sc–Yb alloy (Fig. 6).
Simultaneous co-precipitation of Yb and Sc may be one
reason for the uniform spatial distribution of Yb and Sc in
the precipitates (Fig. 7), the other reason being homogenization within the precipitate. The Yb-rich core/Sc-rich shell

structure observed in Al3(Sc1xYbx) precipitates in ternary
Al–Sc–Yb alloys [34,67] is absent in the quaternary alloys.
Furthermore, the two stage precipitation process displayed
by the Al–Sc–Yb alloy appears to be nonexistent in the Zrcontaining quaternary alloys, as there is only one stage of
rapid increase in microhardness (Fig. 1). Finally, it is
apparent that Zr segregates at the matrix/precipitate interface at longer aging times (Fig. 7), in agreement with the
APT observations for Al–Sc–Zr alloys [23] discussed
above, which is a kinetic eﬀect due to the small diﬀusivity
of Zr in Al. The Zr interfacial excess at the matrix/precipitate interface may, however, be a result of local thermodynamic equilibrium.
4.2.2. Precipitate size distributions and nucleation currents
upon aging at 300 °C
After 1 h aging the precipitate size distribution (PSD) is
bi-modal in the high Zr alloy (Fig. 3c): sub-critical precipitates (i.e. embryos) exist below a critical radius, R, while
for R > R precipitates are present. R lies at the trough
between the two peaks of PSD, and its value is estimated
from Fig. 3c to be R  1 nm, which is similar to the value
found in Ni–Al alloys by Xiao and Haasen [68]. For the
low Zr alloy a bi-modal PSD of precipitates is not evident
(Fig. 3d), since there are only a few precipitates with
R > 1 nm. The quantity Nv (Fig. 12) is calculated using
R = 1 nm for both alloys, resulting in similar values of
Nv for the two Zr-containing alloys, as well as the Al–Sc–
Yb alloy.
After a shorter 15 min aging time there are only precipitates with R < 1 nm in the high Zr alloy (Fig. 3a), while the
low Zr alloy shows only a few precipitates with R > 1 nm
(Fig. 3b). Since there are only small precipitates, a bimodal distribution is not observed, and an R value cannot
be estimated for the 15 min aging time.
The nucleation currents, estimated from the increase in
Nv values from the unaged condition through the 1 h aging
time, were 2.8  1019 m3 s1 and 2.4  1019 m3 s1 for
the low and high Zr alloys, respectively. These are smaller
than the value of 1.9  1020 m3 s1 measured for the Zrfree Al–Sc–Yb alloy [34]. The nucleation currents for the
quaternary Al–Sc–Yb–Zr alloys are, however, greater than
those measured employing transmission electron microscopy in an Al–0.11 at.% Sc alloy [2], for which values of
9  1018 and 1.01  1019 m3 s1 were measured at 288
and 343 °C. This implies that a very small solute concentration of Zr has a strong eﬀect on the nucleation current.
4.2.3. Coarsening model applicability
The time exponents for hR(t)i are smaller than the 1/3
model value, indicating that coarsening is occurring at a
rate slower than the diﬀusion-limited rate and a quasi-stationary state has not been achieved, as assumed in the
model. These values may, however, not be very useful since
a practical rule of thumb states that hR(t)i must increase by
a factor of 10 to obtain a meaningful value of the exponent.
This would, however, require too long a time for practical
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laboratory studies at 300 °C. Additionally, this model was
developed for a ternary model and herein we are examining
a quaternary alloy, whose precipitation is quite complex.
Thirdly, while our alloys are quite dilute, they are not ideal
solid solutions.
4.2.4. Aging at 350 and 375 °C
In Section 3.4 we reported that quaternary Al–Sc–Yb–
Zr alloys have slow coarsening kinetics at 300 °C with temporal exponents and coarsening constants smaller than Zrfree Al–Sc–Yb alloys. Furthermore, at higher temperatures
the quaternary alloys exhibit fairly constant values of Vickers microhardness upon aging at 350 or 375 °C (Fig. 13),
indicating that once the precipitates form they grow and
coarsen slowly. Both the low and high Zr alloys have similar microhardness values for the same aging treatment,
conﬁrming that only a small concentration of Zr
(<50 at. p.p.m.) is suﬃcient to markedly improve the coarsening resistance of Al3Sc precipitates.
Similar to the Al–Sc–Zr alloys [52] (C.B. Fuller, personal communication, 2002), the Al–Sc–Yb–Zr alloys
retain their peak microhardness values for aging times of
several hundred hours. Similar additions of 200 at. p.p.m.
Zr to Al–0.07 Sc signiﬁcantly improved the coarsening
resistance [12]. The quaternary alloys have somewhat larger microhardness values at a given temperature than the
Al–Sc–Zr alloy, for example 375 versus 500 MPa peak
microhardness at 350 °C, which could be the result of differences in the precipitation kinetics. Finally, the Al–Sc–
Yb–Zr alloys maintain their microhardness up to 96 h
aging, whereas, the Zr-free Al–Sc–Yb alloy displayed a
microhardness decrease of 100 MPa between 24 and 96 h
aging at 350 °C, which is a result of a higher coarsening
rate of the precipitates [33].
4.3. Creep properties at 300 °C
Fig. 14 shows that the three Yb-containing alloys (the
prior ternary Al–Sc–Yb alloy [34] and the present two quaternary Al–Sc–Yb–Zr alloys) have much higher creep resistances (i.e. the values of the threshold and ﬂow stresses for
a given strain rate) at 300 °C than the Yb-free ternary Al–
Sc–Zr alloy [52], despite very similar solute concentrations
and precipitate sizes (Table 1). This conﬁrms prior research
showing that a RE element such as Yb [35,67], which
increases the lattice parameter mismatch between the precipitates and the matrix, improves creep resistance because
of an increase in elastic interactions between precipitates
and dislocations [32]. The present creep results for the
low Zr and high Zr alloys are consistent with this model.
The lattice parameter mismatch for an Al3(Sc0.75Yb0.25)
precipitate with an a-Al matrix is 1.65% at 300 °C
[27,69], assuming a uniform distribution of Yb and Sc
atoms in the precipitate phase. The lattice parameter mismatch in the ternary alloy is signiﬁcantly greater than the
value of 1.048% for Al3Sc in binary Al–Sc at 300 °C [69].
In contrast, the addition of Zr to Al3Sc precipitates has a

7625

negligible eﬀect on the lattice parameter mismatch with
Al: for Al3(Sc0.75Zr0.25) it is 1.047%. Hence, it is likely that
the Al3(Sc,Yb,Zr) precipitates in the quaternary alloys have
lattice parameter mismatches similar to those of Al3(Sc,Yb)
precipitates in the ternary Al–Sc–Yb alloy [34], explaining
their similar creep resistance behavior. The enrichment of
Zr in a shell enveloping the precipitate cores is unlikely
to signiﬁcantly change the long-range strain ﬁeld of the precipitates, which through its interactions with dislocations
dictates the threshold stress [32].

5. Conclusions
The eﬀects of Zr and Yb additions to dilute Al–Sc alloys
on their microstructural evolution at 300–375 °C and creep
properties at 300 °C were studied. Comparing two quaternary alloys (Al–0.06Sc–0.02Yb–0.02Zr and Al–0.06Sc–
0.02Yb–0.005Zr (at.%)) with two ternary alloys (Al–
0.06Sc–0.02Yb and Al–0.07Sc–0.02Zr), it was demonstrated that Zr and Yb have the following eﬀects.
 Zr decreases the precipitation kinetics in the quaternary
Al–Sc–Yb–Zr alloys, as evidenced by an approximately
one-third reduction in the amount of solute precipitated
after aging for 1 h at 300 °C, compared with a Zr-free
Al–Sc–Yb alloy.
 The quaternary Al–Sc–Yb–Zr alloys show a single rapid
increase in microhardness after an initial incubation period of 5–15 min aging at 300 °C, indicative of simultaneous precipitation of Sc and Yb in Al3(Sc,Yb,Zr)
precipitates. This is in contrast to a ternary Zr-free
Al–Sc–Yb alloy [34], which exhibits a distinct two stage
precipitation sequence, where Yb-rich Al3(Yb, Sc) precipitates are initially formed with an increase in Sc concentration during subsequent growth and coarsening.
Thus it appears that Zr aﬀects the diﬀusivity of Yb in
the matrix during precipitation, which is conﬁrmed by
partial RDF results indicating an attractive interaction
between Zr and Yb atoms in the quaternary alloys.
 Atom probe tomographic studies conﬁrm that Yb and
Sc solute atoms precipitate simultaneously from solid
solution. After 15 min aging at 300 °C the Yb concentration in the precipitates is about three times greater than
expected based on the average alloy composition, indicating faster precipitation kinetics for Yb compared
with Sc. These results also demonstrate that the majority
of precipitates do not nucleate on Zr atoms, as there are
no detectable Zr atoms in >90% of the precipitates
formed at 300 °C. Only at longer aging times at 300 °C
does Zr precipitate, forming a Zr-enriched shell enveloping the Al3(Sc,Yb,Zr) precipitates. These precipitates are
very coarsening resistant up to 375 °C.
 The peak aged quaternary Al–Sc–Yb–Zr alloys show
creep resistance at 300 °C similar to Zr-free ternary
Al–Sc–Yb alloys, but much improved with respect to
the Yb-free Al–Sc–Zr alloy. This conﬁrms the strong
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eﬀect on creep resistance of lattice parameter mismatch
between the precipitates and a-Al matrix, which is
increased by the presence of Yb but unaﬀected by Zr.
 In summary, the quaternary Al–Sc–Yb–Zr alloys have
the combined advantages of good creep resistance, as
observed in ternary Al–Sc–Yb, and high coarsening
resistance, as in Al–Sc–Zr.
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